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PREFACE 


SYMPOSIUM  T 

Symposium  T,  "Materials  for  Magnetic  Devices — Magneto-Electronics  and  Recording," 
held  April  16-19  at  the  2001  MRS  Spring  Meeting  in  San  Francisco,  California,  highlighted  the 
exciting  new  area  of  spintronics  and  its  applications  to  recording,  sensors,  and  quantum 
computing.  It  covered  new  materials  and  structures  that  use  the  mechanism  of  spin  dependent 
transport,  including  giant  magnetoresistive  (GMR)  materials  and  magnetic  tunnel  junctions 
(MTJs).  The  symposium  kicked  off  with  Jim  Daughton's  (NVE)  tutorial  on  the  "Spintronics 
Revolution"  (pun  intended!). 

One  of  the  key  factors  that  limits  the  performance  of  both  GMR  spin  valves  and  MTJs  are 
pinholes,  which  are  not  easily  detected.  A  novel  technique  was  introduced  that  uses  the  strong 
low-temperature  dependence  of  the  coupling  field  on  pinholes  to  separate  their  effects  from 
effects  of  magnetostatic  coupling,  such  as  the  orange-peel  effect.  Other  new  directions  in 
materials  covered  artificial  lattices  and  superlattices,  NiO-Co  bilayers,  and  room  temperature 
spin-flip  bilayers  of  CoFe204/a-Fe203.  Taking  the  field  to  the  "next  step,"  the  talks  moved 
from  micromagnetics  to  nanomagnetics,  including  fabrication  and  characterization  techniques. 
Many  different  materials  for  magnetic  devices  were  covered  in  oral  and  poster  sessions.  The 
last  session  dealt  with  the  elusive  topic  of  spins  in  semiconductors.  The  material  needed  to 
inject  the  spin  into  the  semiconductor  is  the  most  provocative  issue,  and  speakers  argued 
magnetic  semiconductors  vs.  Fleusler  alloys,  each  with  its  own  shortcomings. 
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Ferromagnetic  materials  are  used  in  a  wide  variety  of  applications,  including  permanent 
magnets,  transformer  cores,  electrical  generators,  and  magnetic  data  storage.  In  the  past 
decade  there  have  been  unprecedented  developments  in  ferromagnetic  materials,  resulting  in 
much-improved  magneto-optical,  magneto-resistive,  magnetostrictive,  permanent  and 
nanocrystalline  soft  magnetic  materials.  These  materials  are  often  achieved  by  controlling 
different  length  scales  in  nanostructured  materials  and  composites  such  as  exchange  and  spin 
diffusion  length,  electron  mean  free  path,  and  structural  ordering.  This  symposium, 
"Ferromagnetic  Materials,"  held  April  17-20  at  the  2001  MRS  Spring  Meeting  in  San 
Francisco,  California,  focused  on  both  fundamental  principles  and  applications  of  new 
ferromagnetic  materials.  The  role  of  disorder  in  nanostructured  materials  was  a  recurrent 
theme  of  this  symposium.  Structural  disorder  in  a  variety  of  nanocrystalline  materials 
(compacted  clusters  of  elemental  ferromagnets,  mechanically  milled  GdAl  and  SmCo  alloys, 
recrystallized  melt-spun  ribbons)  is  related  to  the  magnetic  properties.  The  degree  of  order 
within  ferromagnetic  materials  is  also  related  to  magnetic  properties.  Here  the  order  could  be 
chemical,  as  in  the  cell  structure  phases  of  Sm2Coi7  alloys  for  permanent  magnets,  or  charge 
ordering,  as  in  colossal  magnetoresistance  compounds.  There  were  also  numerous  talks  on 
structural  ordering  in  self-assembled  materials  made  from  either  micron-sized  or  nanoscale 
particles,  which  could  be  structured  with  or  without  magnetic  fields.  The  third  major  theme  of 
the  symposium  was  the  optimization  of  magnetic  materials  for  various  applications  through 
controlling  composition  and  processing.  These  materials  include  FeCo  composites  with 
improved  mechanical  properties  for  high  temperature,  magnetostrictive  materials  (NiMnGa 
and  TbFe  alloys)  for  actuators  and  sensors,  and  nanocrystalline  wires  for  possible  nanomotor 
applications. 
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Symposium  V,  "Optical  Data  Storage — Materials,  Mechanisms,  and  Emerging 
Technologies,"  held  April  19  at  the  2001  MRS  Spring  Meeting  in  San  Francisco,  California, 
was  attended  by  50-75  people.  CD  and  DVD  technologies  are  pervasive  throughout  society  and 
they  are  one  of  the  success  stories  involving  optical  materials  and  devices.  Technology 
roadmaps  predict  storage  capacities  exceeding  100  GB  for  CD  size  removable  disks,  using  blue 
lasers  and  optics  with  high  light-collection  efficiency  for  the  seeond  half  of  this  decade.  Larger 
storage  capacities  require  commensurately  faster  data  recording  and  readout  rates. 

Invited  and  contributed  papers  highlighted  different  pathways  by  whieh  these  future  produet 
goals  might  be  achieved.  Magneto-optic  recording  technology  will  incorporate  ingenious 
apertures  that  open  and  close,  and  amplify  signals  under  light  illumination  providing  small 
windows  through  which  data  can  be  recorded  and  readout  at  rates  exceeding  200  Mbit/sec  with 
recording  densities  over  1 10  GB  per  disk.  The  eompetitive  phase  change  recording  technology 
is  predicted  to  have  transfer  rates  approaching  120  Mbit/sec  with  similar  capacities.  Both 
technologies  have  their  fiercely  competitive  proponents  and  even  within  the  broad  class  of 
recording  media,  competing  optical  and  materials  approaches  will  provide  the  consumer  with  a 
dazzling  array  of  options  and  acronyms  to  store  movies  and  high  density  television 
multimedia  information. 

On  the  scientific  front,  excellent  progress  was  reported  on  understanding  the  materials 
physics  at  the  nanoscale  level,  based  both  on  extensive  modeling  and  experimental  data. 
Preliminary  results  on  phase  change  media  responding  to  femto-second  pulses  were  reported  as 
well  as  detailed  data  on  the  relationship  between  optical  recording  properties  and  materials 
parameters.  And  if  100  GB  per  disk  is  not  sufficient  capacity,  volumetric  storage  techniques 
based  on  holography  and  multi-layer  phase  change  media  promise  additional  capacity 
approaching  TB  per  disk  before  the  end  of  this  decade. 
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Abstract 

When  two  magnetic  films  are  separated  by  a  nonmagnetic  film,  pinholes  in  the 
nonmagnetic  film  can  allow  direct  contact  and,  thereby,  direct  magnetic  exchange  coupling 
between  the  two  magnetic  films.  We  have  studied  this  coupling  by  having  one  of  the  magnetic 
films  pinned  and  leaving  the  other  free  to  switch  at  low  field.  The  pinning  is  accomplished  with 
test  structures  based  on  exchange  bias  and  synthetic  antiferromagnetic  layers.  Since  the  pinning 
strength  increases  sharply  at  low  temperatures  but  orange-peel  coupling  does  not,  low- 
temperature  (77  K)  measurements  appear  to  identify  whether  an  observed  coupling  arises 
primarily  from  magnetic  coupling  through  pinholes  or  primarily  from  orange-peel  roughness. 

Our  measurements  appear  to  indicate  that  the  observed  coupling  arises  primarily  from  magnetic 
coupling  through  pinholes  for  Cu  films  less  than  2.1  nm  thick  and  for  AI2O3  films  less  than  0.6 
nm  thick  but  primarily  from  roughness-induced  (orange-peel)  magnetostatic  coupling  for  larger 
thicknesses. 

Introduction 

Pinholes  are  widely  believed  to  play  a  key  role  in  limiting  the  performance  of  both  giant 
magnetoresistance  (GMR)  spin  valves  and  magnetic  tunnel  junctions  (MTJs).*  It  is  generally 
believed  that  as  the  spacer  layer,  Cu  in  the  case  of  spin  valves  and  AI2O3  in  the  case  of  MTJs,  is 
made  thinner  the  value  of  the  magnetoresistance  (MR)  increases  until  pinholes  occur.  Pinholes 
couple  the  two  magnetic  layers  ferromagnetically,  making  it  difficult  to  achieve  antiparallel 
alignment,  and  thereby  limiting  the  MR. 

Pinholes  are  not  easy  to  observe.  There  is  some  evidence  from  transmission  electron 
microscopy  (TEM)  for  the  existence  of  pinholes,  but  in  systems  such  as  Co/Cu/Co  the  low 
electron-scattering  contrast  between  elements  of  similar  atomic  number  makes  conclusive 
identification  of  pinholes  difficult.  ‘  Another  problem  is  that  the  thickness  of  the  Cu  layer  is 
typically  much  smaller  (~  2  nm)  than  the  depth  of  the  TEM  sample  in  the  beam  direction  (~  20 
nm).  If  the  diameter  of  a  pinhole  in  the  Cu  film  is  similar  to  the  thickness  of  the  Cu  film,  it  would 
be  only  ~  10  %  of  the  sample  depth  thus  exacerbating  the  contrast  problem.  In  systems  such  as 
AI2O3/C0,  there  is  some  evidence  that  electrochemical  deposition  of  Cu  clusters  can  identify 
pinholes,  although  the  applied  potential  may  also  create  pinholes  .* 
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Two  groups  have  recently  reported  the  use  of  magnetic  hysteresis  loops  to  study  coupling 
between  magnetic  films  of  different  coercivity  separated  by  an  insulating  film.  The  method 
appears  to  have  much  promise,  and  the  present  work  is  an  extension  of  this  concept. 

The  present  work  has  two  aims.  One  is  to  develop  an  improved  method  for  observing  the 
onset  of  pinholes  as  the  spacer  layer  is  made  thinner.  The  other  is  to  develop  an  improved 
method  for  distinguishing  the  regime  of  spacer-layer  thickness  in  which  pinhole  coupling 
dominates  from  the  one  in  which  orange-peel  coupling  dominates. 

Experimental 

The  NiO  substrates  used  in  this  work  were  polycrystalline  films  ~50  nm  thick,  deposited 
on  4”  Si  wafers  by  reactive  magnetron  sputtering  at  the  University  of  California  at  San  Diego. 

At  the  National  Institute  of  Standards  and  Technology  (NIST),  the  wafers  were  cleaved  into  ~  1 
cm^  squares,  cleaned  ultrasonically  in  a  detergent  solution,  rinsed  in  distilled  water,  blown  dry, 
and  installed  in  the  deposition  chamber.  After  bakeout,  the  deposition  chamber  has  a  base 
pressure  of  3x10'^  Pa  bxI0  '“  Torr),  of  which  90%  is  H2.  The  metal  films  were  deposited  at 
room  temperature  by  dc-magnetron  sputtering  in  0.3  Pa  (2  mTorr)  Ar  at  a  typical  rate  of  -0.05 
nm/s.  Oxide  fims  are  deposited  by  reactive  sputtering,  adding  0.01  Pa  (lO  '^  Torr)  O2  to  the  Ar. 

Magneloresistance  (MR)  measurements  were  made  at  NIST  with  a  4-point  probe  in  a 
direct  current  mode.  The  values  of  the  coupling  reported  have  an  estimated  uncertainty  of  ±  5  % 
due  to  the  slight  skew  in  the  hysteresis  loop  of  the  free  Co  layer.  The  calibration  of  the  Hall 
probe  used  for  measurement  of  the  applied  field  during  MR  measurements  has  an  uncertainty  of 
+  2  %  .  The  measurements  at  77  K  were  performed  with  the  sample  immersed  in  liquid  nitrogen. 
Additional  experimental  details  may  be  found  in  Ref.  3. 

Results  and  Discussion 

Structures  of  the  type  illustrated  in  Fig.  1  were  used  to  investigate  the  magnetic  coupling 
between  two  ferromagnetic  layers.  The  concept  behind  the  structure  in  Fig.  1  is  to  have  two  Co 
films  .separated  by  a  non-magnetic  spacer  layer.  The  upper  Co  film  is  magnetically  pinned  by 
the  synthetic  antiferromagnet  Co/Ru/Co  and  the  natural  antiferromagnet  Ir2()Mns().  The  Co  film 
below  the  non-magnetic  spacer  layer  is  free  switch  at  low  field  whenever  the  non-magnetic 
spacer  layer  is  thick  enough  to  prevent  magnetic  coupling. 

The  lower  parts  of  the  structure  constitute  a  GMR  spin  valve,  GMR  measurements  are 
used  to  ob.serve  the  hysteresis  loop  of  the  free  Co  layer.  The  synthetic  antiferromagnet 
Co/Ru/Co  and  the  natural  antiferromagnet  NiO  substrate  serve  to  pin  the  Co  layer  that  is  under 
the  Cu.  The  Cu  layer  thickness  in  the  spin  valve  is  chosen  to  be  4  nm  to  ensure  that  the 
contribution  to  the  coupling  is  insignificant  from  the  Co  layer  below  the  Cu. 

The  coupling  is  observed  as  a  shift  from  zero  field  in  the  center  of  the  GMR  hysteresis 
loop  of  the  “free”  Co.  Figure  2  presents  the  coupling  data  for  AI2O3  as  the  non-magnetic  spacer 
layer.  With  no  spacer  layer,  the  two  Co  films  form  a  single  layer  5  nm  thick  and  the  hysteresis 
loop  center  is  shifted  «30  mT  (300  Oe)  from  zero  field.  At  77  K  this  shift  increases  to  =60  mT 
(600  Oe)  as  the  synthetic  antiferromagnet  Co/Ru/Co  becomes  stronger. 
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Figure  1 .  An  illustration  of  the  type  of  test  structure  used  in  this  study. 

In  Fig.  2  a  spacer  layer  of  0.6  nm  AI2O3  is  sufficient  to  suppress  any  significant 
temperature  dependence  in  the  coupling  field.  Apparently,  this  is  the  thickness  at  which 
magnetic  pinholes  cease  to  be  significant.  The  coupling  that  is  observed  for  0.6  nm  or  more  of 
AI2O3  is  probably  magnetostatic  and  comes  from  the  orange-peel  effect."'  Only  a  very  slight 
increase  in  orange-peel  coupling  would  be  expected  since  the  magnetization  of  Co  increases  by 
less  than  1  %  from  295  K  to  77  K. 


Al.,03  thickness,  nm 


Figure  2.  The  coupling  field  observed  in  the  GMR  hy.steresis  loop  of  the  free  Co  layer 
when  the  non-magnctic  spacer  layer  is  AI2O3,  as  a  function  of  the  spacer  layer  thickness. 
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]t  is  significant  that  the  magnetic  pinholes  appear  to  close  up  at  an  AI2O3  thickness  of  0.6 
nm.  In  studies  of  magnetic  tunnel  junctions,  it  is  generally  found  that  this  is  the  practical  limit  on 
how  thin  the  AI2O3  barrier  can  be  made.  Thinner  AI2O3  layers  yield  drastic  reductions  in 
tunneling  MR.  The  results  of  Fig.  2  suggest  that,  in  this  thickness  regime,  magnetic  pinholes 
would  make  it  difficult  to  achieve  the  antiparallel  magnetic  state.  Moreover,  if  as  .seems  likely, 
the  magnetic  pinholes  represent  direct  Co-Co  contacts,  these  pinholes  may  be  expected  to  act  as 
current  short  circuits  as  well. 
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Figure  3.  The  coupling  field  observed  in  the  GMR  hysteresis  loop  of  the  free  Co  layer 
when  the  non-magnetic  spacer  layer  is  Cu,  as  a  function  of  the  spacer  layer  thickness. 

Figure  3  presents  the  coupling  results  for  Cu  as  the  non-magnetic  spacer  layer.  It  may  be 
noted  that  this  choice  of  spacer  layer  turns  the  structure  into  a  dual  spin  valve.  As  a  result,  there 
will  be  a  contribution  to  the  GMR  from  the  top  half  of  the  dual  spin  valve.  However,  this  effect 
does  not  detract  from  the  validity  of  the  measured  coupling.  The  bottom  Cu  film  is  fixed  at  a 
thickness  of  4  nm  to  make  any  contribution  to  the  coupling  from  that  side  negligible.  Only  the 
upper  Cu  layer  thickness  is  varied,  and  its  thickness  alone  is  responsible  for  the  observed 
coupling. 

The  temperature  dependence  ob.served  in  Fig.  3  suggests  that  the  magnetic  pinholes 
dominate  the  coupling  for  Cu  thicknesses  from  0  nm  to  -  1.5  nm  and  become  insignificant  when 
the  Cu  is  thicker  than  ==  2  nm.  Not  surprisingly,  this  thickness  corre.sponds  well  with  what  is 
generally  used  in  GMR  spin  valves.  It  is  commonly  observed  in  GMR  .spin  valves  that  below 
about  2  nm  the  coupling  rises  steeply.^ 
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Conclusions 


The  temperature  dependence  of  the  magnetic  coupling  is  found  to  be  a  useful  approach  to 
separating  the  effects  of  magnetic  pinholes  in  non-magnetic  spacer  layers  from  the  effects  of 
magnetostatic  coupling,  such  as  the  orange-peel  effect.  Test  structures  based  on  GMR  spin 
valves  are  convenient  for  investigations  of  such  phenomena.  We  find  that  for  Cu  films  of  ~  2  nm 
or  more  and  for  AI2O3  films  of  ~  0.6  nm  or  more  magnetic  pinholes  do  not  make  a  significant 
contribution  to  the  coupling. 
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ABSTRACT 

The  Co/Pd  and  Co/Pd  artificial  lattice  films  have  attracted  much  interest  by  their  special 
magnetization  properties.  We  discussed  the  effect  of  the  Pt,  Pd  layer  thickness  on  the  magnetic 
anisotropy,  and  we  showed  the  effect  of  the  hydrogen  ion  implantation  on  the  magnetic  properties 
of  multi-layered  films.  The  Co/Pt  and  Co/Pd  multi-layered  films  were  formed  on  Si(lll) 
substrates  with  molecular  beam  epitaxy.  We  did  structure  analysis,  magnetic  domain  analysis  and 
magnetic  properties  evaluation  with  XRD,  MFM  and  VSM,  respectively.  Among  the  series  of 
films  of  0.4nm  Co  layer,  XRD  showed  that  the  film  of  l.Onm  Pt  layer  had  a  highest  periodieity 
and  that  they  had  (111)  plane  orientation  completely.  The  magnetic  domain  size  reduced  with  the 
increase  of  the  thiclcness  of  Pt  layer.  We  found  out  that  the  coercivity  deereased  linearly  as  a 
function  of  the  length  of  magnetic  domain  wall  in  the  unit  area.  The  result  of  VSM  showed  that 
the  multi-layered  films  of  Pt  thickness  of  less  than  2.8nm  had  perpendicular  magnetic  anisotropy. 
The  perpendieular  anisotropy  energy  changed  by  the  nonmagnetic  layer  thickness  and  had  a 
maximum  value  for  0.4nm  Co  0.4nm/  nonmagnetic  metal  l.Onm  multi-layered  film.  After 
hydrogen  implantation  into  the  films,  XRD  showed  that  the  lattice  spacing  was  swelled  with 
hydrogen  dose.  Also,  MFM  observed  that  the  magnetic  domain  size  redueed  with  the  increase  of 
the  hydrogen  dose.  The  easy  axis  of  magnetization  changed  from  perpendieular  to  parallel  in  the 
plane  with  the  increase  of  the  hydrogen  dose.  After  evacuation  of  hydrogen  at  473K, 
perpendicular  anisotropy  was  partially  recovered.  This  phenomenon  suggested  that  the  origin  of 
magnetie  anisotropy  was  mainly  the  lattice  mismatch  and  distortion  in  the  layer  interface.  But 
Co/Pd  film  was  not  recovered  by  this  themial  treatment.  This  means  that  Pd  made  stable  hydride 
and  did  not  evacuate  hydrogen  at  this  temperature. 

INTRODUCTION 

Pd  and  Pt  of  large  spin-orbit  interaetion  show  large  paramagnetic  susceptibility  and  large 
magnetic  polarization.  Accordingly,  when  Pd  and  Pt  atom  adjoin  with  ferromagnetie  Co  atom, 
the  magnetic  moment  is  caused  and  large  magnetie  anisotropy  and  magnetostriction  are 
generated.  Recently,  the  magneto-optical  memory,  using  short  wavelength  blue  LASER  for  the 
high-density  data  recording,  has  attracted  much  interest.  Co/Pd,  Co/Pt  multi-layered  films  have  a 
promise  of  recording  device  and  many  research  about  these  films  have  been  done  [l]-[4].  These 
films  have  very  large  Kerr  rotation  angle  for  short  wavelength  light,  and  show  perpendicular 
magnetic  anisotropy  [5].  For  the  Co  layer  thickness  of  below  l.Onm,  Co/Pd  and  Co/Pd  multi¬ 
layered  films  show  strong  perpendieular  magnetic  anisotropy  [6].  And  Co  base  artificial  lattice 
films  show  very  large  Kerr  rotation  angle  in  the  light  of  350nm  wavelength  [7].  To  researeh  the 
structure  and  the  misfit  of  interface  lattice  is  very  important  for  understanding  the  origin  of 
perpendicular  magnetic  anisotropy,  because  the  magnetostriction  effect  contributes  largely  on  the 
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magnetic  properties  of  the  Co  base  artificial  lattice  films.  The  hydrogen,  that  is  the  smallest 
element,  is  easily  introduced  to  metal  and  versatile  to  modify  the  interface  structure  of  multi¬ 
layered  films.  In  this  paper,  the  hydrogen  ion  implantation  was  used  to  modify  the  magnetic 
properties  and  structure  of  the  Co  base  multi-layered  films.  The  artificial  lattice  multi-layered 
films  of  Co/Pt  and  Co/Pd  were  prepared  on  the  Si  single  crystal  substrate  by  using  molecular 
beam  epitaxy  (MBE).  Co  base  multi-layered  films  showed  well  perpendicular  magnetic 
anisotropy.  The  effects  of  the  hydrogen  implantation  on  the  magnetic  properties  of  the  multi¬ 
layered  films  were  discussed. 

EXPERIMENTAL  DETAILS 

By  using  MBE  (ULVAC  PHI,  B8000S),  the  artificial  lattice  films  of  Pt/Co  and  Pd/Co  were 
prepared.  The  pressure  in  the  chamber  during  the  fonnation  of  films  was  held  below  the  1.0x10' 
’Pa.  The  Si  single  crystal  (111)  was  used  as  the  substrate,  and  substrate  temperature  was  473K. 
The  layer  thickness  of  Co,  Pd  and  Pt  was  changed  as  the  experiment  variable.  The  hydrogen  ion 
was  irradiated  to  the  films  with  the  ion  gun  with  the  acceleration  voltage  of  3kV,  and  with  the 
flux  of  1.5x10'^  ions/cm^s.  The  sample  of  hydrogen  irradiated  was  annealed  at  473K  in  vacuum, 
and  the  structure  and  properties  change  were  evaluated. 

The  structure  of  film  was  examined  by  X-ray  diffraction  (RIGAKU,  RU-60)  with  the  source  of 
CuKtti  (X  =  0.1541nm).  The  magnetic  properties  were  measured  by  the  vibrating  sample 
magnetometer  (VSM,  RIKEN,  BHV-50H).  The  magnetic  domain  was  observed  by  the  scanning 
probe  microscope  (SlI,  SPA300)  in  the  magnetic  force  microscope  mode  (MFM). 


RESULTS 


Figure  1.  X-ray  diffraction  profiles  of  Co/Pd  multi-layered  films 
Co  layer  thickness  is  0.4nm 

The  X-ray  diffraction  profiles  of  Co/Pd  multi-layered  films  are  shown  in  Figure  1.  As  same  as  in 
the  case  of  Co/Pt  multi-layered  films  [8],  the  X-ray  diffraction  peak  of  Co/Pd  (111)  was  shifted  to 
lower  angle,  because  the  lattice  constant  of  Pd  (0.389nm)  is  larger  than  fcc-Co  (0.355nm),  and 
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the  half-width  of  this  X-ray  peak  decreased  with  the  increase  of  Pd  layer  thickness.  The  X-ray 
diffraction  profiles  of  lower  angle  showed  that  the  diffraction  peak  reduced  remarkably  and  layer 
structure  became  indistinct  for  Pd  layer  thickness  of  below  0.7nm.  Contrastively,  AFM 
observation  confirmed  that  the  interface  roughness  of  multi-layered  films  increases  with  the  layer 
thickness  of  Pd  of  over  l.Onm.  However,  it  is  interesting  that  hardly  the  size  of  crystal  grain 
changed,  even  if  the  layer  thickness  of  Pd  increased. 

The  magnetization  curves  of  (Co0.4nm/Pdl.0nm)  15  layers  film  is  shown  in  Figure  2.  This 
profile  is  a  typical  perpendicular  magnetic  anisotropy. 


Magnetic  field  lOe 

Figure  2.  Magnetization  curves  of  Co/Pd  multi-layered  film 
(Co0.4nm/Pd l.Onm)  x  15  layers 

The  magnetic  properties  was  affected  largely  by  the  thickness  of  Co  layer  and  showed  the 
maximum  perpendicular  magnetic  anisotropy  with  about  0.4nm  Co.  The  magnetic  properties 
also  depended  on  the  thickness  of  Pt  and  Pd,  and  showed  the  largest  perpendicular  magnetic 
anisotropy  with  thickness  of  about  l.Onm. 

As  Co  layer  thickness  changed,  the  magnetic  domain  changed  largely.  Figure  3  shows  the 
MFM  images  of  multi-layered  films  with  Co  layer  thickness.  As  very  thin  Co  layer,  magnetic 
domain  has  island  form  of  very  large  size,  but  the  domain  size  decreases  with  the  increase  of  the 
thickness  of  Co  layer,  and  then,  the  magnetic  domain  becomes  typical  maze  pattern  of  in-plane 
magnetization  anisotropy. 
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Figure  3.  MFM  images  of  Co/Pl  films  with  the  thickness  of  Co  layer 
Pt  thickness  is  l.Onm 

The  X  ray  profiles  of  Co0.4nm/Pdl  .Onm  multi-layered  film,  shown  in  Figure  4,  illustrate 
that  peak  angle  reduced  and  lattice  spacing  swelled  with  the  hydrogen  injection.  As  the  increase 
of  hydrogen  injection  quantity,  the  half-width  of  the  peak  increased  and  the  shoulder  of  Pd 
hydride  appeared . 


Figure  4.  X-ray  profiles  of  Co/Pd  multi-layered  film 
(Co0.4nm/Pdl .Onm)  xl5  layers 
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As  the  increase  of  hydrogen  injection  quantity,  the  perpendicular  magnetization  anisotropy 
energy  decreased  and  the  film  became  to  prefer  the  in-plane  magnetization.  By  vacuum 
annealing,  the  magnetic  properties  of  Co/Pt  films  partially  recovered  to  the  perpendicular 
anisotropy,  but  Co/Pd  films  hardy  recovered  by  the  annealing. 

The  origins  of  magnetic  anisotropy  of  Co-noble  metal  multi-layered  films  are  mainly  the 
distortion  of  lattice.  The  magnetic  anisotropy  caused  by  distortion  is  naturally  expected  to  be 
altered  by  hydrogen  implantation.  It  is  possible  to  inject  the  hydrogen  to  the  films  over  its 
solubility  limit  with  hydrogen  ion  implantation.  The  acceleration  voltage  was  chosen  with  the 
TRIM’  code  calculation  as  the  peak  density  of  hydrogen  was  to  locate  in  the  middle  of  film 
thickness.  It  is  expected  that  the  hydrogen  injected  diffuses  easily  in  room  temperature  and 
migrates  in  a  stable  site.  This  site  is  estimated  ordinarily  to  be  the  interface  where  the  distortion 
is  accumulated.  It  is  conceivable  that  the  magneto-elastic  anisotropy  decreases  with  the  decrease 
of  distortion  of  lattice,  and  the  film  changes  to  prefer  in-plane  magnetic  anisotropy. 

The  data  of  MFM  detects  only  the  vertical  component  of  the  magnetic  force  between  the 
probe  and  the  film,  so  cannot  show  the  magnetization  direction.  Figure  5  shows  the  comparison 
between  MFM  image  and  the  result  of  Boundary  Element  Method  calculation  (BEM).  The  MFM 
profile  and  calculation  result  showed  good  agreement  and  the  magnetization  direction  is  able  to 
estimate  with  MFM  and  BEM. 


Figure  5.  MFM  profiles  and  BEM  calculations 
Left  side:  MFM,  Right  side:  BEM 


The  process  of  magnetization  can  be  considered  as  the  migration  of  the  magnetic  wall. 
Accordingly,  with  the  increase  of  domain  wall  length,  magnetic  domain  size  reduces,  and  the 
coercivity  reduces.  The  magnetic  domain  walls  were  extracted  from  MFM  image  by  the  image 
processing.  As  shown  in  Figure  6,  there  was  linear  relation  between  the  magnetic  wall  length  and 
the  magnetic  coercivity.  The  coercivity  decreased  with  the  increase  of  the  magnetic  domain  wall 
length.  It  is  very  interesting  that  the  linear  relation  is  consisting  with  the  films  of  many  couples 
of  Co  layer  thickness  and  non-magnetic  layer  thickness. 
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Figure  6.  Coercivity  and  domain  wall  length 

The  thermal  stability  of  the  injected  hydrogen  in  Co/Pd  film  showed  the  possibility  of 
modifying  the  magnetic  properties  by  hydrogen  implantation.  The  hydrogen  implantation  is 
considered  to  be  a  new  technique  for  the  application  of  magnetic  properties  design. 

CONCLUSIONS 

Pt/Co,  Pd/Co  multi-layered  films  of  perpendicular  magnetization  anisotropy  were  prepared 
with  MBE.  The  effects  of  the  hydrogen  implantation  on  the  structure  and  the  magnetic  properties 
of  films  were  examined.  The  atomic  mixture  of  interface  and  the  change  of  interface  distortion 
reduced  the  perpendicular  magnetization  anisotropy  energy.  The  annealing  after  hydrogen 
implantation  evacuated  the  hydrogen  and  increased  the  perpendicular  anisotropy  energy  for  Co/Pt 
films.  For  Co/Pd  films,  the  annealing  did  not  evacuate  the  hydrogen  because  of  its  thermal 
stability.  This  suggests  the  possibility  of  the  magnetic  properties  design  by  hydrogen 
implantation. 
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ABSTRACT 

Hep  (10.0)  Co/Re  superlattices  were  grown  by  dc  magnetron  sputtering  on  sapphire  (1 1.0) 
substrates  with  the  [00.1]  direction  of  the  superlattice  in  the  film  plane.  The  temperature-dependent 
magnetoresistance  (MR)  was  measured  on  samples  patterned  by  photolithography  from  10  K  to  300 
K  in  a  5.5  T  superconducting  magnet.  The  pattern  allows  the  measurement  of  the  MR  with  the 
current  (/)  and  the  magnetic  field  (//)  parallel  or  perpendicular  to  the  magnetic  easy  axis  (c,  the 
[00. 1]  direction).  Measurements  at  5  K  on  an  antiferromagnetically-coupled  sample  shows  dips  in 
the  MR  near  //  =  0  when //  1 1  c  and H LI,  dips  below  the  saturation  value  at  H  ~  2.5  kOe  for  //  1 1  c 
and  H\\I  configuration  due  to  the  competition  between  the  anisotropic  magnetoresistance  (AMR) 
and  the  giant  magnetoresistance  (GMR).  Since  the  AMR  is  dependent  on  the  transport  within  the 
ferromagnetic  layers,  the  temperature  dependence  yields  information  about  the  relative  magnitudes 
of  interface  vs.  bulk  spin-dependent  scattering.  Our  analysis  shows  that  the  GMR  is  anisotropic  and 
that  the  spin-dependent  scattering  occurs  predominantly  at  the  interfaces  only  for  certain 
configurations. 

INTRODUCTION 

Giant  magnetoresistance  (GMR),  discovered  in  the  late  1980’s  [1],  which  occurs  in  magnetic 
multilayers  and  nanoparticles,  and  the  anisotropic  magnetoresistance  (AMR),  extensively  studied 
since  the  1930’s  in  bulk  ferromagnetic  materials  [2],  are  effects  that  have  been  recently  under  intense 
scrutiny  due  to  their  technological  applications.  Only  relatively  recently,  however,  have  these  two 
effects  been  studied  in  the  same  sy.stem.  Some  previously  studied  systems  with  both  AMR  and 
GMR  include  Co/Cr  [3],  Fe/Cr  [4,5],  Co/Ru  [6],  Co/Cu  [7,8]  and  Permalloy/Cu  [9]  multilayers. 
These  include  experiments  which  separate  the  AMR  and  GMR  in  the  same  system  [7]  and 
experiments  which  focus  on  the  enhancement  of  the  GMR  by  AMR  in  systems  with  magneto¬ 
crystalline  anisotropy,  like  Co/Cr  multilayers  [3]. 

A  topic  of  great  current  interest  is  determining  the  nature  of  the  spin-dependent  scattering 
responsible  for  GMR.  Experiments  where  a  monolayer  or  two  of  a  magnetic  material  were  added  to 
the  interface  of  a  spin-valve  [10]  and  the  dependence  of  the  GMR  on  interface  roughness  on  Fe/Cr 
[4]  show  that  in  those  systems  the  GMR  depends  strongly  on  scattering  at  the  interfaces.  But  other 
studies  show  that  the  GMR  depends  on  the  film  layer  thickness  [11],  and  that  the  GMR  is  dominated 
by  bulk  spin-dependent  scattering  [12], 

Here  we  summarize  the  results  of  a  recent,  comprehensive  study  of  the  temperature- 
dependent  magnetoresistance  for  a  [Co  (1.7  nm)  /  Re  (0.7  nm)]2o  superlattice.  The 
magnetoresistance,  measured  with  the  current  applied  in  the  plane  of  the  sample,  has  been  simulated 
assuming  that  the  total  magnetoresistance  is  the  sum  of  a  GMR  and  an  AMR  component.  The  AMR 
is  known  to  be  a  result  of  spin-dependent  scattering  within  the  bulk  of  a  ferromagnetic  material. 
Hence,  determining  the  relative  amounts  of  bulk  vs.  interface  spin -depen dent  .scattering  can  be  done 
by  comparing  the  temperature  dependence  of  the  GMR  contribution  with  that  of  the  AMR 
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Figure  1.  X-ray  reflectivity  of  Co/Re  superlattice  using  Cu  Ka  radiation.  The  results  of  the  fit 
arc  shown  above.  The  interface  roughness  parameters,  indicated  by  a,  were  extracted  by  fitting 
to  an  optical  scattering  model  (see  Ref.  13). 


component.  We  show  that  when  the  current  is  applied  parallel  to  the  c  -axis,  the  spin-dependent 
scattering  is  bulk-like,  and  when  the  current  is  perpendicular  to  the  r-axis,  the  scattering  depends  on 
the  interfaces. 

EXPERIMENT 

The  superlatt ice’s  growth  conditions,  structural,  and  magnetic  properties  as  well  as  neutron 
reflectivity  measurements  were  reported  previously  [13,14].  In  summary,  the  superlattice  was 
grown  via  DC  magnetron  sputtering  on  AI2O3  (1 1 .0)  substrates  with  a  5.0  nm  Re  buffer  layer.  X-ray 
diffraction  shows  that  the  superlattice  grows  epitaxially  in  the  hep  structure  with  the  c-axis, 
hcp(00.1 ),  in  the  film  plane.  Using  low  angle  x-ray  reflectivity  techniques,  the  interface  roughness 
between  the  layers  was  determined  to  be  ~0.4  nm,  as  shown  in  Fig.  1.  The  superlattice  is 
antifcrromagnctically  coupled  with  an  in-planc  magnetic  easy  axis  parallel  to  the  c-axis.  Neutron 
reflectivity  experiments,  performed  at  the  Intense  Pulsed  Neutron  Source  at  Argonne  National 
Laboratory,  were  consi.stent  with  the  previous  magnetic  measurements  and  also  show  a  gradual  spin- 
flop  transition  when  the  external  magnetic  field  is  applied  parallel  to  the  c-axis.  These 


Figure  2.  Non-spin  flip  (I-)  and  spin-flip  (I-+)  neutron  scattering  about  the  antiferromagnetic 
peak.  The  lines  are  fits  to  a  Gaussian  peak. 
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measurements  were  performed  by  scanning  the  anti  ferromagnetic  peak  and  analyzing  the  spin  of  the 
scattered  neutrons,  as  shown  in  Fig.  2.  In  this  configuration,  the  spin-flip  scattering  intensity  is 
proportional  to  the  square  of  the  component  of  the  antiferromagnetic  magnetization  perpendicular  to 
the  applied  field,  whereas  the  non-spin-flip  scattering  intensity  is  proportional  to  the  square  of  the 
component  parallel  to  the  field. 

Magnetoresistance  measurements  were  made  using  a  cryostat  with  a  5.5  T  superconducting 
magnet.  The  sample  was  patterned  into  an  "L"  shape  using  standard  photolithography  techniques 
[15].  One  of  the  arms  of  the  pattern  was  oriented  parallel  to  the  c-axis,  while  the  other  was 
perpendicular  to  it.  This  enabled  us  to  apply  the  current  both  parallel  and  perpendicular  to  the 
magnetic  easy  axis  on  the  same  sample.  Four-probe  electrical  resistance  measurements  using  a 
constant  current  source  and  a  nanovoltmeter  were  made  in  the  following  configurations:  H\  \  c  I  H\\ 
l,H  \  \  c  I H  1.1,  H  I H  \  \  I,  and  //  ±  r  /  /-/  ±  /.  This  was  done  as  a  function  of  temperature  from  5 
K  to  250  K  and  in  an  applied  field  H  ranging  from  -3  T  to  3  T. 

RESULTS  AND  DISCUSSION 

An  important  piece  of  information  extracted  from  neutron  reflectivity  measurements  is  the 
vector  direction  of  the  magnetization  in  adjacent  layers  of  cobalt  with  respect  to  the  c-axis  [14]. 

From  this  we  can  build  an  empirical  model  for  the  total  magnetoresistance  (MR)  based  on 
conventional  definitions  for  the  AMR  and  the  GMR.  It  is  known  that  the  AMR  depends  on  the  angle 
the  magnetization  vector  M  makes  with  the  sensing  current  I.  This  dependence  can  be  written  as 

Pamr  =  P\\  cos’  r(H)  -H  sin'  7(H) ,  (1) 

where  y  is  the  angle  between  M  and  I,  Pn  is  the  resistivity  with  M  [j  I  and  p^  is  the  resistivity  with 
Mil. 

Phenomenologically  the  GMR  depends  only  on  the  antiferromagnetic  alignment  of  the 
adjacent  magnetic  layers,  so  the  GMR  contribution  can  be  written  as 

PGMR^i^)-Psa,  =  ^IM , ( H) - M , (H)| .  (2) 

P  sat 

Here  Mi  and  M2  are  the  magnetizations  of  adjacent  feiromagnetic  Co  layers,  is  the 

resistivity  contribution  of  the  GMR  as  a  function  of  field,  is  the  resistivity  at  saturation,  and  A  is 
a  proportionality  constant. 

In  order  to  explain  the  magnetotransport  data  below,  the  angles  that  M|  and  M2  make  with 


Figure  3.  Magnetoresistance  measurements  (solid)  and  simulation  (dotted)  at  5  K.  The 
simulation  qualitatively  matches  the  data. 
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respect  lo  the  current  were  experimentally  determined  from  the  neutron  reflectivity  measurements 
described  above.  Note  that  Eqn.  2  implicitly  assumes  a  parallel  resistor  model  where  the  spin-up  and 
spin-down  electrons  scatter  independently  [16,17],  and  that  the  magnetic  layers  polarize  the  transport 
electrons.  Eqn.  1  assumes  a  parallel  resistor  model  that  includes  a  spin-orbit  interaction,  which  in 
turn  causes  the  .v-r/ electron  scattering  to  be  anisotropic  [16].  The  latter  is  the  standard  explanation 
for  the  existance  of  AMR  in  bulk  ferromagnetic  transition  metals. 

In  Fig.  3  the  MR  dips  at  //  =  1 .5  KOe  in  the  //  H  c  /  //  ||  /  geometry  and  dips  at  //  -  0  in  the  H 
1 1  r  /  // 1  /  geometry  at  250  K.  The  MR  also  evolves  differently  as  a  function  of  temperature.  We 
assume  that  M|(H)  and  MziH)  do  not  significantly  depend  on  temperature  since  the  dips  in  the  MR 
remain  at  approximately  the  same  field  at  all  temperatures.  This  leaves  all  of  the  temperature 
dependence  in  the  coefficient  A  and  the  ratio  pj  /pn .  By  simulating  the  MR  =  AMR  +  GMR  with 
the  above  equations,  and  using  A  and  /  Pj|  as  adjustable  parameters,  the  data  are  qualitatively 
reproduced.  Only  one  physical  constraint  was  placed  on  the  adjustable  parameters  in  the  simulation: 
that  Pj  /  p||  must  be  the  same  for  the  current  flowing  along  a  given  crystallographic  direction 

because  this  ratio  is  proportional  to  the  ratio  of  the  spin  up  and  spin  down  resistivities,  which  only 
depends  on  the  crystallographic  direction  in  which  the  current  is  flowing  [16,17].  Our  analysis 
shows  that  the  interesting  dips  in  the  MR  are  only  due  to  AMR  [15].  The  magnetoresistance  of 
hcp(OOOl)  oriented  Co/Re  multilayers  has  been  found  by  other  authors  to  be  less  than  2  %  at  18  K 
[18],  while  our  superlattices  have  a  MR  larger  than  3.5  %  at  5  K  in  certain  geometries.  In  contrast  to 
this  previous  Co/Re  multilayer  work,  our  samples  are  epitaxial,  and  therefore  the  AMR  is  more 
noticeable. 

The  existence  of  GMR  in  magnetic  multilayer  systems  has  been  attributed  to  the  matching  of 
the  band  structure  of  the  non-magnetic  layer  with  either  the  spin  up  or  spin  down  bands  of  the 
magnetic  layer  [19].  The  small  GMR  value  in  Co/Ir  superlattices  has  been  blamed  on  the  failure  of 
the  Ir  bands  to  match  with  either  the  majority  or  minority  spin  bands  of  Co  [20].  In  the  case  of 
Co/Re,  the  bands  of  Re  are  similar  to  the  spin  down  bands  of  Co  [21].  This  means  that  the  GMR  for 
Co/Re  should  be  large,  but  we  only  find  a  GMR  of  approximately  2.5  %  at  5  K.  The  low  value  of 
the  GMR  can  be  attributed  to  the  large  resistivity  of  the  Re  spacer.  In  other  words,  relatively  few 
electrons  traverse  the  Re  spacer  to  the  next  Co-Re  interface  with  out  being  scattered. 

Notice  that  in  Fig.  4(a)  the  temperature  dependence  of  the  AMR  depends  on  the 
crystallographic  direction  that  the  current  flows  along.  The  GMR  is  usually  thought  to  be  isotropic. 


Figure  4.  (a)  Magnitude  of  the  AMR  ,  where  Ap^„;j  -  Pn  -  p^ ,  and  (b) 

magnitude  of  the  GMR  Ap^.^,  /p,„, ,  plotted  as  a  function  of  temperature  for  different 
configurations. 


Tl.4.4 


but  Fig.  4(b)  shows  that  it  is  anisotropic  with  respect  to  both  the  field  and  current  directions  in  our 
sample.  Other  authors[22]  have  also  found  the  GMR  to  be  anisotropic  and  to  depend  on  the 
asymmetry  in  the  spin -depen  dent  resistivity  ratio  i  p^  parallel  and  perpendicular  to  the  current. 

The  AMR  depends  primarily  on  the  transport  through  the  ferromagnetic  layers.  On  the  other 
hand,  in  some  studies  the  GMR  depends  on  interface  scattering  [10],  while  in  others  bulk  scattering 
has  been  shown  to  be  important  [12].  By  comparing  the  temperature  dependence  of  the  GMR  to  the 
AMR  (Fig.  5),  one  can  determine  whether  the  nature  of  the  electron  scattering  is  the  same  for  the 
AMR  and  GMR.  Since  the  AMR  is  known  to  be  a  result  of  scattering  within  the  magnetic  layers, 
differences  between  the  AMR  and  the  GMR  must  be  due  to  differences  in  the  electron  scattering 
mechanism  responsible  for  the  two  effects.  In  Fig.  5  the  /  !|  c  geometry  the  curves  are  flat  indicating 
the  AMR  and  the  GMR  have  a  similar  temperature  dependence.  This  implies  that  when  /  1 1  c,  bulk 
scattering  is  more  important.  If  / 1  c,  the  temperature  dependence  for  the  GMR  and  AMR  is 
different,  meaning  that  interface  scattering  is  more  important.  This  is  not  entirely  surprising  given 
that  the  c-axis  represents  a  strong  crystallographic  anisotropy,  which  leads  to  an  anisotropic  Fermi 
surface  in  the  plane  of  the  sample.  This  is  confirmed  by  the  inset  of  Fig.  5,  which  shows  that  the 
magnitude  of  the  resistivity  of  the  sample  is  very  different  in  the  two  configurations. 

Our  simple  empirical  model,  relying  on  Mi  and  Ma  as  functions  of  H  determined  from 
neutron  reflectivity,  does  not  take  into  account  possible  domain  foimation  within  the  Co  layers, 
which  could  alter  the  magnetoresi.stance  [23].  This  could  explain  why  the  model  reproduces  the 
qualitative  features  of  the  data,  such  as  the  dips  near  H  =  0,  but  not  the  exact  quantitative 
experimental  results. 

CONCLUSIONS 

In  summary,  we  have  measured  the  temperature  dependent  magnetoresistance  on  a  patterned, 
epitaxial  Co/Re  superlattice.  We  simulated  the  magnetoresistance  and  separated  the  AMR  and  the 
GMR  effects  for  several  temperatures.  By  comparing  the  temperature  dependence  of  the  AMR  and 
the  GMR,  we  find  that  in  the  /  ||  c  geometry  the  AMR  and  the  GMR  have  the  same  temperature 
dependence,  which  implies  that  there  is  predominantly  bulk  scattering.  In  the  / 1  c  geometry,  the 
AMR  and  the  GMR  vary  quite  differently  with  temperature,  implying  that  interface  scattering 
dominates.  Additionally,  the  GMR  contribution  is  also  found  to  be  anisotropic.  Finally,  we  note 
that  other  work,  most  notably  in  NiFe/Cu  superlattices  [24],  has  revealed  similar  behavior  in  terms 
of  dips  near  //  =  0  with  //  1 1  r  and  // 1  /.  We  propose  that  the  behavior  observed  in  that  instance  is 
also  due  to  the  competition  between  the  AMR  and  the  GMR. 


Figure  5.  The  ratio  I  ^Pamr  ^  function  of  temperature.  Inset  is  the  total  resistivity  at  H 

=  0  as  a  function  of  temperature  for  the  /  |  [  c  and  I  ±c  geometries. 
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ABSTRACT 

A  series  of  experiments  have  been  conducted  to  evaluate  the  magnetotransport  properties  of  RF 
diode  sputter  deposited  giant  magnetoresistive  (GMR)  multilayers  with  either  copper  or  copper- 
silver-gold  nonferromagnetic  (NFM)  conducting  layers.  The  study  revealed  that  RF  diode  depos¬ 
ited  multilayers  utilizing  Cu^oAgisAus  as  the  NFM  conducting  layer  posses  significantly  superior 
giant  magnetoresistance  to  otherwise  identical  device  architectures  that  used  pure  copper  as  the 
NFM  conducting  layer.  To  explore  the  origin  of  this  effect,  copper  and  CusoAgisAus  films  of 
varying  thickness  have  been  grown  under  identical  deposition  conditions  and  their  surface  mor¬ 
phology  and  roughness  investigated.  Atomic  force  microscopy  revealed  significant  roughness 
and  the  presence  of  many  pinholes  in  thin  pure  copper  films.  The  surface  roughness  of  the 
CuxoAgi5Au5  layers  was  found  to  be  much  less  than  that  of  pure  copper,  and  the  alloying  elimi¬ 
nated  the  formation  of  pinholes.  Molecular  statics  estimates  of  activation  barriers  indicated  that 
both  silver  and  gold  have  significantly  higher  mobilities  than  copper  atoms  on  a  flat  copper 
surface.  However,  gold  is  found  to  be  incorporated  in  the  lattice  whereas  silver  tends  to  segregate 
(and  concentrate)  upon  the  free  surface,  enhancing  its  potency  as  a  surfactant.  The  atomic  scale 
mechanism  responsible  for  silver’s  surface  flattening  effect  has  been  explored. 

1.  INTRODUCTION 

Metal  multilayers  consisting  of  alternating  ferromagnetic  (FM)  and  nonferromagnetic 
(NFM)  metals  sometimes  exhibit  large  changes  in  their  electrical  resistance  when  a  magnetic 
field  is  applied  [1-10].  The  effect  results  from  a  change  in  their  spin  dependent  electron 
scattering  when  an  applied  magnetic  field  rotates  the  magnetic  moment  of  one  of  the 
ferromagnetic  layers  [1-10].  Devices  utilizing  it  are  widely  used  as  the  magnetic  field  sensors  in 
hard  disk  drive  read  heads  [4].  Related  devices  are  being  investigated  for  use  as  magnetic  random 
access  memories  (MRAM)  [4].  Current  GMR  multilayers  appear  not  to  have  achieved  their 
performance  upper  bound.  Reducing  both  the  smoothness  and  chemical  diffuseness  of  the 
interfaces  in  GMR  multilayers  appear  to  be  particular  important  [2,8].  Achieving  materials  with  a 
large  GMR  ratio  at  a  low  saturation  field  therefore  requires  the  use  of  materials,  layer  thickness 
and  deposition  conditions  that  minimize  interfacial  roughness. 

2. EXPERIMENTS 

The  study  has  focused  upon  the  influence  of  the  nonfeiTomagnetic  conducting  layer  compo¬ 
sition  (either  Cu  or  CusoAgisAus)  on  the  GMR  ratio  and  the  saturation  field  of  RF  diode  sputter 
deposited  GMR  multilayers.  Multilayers  with  either  Cu  or  Cu^oAgisAus  NFM  conducting  layers 
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together  with,  100,  500  and  lOOOA  thick  Cu  and  Cu8oAgi5Au5  single  layer  films  were  grown  at 
Nonvolatile  Electronic,  Inc.  (Eden  Prairie,  MN)  using  a  Randex  Model  2400-6J  RF  diode  system. 
Briefly,  the  diameter  of  the  targets  was  20.32cm,  the  distance  between  substrate  and  target  was 
3.81cm,  the  pressure  was  20mTorr  and  a  175W  power  was  used  for  growth  of  all  the  multilayers 
and  the  Cu  and  Cu^oAgi^Aus  single  layer  films. 

The  architecture  and  compositions  of  the  antiferromagnetically  coupled  multilayers  are 
shown  in  Figure  1.  The  multilayers  contained  three  repeated  exchange  coupled  layer  .stacks.  Each 
layer  stack  was  a  composite  of  two  ferromagnetic  layers  (Ni65Fci5Co2o  and  Co95Fe5)  arranged  so 
that  the  C095FC5  layer  was  at  the  interface  with  either  the  copper  or  copper  alloy  layer.  In  each 
case  a  fixed  NFM  conducting  layer  thickness  of  lOA  was  used. 


Figure  1  The  GMR  multilayer  structure  studied  here.  Layer  compositions  and  thicknesses 
are  shown.  Arrows  indicate  the  magnetic  alignment  of  the  ferromagnetic  alloy 
layers. 

3.  Experimental  Results 

Figure  2  shows  the  dependence  of  the  GMR  ratio  and  saturation  field  upon  the  number  of 
repeated  stacks  in  the  Cu  and  CuKoAgi.sAus  conducting  layer  multilayers.  The  magnetoresistance 
change  is  usually  characterized  by  the  GMR  ratio  which  is  the  resistance  change  scaled  by  the 
zero  field  resistance.  The  saturation  magnetic  field  is  the  strength  of  the  smallest  applied 
magnetic  field  needed  to  achieve  the  GMR  ratio.  The  results  in  Figure  2  show  that  multilayers 
grown  with  a  pure  Cu  conducting  layer  exhibited  no  GMR  effect,  whereas  multilayers  grown 
with  a  CusoAgisAus  conducting  layer  had  significant  GMR  ratios.  The  saturation  magnetic  field 
of  the  CuxoAgisAus  multilayers  also  increased  with  the  number  of  stacks.  Both  the  GMR  ratio 
and  the  saturation  fields  are  reasonable  well  suited  for  the  magnetic  sensing  applications  [3,4,8]. 
Many  researchers  have  successfully  used  pure  Cu  as  conducting  layer  in  GMR  multilayers.  They 
used  a  different  deposition  approach  [4]  and  the  Cu  layer  thickness  was  usually  greater  than  20A, 
For  the  particular  architecture  and  composition  of  the  multilayer  and  RF  diode  deposition 
equipment  investigated  here,  Cu  thickness  below  20A  resulted  in  no  GMR  [3]. 
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To  explore  the  reasons  for  the  loss  of  the  GMR  effect,  three  different  thickness  Cu  and 
CusoAgisAus  single  layer  films  were  grown  under  the  same  deposition  conditions  to  the  multi¬ 
layers.  The  surface  morphology  of  each  film  was  then  evaluated  with  tapping  mode  atomic  force 
microscopy  (AFM),  Figure  3.  The  scan  size  was  1pm  x  1pm  and  scan  rate  was  1  Hz  for  all  the 
films.  These  results  revealed  periodic  surface  roughness  with  an  asperity  width  that  increased 
with  the  film  thickness  in  both  types  of  films,  Figure  3.  However,  the  Cu  films  had  a  larger  asper¬ 
ity  widths  and  higher  surface  amplitudes  than  their  Cu8oAgi5Au5  counterparts.  Pinholes  (the  dark 
spots  on  the  image)  were  present  in  the  lOOA  thick  Cu  film,  Figure  3(d).  AFM  measurements 
indicated  the  average  depth  of  the  pinholes  was  at  least  40A.  Their  diameter  was  approximately 
800A.  No  pinholes  were  observed  in  CuAgAu  films.  Figure  3.  Figure  4  shows  the  RMS 
roughness  increased  with  the  film  thickness  in  both  the  Cu  and  CusoAgisAus  films,  but  the  Cu 
films  were  always  much  rougher.  The  loss  of  the  GMR  effect  in  multilayers  with  a  pure  copper 
conducting  layer  is  consistent  with  ferromagnetic  layer  coupling  through  pinholes  in  the  NFM 
spacer  layer [3]. 


Figure  2  The  dependence  of  (a)  the  GMR  ratio,  and  (b)  the  saturation  field  upon  the  number 
of  repeated  multilayer  stacks  for  Cu  and  CusoAgisAus  NFM  conducting  layers.  In 
each  case  a  fixed  NFM  conducting  layer  thickness  of  16A  vras  used.  Multilayers 
grown  with  a  pure  Cu  NFM  conducting  layer  exhibited  no  giant 
magnetoresistance.  Multilayers  grown  with  a  CugoAgisAus  as  conducting  layer 
possessed  significant  GMR  ratios. 


Tl.5.3 


Film  thickness  (A) 

Figure  4  The  RMS  roughness  increases  with  the  film  thickness  for  both  Cu  and 
CusoAgisAus  film.  The  pure  Cu  films  are  much  rougher  compare  to  the 
CusoAgisAus  films. 

4.  Discussion 

Using  the  3D  EAM  as  a  starting  potential,  2D  molecular  statics  can  be  used  to  estimates 
activation  barriers  for  the  atom  configuration  dependent  migration  energies  [9,10],  The  barrier 
for  the  hopping  of  Cu  on  a  smooth  close-packed  Cu  surface  was  found  to  be  0.25  eV.  The 
corresponding  energies  for  Ag  and  Au  on  such  a  copper  surface  were  only  0.14  and  0.11  eV 
respectively.  If  the  jump  attempt  frequencies  are  assumed  identical,  Ag  and  Au  have  a  much 
higher  mobility  on  a  Cu  surface  than  Cu  atoms.  Figure  5  (a).  These  molecular  statics  estimates 
also  indicated  that  the  Ehrlich-Schwoebel  barrier  for  Cu  depends  on  which  atom  type  is  attached 
to  the  edges  of  ledges.  When  the  edge  of  the  ledge  is  either  Cu,  Ag  or  Au,  the  Ehrlich  - 
Schwoebel  is  0.35eV,  0.28eV,  or  0.33eV  respectively.  Figure  5  (b).  Silver  at  the  ledge  edge 
reduces  the  Ehrlich-Schwoebel  barrier  for  copper  to  approximately  the  barrier  for  hopping  on  a 
close  packed  surface. 

These  molecular  statics  calculations  also  show  that  it  is  energetically  favorable  (by  0.15  eV/ 
atom)  for  a  Au  atom  on  a  copper  surface  to  exchange  (and  alloy)  with  a  Cu  atom.  Figure  5  (c). 
They  also  show  it  is  unfavorable  (by  0.05  eV/atom)  for  Ag  to  exchange  with  copper.  As  a  result, 
Au  is  likely  to  be  buried  in  Cu  whereas  Ag  trends  to  segregate  to  the  surface  which  in  agree  with 
the  MD  simulation  observations.  The  segregation  of  Ag  appears  beneficial  since  it  maintains  a 
high  concentration  of  Ag  at  the  surface  [21-25],  This  has  the  effect  of  increasing  the  mobility  of 
atoms  on  the  surface  and  enhances  the  probability  that  it  will  be  attached  to  ledge  edges  where  it 
can  lower  the  Ehrlich-Schwoebel  barrier  for  Cu  atoms.  This  dramatically  reduces  flux  shadowing 
and  results  in  pinhole  free  films  and  smoother  surfaces.  Gold  atoms  also  reduce  the  Ehrlich- 
Schwoebel  barrier,  but  is  not  lowered  as  much  as  the  silver,  and  no  Au  concentration  enhance¬ 
ment  at  the  surface  occurs. 
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(a)  Low  Cu  mobility  and  high  Ag  and  Au  mobility  on  Cu 


0.25e\/  0.l4eV  0.1  leV 


(b)  The  Schwoebel  barrier  for  Cu  when  the  edge  of  the  ledge  is 
Cu^O.aSeV,  Ag=0,28&V,  and  Au=0.33eV 


(c)  Ag  -  Cu  segregation  and  Au  -  Cu  exchange 


AEexchange  “  “  “O  '  ^eV 


Figure  5  Alloy  effects  on  atomic  assembly,  (a)  low  Cu  and  high  Ag  and  Au  mobility  on  Cu, 
(b)  the  Ehrlich-Schwoebel  barrier  for  Cu  when  the  edge  of  the  ledge  is  Cu,  Ag, 
and  Au,  (c)  Au-Cu  exchange  and  Ag-Cu  segregation. 

5.  Summary 

Radio  frequency  diode  sputter  deposition  has  been  used  to  grow  Ni65Fei5Co2o/Co95Fe5/Cu 
or  CusoAgi5Au5/Co95Fe5/Ni65Fei5Co2()  multilayers.  Multilayers  utilizing  CusoAgisAus  as  the 
nonferromagnetic  conducting  layer  exhibited  significant  giant  magnetoresistance  whereas  other¬ 
wise  identical  device  architectures  that  use  a  pure  copper  conducting  layer  fail  to  exhibit  any 
magnetoresistance.  The  cause  is  the  AFM  identified  presence  of  pinholes  in  copper  films  but  not 
in  thin  CusoAg^sAus  films.  Molecular  statics  analyses  confirm  that  silver  and  gold  atoms  are  very 
mobile  and  reduce  the  Ehrlich-Schwoebel  barrier  at  a  copper  ledge.  These  changes  both 
contribute  to  a  smoother  surface. 
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ABSTRACT 

We  have  sputter-deposited  NiO-Co  bilayers  on  MgO  (001)  substrates.  NiO  grows  epitaxially  on 
MgO  at  900°C  and  subsequently  the  room  deposited  80  A  thick  Co  films  have  a  fee  crystal 
structure  in  epitaxy  with  the  oxide  underlayer.  These  samples  were  warmed  up  to  300-  C  and 
then  zero-field  or  field  cooled  through  the  NiO  Neel  temperature  (a  300  Oe  magnetic  field  was 
applied  along  the  [100]  or  the  [110]  MgO  axis).  Magnetic  hysteresis  loops  were  obtained  by 
magneto-optical  Kerr  effect,  the  magnetic  field  being  oriented  in  the  plane  of  the  substrate  for 
various  angles  a  with  respect  to  the  [100]  direction.  The  usually  expected  behavior  for  such 
experiments  is  a  smooth  angular  a  dependence  of  the  exchange  bias  He  close  to  a  cosine  with 
only  one  sign  change  over  1 80°.  The  high  crystallographic  coherence  of  our  NiO/Co  bilayers 
induces  a  very  unusual  oscillatory  He  (a)  dependence  with  several  sign  changes  according  to  the 
NiO  axis  field  application.  Despite  of  the  Co  magnetization  switching  mechanism  which  is  not  a 
pure  coherent  rotation,  we  propose  a  Stoner-Wohlfhart  model  including  four  fold  anisotropy  and 
unidirectional  exchange  anisotropy  giving  a  realistic  description  of  these  typical  magnetic 
properties. 


INTRODUCTION 


Exchange  coupling  between  a  ferromagnetic  (F)  and  an  antiferromagnetic  (AF)  was  first 
observed  more  than  40  years  ago  by  Meiklejohn  and  Bean  [1].  It  is  presently  a  subject  of  intense 
investigations  in  thin  magnetic  layers  community  because  of  its  applications  in  magnetoresistive 
(MR)  devices  such  as  spin-valves  and  magnetic  tunnel  junctions  (one  layer  of  the  MR  device  is 
left  «  free  »  while  the  other  is  hardened  by  exchange  coupling  with  an  AF).  The  main  effect 
induced  by  this  coupling  is  a  typical  shift  of  the  ferromagnet  hysteresis  loop  called  exchange  bias 
He  and  an  increase  of  its  coercive  field  He.  In  most  models,  the  AF-F  system  global  anisotropy  is 
considered  as  a  sum  of  uniaxial  and  unidirectional  anisotropies.  The  former  inducing  an  increase 
of  He  and  the  latter  the  loop  shift  He.  Since  the  coupling  is  assumed  to  be  interfacial.  He  can  be 
expressed  as: 


H,  =  - 


(1) 


Where  Je  is  the  AF-F  interfacial  exchange  coupling  intensity.  Me  and  tp  are  respectively  the 
ferromagnet  magnetization  and  thickness.  Realistic  values  of  He  involve  the  formation  of  domain 
walls  in  the  AF  during  the  magnetization  reversal  of  the  F  layer  and  relate  Jc  to  the  energy  of 
such  a  domain  wall  [2,3]  instead  of  pure  exchange  between  the  AF  and  F  spins  at  the  interface. 
They  lead  to  the  following  expression:  7^  ~  •  However,  the  presence  of  structural 

defects  like  interface  roughness  or  grain  boundaries  is  also  supposed  to  have  a  significant  effect 
on  the  AF-F  behavior.  One  can  also  relate  Jc  to  the  limitation  of  the  extent  of  domain  walls  in  the 
AF  or  to  the  presence  of  loose  spins  at  the  AF-F  interface.  Therefore,  a  better  understanding  of 
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the  mechanism  of  exchange  anisotropy  requires  AF-F  systems  as  ideal  as  possible.  NiO-Co 
epitaxial  bilaycrs  are  good  candidates  for  such  investigations  since  NiO  has  a  relatively  high  Neel 
temperature  (525  K)  and  a  low  magnetocrystalline  anisotropy,  such  properties  are  expected  to 
lead  to  exchange  bias  effects  visible  at  room  temperature  and  relatively  sensitive  to  the  structural 
quality  of  the  samples  (a  small  anisotropy  leads  to  large  domain  structures  which  are  mainly 
expected  to  show  up  for  samples  with  excellent  crystallographic  coherence).  Thus  this  system  has 
been  chosen  by  our  group  [4][5]  and  others  like  Lai  et  al.  [6]  for  [001]  or  [1 1 1]  NiO-Co  bilayers. 
In  the  present  study,  we  will  focus  to  magnetic  cycles  measured  on  such  samples  for  varying 
angles  between  the  anneal  field  direction  and  the  in-plane  applied  field  direction.  Such  a 
procedure  was  first  proposed  by  Ambrose  et  al.  [7].  A  cosine-like  dependence  of  He  is  expected 
for  standard  AF-F  systems,  the  exchange  field  varying  smoothly  from  -He-  Max  to  +He-  Max  over  a 
180°  rotation,  as  expected  from  an  uniaxial/unidirectional  effect.  We  demonstrate  in  this  paper 
that,  combined  with  the  magnetocrystalline  anisotropies  of  the  F  and  AF  layers,  exchange  bias 
may  have  unexpected  oscillations  superposed  to  the  smooth  cosine  effect  observed  for 
polycrystalline  samples  like  in  ref.  [9].  This  behavior  can  be  interpreted  with  the  simple  Stoner- 
Wohlfarth  (SW)  approach  as  the  sum  of  unidirectional  and  four-fold  anisotropies. 

EXPERIMENTAL  DETAILS 

Samples  were  grown  in  a  Plassys  MPU  600S  ultra  high  vacuum  sputter  system  on  epi-polished 
MgO  (001)  substrates.  Substrates  were  first  annealed  for  1  hour  at  900°C  with  a  base  pressure 
better  than  5xl0'^mB.  NiO  was  rf-sputtered  from  a  facing  target  magnetron  with  a  deposition 
rate  of  =  0. 1 9  A/s.  The  MgO  substrates  were  heated  at  900°C  during  the  NiO  growth.  The 
plasma  was  obtained  from  a  Ar(90%)-02(  1 0%)  gaz  mixture  to  prevent  oxygen  ^ 

understoichiometiy.  The  total  working  pressure  during  the  growth  was  set  to  P=5.6X10  -  mB. 

The  NiO  thicknesses  of  our  series  of  samples  ranged  from  335  to  1000  A.  Just  after  NiO 
deposition,  the  sample  was  cooled  down  in  zero  magnetic  field  down  to  room  temperature  for  Co 
deposition.  Typical  Co  growth  conditions  were  achieved  with  a  standard  magnetron  operated  in 
pure  Ar  plasma  and  with  a  deposition  rate  of  -  0. 15  A  /s.  In  a  last  step,  samples  were  capped  by  a 
20  A  non  magnetic  (Al  or  Mo)  layer  before  air  exposure.  In-situ  Reflection  High  Energy  Electron 
Diffraction  (RHEED)  was  performed  at  all  steps  of  the  growth  (bare  MgO  substrates,  NiO  layer, 
Co  film)  with  a  20  kV  STAIB  set-up. 

After  the  growth,  the  samples  surfaces  were  investigated  by  Atomic  Force  Microscopy  with  a 
Nanoscope  III  microscope  in  tapping  mode.  TEM  and  HREM  experiments,  presented  elsewhere 
[  10]  were  also  carried  out  on  a  Philips  CM30/ST  working  at  300kV  with  a  point  resolution  of  1 ,9 
A  to  evidence  the  crystalline  quality  of  the  bilayers. 

Then  the  samples  were  annealed  from  300°C  to  room  temperature  with  a  300  Oe  in-plane  applied 
magnetic  field  to  organize  the  NiO  spin  with  respect  to  the  cobalt  layer.  The  angle  between  the 
anneal  field  and  the  in-plane  reference  direction  [100]  is  referred  as  coin  Fig.  1.  Electron 
microscopy  was  performed  before  and  after  their  thermal  treatments  to  make  sure  that  no 
structural  change  was  induced.  Finally,  the  magnetic  properties  were  studied  at  room 
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Figure  1:  Configuration  schematics  of  our  orientation  magnetic  measurements.  Angle  0 
represents  the  magnetization  angle  with  respect  to  [100]  axis  used  for  Stoner-Wohlfarth 

modelling. 

temperature  by  Magneto-Optic  Kerr  Effect  (MOKE)  with  a  polarized  He:Ne  laser  (K  =  6328  A). 
Accurate  orientations  of  the  sample  in  plane  directions  a  with  respect  to  the  applied  magnetic 
field  were  obtained  with  a  goniometric  sample  holder.  The  schematic  configuration  of  our 
measurements  is  presented  in  Fig.  1. 

STRUCTURAL  PROPERTIES 

RHEED  patterns,  AFM  scans  and  TEM  and  HREM  experiments  were  carried  out  on  these 
samples.  Figure  2  shows  RHEED  patterns  obtained  for  a  MgO  (001)  bare  substrate  heated  at 
900°C  prior  to  the  NiO  deposition  along  [100]  and  [1 10]  azimuths.  The  same  experiments  are 
also  presented  after  a  400  A  NiO  film  was  deposited.  The  last  two  patterns  are  indicative  of  a 
smooth  NiO  growth  with  a  cube-on-cube  epitaxial  relashionship  NiO  [100]  (100)  //  MgO  [100] 
(100).  Not  presented  in  Fig.  1,  RHEED  patterns  on  subsequently  deposited  Co  layers  reveal  a 
similar  symmetry  but  with  a  broadening  of  the  RHEED  lines  due  to  the  large  misfit  between  NiO 
and  Co.  However,  fee  cobalt  structure  with  interface  dislocations  was  evidenced  by  HREM  in 
plane  views  or  cross  sectionnal  specimens  [4,5,9,10].  The  surfaces  are  very  smooth  as  evidenced 
by  AFM  with  peak-to-peak  features  smaller  than  1 5  A. 

MAGNETIC  PROPERTIES 

Figure  3  represents  several  magnetization  loops  obtained  for  a  NiO(330  A)-Co(60  A)  bilayer 
field-cooled  along  MgO  [110].  Compared  to  a  cobalt  single  layer,  the  mean  coercive  field 
increases  from  =  40  Oe  up  to  ~  500  Oe.  Along  the  field  anneal  direction,  the  loop  is  shifted  of 
He  =  -100  Oe.  Note  that  the  maximum  values  of  He  are  actually  obtained  =  20-30°  away  from 
this  direction.  For  increasing  a.  He  absolute  value  decreases  and  gets  a  zero  value  close  to  a  = 
90-100°,  then  its  sign  gets  positive  from  100  to  130°  and  experiences  a  narrow  negative  domain 
between  135  and  170°  followed  by  the  expected  positive  values.  All  this  behavior  is  summarized 
in  Fig.  4.  Note  that  He  also  fluctuates,  evidencing  four  minima  and  maxima  on  360°.  This  is 
indicative  of  the  succession  of  four  easy  and  hard  axes.  Thus  we  have  simulated  the  experimental 
magnetization  loops  with  the  SW  model.  The  bilayer  energy  can  be  decomposed  as  shown  in 
Equation  2: 

E  =  ~HMp  co^O -  a)-^  cos(^-  cos^(2^)  (2) 

tf, 
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Figure  2:  RHEED  patterns  of  MgO  (001)  substrate  prior  to  NiO  400  A  deposition.  Pictures  have 
been  taken  along  both  (100)  and  (110)  azimuths. 

Where  the  first  tciTn  is  the  Zeeman  energy  of  the  Co  layer,  the  second  is  the  unidirectional 
exchange  bias  term  and  the  third  is  a  four-fold  anisotropy  term.  0  is  the  angle  between  the 
magnetization  of  the  Co  layer  and  [100]  axis.  Keff  is  the  effective  four-fold  anisotropy  constant. 
The  fit  was  done  with  co  =  45°  since  the  field  anneal  was  done  along  [1 10].  Fit  of  the  coercive 
field  is  not  presented  in  Fig.  4.  It  yields  to  underestimated  values.  We  attribute  this  discrepancy  to 
the  main  limitation  of  SW  model  which  assumes  a  magnetic  switching  by  coherent  rotation 
whereas  our  samples  switch  by  a  combination  of  coherent  rotation,  domain  nucleation  and 
domain  wall  propagation  as  it  has  been  recently  observed  by  Kerr  microscopy  [11].  The  values 
used  for  this  fit  arc  Jc  =  7.8x10'^  erg/cm^  and  Keff=  7.5x10^  erg/cnr\  Statistics  on  our  data 
collected  for  several  thicknesses  of  NiO  and  Co  yield  values  for  Jc  and  ICff  respectively 
comprized  between  a  3x10'^  and  9x10^  erg/cm^  and  6  10  and  1x10  erg/cm  ,  Indeed,  Fig.  5 
gives  some  insight  of  the  validity  of  the  SW  model  for  the  description  of  the  oscillatory  angular 
dependence  of  He-  This  figure  is  a  grey  levels  image  plot  the  bilayer  magnetic  energy  obtained 
from  Eq.  (3)  with  a=105°  (therefore  at  the  exchange  bias  oscillation  position)  versus  the 
magnetization  angle  0  and  the  applied  field  value.  The  solid  white  line  corresponds  to  the 
decreasing  field  switching  process.  The  magnetization  angle  progressively  changes  from  105°  to 
=80°,  then  it  switches  rapidly  to  the  opposite  direction.  The  broken  white  line  corresponds  to  the 
increasing  field  switching  process.  It  is  more  vertical,  signicative  of  an  easier  magnetic  direction 
and  the  switching  field  is  larger  in  absolute  value  (-  170  Oe).  This  behavior  can  be  noticed  in  the 
marked  asymmetry  of  the  ninth  magnetization  loop  of  Fig.  3  marked  with  an  asterisk.  However, 
the  experimental  switching  field  values  are  far  from  the  calculated  ones.  This  discrepancy  is  due 
to  the  actual  switching  process  wich  involves  domain  nucleation  and  wall  motion  and  that  the 
basic  SW  approach  does  not  take  into  account. 

CONCLUSION 

We  have  prepared  exchange-biased  NiO-Co  bilayers  by  a  combination  of  facing- target  and 
standard  magnetron  sputtering.  The  epitaxial  quality  of  our  samples  has  allowed  us  to  observe 


H  (Oe) 

Figure  3:  Magnetization  loops  of  a  NiO(330  A)-Co(80  A)  bilayer  for  various  angles  between 
[100]  axis  and  applied  field  direction.  Note  the  original  He  sign  changes. 

original  angular  dependence  of  exchange  bias.  This  behavior  can  be  fully  understood  in  terms  of 
co-existence  of  uniaxial  anisotropy  and  a  four-fold  extra  term.  The  origin  of  the  four-fold 
anisotropy  is  clearly  due  to  the  large  crystallographic  coherence  of  the  samples.  Such  results 
emphasize  the  fundamental  interest  of  high  quality  AF-F  bilayers  for  understanding  the 
mechanism  of  AF-F  exchange  coupling. 
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ABSTRACT 

One  interesting  application  of  epitaxial  magnetic  thin  films  is  to  use  them  as  one  of  the 
electrodes  in  a  spin-dependent  tunneling  junction,  in  order  to  use  the  magnetocrystalline  anisotropy 
to  define  the  required  two  states  of  the  magnetization.  [1]  In  our  preliminary  work,  we  prepared 
epitaxial  magnetic  films  on  copper  buffer  layers  grown  on  silicon  substrates.  [2]  The  single 
crystalline  quality  of  the  films  was  particularly  evident  in  the  magnetization  hysteresis  loops, 
showing  a  sharp  reversal  at  fairly  high  fields  (120  Oe),  when  the  samples  were  magnetized  along  the 
crystallographic  easy  axis.  One  technological  disadvantage  in  this  type  of  samples  is  the  chemical 
interaction  between  the  metallic  layers  and  the  silicon  substrate. 

In  order  to  explore  the  possibility  of  epitaxial  magnetic  films  on  less  reactive  substrates,  we 
studied  the  growth  on  MgO  substrates.  We  have  shown  that  it  is  possible  to  obtain  epitaxial 
(001)  and  (1 1 1)  Ni  films  grown  on  MgO  substrates.  [3]  In  particular  we  observed  that  the 
crystalline  quality  of  the  films  improved  considerably  after  10  nm  of  film  growth.  We  will  now 
present  our  studies  on  the  magnetic  properties  of  these  films,  particularly  the  azimuthal 
dependence  of  the  magnetization  reversal  using  MOKRE,  correlating  our  finding  with  the 
structural  characterization  obtained  with  RHEED,  STM  and  XRD. 

INTRODUCTION 

In  general,  the  magnetic  properties,  particularly  the  anisotropy,  of  epitaxial  thin  films  are 
dominated  by  the  crystallographic  structure  of  the  metal/substrate  interface  as  well  as  the  surface 
quality.  In  addition,  for  spin-dependent  tunneling  devices,  the  roughness  at  the  surface  must  be  very 
small  in  order  to  ensure  the  integrity  of  the  subsequent  deposition  of  ultra-thin,  pinhole-free 
insulating  layers.  Thus,  we  have  considered  the  growth  of  magnetic  films  on  MgO  substrates,  which 
can  be  prepared  with  very  smooth  surfaces.  [3] 

Here  we  report  on  the  magnetic  switching  behavior  of  these  thin  films.  Our  studies  reveal  the 
existence  of  a  second-order  transition  from  a  single-domain  state  to  a  symmetry-broken  multidomain 
state,  which  leads  to  singularities  in  the  switching  field  along  specific  in-plane  crystallographic 
directions,  similarly  to  what  we  have  observed  for  epitaxial  Co/Cu  multilayers  and  Co  thin  films 
grown  on  silicon. 

In  our  previous  studies  on  Co/Cu  multilayers  when  considering  the  azimuthal  dependence  of  the 
coercive  field,  we  observed  the  presence  of  singular  cusps  along  the  crystallographic  hard  axes,  with 
large  coercive  fields  values,  similar  to  the  ones  observed  along  the  easy  axes.  We  also  observed  four¬ 
fold  symmetry  for  the  (001)  oriented  samples  and  uniaxial  symmetry  for  the  (1 1 1)  oriented  ones.  In 
order  to  understand  these  results  we  developed  a  phenomenological  model  starting  with  the 
traditional  coherent  rotation  approach.  [4]  Details  of  this  model  are  discussed  elsewhere.  [5]  For 
clarity  we  will  point  out  Just  the  main  features  of  the  model.  We  start  by  considering  the  free  energy 
density.  For  example,  for  fee  structures  in  the  (001)  crystallographic  orientation  we  may  write; 

E(0m,  H)  =  K|  cos2(eM)  sin^COw)  -  H  M^cos  (9m  -  Gh)  (1) 
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where  Ki  represents  the  magnetocrystalline  anisotropy  [6]  Ms  the  saturation  magnetization,  H  the 
external  applied  field,  and  0m  (0i  i)  are  the  angles  between  the  Co  [00 1  ]  axis  and  the 
magnetization  (external  field),  respectively.  Stable  orientations  of  the  magnetization  are  found  by 
minimizing  E(0m,H).  To  accurately  describe  the  free  energy  for  each  sample,  the  anisotropy 
constants  were  determined  from  separate  experimental  measurements  using  ferromagnetic 

resonance  (FMR).  [7]  .  j  i  j-  * 

For  the  field  applied  along  the  easy  axis,  the_siipple  coherent  rotation  model  predicts 
switching  of  the  magnetization  from  <1 10>  to  <1 10)>  at  He  =  ±2  K,/  Ms;  however,  the  observed 
coercive  field  is  much  smaller.  Thus  we  allow  the  system  to  form  domains  such  that  the  moment 
reversal  can  occur  at  lower  field  by  domain-wall  nucleation.  In  this  new  scenario,  we  assume  that 
the  magnetization  may  “jump”[8]  between  two  local  free-energy  minima  when  the  gam  m  energy 
exceeds  the  cost  of  fomiing  a  domain  wall: 

|AE|>Ew  (2) 

Ew  can  be  calculated  straightforwardly  using  a  standard  form  [9],  which  includes  the  usual 
exchange  and  anisotropy  contributions.  Using  experimentally  derived  values  for  K|/Ms  (from 
FMR  data),  and  assuming  the  bulk  value  for  Ms,  we  were  able  to  predict  the  coercive  field  and 
found  it  in  close  agreement  with  our  experimental  values. 

For  the  (1 1  l)-oriented  samples  we  note  an  interesting  subtlety:  the  3-fold  magnetocrystalline 
anisotropy  contribution  cancels  out  so  that  any  observed  uniaxial  symmetry  is  due  to  residual  in¬ 
plane  switching  due  for  example  to  a  weak  strain-induced  uniaxial  contribution. 

To  explain  the  singularities  in  coercive  field  observed  for  the  external  field  applied  along  a 
hard  axis  direction  we  notice  that  what  was  initially  a  potential  local  minimum  in  energy  density 
(for  example  for  0m  =  0")  at  large  H,  transforms  to  a  maximum  as  H  is  decreased,  and  two 
degenerate  minima  start  to  develop  in  close  proximity  and  equidistant  from  each  side  of  this  new 
maximum.  A  similar  situation  occurs  for  0m  =  1 80".  Therefore,  we  see  that  as  the  external  field  is 
decreased  from  saturation,  the  system  is  no  longer  stable  in  the  single-domain  state,  but  a 
continuous  transition  to  a  multiple  domain  state  occurs  before  the  magnetization  reversal  is 
completed.  The  system  spontaneously  breaks  up  randomly  in  two  types  of  symmetric  domains, 
with  the  magnetization  in  each  domain  oriented  along  the  direction  of  one  of  the  two  minima  at 
each  side  of  the  hard  axis  direction,  akin  to  a  second-order  phase  transition.  As  the  external  field 
varies  from  Hsatto  -Hsat,  our  model  predicts  that  the  magnetization  in  each  domain  type  will  at 
first  coherently  rotate.  When  the  jumping  criterion  (2)  is  satisfied  (i.e.  when  the  energy  gam 
exceeds  the  cost  of  forming  a  domain  wall  for  each  domain)  the  magnetization  jumps  to  the 
opposite  set  of  minima,  through  nucleation  of  domain-walls.  Since  twice  as  many  walls  must 
now  be  nucleated,  the  energy  requirement  is  higher  than  it  would  have  been  without  the 
symmetry  breaking,  hence  the  ‘spikes’  in  the  coercive  field. 

We  have  obtained  direct  evidence  for  such  a  domain  nucleation  mechanism  by  performing 
MOKE  microscopy  during  the  magnetization  reversal.  The  data  show  the  sudden  appearance  of  a 
broad  distribution  of  stripe  domains  during  the  reversal,  consistent  with  our  domain- wall 
nucleation  approach.  Figure  1  shows  the  domain  configuration  during  the  magnetic  switching 
when  the  field  is  applied  along  the  easy  and  hard  directions.  We  notice  the  smooth  appearance  of 
the  domain  walls  in  the  easy  direction  [Fig.  1(a)],  consistent  with  one  single  t^e  of  domain  wall. 
On  the  other  hand,  along  the  hard  axis  [Fig.l  (b)],  the  domain- walls  have  a  zig-zag  appearance. 
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as  the  magnetization  must  choose  between  the  two  equivalent  symmetric  orientations  about  the 
hard  axis  predicted  by  the  model. 


Figure  1.  MOKE  microscopy  of  a  Co/Cu  multiplayer,  (a)  Reversal  of  the  magnetization  along 
the  easy  axis,  (b)  reversal  along  the  hard  axis. 

Thus,  we  have  been  able  to  qualitatively  and  quantitatively  describe  the  magnetic  moment 
switching  for  single  crystalline  Co/Cu  mulatilayers  and  Co  thin  films.  Our  new  experimental  data 
on  the  magnetization  reversal  of  epitaxial  single  crystal  Ni  films  further  confirms  this  model  as 
will  be  shown  below. 

EXPERIMENTAL  DETAILS 

The  Ni  films  were  grown  in  an  MBE  VG  80  M  system  with  a  background  pressure  <5  x  10'‘^ 
torr.  Ni  was  evaporated  from  a  99.999%  pure  source.  The  deposition  rate  was  0.5  A /sec.  The 
substrates  used  in  the  experiment  were  0.5  mm  thick,  1  x  1  cm^  pre-polished  MgO  (001)  and 
(111)  oriented  single  crystals,  which  were  heat-treated  in  UHV  at  800”C  for  1  hr.  The 
combination  of  flat  polished  substrates  and  the  UHV  heating  cycle  to  allow  the  surface  layers  to 
regain  crystalline  order  has  been  proven  to  pennit  growth  of  single  crystal  metal  films  [6]  as  well 
as  exhibiting  sharp  reflection  high-energy  electron  diffraction  (RHEED)  from  the  MgO  surface. 

Ex-situ  atomic  force  microscopy  (AFM)  characterization  of  the  annealed  surfaces  showed 
smooth  surfaces  with  a  root  mean  square  (rms)  surface  roughness  of  0.2nm  for  the  (001)  oriented 
substrates  and  0.5nm  for  the  (111)  oriented  ones.  Prior  to  initiating  the  growth,  the  substrate 
temperature  was  lowered  to  the  appropriate  deposition  temperature  for  metal  growth  [T  =  100  "C 
for  (001)  and  T  =  300  "C  for  (111)  oriented  Ni  films].  Heat  transfer  was  by  direct  radiation 
between  the  heater  and  MgO  substrate.  The  RHEED  patterns  were  recorded  continuously  during 
deposition  and  during  subsequent  annealing  of  the  films  [9].  The  surface  morphology  of  the  as- 
deposited  and  annealed  films  was  determined  in-situ  with  scanning  tunneling  microscopy 
[(STM)  RHK  model  STMIOO].  The  structural  characterization  of  the  films  is  extensively 
discussed  elsewhere.  [3] 
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DISCUSSION 


Let  us  just  review  the  STM  studies  on  the  (001)  surface,  which  indicated  stripe 
reconstruction,  because  of  the  possible  repercussion  on  the  magnetic  properties.  In  order  to 
understand  this  reconstruction  we  considered  the  possible  effect  of  strain.  The  lattice  misfit 
between  MgO  and  Ni  is  16%.  However,  it  has  been  postulated  [6]  that  an  in-plane  super-cell 
matching  (commensuration)  between  the  film  and  substrate  with  ao(Ni)  x  6  =  2.0446nm  and 
ao(MgO)  X  5  =  2.1066  nm  will  reduce  the  misfit  to  -^0.8%.  The  critical  thickness  needed  to 
relieve  such  a  small  strain  may  be  quite  large.  Still,  some  authors  have  claimed  that  super-cell 
matching  itself  cannot  give  rise  to  the  formation  of  single  crystalline  Ni  layers,  as  it  has  been 
shown  that  in  other  cases  intcrfacial  periodic  reconstructions  can  exist  that  allow  for  single 
crystal  growth.  Our  observations  support  this.  Annealing  the  films  relaxed  the  surface  and 
evidenced  a  reconstruction  with  periodicity  related  to  the  size  of  the  postulated  super-cell  (i.e. 
2. 1  nm).  [Figure  2]  This  type  of  surface  reconstruction  may  have  also  an  effect  on  the  magnetic 
anisotropy,  in  the  form  of  a  weak  uniaxial  contribution,  as  will  be  shown  below.  No 
rcconstmction  was  observed  on  the  (111)  oriented  films  after  annealing, 


Figure2.  STM  image  of  a  (001)  Ni  film  after  annealing.  The  bar  corresponds  to  10  nm. 


The  magnetization  reversal  of  these  films  was  studies  with  MOKE,  Our  setup  allows  the 
rotation  of  the  sample  in  the  plane  of  the  applied  field  in  order  to  facilitate  studies  on  the 
azimuthal  dependence  of  the  reversal.  Figure  3  shows  the  azimuthal  dependence  of  the  coercive 
field  for  (001)  Ni  films  (40  nm  thick)  grown  on  MgO  and  further  annealed.  We  observe  the 
singular  “spikes”  along  the  hard  axes,  the  four-fold  symmetry  due  to  the  magnetocrystalline 
anisotropy,  and  also  a  weak  uniaxial  contribution  possibly  due  to  the  stripe  reconstruction 
mentioned  above. 

The  azimuthal  dependence  of  the  (111)  films  didn’t  show  any  singularities,  indicating  that 
possible  uniaxial  contributions  due  to  strain,  steps,  etc,  arc  absent.  This  is  consistent  with  the 
lack  of  obsciwation  of  any  type  of  reconstruction  on  the  (111)  surface  and  also  with  the  smooth 
quality  of  the  surface.  The  thickness  of  the  films  (in  the  30-50  nm  range)  precludes  the  presence 
of  strain,  contrary  to  what  we  obseiwed  in  our  previous  study  on  (1 1 1)  Co/Cu  multilayers.  We 
did  obscl-vc  a  weak  three-fold  anisotropy,  due  to  the  magnetocrystalline  anisotropy,  which  was 
evident  probably  due  to  a  slight  misalignment  between  the  plane  of  the  sample  and  the  applied 
field  (Figure  4).  Thus,  the  present  data  corroborates  our  magnetization  switching  model. 
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Figure  3.  Azimuthal  dependence  of  the  coercive  field  for  a  (001)  Ni  film.  The  vertical  axis 
indicates  the  coercive  field  (Oe). 


Figure  4.  Azimuthal  dependence  of  the  coercive  field  for  a  (1 1 1)  Ni  film.  The  vertical  axis 
indicates  the  coercive  field  (Oe). 
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ABSTRACT 

We  have  sputter-grown  self-organised  faceted  NiO-Co  epitaxial  bilayers  on  MgO(l  10).  Due  to 
very  close  lattice  parameters,  NiO  adopts  the  same  NaCl  crystallographic  structure  as  the 
substrate  but  it  minimises  its  surface  energy  growing  in  a  stripe-shaped  morphology  elongated 
along  [001]  MgO  direction.  The  Co  layers  then  deposited  on  NiO  adopt  a  fee  structure.  They 
consist  of  a  set  of  connected  nanowires  whose  height  is  about  50  A,  length  is  near  to  1  jum  and 
lateral  periodicity  ~  100  A.  Magnetic  properties  of  the  Co  layers  were  investigated  by  magneto¬ 
optical  Kerr  effect  from  10  K  to  room  temperature.  They  are  dominated  by  a  strong  shape- 
induced  uniaxial  anisotropy  and  exchange  coupling  with  the  antiferromagnetic  underlayer. 
Magnetisation  loops  recorded  along  the  easy  axis  exhibit  a  perfect  squareness  and  switch  in  a 
field  range  smaller  than  10  Oe.  Transverse  measurements  indicate  that  switching  occurs  by 
domain  nucleation  and/or  domain  wall  propagation.  On  the  contrary,  close  to  the  [110]  hard  axis, 
magnetic  switching  occurs  by  coherent  rotation.  The  bi-stable  Co  magnetisation  state  along  its 
easy  axis  has  been  used  for  ordering  the  NiO  spins  configuration  from  room  temperature  to  10  K. 
Sign  and  value  of  exchange  bias  induced  by  such  a  thermal  treatment  can  be  modulated  thanks  to 
a  wide  magnetocrystalline  or  local  exchange  path  energies  distributions. 

INTRODUCTION 

Exchange  coupling  between  a  ferromagnet  (F)  and  an  antiferromagnet  (AF)  was  discovered  more 
than  40  years  ago  by  Meiklejohn  and  Bean  [1].  This  phenomenon  has  become  a  great  challenge 
in  thin  magnetic  layers  community  since  it  has  potential  applications  in  magnetoresistive  devices 
such  as  spin-valves  and  tunnel  junctions.  The  main  effect  induced  by  this  coupling  is  a  typical 
shift  of  the  F  hysteresis  loop  called  exchange  bias  He  and  an  increase  of  its  coercive  field.  Ten 
years  ago  the  first  models  predicting  coherent  exchange  bias  values  were  proposed  by  Mauri  [2] 
and  by  Malozemoff  [3].  Both  of  them  point  out  the  main  rule  played  by  domain  walls  in  the  AF 
and  predict  a  v/ak  dependence  of  He  where  A  is  the  AF  stiffness  and  K  its  anisotropy  constant. 
These  models  do  not  only  imply  that  the  AF  is  completely  organised  after  a  field  cooling  through 
its  Neel  temperature  but  the  exchange  bias  sign  cannot  change  either  when  temperature  is 
decreased  further.  Exchange  bias  is  expected  to  follow  a  dependence.  Stiles  and  Me 
Michael  [4]  have  recently  proposed  a  model  for  polycrystalline  samples  in  which  AF  grains  are 
divided  into  two  groups  according  to  the  e  =  J /  Vak  ratio  where  Jc  is  the  average  direct  coupling 
between  the  AF  and  the  F.  Grains  with  low  £  contribute  to  the  exchange  bias  whereas  those  with 
high  e  ean  induce  coercive  field.  This  theory  is  coherent  with  experimental  studies  made  by  S. 
Soeya  et  al  in  NiO/NiFe  [5]  bilayers  who  report  that  many  “local  domain  paths”  between 
TwCNiO)  and  room  temperature  are  involved  in  the  coupling.  These  paths  can  be  “activated” 
reducing  temperature.  A  better  understanding  of  the  mechanism  of  exchange  anisotropy  requires 
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AF  /  F  systems  as  ideal  as  possible  [6][7].  Namely,  systems  with  controlled  crystalline  coherence 
of  the  AF  /  F  interface  and  reduced  dimension  like  ultra-thin  films  or  nanostructured  materials. 
Efforts  have  been  done  to  obtain  epitaxial  NiO-Co  bilayers  by  our  group  and  others  like  Lai  et  al. 
[8]  for  [001]  or[l  1 1]  NiO-Co  bilayers.  Defect-free  epitaxial  systems  are  supposed  to  have 
perfectly  flat  interfaces  over  large  distances.  This  is  very  important  for  exchange  coupling 
fundamental  studies  since  the  spin-ordering  in  an  AF  changes  every  atomic  plane.  However,  real 
systems  like  the  above-mentioned  epitaxial  NiO-Co  bilayers  present  roughness  features  over 
distances  smaller  than  the  usual  F  and  AF  domain  size,  which  makes  the  interpretation  of  their 
magnetic  behaviour  more  difficult.  This  issue  may  be  solved  using  nanoscale-patterned  bilayers. 
It  has  been  demonstrated,  for  example,  that  sub  micron  .scale  patterning  of  continuous  layers  [9] 
involved  in  MTJ’s  leads  to  single-domain  behaviour.  The  standard  way  for  obtaining  such 
patterned  nano-objects  is  based  on  electron  beam  lithography  and  requires  several  steps  of 
fabrication.  An  alternative  way  to  obtain  wire-like  aspect  ratios  for  patterned  elements  is  self- 
organised  growth  or  other  structuration  methods  like  the  so-called  atomic  saw  [10],  These 
techniques  do  not  require  lithography.  Well  controlled  self-organised  growth  is  expected  to  lead 
to  the  smallest  spatial  resolution  of  nanostructures.  This  way  is  hardly  investigated  and  we 
present  in  this  paper  our  recent  results  on  exchange-biased  cobalt  nanowires  grown  on  faceted 
epitaxial  nickel  oxide  layers.  MgO  (1 10)  single-crystal  substrates  were  used  to  favour  the 
anisotropic  growth  of  NiO.  The  NiO  top  surface  presents  a  roof-like  morphology  and  the  Co 
layers  deposited  on  NiO  form  an  array  of  connected  nanowires.  We  demonstrate  that  such 
nanostructures  exhibit  a  strong  uniaxial  shape  anisotropy  combined  with  exchange  bias. 

EXPERIMENTAL  DETAILS 

Samples  were  grown  in  a  Plassys  MPU  600S  ultra  high  vacuum  sputter  system  on  epi-polished 
MgO  (1 10)  substrates.  Substrates  were  first  annealed  for  1  hour  at  900°C  with  a  base  pressure 
better  than  SkIO  *^  mB.  NiO  was  sputtered  from  a  facing  target  magnetron  with  a  deposition  rate 
0.19  A/s  on  the  MgO  substrates  heated  at  800°C.  In  order  to  have  the  correct  Ni:0 
stoichiometry,  a  mixture  Ar-Oz  was  used  for  NiO  sputtering  at  P=5.6x  IO'-Vb.  The  NiO 
thickness  of  the  samples  presented  in  this  study  ranged  from  335  to  1000  A.  A  40  to  160  A  -thick 
Co  layer  was  deposited  at  350°C  with  a  standard  magnetron  at  0.15  A  /s.  In  order  to  organise  the 
.spins  of  the  NiO  layer  relatively  to  the  magnetisation  of  the  Co  layer,  a  300  Oe  field  cooling  of 
the  as-deposited  bilayer  was  performed  in  the  chamber.  In  a  last  step,  samples  were  capped  by  a 
20  A  Mo  layer  before  air  exposure.  In-situ  Reflection  High  Energy  Electron  Diffraction 
(RHEED)  was  performed  at  all  steps  of  the  growth  (bare  MgO  substrates,  NiO  layer,  Co  film) 
with  a  20kV  STAIB  set-up.  After  the  growth,  the  samples  surfaces  were  investigated  by 
Atomic  Force  Microscopy  with  a  Nanoscope  III  microscope  in  tapping  mode.  For  Transmission 
Electron  Microscopy  (TEM)  or  High  Resolution  Electron  Microscopy  (HREM)  studies,  the 
samples  were  prepared  both  in  plane  view  (along  MgO  [110]  zone  axis)  to  check  the  in-plane 
epitaxial  growth  and  film  morphology,  and  in  cross  section  to  observe  the  stacking  sequence 
along  the  MgO  [001]  zone  axis.  Finally,  the  magnetic  properties  were  studied  at  room 
temperature  by  Magneto-Optic  Kerr  Effect  (MOKE)  with  a  polarised  He:Ne  laser  (X  =  6328  A). 
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Figure  1 :  AFM  scan  of  a  MgO(  11 0)  /  NiO(  1 000  A)  /  Co(80  A)  /  Mo(30  A) 
sample  over  a  2x2  area  with  enlarged  0.2x0. 2  pm^  view  on  the  right 


STRUCTURAL  PROPERTIES 

RHEED  patterns,  AFM  scans  and  TEM  and  HREM  experiments  were  carried  out  on  these 
samples.  Structural  results  are  detailed  in  an  other  symposium  [II].  Let  us  just  point  out  that  all 
these  experiments  confirm  the  NiO  self-organised  growth.  As  it  can  be  observed  in  Fig  1,  AFM 
images  reveal  a  stripe-shaped  surface  elongated  along  [001]  with  symmetrical  slopes  of  about 
45°  in  the  [-110]  direction.  The  length  of  these  anisotropic  structures  is  of  the  order  of  1pm  while 
their  width  depends  on  the  NiO  film  thickness.  The  nanostripes  width  is  close  to  80  A  for  a  335 
A  thick  film  and  reaches  125  A  for  a  1000  A  thick  NiO  layer.  Quantitative  AFM  analysis  gives  a 
width  distribution  of  the  wires  of +/-  20  A. 

MAGNETIC  PROPERTIES 

Magnetic  properties  of  NiO/Co  bilayers  were  investigated  at  room  temperature  with  a  magnetic 
field  applied  in  the  plane  of  the  layers.  They  reveal  a  strong  uniaxial  anisotropy  along  [001] 
induced  by  the  shape  of  the  Co  stripes.  Longitudinal  and  transverse  Kerr  effect  loops  along  the 
easy  direction  [001]  and  the  hard  direction  [-110]  are  presented  in  Fig.  2.  Along  [001],  they  have 
a  perfect  squareness  with  a  coercive  field  between  140  and  1500  Oe  depending  on  Co  layer 
thickness  .  The  magnetisation  loops  along  [001]  exhibit  a  very  shaip  edge  and  switch  in  less  than 
10  Oe  despite  the  Co  wires  shape  distribution;  this  collective  switching  implies  a  coupling 
between  the  Co  stripes  indicative  of  a  contact  between  each  nanowire  as  observed  by  HREM. 

The  magnetisation  loops  measured  along  [-110],  therefore  perpendicular  to  the  stripes  are 
characteristic  of  a  hard  axis.  For  all  .samples,  the  magnetic  field  required  to  saturate  the 
magnetisation  in  this  direction  is  at  least  2200  Oe  (see  Table  I).  Transverse  Kerr  effect  loops 
were  also  recorded,  they  evidence  a  magnetisation  switching  by  coherent  rotation  if  the 
magnetic  field  is  applied  along  the  [-1 10]  hard  axis.  Along  the  easy  [001]  axis,  the  small 
transverse  signal  is  indicative  of  a  magnetisation  switching  dominated  by  domain  nucleation 
and/or  domain  wall  propagation. 
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Figure  2'  Kerr  effect  loops  in  longitudinal  (a,b)  and  transverse  (c,d)  in-plane  configuration 
recorded  along  the  [001]  easy  axis  (a,c)  and  the  [-1 10]  hard  axis  (b,d).  The  same  scale  is  used  for 

the  four  magnetisation  loops 


This  explains  why  the  easy  axis  coercive  field  is  lower  than  the  hard  axis  saturation  field 
contrary  to  the  commonly  observed  behaviour  of  uniaxial  single  domain  particles.  From  the 
value  of  the  saturation  field  along  the  [-110]  hard  axis,  we  estimate  an  uniaxial  anisotropy  ^ 
constant  of  1 .4x10^  erg/cm^  for  1 60  A  of  Co  deposited  on  335  A  of  NiO  and  of  5.6x10  erg/cm 
for  40  A  of  Co  deposited  on  335  A  of  NiO.  This  last  value  is  larger  than  the  Co  hep 
magnetocrystalline  anisotropy  along  the  c-axis.  Therefore,  we  assume  that  the  anisotropy 
observed  in  our  samples  is  mainly  due  to  their  nanowire  morphology.  This  is  corroborated  by  the 
simple  calculation  of  the  demagnetising  energy  of  an  infinite  Co  cylinder  which  is 
tcMs  11^=6. 16xl0^erg/cm^  and  its  saturation  field  is  close  to  7t  Msat  -8800  Oe.  Such  values  are 
almost  reached  for  our  very  thin  Co  layer  samples,  confirming  the  strong  influence  of  the  layer 
morphology  on  the  Co  magnetic  anisotropy.  The  shape  anisotropy  induced  by  the  roof 
morphology  of  the  cobalt  layer  induces  a  bi-stable  state  of  the  Co  magnetisation.  Indeed,  at  the 
remanent  state  only  two  fully  saturated  configurations  along  its  easy  axis  are  allowed.  This 
property  has  been  used  to  modify  the  exchange  bias  value  according  temperature.  Cooling  a 
MgO(l  10)/NiO(335  A)/Co(80  A)/Mo  sample  from  300°C  to  room  temperature  in  a  300  Oe  field 
along  the  [001]  direction  induces  a  -25  Oe  exchange  bias.  This  sample  was  then  cut  into  two 
pieces.  The  first  one  has  been  cooled  from  room  temperature  to  10  K  maintaining  its 
magnetisation  direction.  The  second  one  received  the  same  thermal  treatment  with  its 
magnetisation  aligned  along  its  other  stable  state  which  is  [00-1].  Hysteresis  loops  along  [001] 
direction  were  then  recorded  warming  the  samples  up  to  room  temperature.  Exchange  bias  values 
measured  and  presented  in  Fig.  3.  When  the  cobalt  layer  magnetisation  is  not  reversed,  exchange 
bias  value  is  minimum  at  10  K  and  reaches  -60  Oe.  On  the  contrary,  when  the  cobalt 
magnetisation  is  reversed  at  room  temperature,  we  can  notice  a  sign  change  of  the  hysteresis  loop 
shift  which  is  equal  to  20  Oe  at  10  K.  In  both  cases  the  phenomenon  is  reversible  since  the 
exchange  bias  progressively  reaches  its  room  temperature  value  during  the  warm  up. 
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Figure  3:  exchange  bias  temperature  dependence  according  to  the  cobalt  layer 
magnetisation  direction 


DISCUSSION 

This  phenomenon  can  be  explained  extending  the  Stiles  and  Me  Michael  [4]  model  to  our 
epitaxial  samples.  Assuming  a  wide  distribution  of  the  J  /“n/ak  rate,  the  antiferromagnetic  layer 
can  be  divided  in  local  domain  paths  which  contribute  to  the  exchange  bias  or  to  irreversible 
motion  of  domain  wall  within  NiO  layer.  Cooling  down  the  sample,  AF  magnetocrystalline 
anisotropy  will  increase  and  reach  a  temperature  at  which  a  given  domain  path  will  become 
“active”.  This  temperature  is  called  local  blocking  temperature.  The  initial  field  cooling  has 
organ i.sed  all  the  domain  paths  whose  blocking  temperatures  are  comprised  in  the  range 
I300°K  -  525°K]. 


Figure  4:  wide  distribution  of  blocking  temperature 


Blocking 
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During  the  second  cooling,  low  blocking  temperature  paths  have  be  activated  in  the  same  or  in 
the  opposite  direction  to  the  initial  cooling  according  to  cobalt  magnetisation  direction.  Warming 
up  the  sample  will  progressively  disable  domain  paths  and  reach  the  same  exchange  bias  value 
at  room  temperature  induced  by  high  blocking  temperature  domain  paths.  Note  that  an 
e(J[uilibrium  between  parallel  and  antiparallel  domain  paths  is  obtained  near  80  K  when  the 
cobalt  magnetisation  is  reversed  after  the  initial  cooling.  This  is  mentioned  in  Fig. 3  as  a 
neutralisation  temperature.  Such  distribution  has  been  previously  observed  by  Soeya  at  al.  [5]  on 
polycristalline  NiO/NiFe  samples.  They  conclude  that  higher  blocking  temperature  density  is 
very  close  to  the  global  blocking  temperature  near  215°C.  In  our  .samples  the  distribution  is 
wider  and  spreads  down  to  10  K  at  least.  The  main  teaching  of  this  experiment  is  that  models 
which  describe  the  NiO  magnetic  structure  as  completely  frozen  just  under  its  Neel  temperature 
are  not  fully  realistic.  Hr  value  and  the  NiO  magnetic  organisation  depend  on  temperature  and  on 
the  cobalt  magnetisation  orientation  (if  the  applied  magnetic  field  is  low  enough  to  prevent  AF 
spin-flop). 

CONCLUSION 

We  have  prepared  exchange-biased  NiO-Co  bilayers  by  a  combination  of  facing-target  and 
standard  magnetron  sputtering.  The  growth  of  NiO  on  MgO(l  10)  leads  to  a  roofed  surface  with 
(100)  and  (010)  nanofacets.  The  Co  overlayers  adopt  this  morphology  and  can  be  considered  as 
connected  nanowires  with  a  strong  uniaxial  shape-induced  anisotropy.  The  bi-stable  Co 
magnetisation  state  along  its  easy  axis  has  been  used  for  ordering  the  NiO  spins  configuration 
from  Ndcl  temperature  to  10°K.  Sign  and  value  of  exchange  bias  induced  by  a  thermal  treatment 
can  be  modulated  thanks  to  a  wide  magnctocrystallinc  or  local  path  blocking  temperature 
distributions. 
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ABSTRACT 

CoFe204/a-Fe203  (ferrimagnetic  /  antiferromagnetic)  bilayered  films  were  prepared  on 
(X-Al2O3{102)  single-crystalline  substrates  by  helicon  plasma  sputtering.  A  well-crystallized 
epitaxial  a-Fe2O3(102)  layer  was  formed  on  the  substrate,  while  CoFe204  grown  on  a-Fe203 
(102)  was  a  polycrystalline  layer  with  a  (lOO)-preferred  orientation.  The  a-Fe2O3(102)  films 
without  CoFe204  layers  clearly  showed  a  spin-flip  transition  at  about  400  K.  The  spins  aligned 
perpendicular  to  the  film  plane  at  room  temperature  changed  their  direction  within  the  film  plane 
above  400  K.  However  the  a-Fe203  base  layers  of  CoFe204/a-Fe203  bilayered  films  did  not 
show  any  spin-flip  transition.  The  CoFe204  layer  on  a-Fe203  had  a  large  in-plane  magnetic 
anisotropy,  while  the  spin  axis  of  the  a-Fe203  (102)  base  layer  was  directed  perpendicular  to  the 
film  plane.  The  magnetization  of  ferrimagnetic  CoFe204  layers  was  coupled  perpendicularly  to 
the  spin  axis  of  anitiferromagnetic  a-Fe203  layers  due  to  the  exchange  coupling  at  the  interface 
between  C0FC2O4  and  a-Fe203. 

INTRODUCTION 

Exchange  coupling  at  an  interface  between  ferromagnetic  (FM)  and  anti  ferromagnetic  (AFM) 
layers  has  received  much  attention  mainly  due  to  the  technological  applications  in  such  devices 
as  spin-valve  sensors.  It  stabilizes  a  magnetic  direction  of  the  FM  layer  and  functions  as  a  bias 
field  in  the  magnetic  hysteresis  loop.  Recently,  full  micromagnetic  calculations  suggested  the 
existence  of  the  90°  FM  -  AFM  coupling  at  the  interface  [1].  However  the  fundamental  origin  of 
exchange  coupling  between  magnetic  materials,  especially  magnetic  oxide  materials,  is  still 
unclear.  a-Fe203  is  one  of  candidates  for  the  AFM  materials  fabricated  in  the  spin-valve  sensors 
[2,3].  The  spin  valves  partly  consisting  of  a-Fe203  have  high  thermal  stability  and  large 
magneto-resistance  ratio.  By  tbe  way,  one  of  the  present  authors  found  that  epitaxial  a-Fe203 
(102)  films  on  a-Al2O3(102)  had  an  unique  spin-flip  transition  [4],  The  transition  takes  place  at 
about  400  K,  much  higher  than  the  Morin  transition  temperature  (260  K)  of  the  bulk  crystal.  The 
spin  axis  lying  within  a  film  plane  above  400  K  turns  perpendicular  to  the  film  plane  below  the 
transition  temperature. 

There  are  a  few  studies  on  the  exchange  coupling  between  oxide  materials  with  the  FM/AFM 
bilayered  structure  [5].  Most  of  practical  FM  oxides  are  exactly  ferrimagnetic.  Microscopic  spin 
configurations  at  the  interface  between  oxide  systems  could  be  different  from  the  ones  between 
metallic  systems.  We  prepared  well-crystallized  a-Fe203  and  CoFe204  bilayered  films  by  using 
helicon  plasma  sputtering  technique  [6].  CoFe204  is  a  typical  ferrimagnetic  material  with  an 
inverse  spinel  structure.  Structural  properties  and  magnetic  interactions  between  ferrimagnetic 
CoFe204  (FM)  and  a-Fe203  (AFM)  layers  were  discussed.  If  the  exchange  coupling  at  the 
CoFe204/a-Fe203  interface  was  strong  enough,  magnetic  properties  of  the  C0FC2O4  layer  should 
be  influenced  by  the  spin-flip  transition  of  the  a-Fe203  layer  or  vice  versa. 
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EXPERIMENT 

Helicon  plasma  sputtering  is  a  powerful  technique  to  prepare  high-quality  multilayered  films 
with  sharp  interfaces  [7].  It  has  some  advantages  in  comparison  with  conventional  rf  magnetron 
sputtering,  such  as  high  deposition  rate  stability  and  low  plasma  damage  to  the  film  surface.  A 
helicon  plasma  cathode  consists  of  a  conventional  rf  magnetron  cathode  and  a  rf  coil  for  a 
helicon  wave.  Fig.l  shows  a  .schematic  drawing  of  the  helicon  plasma  sputtering  system  we  used. 
Two  targets  for  helicon  cathodes  were  made  of  sintered  a-Fe203  and  CoO,  respectively.  The  base 
pressure  of  the  system  was  10'^  Pa.  Before  sputter  deposition  an  a-Al2O3(102)  substrate  was 
annealed  in  vacuum  at  about  973  K  for  1  hour  in  order  to  obtain  a  clean  and  well-ordered  surface. 
a-Fe203  base  layers  with  the  thickness  of  100  nm  were  sputtered  on  the  substrate  at  the  substrate 
temperature  of  673  K.  CoFe204  layers  with  .several  thicknesses  ranging  from  25  to  200  nm  were 
then  deposited  on  a-FcsOs  at  773  K  by  simultaneous  sputtering  from  both  targets,  to  control  the 
deposition  rate  ratio  between  (X-Fe203  and  CoO.  The  deposited  films  were  characterized  by 
reflection  high  energy  electron  diffraction  (RHEED),  x-ray  diffraction  (XRD),  scanning  probe 
microscopy  (SPM),  vibrating  sample  magnetometer  (VSM),  conversion  electron  Mossbauer 
spectroscopy  (CEMS),  and  energy  dispersive  X-ray  spectroscopy  (EDS). 


RESULTS  AND  DISCUSSION 


Typical  XRD  and  RHEED  patterns  of  a-Fe203  films  deposited  on  a- AI2O3  (102) 
single-crystalline  substrates  are  shown  in  figs.  2(a)  and  (b),  re.spectively.  Epitaxial  relationship 
between  the  a-Fe203  layer  and  the  a-Al203  substrate  can  clearly  be  seen  in  both  XRD  and 
RHHED  patterns.  The  XRD  pattern  had  only  a  reflection  from  the  film  indexed  as  a-Fe2O3(204) 
at  the  side  of  an  intense  a-Al203  (204)  reflection.  The  sharp  streak  lines  in  the  RHEED  pattern 
indicated  an  atomically  flat  surface  of  the  layer.  Both  a-Fe203  and  a-Al203  have  a  corundum 
structure  with  a  small  lattice  misfit  of  -1-5.8  %.  This  could  be  a  reason  why  the  well-crystallized 
and  atomically  flat  a-Fe203  layers  were  epitaxially  formed  on  the  CX-AI2O3  substrates. 


Figure  I.  Schematic  drawing  of  helicon  plasma 
sputtering  system  we  used.  The  helicon  cathodes 
consist  of  conventional  if  magnetron  cathodes 
and  rf  coils. 
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Figure  2.  (a)  XRD  and  (b)  RHEED  patterns  of  an 
a-FezOjtfilm  deposited  on  an  a-AEOj  (102) 
substrate. 


Figure  3.  (a)  XRD  and  (b)  RHEED  patterns  of  a 
CoFe204/a-Fe20j  bilayered film  deposited  on  an 
a-AFOj  (102)  substrate.  Thicknesses  of  the 
CoFe204  and  the  a-Fe20j  layers  were  200  and 
100  nm.  resnectivelv. 


Figs.  3(a)  and  (b)  are  typical  XRD  and  RHEED  patterns  of  CoFe204/Fe203  bilayered  films, 
respectively.  The  XRD  pattern  of  the  CoFe204/Fe203  bilayered  film  had  two  reflections  from  the 
CoFe204  layer  indexed  as  CoFe204(3]  1)  and  (400)  in  addition  to  the  reflection  from  the  a-Fe203 
(204)  base  layer.  The  relative  peak  intensity  ratio  of  CoFe204(400)  to  (31 1 )  was  considerably 
large,  in  comparison  with  that  of  the  CoFe204  bulk  pattern  with  random  orientation  [8].  The 
CoFe204  layer  formed  on  a-Fe2O3(102)  had  strong  (lOO)-preferred  orientation.  In 
crystallographic  aspects,  the  a-Fe2O3(102)  surface  has  a  pseudo-square  structure  though  the 
a-Fe203  crystal  has  hexagonal  corundum  structure.  The  CoFe204(100)  layer  with  cubic  spinel 
structure  could  be  formed  on  the  a-Fe203  (102)  base  layer.  However  the  lattice  misfit  between 
them  is  very  large,  about  -17%.  The  RHEED  pattern  of  CoFe204  on  a-Fe2O3(102)  was  spotted 
and  complicated.  The  CoFe204  layers  in  bilayered  films  were  poly-crystallized  and  had 
(lOO)-preferred  orientation.  Moreover,  chemical  formula  of  the  CoFe204  layer  analyzed  by  EDS 
was  Coo.7Fe2.3O4. 

The  spin  direction  of  a-Fe203  layers  on  a-Al2O3(102)  was  easily  determined  by  CEMS.  The 
CEMS  spectrum  of  a-Fe203  generally  exhibited  six  lines  due  to  the  nuclear  Zeeman  splitting 
from  a  large  internal  magnetic  field.  Relative  peak  intensity  ratio  of  the  sextet  is  expressed 
theoretically  as  a  function  of  an  angle  (0)  between  the  y-ray  direction  and  the  spin  direction 

^  ^  4sin^6>  ^  ^  ^  ^ ,  4sin^^  ^  ^ 

1-i-cos^^  1  +  cos^^ 


Ti.10.3 


Velocity  (mtn/s) 

Figure  4.  CEMS  spectra  of  an  a-Fc20  f  102)  film 
deposited  on  a-AhOj  (102)  measured  at  (a)  423  K 
and  (b)  room  temperature. 


Velocity  (mm/s) 


Figure  5.  CEMS  spectra  of  a  CoFe20fa-Fe20_i 
hi  layered  film  on  oc-AlyOjt  (102),  measured  at  (a) 
523  K,  (h)  423  K,  and  (c)  room  temperature. 
Thicknesses  of  the  CoFe204  and  a-Fe20j  layers 
were  25  and  100  nm,  respectively. 


CEMS  spectra  of  an  a-Fe2O3(102)  film  without  a  CoFe204  covering  layer  are  shown  in  fig.  4  as 
a  function  of  the  temperature.  The  spectra  had  the  intensity  ratio  of  nearly  3:0:1 : 1 :0:3  at  300  K 
and  3:4:1:1:4:3  at  423  K.  The  spin  axis  of  the  a-Fe203  (102)  film  was  abruptly  changed  from  the 
perpendicular  direction  (6=0°)  to  the  in-plane  direction  (6=90°)  at  about  400  K. 

Besides  the  intensity  ratio  of  the  CEMS  spectra  of  the  CoFe2O4/ot-Fe2O3(102)  bilayered  film 
did  not  show  any  temperature  dependence,  even  when  the  a-Fe2O3(102)  layer  was  covered  by  a 
very  thin,  25  nm-thick,  CoFe204  layer.  All  spectra  of  the  a-Fe2O3(102)  base  layer  had  the 
intensity  ratio  of  about  3:0;  1 : 1 :0:3  as  shown  in  fig.  5.  The  a-Fe203  layer  covered  by  CoFe204  did 
not  show  the  spin-flip  transition.  The  spin  direction  in  a-Fe203  was  fixed  perpendicular  to  the 
film  plane  over  the  all  temperatures. 

In-planc  and  out-of-plane  magnetization  curves  of  the  CoFc2O4/0c-Fe2O3  bilayered  films  were 
also  measured  at  various  temperatures.  Figs.  6(a)  and  (b)  show  room  temperature  magnetization 
curves  of  the  200  nm-thick  CoFe204  films  without  and  with  the  a-Fe2O3(102)  base  layers, 
respectively.  No  uniaxial  magnetic  anisotropy  nor  exchange  bias  field  was  induced  in  the 
C0FC2O4  layers,  when  they  did  not  have  the  a-Fe203  base  layers.  CoFe204  is  known  to  have  a 
large  magnctocrystalline  anisotropy  along  the  <100>  direction  [8].  The  (lOO)-oriented  CoFe204 
layers  could  have  domain  structures  magnetized  along  the  in-plane  [100]  and  [010]  and  the 
out-of-plane  [001]  directions.  The  large  coercivity  was,  thus,  observed  in  both  in-plane  and 
out-of-plane  hysteresis  loops. 

On  the  other  hands,  the  C0FC2O4  layers  deposited  on  the  cx-Fe203(  1 02)  ba.se  layers  had  a  large 
in-planc  magnetic  anisotropy.  The  exchange  bias  field  of  about  200  Oc  was  induced.  The  spin 


Ti.10.4 


Figure  6.  In-plane  and  out-of-plane  magnetization 
curves  of  (a)  a  200  nm-thick  CoFe204 film  deposited 
on  a-AI 203(1 02),  and  (b)  a  CoFe204  (200  nm) 
Ia-Fe203  (100  nm)  hilayered  film  on  a-Al2O3(102). 
The  magnetization  curves  were  measured  at  room 
temperature 


axis  of  the  a-Fe203  base  layers  was  directed  perpendicular  to  the  film  plane  as  discussed  above. 
The  magnetization  of  the  CoFe204  (FM)  layers  was  exactly  coupled  perpendicularly  to  the  spin 
axis  of  the  a-Fe203  (AFM)  layers.  The  90®  FM-AFM  coupling  observed  in  CoFe204/a-Fe203 
bilayered  films  was  in  good  agreement  with  the  theoretical  result  reported  by  Koon  [1].  The  large 
in-plane  anisotropy  of  the  CoFe204  layers  was  probably  induced  by  the  90°  coupling  with  the 
a-Fe203  layers  and  it  should  suppress  the  spin-flip  transition  of  the  a-Fe203  layers  irreversibly. 


SUMMARY 

Exchange  coupling  between  a  ferrimagnetic  CoFe204  layer  and  an  anitiferromagnetic  a-Fe203 
layer  was  examined  to  prepare  CoFe204/a-Fe203  bilayered  films.  (lOO)-oriented  CoFe204  layers 
were  formed  on  well-crystallized  epitaxial  a-Fe2O3(102)  layers  deposited  on  a-Al2O3(102) 
single-cry.stalline  substrates.  The  a-Fe2O3(102)  films  without  CoFe204  layers  clearly  showed  the 
spin-flip  transition  at  about  400  K.  The  spin  axis  lay  within  the  (102)  plane  of  a-Fe203  at  high 
temperatures  but  became  almost  normal  to  the  plane  at  low  temperatures.  However  the 
a-Fe2O3(102)  layers  covered  by  CoFe204  layers  did  not  show  any  spin-flip  transition.  The  spin 
axis  of  the  a-Fe2O3(102)  base  layers  was  fixed  on  the  perpendicular  to  the  films.  Magnetic 
hysteresis  loops  of  CoFe204/a-Fe203  bilayered  films  indicated  that  a  large  in-plane  magnetic 
anisotropy  and  an  exchange  bias  field  were  induced  in  the  films.  The  90°  coupling  at  the 
interface  between  ferrimagnetic  and  antiferromagnetic  materials  was  directly  observed  in  the 
CoFe204/a-Fe203  system  fabricated  entirely  of  oxides. 
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Computational  Modeling  For  Magnetic-Sensor-Based  Three-Dimensional  Visualiza¬ 
tion  Of  Microcracks 
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West  Virginia  University,  Morgantown,  WV  26506'6315 


ABSTRACT 

The  presence  of  cracks,  phase  segregation,  or  even  submicron-sized  grain  boundaries  creates 
a  disruption  of  the  magnetic  field  response  to  an  externally  applied  electrical  current  running 
through  the  material.  These  effects  can  be  detected  through  the  magnetic  field  leakage  in  the  ex¬ 
ternal  near-surface  region.  Using  a  computer  model  of  an  array  of  magnetic  tunnel  junction  de¬ 
tectors,  magnetic  “signatures”  of  various  faults  and/or  material  borders  and  domains  have  been 
calculated  using  finite  element  analysis  and  portrayed  by  icons.  We  have  considered  a  number  of 
typical  cracks  and  flaws,  of  different  dimensions  and  orientations,  within  the  bulk  of  the  compo¬ 
nent.  The  database  of  “signatures”  thus  generated  allows  fast  recognition  of  faults  and  generation 
of  their  images  in  real  time.  Significant  efforts  have  been  made  to  provide  an  adequate  three- 
dimensional  visualization  of  the  shape  and  distribution  of  microcracks,  the  magnetic  field  lines, 
and  delineation  of  the  position  of  the  faults  in  relation  to  the  surface. 

INTRODUCTION 

A  major  problem  in  aircraft  maintenance  is  the  effect  of  wear  and  tear  on  major  components. 
For  example,  cracks  emanating  from  bolt  holes  on  structural  components  or  turbine  blades,  lo¬ 
cated  below  the  surface,  appear  after  years  of  use.  These  cracks  can  cause  catastrophic  damage  if 
they  are  not  detected  sufficiently  early.  Non-destructive  evaluation  (NDE)  and  identification 
(NDI)  methods  allow  early  detection  of  subsurface  cracks  and  corrosion,  so  that  the  damaged 
components  can  be  replaced  or  repaired.  Current  methods  used  for  NDE  have  difficulties  in  de¬ 
tecting  very  small  cracks,  on  the  order  of  a  tenth  of  a  millimeter  or  less,  which  form  below  the 
surface. 

Our  approach  consists  of  fabricating  an  array  of  magnetic  transistor  detectors.  The  advan¬ 
tage  of  having  an  array  over  a  single  detector  is  that  the  magnetic  leakage  can  be  detected  simul¬ 
taneously  at  different  points  in  space.  By  modeling  the  signals  from  all  of  the  array  components 
simultaneously  (a  generalized  sort  of  triangulation),  it  is  possible  to  obtain  a  three-dimensional 
image  of  the  cracks  and  faults.  This  work  focuses  on  a  “proof  of  concept”,  and  considers  the  pos¬ 
sibility  of  detecting  a  small  fringing  magnetic  field  originating  from  faults  and  distinguishing 
among  different  types  of  faults. 

MAGNETIC  TUNNEL  JUNCTION  DETECTOR 

Magnetic  tunneling  junction  (MTJ)  technology  is  applicable  to  the  present  problem  because 
of  its  great  sensitivity  in  probing  the  magnetic  response  of  the  metallic  components  to  an  applied 
current.  If  the  material  is  completely  homogenous,  the  resulting  magnetic  signal  is  also  homoge¬ 
neous.  However,  in  the  presence  of  phase  segregation,  cracks,  or  even  submicron-sized  grain 
boundaries,  there  is  a  disruption  of  the  normal  magnetic  flux  pattern  of  the  material,  causing  a 
leakage  field  to  appear.'  This  field  usually  has  strong  gradients  that  can  be  detected  with  these 
sensitive  magnetic  sensors. 

The  sensor  used  for  NDI  must  be  able  to  map  the  fringing  magnetic  fields  due  to  cracks  and 
other  faults  inside  metals.  This  information  can  be  used  by  a  computer  model  to  recreate  a  three- 
dimensional  image  of  faults.  The  principle  of  this  approach  was  recently  tested  using  an  array  of 
conventional  copper  microloop  pickup  coils  to  detect  cracks  inside  the  walls  of  metal  ducts  in 
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nuclear  reactors.^  MTJ’s  provide  a  fundamental  advantage  with  respect  to  this  conventional  tech¬ 
nology  in  that  their  bandwidth  of  operation  is  much  greater,  they  operate  at  much  lower  frequen¬ 
cies,  and  their  sensitivity  is  greater.  MTJ’s  also  provide  a  way  of  measuring  the  direction  and 
magnitude  of  the  in-plane  leakage  field,  because  the  magnitude  of  the  conductance  in  each  MTJ 
is  proportional  to  (1-cos^,  where  ^is  the  angle  between  the  magnetization  vectors  of  the  two 
ferromagnetic  layers,'^  MTJ’s  arc  also  superior  to  giant  magnetorcsistance  (GMR)  sensor  tech¬ 
nology  for  fabricating  sensor  arrays.  Normally,  GMR  sensors  are  operated  with  the  current  flow¬ 
ing  in  the  plane  of  the  film;  otherwise,  the  resistivity  is  too  low  and  difficult  to  measure.  This  ge¬ 
ometry  makes  the  measurement  of  individual  array  components  almost  impossible  to  make.  In 
contrast,  MTJ  sensors  have  a  much  lower  conductivity,  making  the  measurement  of  each  com¬ 
ponent  possible. 

The  array  of  MTJ  detectors  can  be  fabricated  using  standard  photolithographic  techniques.  A 
sketch  of  such  an  array  is  shown  in  Fig.  1.  Each  of  the  MTJ’s  composing  the  array  provides  a  lo¬ 
cal  measure  of  the  magnitude  and  direction  of  the  magnetic  field. 

MTJ’s  are  composed  of  two  ferromagnetic,  metallic  layers  separated  by  an  insulating,  non¬ 
magnetic  layer.  As  current  is  driven  from  one  ferromagnetic  layer  to  the  other,  where  one  of  the 
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Figure  1  Side  and  (op  views  of  a  3  by  3  MTJ  detector  array.  In  reality,  the  array  would  have  many  more  elements. 

layers  acts  as  an  electron  spin  polarizer,  whereas  the  other  acts  as  an  analyzer.  The  tunneling 
probability  between  these  two  layers  is  strongly  dependent  on  the  relative  orientations  of  the 
magnetizations  of  the  layers."*  It  is  necessary  to  pin  the  magnetization  of  the  polarizer,  whereas 
the  analyzer  magnetization  must  rotate  easily  in  small  magnetic  fields.  This  can  be  done  by  using 
the  phenomenon  of  exchange  bias,  where  an  antiferromagnetic  layer  is  deposited  next  to  the  po¬ 
larizer,  hence  pinning  its  magnetization'\ 

As  mentioned  above,  it  is  imperative  that  the  direction  of  the  magnetic  leakage  field  as  well  as  its 
magnitude  is  known.  This  can  be  achieved  if  the  MTJ  response  is  linear,  non-hysteretic,  and  sen¬ 
sitive  to  small  fields.  Biasing  the  unpinned  ferromagnetic  layer  with  a  dc  field  at  90"  to  the 
pinned  layer  can  do  this.^ 

MEASUREMENTS 

In  order  to  examine  an  aircraft  component  (a  sample  undergoing  NDE)  for  the  presence  of 
faults,  a  magnetic  field  should  be  introduced  into  the  system.  For  paramagnetic  materials,  such  as 
aluminum  and  most  superalloys  used  in  engines,  an  externally  applied  electrical  current  can  be 
used  to  generate  the  magnetic  field.  Suppose  that  the  area  where  the  electrical  current  exists  is 
much  smaller  than  the  characteristic  size  of  the  sample  undergoing  NDE.  In  this  case,  the  mag¬ 
netic  field  depends  only  on  the  properties  of  the  material  being  scanned  below  the  measuring  tool 
(array  of  MTJ’s),  and  docs  not  depend  on  the  shape  of  the  sample  or  on  the  position  of  the  meas¬ 
uring  tool  on  the  top  surface  of  the  component.  Therefore,  this  magnetic  field  can  be  compen- 
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sated  by  applying  an  external  magnetic  field  in  such  a  way  that,  in  a  fault  free  environment,  the 
resulting  magnetic  field  is  zero  at  the  location  of  the  MTJ  sensors. 

If  there  is  a  fault  in  the  sample,  a  deviation  of  the  current  flowing  through  the  sample  will 
cause  a  distortion  of  the  magnetic  field.  The  magnitude  of  the  fringing  flux  will  be  proportional 
to  the  signal  measured  by  each  detector,  and  the  shape  of  the  leakage  field  will  depend  on  the 
shape  of  the  fault.  (Note  that  sensors  can  measure  only  a  component  parallel  to  the  magnetization 
of  the  pinned  layer.  Rotating  the  detector  by  90”  would  yield  the  other  component.)  Because  the 
detector  is  composed  of  an  array  of  MTJ’s,  a  two-dimensional  image  of  the  flux  lines  can  be  ob¬ 
tained.  The  applied  current  can  also  be  rotated  by  90”  to  provide  in-plane  resolution.  In  order  to 
improve  the  depth  profiling  capabilities,  the  distance  between  the  detector  and  the  sample  can  be 
varied  by  mounting  the  array  on  a  precision  x-y-z  stage. 

COMPUTATIONAL  MODELING 

In  order  to  calculate  the  magnetic  response  produced  by  a  fault  one  needs  to  know  the  elec¬ 
trical  current  inside  and  outside  this  fault,  including  its  boundaries.  For  simplicity,  we  assume 
that  there  is  no  electrical  current  inside  a  crack  and  that  it  has  simple,  very  thin  boundaries.  A 
simple  estimate  can  be  obtained  if  the  relaxation  of  the  electrical  current  around  the  fault  is  ne¬ 
glected.  In  this  model,  one  can  either  set  the  conductivity  tensor  in  the  crack  area  to  zero  or 
equivalently,  apply  an  effective  current  with  magnitude  equal  to  the  initial  current,  but  flowing  in 
the  opposite  direction  inside  the  crack.  The  fringing  field  (the  deviation  of  the  magnetic  field 
from  its  initial  distribution  in  a  fault  free  material)  is  just  the  magnetic  field  produced  by  this  ef¬ 
fective  current. 

Considering  a  uniform  current  of  lA/mm^  and  using  the  Biot-Savart  law,  one  can  estimate 
that  a  50  pm  wide  crack,  located  2  mm  below  the  surface,  will  generate  a  field  of  ~3  mOe  at  the 
surface.  An  effect  of  the  same  magnitude  can  be  also  produced  by  a  100  pm  cubic  void  at  the 
same  depth.  Because  of  the  high  sensitivity  of  the  MTJ  detectors,  this  should  translate  into  a 
sizeable  change  in  conductivity  of  approximately  0.1  -  0.5  %. 

The  presence  of  a  fault  would  cause  an  increase  in  the  current  density  in  the  areas  surround¬ 
ing  the  fault,  which  in  turn  produces  a  screening  effect  and  therefore  reduces  the  resulting  fring¬ 
ing  magnetic  field.  Accurate  calculations  of  the  magnetic  field  should  include  this  relaxation  of 
the  current  flowing  around  the  fault.  We  used  a  finite-element  (FE)  analysis  of  the  current  distri¬ 
bution  around  faults  to  calculate  these  effects.  In  the  finite-element  approximation,  a  continuous 
function  of  the  solution  of  a  partial  differential  equation  is  replaced  by  a  sum  of  piecewise  func¬ 
tions,  each  of  them  being  defined  within  a  small  volume  (finite  element).  Since  the  work  of  Lord 
et  af,  the  FE  analysis  of  the  magnetic  flux  leakage  from  various  flaws  in  materials  has  become 
an  established^  technique. 

For  our  purposes,  we  can  further  simplify  the  problem  by  considering  only  a  dc  current,  and 
calculate  the  redistribution  of  the  electrical  cument  inside  material  composed  of  conducting  and 
non-conducting  phases.  Our  calculations  were  based  on  FEM  software  developed  at  NIST  and 
available  without  co.st. 

The  NIST  FEM  software  is  designed  to  compute  the  linear  electrical  properties  of  digital 
images  of  random  materials.  This  program  takes  advantage  of  the  existence  of  the  variational 
principle  for  the  linear  conductivity  problem.  In  order  to  find  an  equilibrium  distribution  of  cur¬ 
rents  in  the  system,  the  power  (energy  dissipation  per  unit  time)  is  minimized  with  respect  to  the 
voltages  at  the  vertices  of  the  finite  elements.  An  externally  applied  electrical  field  is  included 
through  the  boundary  conditions.  Only  a  few  modifications  to  this  program  were  required  in  or- 
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dcr  to  describe  the  present  problem  and  to  have  a  convenient  interface  with  the  visualization 
software. 

The  initial  distribution  of  the  electrical  current  in  a  fault-free  sample  depends  on  the  way  the 
current  is  introduced  to  the  system.  The  details  of  the  experimental  design  are  not  been  finalized 
at  this  time;  therefore,  there  is  no  reason  to  choose  a  .specific  configuration  of  the  current.  For 


Figure  2.  EITect  of  current  relaxation  around  the  fault  on  the  resulting  magnetic  field.  The  fault 
dimensions  are  10x1x1  units,  il  is  always  parallel  to  the  surface  where  magnetic  field  is  measured 
and  is  placed  at  various  distances  from  this  surface. 


simplicity,  we  have  considered  a  uniform  external  current.  In  this  configuration,  it  was  found  that 
it  is  .sufficient  to  consider  a  relatively  small  system  composed  of  ~35,000  elements  (41x41x21). 

A  calculation  of  the  current  lakes  about  one  second  of  the  CPU  time  on  AMD  Athlon  based  PC 
or  Compaq  Alpha  workstation.  Test  calculations  on  a  much  larger  system  (80x80x40)  did  not 
reveal  any  significant  changes. 

For  the  results  reported  here,  the  observation  plane  was  always  considered  at  Z=0,  with  the 
electrical  current  running  along  the  Y  axis.  Therefore,  the  magnetic  field  has  the  stronge.st  com¬ 
ponent  (the  only  component  in  fault-free  environment)  in  the  X  direction. 

FEM  calculations  showed  that  the  redistribution  of  the  electrical  current  plays  an  important 
role.  For  example,  when  a  rod-like  crack  located  clo.se  to  the  surface  with  a  long  side  perpendicu¬ 
lar  to  the  electrical  current,  the  resulting  magnetic  field  is  one  half  of  the  magnetic  field  obtained 
by  a  simple  zeroing  of  the  current  inside  the  crack  area  (Figure  2).  In  this  geometry,  the  current 
that  flows  around  the  crack  deviates  significantly  toward  the  surface  where,  due  to  its  proximity 
to  the  sensor,  it  contributes  significantly  to  the  fringing  field.  At  the  same  time,  when  the  fault  is 
deep  enough,  this  current  is  directed  mainly  toward  the  surface  and  it  does  not  contribute  to  the 
X  projection  of  the  magnetic  field  measured  immediately  above  the  fault  (generally,  the  mag¬ 
netic  response  is  the  strongest  at  this  point),  as  depicted  in  Fig.  2.  When  the  same  rod-like  fault 
extended  parallel  to  the  direction  of  the  current,  the  relaxation  current  is  much  smaller,  but  it  is 
also  extended  in  the  Y  direction,  and  contributes  to  the  X  projection  of  the  magnetic  field.  There¬ 
fore,  the  screening  effect  is  larger  when  the  current  is  parallel  to  the  longest  axis  of  a  deep  fault. 
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Figure  3.  The  left  panel  shows  the  amplitude  of  the  fringing  magnetic  field  generated  by  a  crack  with  dimen¬ 
sions  of  27x1x1  units.  The  crack  is  located  in  the  center  of  XY  plane,  10  units  below  the  surface  and  it  is  ex¬ 
tended  along  Y  axis.  The  right  panel  shows  the  amplitudes  of  the  fringing  magnetic  field  generated  by  a  crack 
when  it  is  parallel  and  perpendicular  to  the  current  and  by  a  cubic  void  of  3x3x3  units  located  at  the  same  depth. 
The  field  is  calculated  using  FEM  along  the  dotted  line  as  is  shown  in  the  left  panel.  For  both  panels,  the  exter¬ 
nal  current  is  running  in  Y  direction. 


Information  about  the  shape  of  the  fault  can  be  extracted  from  the  2-d  profile  of  the  mag¬ 
netic  field.  For  simplicity,  we  first  discuss  the  measurements  along  two  lines  on  top  of  an  ex¬ 
tended  rod-like  fault.  The  change  in  the  X  component  of  the  magnetic  field  along  the  line  per¬ 
pendicular  to  the  applied  current  and  located  on  top  of  the  center  of  this  modeled  crack  is  shown 
on  Figure  3.  When  the  long  axis  of  the  fault  is  parallel  to  the  current,  the  measured  magnetic 
field  looks  similar,  but  not  identical  to  the  response  from  a  cubic  void  of  the  same  volume  (see 
Fig.  3).  When  the  fault  is  extended  in  the  direction  perpendicular  to  the  current  (this  can  be 
achieved  by  rotating  the  MTJ  array  and  the  source  of  the  current),  the  measured  profile  looks 
much  different  (dashed  line  on  the  Fig,3).  The  fact  that  magnetic  response  depends  on  the  mutual 
orientation  of  the  electrical  current  and  the  fault  can  be  used  to  determine  the  fault  orientation. 

The  length  of  the  fault  that  generated  profiles  shown  on  Fig.  3  is  large  in  comparison  with 
the  distance  from  the  fault  to  the  surface.  When  the  fault  is  buried  deep  below  the  surface  (as  is 
the  one  used  for  Figs.  2  and  4),  measurements  that  are  more  extensive  are  required.  However, 
even  in  this  case,  the  fringing  magnetic  field  is  still  dependent  on  the  angle  between  the  current 
and  the  long  axis  of  the  fault.  This  is  illustrated  in  Fig.  4,  which  is  a  2-D  map  of  the  fringing  field 
(much  like  the  one  that  would  be  measured  by  the  MTJ  sensor),  and  shows  the  large  difference 
between  the  two  configurations. 

Knowledge  of  the  magnetic  field  on  the  surface  of  the  volume  containing  a  complex  fault  is 
not  sufficient  to  uniquely  determine  the  exact  shape  of  the  fault.  Therefore,  empirical  informa¬ 
tion  about  faults  should  be  used.  For  example,  we  can  assume  that  a  simple  crack  can  be  de¬ 
scribed  by  six  parameters:  three  dimensions,  two  orientation  angles,  and  the  depth  from  the  sur¬ 
face.  These  parameters  can  be  found  using  a  least-squares  fit  of  the  calculated  to  the  measured 
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magnetic  fields.  The  initial  guess  about  the  shape  of  the  structure  (is  it  a  simple  crack  or  not)  can 
be  made  by  comparing  the  measured  pattern  to  a  library  of  “signatures”  of  possible  and  common 
faults.  We  plan  to  consider  a  variety  of  possible  faults  that  will  include  both  cracks  and  flaws,  of 
different  dimensions  and  orientations,  within  the  bulk  of  the  component.  In  addition,  we  will 
treat  faults  introduced  by  such  items  as  bolts  and  screws  (e.g.,  mini-cracks  around  bolt  holes). 

Even  a  simple  two-dimensional  figure,  such  as  Fig.  4,  is  difficult  to  present  on  paper  or  on  a 
flat  computer  screen.  A  mutual  orientation  of  a  surface  of  the  sample,  array  of  detectors  and 
faults  is  extremely  difficult  to  depict  in  an  understandable  way.  Considering  a  characteristic  size 
of  faults  -100  nm  and  a  detector  size  0.5  mm,  then  in  a  sample  of  several  centimeters  long, 
many  faults  could  be  detected.  In  order  to  understand  their  relative  positions,  it  is  necessary  to 


Figure  4.  Magnetic  signature  of  the  rod-like  crack  with  dimensions  lOxIxl  units  parallel  to  the  surface  and  located  JO 
units  below  the  surface.  The  height  of  plots  is  related  to  the  in-plane  component  of  the  magnetic  field  perpendicukir  to 
the  external  current.  In  order  to  illuminate  the  differences,  a  normalized  magnetic  field  generated  by  the  point  fault 
located  at  the  same  depth  is  subtracted  from  the  both  plots.  An  arrow  shows  the  direction  of  the  external  current.  The 
double  line  indicates  the  orientation  of  the  crack,  which  is  located  directly  underneath  of  the  centers  on  the  panels. 

employ  advanced  visualization  techniques.  Volume  imaging  in  three  dimensions  is  the  key  to  our 
approach.  We  have  adopted  a  multilayer  hierarchy  of  volume  visualization  capability.  Relatively 
simple  problems  are  addressed  at  any  location  by  using  inexpensive  stereo-ready  graphics  cards 
and  corresponding  eyeware  available  for  PC's.  Viewing  of  complex  images  at  an  ImmersaDesk, 
and/or  at  a  portable  CAVE-like  system  driven  by  NT  or  Linux  PC  can  provide  a  significant  in¬ 
crease  of  viewing  quality. 

CONCLUSION 

Our  initial  modeling  and  experimental  measurements  have  shown  that  it  is  possible  to  de¬ 
termine  the  shape  and  position  of  crack -like  faults  underneath  the  surfaee  using  an  array  of  mag¬ 
netic  tunneling  junction  detectors.  Our  simulations  showed  that  a  fault  located  at  a  depth  compa¬ 
rable  to  its  size  can  be  categorized  and  identified,  while  faults  located  deeper  can  be  located,  it  is 
more  difficult  to  determine  their  shapes. 

The  authors  would  like  to  acknowledge  the  help  with  computer  visualization  of  faults  and 
magnetic  field  from  the  West  Virginia  University  Virtual  Environment  Laboratory  and  particu¬ 
larly  the  assistance  from  David  Baker.  This  research  has  been  supported  by  grant  F49620-01-1- 
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ABSTRACT 

Magnetization  reversals  in  sputtered  Co  electrodes  of  a  magnetic  tunnel  junction  are 
studied  using  transport  measurements,  magneto-optic  Kerr  magnetometry  and  microscopy. 
Using  the  tunnel  magneto-resistive  effect  as  a  probe  for  micromagnetic  studies,  we  first 
evidence  the  existence  of  an  unexpected  domain  .structure  in  the  soft  Co  layer.  This  domain 
structure  originates  from  the  duplication  of  the  domain  structure  of  the  hard  Co  layer  template 
into  the  soft  layer  via  ferromagnetic  inter-electrode  coupling.  A  detailed  analysis  of  the  kerr 
microscopy  images  shows  that  all  features  appearing  in  the  variation  of  tunnel  resistance  as  a 
function  of  the  applied  field  are  associated  to  the  domain  phase  evolution  of  each  electrode. 
By  tailoring  the  magnetic  properties  of  the  hard  Co  layer,  we  have  demonstrated  that  the 
appearance  of  the  domain  duplication  is  driven  by  the  magnetic  anisotropy  of  the  hard  layer. 
Finally,  a  brief  theoretical  description  of  the  domain  duplication  process  allows  us  to  extract 
the  main  parameters  governing  the  effect. 


INTRODUCTION 

The  increasing  interest  in  magnetic  tunnel  junctions  (MTJs)  for  spin  electronic  devices 
requires  the  understanding  and  the  control  of  the  magnetic  properties  of  their  ferromagnetic 
(FM)  electrodes.  A  coupling  between  the  two  electrodes  of  the  MTJ  takes  usually  place  due 
to  their  proximity.  These  interactions  between  a  magnetically  hard  (reference)  and  a  soft 
(detection)  layer  are  of  particular  importance  as  they  influence  the  reversal  characteristics  of 
the  FM  layers,  and  thus,  the  magneto-resistive  behavior  of  the  tunnel  device.  We  illustrate 
explicitly  the  effect  of  the  magneto-static  coupling  on  the  transport  and  magnetic  properties 
of  those  systems. 


EXPERIMENTAL  DETAILS 

For  this  purpose,  we  prepared  Glass/Co(10nm)/Al(eAl  nm,  tox  mn)/Co(eco  nm)/ 

Co  (20nm)  cross  like  tunnel  junctions  by  using  sputtering  and  ex  situ  changed  .shadow  masks. 
Details  on  the  junction  fabrication  (oxidation  process  to  make  the  AlOx  tunnel  barrier, 
geometry  for  CCP  measurements...)  can  be  found  elsewhere  [1,2].  When  Co  is  deposited  at 
low  Ar  pressure  (5x10’^  mbar),  the  grain  diameter  is  less  than  2nm  and  the  magnetization 
reversal  of  a  Co(lOnm)  layer  is  sharp  with  nucleation  and  propagation  of  domain  walls  [3].  In 
addition,  this  low  pressure  process  leads  to  the  appearance  of  an  anisotropy  axis  due  to  the 
geometry  of  the  deposition.  When  the  Ar  pressure  increases  up  to  an  optimum,  equal  to 
1.5x10'“  mbar,  the  grain  size  and  the  coercive  field  increase  up  to  a  maximum.  In  this  case, 
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the  magnetization  behavior  is  consistent  with  a  reversal  occurring  through  the  appearance  of 
ripples  domain  structures  14J.  More  important,  the  magnetic  anisotropy  stabilized  at  low 
pressure  completely  disappears.  Then,  in  a  single  Co  (20nm)  layer  where  Co  is  relative  to 
high  Ar  pressure,  magnetization  reversal  occurs  only  by  rotation  and  the  magnetization  cycle 
is  fully  isotropic  in  the  plane  of  the  sample.  When  high  andjow  Ar  pressure  deposited  Co 
films  arc  associated  in  a  single  hard  layer,  the  Co(5nm)/Co*(20nm)  bi-Iayer  is  anisotropic  and 
has  a  medium  coercive  field.  The  soft  anisotropic  Co  layer  is  exchange  biased  by  a  layer 
composed  of  low  interacting  grains  which  reversal  occurs  with  the  appearance  of  ripple  type 
domain  structure.  As  a  result,  magnetization  reversal  in  the  case  of  Co/Co  occurs  by 
nucleation  and  propagation  of  domains  which  is  hindered.  Finally^  the  magnetic  properties  of 
the  hard  layer  can  be  tuned  by  changing  e('o  in  the  Co(e(’o  nm)/Co  (20nm)  stack  and  when 
they  are  chosen  to  be  anisotropic,  the  easy  magnetization  axis  of  the  soft  layer  and  hard 
bilayer  are  parallel. 


DISCUSSION 

Tunnel  magneto-resistance  measurements  have  been  shown  to  be  highly  sensitive  to 
local  magnetization  fluctuations  in  the  electrodes  in  contact  with  the  barrier  [51.  This 
sensitivity  has  been  used  in  this  study  as  a  first  step  to  predict  the  duplication  of  the  hard 
layer  domain  structure  template  in  the  soft  layer.  Complete  ( — )  and  Minor(-*-,  -o-)  TMR 
loops  are  shown  in  figure  1  for  a  sample  Co(10nm)/Al(1.2  nm,  ox  30s)/Co(5  nm)/Co  (20nm). 
After  saturation  at  850  Oe,  the  applied  field  along  the  easy  axis  of  the  soft  Co(lOnm)  layer  is 
decreased  down  to  H.^at  =  -850  Oe  or  Hrev  and  the  step  sequence  is  reversed  in  the  positive 
field  direction.  When  the  field  H  is  decreased  down  to  Hsai ,  the  TMR  cycle  is  symmetric  and 
holds  two  resistance  jumps  as  presented  in  figure  1  ( — ).  It  reveals  clearly  two  resistance 
states  even  if  after  the  reversal  of  the  soft  Co  layer  at  Ho  a  gradual  increase  of  resistance  is 
observed  before  the  plateau.  When  H,,v=  -100  Oe  (figure  1  (....)),  the  minor  cycle  appears  to 
be  shifted  by  a  field  of  -17  Oe,  the  ferromagnetic  coupling  field  Hf  existing  between  the  two 
electrodes.  When  the  field  is  decreased  down  to  Hpcv  between  -105  and  -125  Oe  and  reversed 
again  in  the  positive  field  direction,  the  resistance  of  the  junction  remains  constant  between 
Hk-v  and  Hi.  In  the  positive  quadrant  of  the  loop,  three  resistance  jumps  with  different  signs 
appear  at  some  fields  named  Hi,  H2  and  Hj.  Particularly  interesting  is  the  fact  that  for  applied 
fields  between  H|  and  H2,  the  resistance  of  the  junction  is  close  to  the  resistance  measured 
when  the  magnetizations  of  the  two  magnetic  electrodes  are  in  a  parallel  configuration. 
Therefore,  on  each  side  of  the  barrier,  the  magnetizations  are  locally  parallel  even  if  the  hard 
magnetic  layer  is  far  from  magnetic  saturation.  As  a  consequence,  the  domain  structure  of  the 
hard  Co  layer  must  be  duplicated  in  the  soft  Co  layer. 


Applied  field  (Oe) 


Figure  1.  Complete  (-)  and  minor  (o,* . ) 

magneto-resistance  cycles  measured  ^  on  a 
Co(  1 0nm)/Al(  1 .2nm  ,ox  30s)/Co(5nm)/Co*(20nm) 
tunnel  junction. 
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Figure  2.  (i)  Kerr  images  a  to  g :  evolution  of  the  domain 
stmcture  measured  by  Kerr  microscopy  in  the  junction  (upper 
part  of  each  image,  above  the  white  line)  and  in  the  soft  Co 
electrode  (lower  part  of  each  image).  The  images  a  to  e  show 
the  evolution  around  the  duplication  state. 

(ii)  Kerr  images  (b-a)  to  (g-f)  :  insight  of  the  domain  structure 
evolution  is  obtained  from  the  difference  of  two  successive  Kerr 
images.  The  image  (b-a)  is  obtained  from  the  difference  of 
images  b  and  a.  The  white  areas  correspond  to  regions  which 
have  switched  their  magnetization. 

(iii)  Magneto-resistance  cycle  :  field  intensities  corresponding 
to  the  Kerr  images  have  been  reported  on  this  cycle. 
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b:  26  Oe 
c:  32  Oe 
d:  39  Oe 
e:  41  Oe 
f:  100  Oe 

-200  -100  0  100  200 
Applied  field  (Oe) 


1 

n 

-« - 1 - 

( 

a  d 

-4 

0 

n 

il 

/  ■ 

_ ^ ^ _ ■  C  . _ , _ ^ _ 

T2.9.3 


Kerr  microscopy  has  been  used  to  provide  a  direct  proof  of  the  domain  duplication.  Its 
depth  sensitivity  allows  to  visualize  the  evolution  of  the  domain  structure  in  the  junction 
surface  area  for  the  two  magnetic  electrodes.  The  sample  is  first  saturated  by  applying  a 
magnetic  field  of  +200  Oe.  Then,  it  is  decreased  down  to  -1 20  Oe.  With  this  field,  the  soft 
layer  has  totally  switched  (in  the  electrode  and  in  the  junction)  and  a  domain  structure 
appears  in  the  hard  layer.  At  this  step,  the  applied  field  is  increased  in  the  positive  direction 
and  the  domain  structure  remains  unchanged  up  to  +25  Oe.  The  domains  which  are  oriented 
in  the  saturating  field  direction  are  bright  while  the  domains  which  have  switched  appear  with 
a  dark  contrast  (figure  2a).  By  increasing  the  magnetic  field,  we  can  observe  several  changes 
in  the  Kerr  images  at  some  fields  H  1,2,3,  the  same  as  given  for  figure  1 . 

From  25  Oe  to  26  Oe,  around  Hi,  an  evolution  of  the  contrast  can  be  observed  in  the 
junction  area  since  the  bright  domains  become  brighter.  Indeed,  figure  2  (b-a)  confirms 
clearly  that  only  these  regions  are  affected.  This  change  is  due  to  the  switch  of  the  soft 
electrode  magnetization  in  regions  located  over  domains  in  the  hard  electrode  with 
magnetization  oriented  in  the  positive  saturating  field  direction.  These  regions,  regions  A  in 
figure  3,  arc  those  which  experience  an  effective  local  magnetic  field  equal  to  H  +  jHrl  where 
|Hf|  is  the  local  additional  stray  field  due  to  the  bright  domains  in  the  hard  electrode.  So,  these 
regions  switch  at  a  field  Hi  whose  value  is  lower  than  the  intrinsic  coercive  field  of  the  soft 
layer  H,-  (figure  3b).  From  26  Oe  to  32  Oe,  no  change  of  the  domain  structure  in  the  junction 
could  be  observed  while  the  magnetization  of  the  soft  electrode  outside  the  junction  has 
totally  switched  at  He.  From  32  Oe  to  41  Oe,  around  H2,  the  changes  of  the  domain  structure 
arc  confined  to  the  dark  regions  of  the  junction  which  become  brighter.  This  evolution 
depicted  in  figure  2  (d-c  and  c-d)  is  attributed  to  the  reversal  of  regions  in  the  soft  electrode 
which  have  not  switched  at  Hi.  These  regions,  regions  B  in  figure  3,  are  those  which 
experience  an  effective  local  magnetic  field  equal  to  H  -  |Hf|  where  -|Hf|  is  the  local  additional 
stray  field  due  to  the  dark  domains  in  the  hard  electrode.  So,  these  regions  switch  at  a  field  H2 
whose  value  is  higher  than  H^  (figure  3c).  Above  41  Oe,  the  main  changes  of  contrast  are 
easily  attributed  to  the  reversal  of  the  hard  layer. 

Duplication  of  the  domain  structure  relays  on  the  distribution  of  magnetic  coupling  fields 
which  can  locally  increase  or  decrease  the  applied  field  and  so  on  the  domain  structure  of  the 
hard  electrode.  By  reducing  ec',,  to  zero,  magnetization  reversal  of  the  single  Co  layer  occurs 
only  by  rotation  and  the  magnetization  cycle  is  fully  isotropic  in  plane.  Thus,  the  domain  is 
completely  different.  Regions  with  main  magnetization  oriented  in  the  negative  direction  do 
not  coexist  with  regions  with  main  magnetization  oriented  in  the  positive  field  direction. 
Instead,  clockwise  and  counterclockwise  rotations  of  neighboring  magnetic  grains  lead  to  the 
appearance  of  360'’  domain  walls  parallel  to  the  external  field  axis. 
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Figure  3.  Sketch  showing  the  evolution  of  the 
domain  structure  in  each  magnetic  layer,  the  soft 
Co  layer  (bottom  layer,  white)  and  the  hard 
Co/Co*  layer  (top  layer,  gray  scale).  The 
symbols  ©  and  0  represent  the  main 
magnetization  in  each  domain  (oriented 
perpendicular  to  the  paper  sheet)  respectively 
opposite  and  along  the  positive  saturating  field 
(applied  along  ©). 
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Figure  4.  Complete  (-)  and  minor  (o,»,  ....) 
magneto-resistance  cycles  measured  on  a 
Co(10nm)/Al(1.2nm,ox30s)/Co(5nm)/Co*(20nm) 
tunnel  junction. 


The  magnetization  of  each  grain  or  of  each  region  with  extension  less  than  the  exchange 
correlation  length  points  in  the  direction  of  the  negative  applied  field.  In  fact,  for  a  given 
value  of  Hrev,  the  cosine  of  the  angle  between  the  local  magnetization  and  the  applied  field, 
and  therefore  the  stray  field  parallel  to  the  applied  field,  has  the  same  sign  all  over  the  hard 
electrode  volume.  Then,  all  the  regions  of  the  Co  soft  electrode  are  submitted,  along  the 
external  field  axis,  to  the  same  effective  field  equal  to  H  -i-  H V  since  component  of  the  stray 
field  perpendicular  to  the  applied  field  does  not  contribute  for  the  reversal  (H  f  is  the 
ferromagnetic  field  coupling  between  the  two  electrodes).  The  value  of  H V  increases  from  a 
negative  value  to  a  positive  value  when  Hrev  decreases  as  can  be  seen  in  figure  4.  Indeed,  H V 
follows  a  law  similar  to  the  cosine  of  the  angle  between  the  magnetization  and  the  applied 
field  at  Hrev.  This  cosine  law  is  also  reflected  in  the  shape  of  the  TMR  curve  after  reversal  of 
the  Co  soft  electrode.  So,  since  the  stray  field  of  the  hard  layer  domain  structure  along  the 
applied  field  direction  has  the  same  sign  all  over  the  hard  layer  volume,  no  duplication  could 
be  observed. 

To  estimate  the  stability  of  the  walls  in  each  magnetic  layer,  we  propose  a  simplified 
model  sketched  in  figure  5.  In  this  model,  two  magnetic  layers  are  ferromagnetically  coupled 
through  a  non  magnetic  layer,  the  magnetization  of  each  layer  is  aligned  with  the  applied 
field  (either  parallel  or  anti-parallel).  We  consider  that  non  reversed  domains  exist  in  the  hard 
layer  which  have  a  total  surface  area  A.  The  domain  walls  have  a  length  or  perimeter  X,  an 
energy  per  unit  surface  area  Qi  and  no  lateral  extension.  Let  us  call  t|  and  t2  the  thicknesses  of 
each  magnetic  layer,  Msj  and  the  saturation  magnetizations  and  Jf  the  interlayer  coupling 
constant.  When  duplication  occurs,  the  domains  created  in  the  soft  layer  2  have  a  total  surface 
area  A  and  domain  walls  have  an  energy  per  unit  surface  area  equal  to  02 . 


Figure  5.  Three  drawings  showing  the  different  magnetic  configurations  during  the 
duplication  process.  In  each  box,  the  sheet  1  contains  the  magnetic  configuration  of  the  hard 
layer  while  the  sheet  2  contains  the  one  of  the  soft  layer.  The  positive  direction  is  oriented 
from  the  left  to  the  right. 
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Comparing  the  energies  of  those  different  states,  it  appears  that  the  magnetic  state  with  a 
duplicated  domain  structure  in  layer  2  can  exist  if 


J,> 


1  1 
A^5-A 


This  equation  is  of  particular  importance  because  it  shows  that  depending  on  the  parameters 
of  the  hybrid  multilayer  stack,  a  minimum  coupling  strength  is  needed  that  duplication 
occurs.  By  changing  the  thickness  of  the  alumna  barrier,  we  can  experimentally  tune  the 
strength  of  J|.-.  We  have  shown  that  in  our  samples,  the  minimum  coupling  field  is  around  6 
Oe. 


CONCLUSIONS 

In  conclusion,  we  have  studied  the  effect  of  the  hard  layer  magnetic  domain  structure 
duplication  in  the  soft  layer  in  a  magnetic  tunnel  junction.  First  evidence  of  the  effect  is  given 
by  the  conventional  tunnel  transport  measurements  which  interpretation  has  been  confirmed 
using  Kerr  microscopy.  It  is  shown  that  duplication  occurs  through  the  distribution  of 
magnetic  coupling  fields  which  can  locally  increase  or  decrease  the  applied  field.  Indeed, 
removing  those  fluctuations  by  tuning  the  magnetic  properties  of  the  hard  layer  cancels  the 
duplication.  Finally,  the  influence  of  the  hybrid  multilayer  stack  parameters  is  discussed  and 
a  minimum  coupling  field  of  around  6  Oe  is  needed  that  duplication  occurs  in  our  tunnel 
junctions. 
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ABSTRACT 

The  magnetic  and  electrical  properties  as  well  as  the  structural  characteristics  have  been 
studied  on  a  series  of  samples  with  structure  substrate  (Sub)/SV(l)/Al2035nm/SV(2).  Here, 
SV(1)  is  either  CoFe/IrMn  based  spin-valve  (SV)  such  as 

Ta5/NiFe2/IrMn8/CoFe2/Cu2.6/CoFe2A'a5  (thicknesses  are  in  nanometers)  bottom  SV  or 
Ta5/NiFe2/CoFel.5/Cu2.6/CoFe2/FeMnl0/Ta5  top  SV  and  SV(2)  is  Ta5/NiFe2/CoFel.5(or 
2)/Cu2.6/CoFe2/IrMn8/Ta5  top  SV.  SV(1)  and  SV(2)  in  the  structure  are  decoupled  by  a  ALO^ 
layer  with  5nm  in  the  magnetic  properties,  however,  they  are  in  parallel  connection  in  the 
electrical  properties.  In  a  sample  with  structure  SubA’a5/NiFe2/IrMn8/CoFe2/Cu2.6/CoFe2/Ta5 
/Al2035/Ta5/NiFe2/CoFe2/Cu2.6/CoFe2/IrMn8/Ta5,  five  magnetoresistance  states  which  are 
related  to  five  magnetization  states  have  been  observed  after  the  sample  was  annealed  at  T=220 
°C  with  a  field  strength  of  IT  under  high  vacuum  because  of  different  interlayer  coupling  fields 
(Hint)  in  the  top  and  bottom  CoFe/IrMn  based  SVs  (Hint  is  about  12.21  Oe  in  the  top  CoFe/IrMn 
SV  and  29.3  Oe  in  the  bottom  CoFe/IrMn  based  SV).  In  a  sample  with  structure 
SubAra5/NiFe2/CoFel.5/Cu2.6/CoFe2/FeMnl0/Ta5/Al2O35/Ta5/NiFe2/CoFel.5/Cu2.6/CoFe2 
/IrMn8/Ta5,  since  the  blocking  temperature  of  the  CoFe/FeMn  based  SV  (Tb  is  about  150  "C)  is 
lower  than  that  of  CoFe/IrMn  based  SV  (Tb  is  about  230  "C),  the  spins  can  be  easily  engineered 
and  therefore  various  magnetoresistance  states  can  be  obtained  when  the  sample  is  magnetically 
annealed  at  different  temperatures  in  a  proper  annealing  sequence.  By  properly  selecting 
materials  and  controlling  the  magnetically  annealing  conditions,  multilevel  giant 
magnetoresistance  (MR)  magnetic  random  access  memory  (MRAM)  cell  can  be  realized,  which 
will  significantly  improve  the  MRAM  data  storage  density  without  increasing  any  additional 
processing  complexity. 

INTRODUCTION 

Multiple  value  storage  is  considered  as  a  promising  technique  for  increasing  the  storage 
density  of  magnetic  random  access  memories  (MRAMs).  In  order  to  implement  this  technique, 
one  must  first  identify  a  suitable  cell  structure  featuring  a  multi-step  response  in  the 
magnetoresistance  (MR)  versus  magnetic  field  curve.  Such  a  structure  has  been  once  reported  in 
a  NiFe/Cu/NiFeCo/Cu/NiFeCo/Cu/Co  pseudo-spin-valve  (PSV).[1]  However,  the  MR  ratio  of 
the  PSV  is  rather  small  which  may  limit  its  applications  in  large  scale  MRAMs.  In  this  paper,  we 
report  a  new  structure  that  consists  of  two  electrically  isolated  and  magnetically  decoupled 
CoFe/IrMn  spin-valves  or  CoFe/FeMn  spin-valves.  Multiple  distinctive  steps  associated  with 
different  magnetization  states  have  been  successfully  observed  in  the  MR  response  curves.  The 
potential  application  of  this  structure  in  multiple  value  MRAMs  will  be  discussed. 
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EXPERIMENTAL  DETAILS 


The  sample  was  fabricated  by  using  a  multiple  chamber  ultra-high  vacuum  (UHV)  sputtering 
system  operating  at  a  base  pressure  of  5x10  Torr.  The  use  of  inductively  coupled  plasma 
makes  it  possible  to  deposit  the  thin  films  at  a  low  process  pressure  (about  ImTorr).  The  sample 
was  deposited  on  a  4”  round  Si(lOO)  substrate  coated  with  a  lOOnm-thick  thermally  oxidized 
SiOo  layer.  A  typical  layer  structure  is  as  follows;  Ta5/NiFe2/IrMn8/CoFe2/Cu2.6/CoFe2/Ta5/ 
Al2635/ra5/NiFe2/CoFe2/Cu2.6/CoFe2/IrMn8A’a5.  The  UHV  sputtering  system  was  configured 
with  four  processing  chambers  which  makes  it  possible  to  deposit  the  whole  structure  without 
breaking  the  vacuum.  During  deposition  of  the  magnetic  layers,  a  magnetic  field  with  a  strength 
of  100  Oe  is  applied  along  a  certain  direction  parallel  to  the  film  surface.  The  5nm-thick  AI2O3 
layer  was  thick  enough  to  magnetically  decouple  and  electrically  isolate  the  bottom  and  the  top 
spin-valves,  though  the  two  would  be  electrically  connected  during  the  magnetoresistance 
measurement  due  to  the  penetration  of  the  probes  vertically  through  the  spin-valve  structure.  The 
magnetic  properties  and  MR  curves  were  measured  with  a  vibrating  sample  magnetometer 
equipped  with  a  MR  measurement  fixture.  Annealing  was  conducted  in  a  commercial  high- 
vacuum  magnetic  annealing  oven  at  a  base  pressure  lower  than  8x10  Torr  for  2  hours  at  220  C 
with  a  field  strength  of  10  kOe.  The  crystal  structure  of  SVs  was  characterized  by  XRD. 

RESULTS  and  DISCUSSIONS 

The  resistance  versus  magnetic  field  (R-H)  and  magnetization  versus  magnetic  field  (M-H) 
were  measured  on  annealed  SVs,  (a)Sub/Ta5/NiFe2/CoFe2/Cu2.6/CoFe2/Ta5/Al203  (SVl), 

(b)  Sub/Al2035/Ta5/NiFe2ArMn8/CoFe2/Cu2.6/CoFe2/Ta5  (SV2), 

(c)  Subfra5/NiFc2/CoFel.5  /Cu2.6/CoFe2/FcMnl0/Ta5/Al2O3  (SV3), 

(d)  Sub/Al2035fra5/NiFe2/CoFel.5/Cu2.6/CoFe2  /IrMn8Ara5  (SV4), 

(e)  Sub/AF035A^a5/NiFe2/CoFe2/lrMn8/CoFe2/Cu2.6/CoFel.5/NiFe2/Ta5  (SVS),  and, 

(f)  SubAra5/NiFe2/FeMn  10/CoFe2/Cu2.6/CoFel  .5/NiFe2fra5  (SV6).  Due  to  limit  of  paper 
length,  only  four  of  them  are  shown  in  Fig.  1.  But  the  interlayer  coupling  field  between  the  free 
FM  layer  and  the  pinned  FM  layer  across  the  spacer  layer  and  a  coercivity  field  H,  of  the 
free  layer ,  which  are  defined  as  in  Ref.[2],  exchange  coupling  field  as  well  as  MR  ratio  for 
these  six  single  SVs  are  summarized  in  Table(l).  The  overall  properties  of  these  single  SVs  are 
comparable  to  that  published  [3-7].  It  is  worth  of  noting  that  for  FeMn-based  SV,  //«  is  about 
490  Oe  for  top  type  and  500  Oe  for  bottom  type,  corresponding  to  the  exchange  coupling  energy 
Jk~0.13  erg/cm^  (M,s=1300emu/cm-''  is  assumed).  Such  high  exchange  coupling  energy  observed 
in  the  FeMn/CoFe  SV  should  be  attributed  to  the  better  (1 1 1)  texture  structure  of  y-FeMn 
crystallite  formed  in  the  SV  as  shown  in  Fig.2(a).  From  XRD  results,  the  (1 1 1)  texture  structure 
of  y-FcMn  crystallite  was  overlapped  with  NiFe(l  1  l)/CoFe(l  11),  indicating  the  lattice  mismatch 
between  them  is  very  small.  Both  top  SV  and  bottom  SV  show  that  (111)  texture  structure  of  y- 
FeMn  was  well  formed,  there  is  no  distinct  difference  between  them.  The  XRD  patterns  of  a 
single  top  IrMn  SV,  a  single  bottom  IrMn  SV  and  a  composite  SV  (CSVl)  are  shown  in  Fig.2(b) 
after  magnetically  annealed. 

Figure  3(a)  shows  the  M-H  loop  measured  on  an  electrically  isolated  and  magnetically 
decoupled  dual  SV  with  structure  Sub/Ta5/NiFe2/IrMn8/CoFe2/Cu2.6/CoFe2/Ta5/Al2035/ 
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Fig.l  R-H  and  M-H  cun'es  for  magnetically  annealed  (a)  SVl,  (b)  SV2,  (c)  SV3,  and  (d)  SV4 


Fig.2  (a)  XRD  patterns  of  annealed  (1)  SubAra5/NiFe2/CoFel.5/Cu2.6/CoFe2/FeMnl0/Ta5,  and,  (2) 
Sub/Ta3/NiFe2/FeMnl0/CoFe2/Cu2.6/CoFel.5/NiFe2A’a5  SVs.  The  (111)  texture  structure  of  Y- 
FeMn  is  overlapped  with  NiFe(l  I  l)/CoFe(l  1 1)/Cu(l  1 1).  There  is  no  distinct  difference  between  the 
top  CoFe/FeMn  and  bottom  FeMn/CoFe.  Fig.2(b)  XRD  pattern  of  (a)  a  bottom  spin-valve,  (b)  a  top 
spin-valve,  and  (c)  a  new  structure  consists  of  a  top  SV  and  a  bottom  SV  separated  by  a  5nm-thick 
AliOj  layer  after  magnetically  annealed. 


Ta5/NiFe2/CoFe2/Cu2.6/CoFe2/IrMn8A'a5  (termed  as  CSV  I),  When  an  applied  magnetic  field 
is  applied  along  the  pinning  direction,  the  magnetizations  of  the  free  layer  and  the  pinned  layer  in 
the  CSV  1  are  parallel  to  the  sweeping  field  axis.  As  the  field  strength  increases  in  the  opposite 
direction,  the  free  layer  in  the  top  part  changes  its  magnetization  direction  at  -12.2  Oe  and  the 
total  magnetizations  drop  to  a  lower  state.  The  magnetizations  drop  to  another  lower  state  when 
the  free  layer  of  the  bottom  part  starts  to  change  its  magnetization  direction  at  -29.36  Oe.  After 
that,  it  keeps  a  constant  until  the  magnetic  field  increases  to  about  -260  Oe  at  which  the  pinned 
layer  of  the  top  part  changes  its  magnetization  direction,  too.  Hence  the  total  magnetizations 
become  negative.  When  the  field  strength  increases  to  about  865  Oe,  the  magnetizations  jump  to 
a  higher  step  and  become  saturation.  Five  different  magnetic  states  are  schematically  illustrated 
in  the  figure.  The  thickness  of  the  arrow  indicates  the  strength  of  the  magnetic  field  that  is 
required  to  flip  the  magnetization  direction  of  the  ferromagnetic  layers. 
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Tabic  (1)  Some  basic  parameters  obtained  from  R-H  and  M-H  curves  measured  on  several  single  IrMn-based  SVs 
and  FcMn-based  SVs. 


Hi,„(Oe) 

H,(Oe) 

He.(Oe) 

M,{NiFe)(emu/cm') 

M,(CoFe)  (emu/cm*) 

MR(%) 

SV3 

12.0 

3.0 

500 

725150 

1300170 

6.75 

SV4 

8.7 

6.3 

234 

780150 

1203170 

8.16 

SV.^ 

24.4 

2.9 

764 

760150 

1112170 

4.74 

SV6 

30.7 

2.2 

490 

739150 

1070170 

3.94 

SVl 

10.1 

2.8 

278 

785150 

1179170 

7.55 

SV2 

27.0 

2.1 

896 

200150 

1013170 

4.09 

As  it  is  expected,  there  are  five  magnetoresistive  states  observed  in  the  MR  curve  shown  in 
Fig.  3(b).  The  resistance  (/?)  is  at  the  lowest  level  when  the  magnetization  is  at  state  one.  At  the 
second  magnetization-state,  R  increases  to  a  higher  step  because  the  top  part  is  at  the  highest 
resistance-state  due  to  the  antiparallel  alignment  of  the  magnetization  in  the  free  layer  and  the 
pinned  layer.  At  the  third  magnetization-state,  both  the  top  and  bottom  parts  are  at  the  highest 
resistance-state,  so  R  reaches  to  the  highest  step.  At  the  fourth  magnetization-state,  the  total 
resistance  drops  to  a  lower  step  because  the  resistance  in  the  top  part  is  at  the  lowest  level  due  to 
the  parallel  alignment  of  the  magnetizations  in  the  free  and  pinned  ferromagnetic  layers.  And  at 
the  fifth  magnetization-state,  the  total  resistance  is  at  the  lowest  state  again. 


Fig.3(ii)  M-H  loop  for  CSVl,  five  magnetization 
states  arc  clearly  shown  in  the  figure.  The  arrows 
indicate  the  spin  direction.  The  insert  is  the 
minor  M-H  loop 


Fig.3(b)  MR  curve  of  CSVl.  The  thinner  line  are 
fitted  by  using  a  parallel  connection  of  the 
resistance  of  the  top  SV  and  that  of  the  bottom 
SV  shown  in  Fig.l  (a),  and  (b). 


The  dotted  lines  in  the  Fig.3(b)  was  fitted  by  using  a  simple  parallel  connection  of  the 
resistance  of  the  top  SV  and  that  of  the  bottom  SV  shown  in  Fig.l.  All  the  features  observed  in 
the  MR  curve  of  the  CSVl  are  perfectly  reproduced  except  that  the  fitted  resistance  is  smaller 
than  the  measured  data.  The  discrepance  in  resistance  between  them  comes  mainly  from  one 
addition  5  nm  Ta  layer  used  in  the  single  top  spin-valve  and  one  addition  AI2O3  layer  used  in  the 
single  bottom  structure.  The  good  agreement  between  the  fitted  and  measured  data  suggests  that 
the  unique  magnetoresistance  characteristics  observed  in  CSVl  should  result  from  the  simply 
parallel  connection  of  two  SVs  used  in  the  electrically  isolated  and  magnetically  decoupled  dual 
SV. 

Multiple  steps  have  also  been  observed  in  the  magnetorcsistance  response  curve  of  SV  with 
structure  Ta5/NiFc2/CoFcl  .5/Cu2.6/CoFc2/FeMnl0fra5/Al2O35/Ta5/NiFe2/CoFel  .5/Cu2.6 
/CoFe2/IrMnlrMn8Ara5  (termed  as  CSV2).  Since  the  blocking  temperature  of  the  CoFe/FeMn 
SV  is  different  from  that  of  IrMn/CoFe  SV[5,8],  the  exchange  coupling  orientation  of 
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CoFe2/FeMnlO  and  CoFe2/IrMn8  can  be  either  set  in  the  same  direction  or  in  the  opposite 
direction.  Fig.4  shows  the  MR  curves  of  CSV2  when  the  exchange  coupling  orientation  of 
CoFe/FeMn  and  CoFeArMn  was  set  in  the  same  direction.  The  dotted  line  shown  in  the  Fig.4 
was  fitted  by  a  simple  parallel  connection  of  R-H  curves  of  top  CoFe/IrMn  and  CoFe/FeMn  SVs 
shown  in  Fig.l  (  c)  and  (d).  Again,  the  electrical  properties  of  CSV2  are  the  electrical  properties 
of  two  SVs  in  parallel  connection. 


Fig.4  R-H  curve  for  CSV2  when  the  exchange 
coupling  orientation  of  CoFe/FeMn  and 
CoFe/IrMn  was  set  in  the  same  direction.  The 
dotted  line  shown  in  the  Fig.4  was  fitted  by  a 
simple  parallel  connection  of  R-H  curves  of  top 
CoFe/IrMn  and  CoFe/FeMn  SVs  shown  in 
Fig.l  (c)  and  (d). 


Fig.5  Minor  R-H  loops  of  an  annealed  composite 
CSV3.  Twelve  magnetization  states  are  illustrated  in 
the  figure,  which  are  corresponding  to  four  different 
magnetoresistance  states  (a),  (b),  (c)  and  (d).  The 
arrows  represent  the  magnetization  of  each  FM 
layers  in  the  structure. 


Multiple  magnetoresistance  levels  were  also  observed  in  a  composite  SV  with  structure 
Sub/Ta5/NiFe2/CoFe2/IrMn8/CoFe2/Cu2.6/CoFe  1 .5/NiFe2/Ta5/Al2035/Ta5/NiFe2/CoFel  .5/Cu 
2.6/CoFe2/FeMnlO/Ta5  (termed  as  CSV3).  The  minor  R-H  loops  of  annealed  CSV3  are  shown 
in  Fig5.  The  thicker  solid  line  is  comesponding  to  the  minor  R-H  loop  of  CSV3  when  the 
exchange  coupling  orientation  of  two  SVs  were  set  at  the  same  direction  (along  the  negative 
direction  of  the  external  magnetic  field  axis).  The  thinner  solid  line  is  corresponding  to  the  minor 
R-H  loop  of  CSV3  when  the  exchange  coupling  orientation  of  two  SVs  were  set  in  the  opposite 
direction.  Where,  the  exchange  coupling  orientation  of  the  top  CoFe/FeMn  was  set  along  the 
positive  direction  of  the  external  magnetic  field  axis,  while  the  exchange  coupling  orientation  of 
the  bottom  IrMn/CoFe  was  set  along  the  negative  direction.  The  thicker  dotted  line  is 
corresponding  to  the  minor  R-H  loop  when  the  exchange  coupling  orientation  of  two  SVs  were 
set  along  the  positive  direction  of  the  external  magnetic  field  axis.  The  thinner  dotted  line  is 
corresponding  to  the  minor  R-H  loop  of  CSV3  when  the  exchange  coupling  orientation  of  the  top 
CoFe/FeMn  was  set  along  the  negative  direction  of  the  external  magnetic  field  axis,  while  it  was 
set  along  the  positive  direction  in  the  bottom  IrMn/CoFe  SV.  Although  there  are  four  different 
magnetoresistance  levels  .shown  in  Fig.5,  twelve  different  magnetization  states  are  indicated  in 
the  figure,  which  are  illustrated  in  the  Fig.5,  too.  In  fact,  magnetization  states  (1)  and  (4)  in 
which  the  magnetization  of  the  free  FM  and  pinned  FM  layers  are  in  anti-parallel  alignment  both 
in  the  bottom  IrMn/CoFe  SV  and  top  CoFe/FeMn  SV,  are  corresponding  to  the  same 
magnetoresistance  state  (a).  Magnetization  states  (2),  (5),  (9)  and  (12),  where  the  magnetizations 
of  the  free  FM  and  pinned  FM  layers  are  in  parallel  alignment  in  the  bottom  IrMn/CoFe  SV 
while  they  are  in  anti-parallel  alignment  in  the  top  CoFe/FeMn  SV,  are  corresponding  to  the 
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sume  mftgnetoresistance  stale  (b).  Magnetization  states  (7)  and  (10)  in  which  the  magnetizations 
of  the  free  FM  and  pinned  FM  layers  are  in  anti-parallel  alignment  in  the  bottom  IrMn/CoFe  SV 
while  they  are  in  parallel  alignment  in  the  top  CoFe/FeMn  SV,  are  corresponding  to  the 
magnetoresistance  state  (c).  Magnetization  states  (3),  (6),  (8),  and  (1 1),  in  which  the 
magnetizations  of  the  free  FM  and  pinned  FM  layers  are  in  parallel  alignment  both  in  the  top 
CoFe/FeMn  SV  and  bottom  IrMn/CoFe  SV,  are  corresponding  to  the  same  magnetoresistance 
state  (d). 

These  twelve  magnetization  states  illustrated  in  Fig.5  can  be  individually  distinguished  based 
on  the  field  dependence  of  the  resistance.  Hence,  in  principle,  four  magnetization  states  can  be 
used  as  information  storage  if  only  two  free  FM  layers  in  the  composite  spin-valve  are  used  as 
storage  layers.  One  can  define  the  magnetization  state  (1)  as  “1 1”  where  the  magnetization  of  both 
free  FM  layers  are  in  parallel  alignment  along  the  positive  direction.  One  can  also  define  the  state 

(2)  as  “01  ”  where  the  magnetization  of  the  free  FM  layer  in  the  bottom  IrMn/CoFe  spin-valve  is 
parallel  to  the  negative  direction  while  the  magnetization  of  the  free  FM  layer  in  the  top 
FcMn/CoFc  spin-valve  is  parallel  to  the  positive  direction.  And  so  on  so  forth,  two  bits  with  four 
states  can  be  finally  stored  and  read  out  in  one  storage  cell.  If  three  FM  layers  are  used  as 
information  storage,  in  principle,  three  bits  with  eight  stales  can  be  stored  and  read  out  in  one 
storage  cell. 

CONCLUSIONS 

In  summary,  multiple  magnetoresistance  states  have  been  successfully  demonstrated  in  an 
electrically  isolated  and  magnetically  decoupled  dual  spin-valve  structure.  By  properly  choosing 
the  FM  and  AFM  materials  used  in  the  new  structure,  the  spins  of  the  free  FM  and  pinned  FM 
layers  can  be  engineered  as  desired.  Such  kind  of  new  structure  is  expected  to  be  used  as  a 
MRAM  cell  in  which  multiple  magnetization  states  can  be  stored  and  read  out,  hence  the  data 
storage  density  will  be  significantly  improved  without  increasing  any  additional  processing 
complexity. 
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ABSTRACT 

Non-crystalline  Co  thin  films  have  been  prepared  by  pulsed  laser  ablation  deposition.  From 
the  M-H  hysteresis  loops  measurements,  a  soft  magnetic  behavior  is  observed.  Neel  type 
magnetic  domain  walls  are  observed  in  the  as-deposited  films.  The  spontaneous  magnetization, 
M,  (T  =  300  K),  is  ==  860  emu/cm\  After  annealing  at  500  "C,  M,  (T  =  300  K)  is  «  1460  emu/cm\ 
The  extrapolated  to  zero  K  resistance  decreases  almost  two  orders  of  magnitude  from  the  as 
deposited  samples  to  the  crystallized  heated  at  500  °C  ones.  A  trilayer  Co/Cu/Co  has  shown  a 
real  part  magnetic  susceptibility  of  120  at  100  MHz.  In  the  100  MHz  to  1  GHz  frequency  range, 
a  perpendicular  bias  magnetic  field  increased  this  value  up  to  270,  remaining  almost  constant  for 
all  range. 


INTRODUCTION 

Ferromagnetic  elements  in  the  amorphous  state  have  attracted  interest  from  both  the 
theoretical  and  the  applied  points  of  view  [1-9].  Different  techniques  have  shown  the  possibility 
of  producing  these  kind  of  materials;  in  particular,  the  pulsed  laser  ablation  deposition  method, 
PLAD,  is  one  of  the  most  versatile  method  for  preparing  non-crystalline  solids  [7]  and  thin  films 
of  pure  ferromagnetic  elements  at  room  temperature  [8-9],  exhibiting  interesting  magnetic  and 
electrical  properties. 

Since  years,  there  has  been  interest  in  developing  thin  film  soft  ferromagnetic  materials 
appropriated  for  high  frequency  ( f  >100  MHz)  applications,  as  for  example,  for  electromagnetic 
devices  as  a  high  frequency  field-amplifying  component,  e.g.,  in  read-write  heads  for  magnetic 
disk  memories  for  computers  [10-12],  Some  of  the  most  desirable  properties  in  these  materials 
are  high  saturation  magnetization,  low  magnetic  coercitivy,  high  magnetic  permeability  and  high 
electrical  resistivity. 

In  this  work  we  show  that  non-crystalline  PLAD  Co  thin  films  -  films  made  up  of  one  element 
only  are  very  suitable  for  high  frequencies  applications  because  they  exhibit,  at  room 
temperature,  such  magnetic  and  electrical  properties  mentioned  above. 


EXPERIMENTAL 

Non-crystalline  Co  thin  films  were  prepared  by  PLAD,  using  a  stainless-steel  chamber 
(Neocera)  at  10'^  mbar  pressure.  A  pulsed  Nd:  YAG  laser,  ?^=1024  nm,  20  Hz  repetition  rate, 
with  4  ns  pulses,  energy  300  mJ  per  pulse,  was  used.  A  polished  circular  disk,  20  mm  in 
diameter,  of  pure  Co  (Goodfellow  metals,  99.999%)  was  used  as  the  target,  which  was  rotated  at 
32  rpm.  The  area  of  the  laser  beam  on  the  target  was  2  mm^.  Pure  Si  (1 1 1)  substrates,  2  x  25 
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mm\  were  used  for  depositing  the  CoCuCo  sandwiches  and  4  x  4  mm^  substrates  were  used  for 
the  pure  Co  films  deposition.  The  substrates,  which  were  rotated  at  120  rpm,  were  situated  at  70 
mm  from  the  target.  The  deposition  time  was  30  min.,  thus  obtaining  samples  «  250  nm  thick. 
After  deposition,  some  samples  were  annealed  at  temperatures  up  to  700  °C  for  10  minutes  in  an 
inert  atmosphere. 

Trilayers  Co/Cu/Co  were  also  fabricated  by  this  technique.  For  this  purpose,  two  different 
targets  wci  c  placed  into  the  chamber:  one  of  Co  and  one  of  Cu.  The  Co  layers  were  deposited  in 
accordance  with  the  above  described  procedures.  The  intennediate  Cu  layer  was  deposited  using 
a  circular  pure  Cu  (Goodfellow  metals,  99.999%)  target,  20  mm  in  diameter,  that  was  also 
rotated  at  32  rpm.  The  deposition  time  was  120  min.,  thus  obtaining  a  layer  0.5  ^im  thick. 

X-  ray  analysis  were  performed  with  a  diffractometer  (XRD-3000  Seifert),  using  Mo  anode 
and  a  grazing  incidence  geometry.  A  graphite  secondaiy  monochromator  was  placed  just  before 
the  detector. 

We  performed  different  magnetic  measurements.  We  measured  the  Magnetooptical 
Transverse  Kerr  Effect,  MOKE.  The  diameter  of  the  light  spot  was  0.5  mm.  An  EG&G  Vibrating 
Sample  Magnetometer,  VSM,  was  used  for  measurements  at  room  temperature  and  in  magnetic 
fields  up  to  1  Tc.sla,  and  a  Superconducting  Quantum  Interference  Device,  SQUID,  was  used  for 
measuring  in  magnetic  fields  up  to  5  Tesla. 

The  Bitter  technique  was  applied  in  analyzing  magnetic  domain  configurations.  Improved 
contrast  and  pattern  resolution  were  achieved  by  applying  a  magnetic  field  perpendicular  to  the 
sample’s  plane,  in  order  to  polarize  the  colloidal  suspension. 

The  electrical  resistivity,  p,  of  the  Co  thin  films  was  measured  by  a  conventional  four  probes 
system.  The  dependence  of  p  on  temperature  was  studied  from  room  temperature  up  to  500  "C. 
These  measurements  were  performed  in  a  furnace  where  an  Ar  atmosphere  was  kept  to  avoid 
oxidation  processes  in  the  samples. 

The  susceptibility  spectra  of  the  films  was  measured  both  with  a  LCZ  meter  (Keithley  3322) 
in  the  frequency  range  from  100  Hz  to  100  kHz  and  also  with  a  network  analyzer  (HP  8753D)  in 
the  range  from  100  kHz  to  1  GHz.  In  the  low  frequency  range  (up  to  100  kHz)  the  susceptibility 
of  our  films  was  determined  by  measuring  the  change  of  inductance  of  a  pick  up  coil,  when  the 
sample  was  inserted  in  it  and  after  applying  an  external  bias  magnetic  field.  In  the  high 
frequency  range,  the  magnetic  susceptibility  was  measured  using  a  strip-loop  device  -  40  mm 
long,  8  mm  wide  and  3  mm  high  -  mounted  on  a  standard  SMA  connector.  The  changes  of  the 
impedance  of  the  fixture  when  the  sample  was  inserted  in  it  were  measured  with  the  network 
analyzer.  In  both  situations,  at  low  and  at  high  frequencies,  an  external  bias  magnetic  field, 
created  by  a  pair  of  Helmholtz  coils,  was  applied  in  the  plane  of  the  sample  and  perpendicular  to 
the  ac  magnetic  field  inside  the  pick  up  coil  or  inside  the  strip-loop  fixture. 


RESULTS  AND  DISCUSSION 
Micro.structurc 

X-ray  diffractograms  were  performed  on  the  as-deposited  as  well  as  on  the  annealed  Co  thin 
films.  For  the  as-deposited  samples,  the  analysis  showed  none  of  the  peaks  characteristic  of 
crystalline  structures,  see  figure  1(a).  However,  for  the  samples  heat  treated  at  500  "C  in  an  Ar 
atmosphere  for  10  min.,  a  superposition  of  both  Co  fee  and  Co  hep  crystalline  diffraction  pattern 
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was  observed  exclusively,  as  shown  in  figure  1(b);  only  the  first  peak  centered  at  «17  deg.  in 
figure  1  (b)  could  be  due  to  some  Co  oxide  present  in  the  sample. 

Magnetic  and  electrical  properties 

The  MOKE  measurements  revealed  a  bistable  soft  magnetism.  Figure  2  shows  two  MOKE 
hysteresis  loops,  M-H,  obtained  when  an  in  plane  magnetic  field  is  applied  along  the  longitudinal 
easy  direction  and  perpendicular  to  the  longitudinal  direction  respectively:  an  easy  coercive  field 
of  1 .7  Oe  and  a  weak  in  plane  magnetic  anisotropy,  anisotropy  field  of  12  Oe,  were  measured. 


Figure  1.  X-ray  diffractograms  from  the  Co  thin  films:  (a)  as-deposited:  none  of  the  peaks 
characteristic  of  ci^stalline  structure  are  observed;  (b):  after  10  min.  at  500  "C.  A  superposition 
of  both  Co  fee  and  Co  hep  crystalline  diffraction  pattern  was  observed  exclusively;  only  the  first 
peak  centered  at  =17  deg.  could  be  due  to  some  Co  oxide. 
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Figure  2.  MOKE  hysteresis  loops,  M-H,  obtained  when  an  in  plane  magnetic  field  is  applied 
along  (a)  the  longitudinal  easy  direction  and  (b)  perpendicular  to  this  easy  longitudinal  direction. 


O.OIOr 


o.oooh 


(b) 


Co  PLAD 


T3.2.3 


From  VSM  measurements,  it  is  confirmed  that  for  the  as-deposited  sample  the  coercive  field  is 
«  1 .7  Oe,  as  it  is  shown  in  figure  3(a).  The  inset  in  this  figure  shows  the  measurements  of  M-H 
pcrfonned  in  a  SQUID  in  fields  up  to  5  Tesla.  It  is  seen  that  the  spontaneous  magnetization,  M,  ,at 
room  temperature  is  860  emu/cm\  When  the  samples  are  annealed  at  500  "C,  M,  increases  to 
1460  emu/cm^,  sec  figure  3(b).  This  value  corresponds  to  the  value  of  M„  at  room 
temperature,  of  pure  crystalline  Co. 
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Figure  3.  (a)VSM  measurement  for  the  as-deposited  sample.  The  coercive  field  is  -  1 .7  Oe  and 
M,(T  =  300  K)  =  860  emu/cm^ .  The  inset  shows  the  SQUID  measurements  at  5  Tesla.;  (b) 
SQUID  measurements  for  the  sample  annealed  at  500  "C,  M,.  (T  =  300  K)  =1460  emu/cm  .  Note 
that  the  vertical  scale  is  the  same  in  the  two  graphics  (a)  and  (b). 

The  magnetic  domains  structure  corresponding  to  the  as-deposited  Co  thin  films  are  shown  in 
figure  4(a,b).  The  Bitter  patterns  show  Neel  type  magnetic  domain  walls.  This  irregular  shape  of 
the  domain  walls  can  be  attributed  to  a  weak  in  plane  anisotropy  and  to  a  local  deviation  of  the 
magnetization  from  its  average  orientation.  Figure  4(c,d)  is  a  schematic  representation  of  the 
structures  observed  in  figure  4(a,b),  indicating  the  direction  of  M,.,  inside  each  domain. 

Figure  5  shows  the  dependence  of  the  electrical  resistivity  on  temperature,  R(T).  Note  that  the 
resistance  decreases  almost  two  orders  of  magnitude  from  the  as-deposited  sample  to  the  sample 
heat  treated  at  500  "C.  It  can  be  also  seen  two  irreversible  jumps  in  the  resistance,  associated  with 
the  irreversible  changes  in  the  microstructurc  of  the  films  occurring  when  they  are  annealed. 

Inductive  behavior 

At  low  frequency,  f=100  Hz,  the  value  of  the  magnetic  susceptibility  of  square  4  mm  long  Co 
samples  was  1200.  As  the  frequency  of  the  ac  magnetic  film  increases,  the  motion  of  the 
magnetic  domain  walls  is  hindered,  and  consequently  the  magnetic  susceptibility  decreases  to 
200  at  100  kHz.  In  this  situation,  see  figure  6(a),  the  application  of  a  perpendicular  bias 
magnetic  field  contributes  to  create  a  preferential  orientation  of  the  magnetization  in  the  Co  film, 
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Figure  4.(a,b)  Magnetic  domains  for  the  as- 
deposited  films;  a  magnetic  field  changes  the 
domains  structure;  (c,  d)  schematic  picture  of 
both  photos. 


Figure  5.  Dependence  of  the  resistance 
on  temperature  of  Co  PLAD  thin  films. 
The  arrows  indicate  the  direction  in 
which  the  measurements  were  done. 


Figure  6.(a).  Evolution  of  x'  with  a  dc  magnetic  field  at  f=  100  kHz,  corresponding  to  two 
different  systems;  six  Co  films  and  a  trilayer  Co/Cu/Co,  respectively;  (b)  high  frequency 
behavior  of  the  trilayer  for  different  bias  magnetic  field. 

along  the  direction  of  this  bias  field.  In  this  situation,  the  ac  magnetic  film  produces  a  coherent 
spin  rotation  towards  the  direction  of  the  ac  field,  and  this  rotation  mechanism  gives  rise  to  an 
increase  of  the  magnetic  susceptibility,  up  to  450  in  our  Co  films.  Further  increments  of  the  bias 
field  tend  to  fix  the  magnetization  along  the  dc  magnetic  field  direction  and  the  susceptibility 
decreases  again. 
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The  susceplibilily  was  measured  up  to  1  GHz,  see  figure  6(b).  The  real  part  of  the  susceptibility, 
')(,  shows  a  slight  frequency  dependence,  which  could  be  due  either  to  a  measuring  artifact  as  the 
copper  strip-loop  exhibits  a  re.sonance  at  1 .3  GHz,  and  also  to  the  effect  of  ferromagnetic 
resonance  of  Co  films,  x'  of  our  Co  films  is  of  the  same  order  than  x'  other  magnetic  films  ,  i.e. 
X'«“1000,  for  Co-Zr  [10],  X“300  for  Co-Nb-Zr  [11],  orx'«200  for  Fe-Cr-Ta-N[12]. 


CONCLUSIONS 

PLAD  non-crystalline  Co  thin  films  showed  a  soft  magnetic  behavior:  an  easy  coercive  field  of 
1.7  Oe  and  an  in  plane  magnetic  anisotropy,  «=  12  Oe,  were  exhibited.  The  value  of  the 
spontaneous  magnetization  at  room  temperature  was,  M,  (T  =  300  K)  «=  860  emu/cm^  After 
annealing  at  500  °C,  M,  (T  =  300  K)  «1460  emu/cm\  The  extrapolated  to  zero  K  resistance 
decreased  almost  two  orders  of  magnitude  from  the  as  deposited  samples  to  the  heat  treated  at  500 
°C.  Due  to  their  soft  magnetic  properties,  high  M„  high  values  of  the  magnetic  susceptibility  at 
high  frequencies  and  high  electrical  resistivity,  these  films  were  suitable  for  ultra  high  frequencies 
applications.  The  magnetic  susceptibility  was  200  at  100  kHz.  The  application  of  a  perpendicular 
bias  magnetic  field  increased  the  magnetic  susceptibility  up  to  450.  In  the  100  MHz  to  1  GHz 
frequency  range,  the  real  part  of  the  susceptibility  remained  almost  constant  and  its  value  was 
similar  to  those  of  the  Co-Zr,  Co-Nb-Zr  and  Fc-Cr-Ta-N  compounds. 
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ABSTRACT 

The  magnetostriction  of  as-sputtered  and  annealed  400  nm  thick  Co  films  has  been  studied 
in  longitudinal  and  transverse  magnetic  fields.  The  appreciable  change  of  the  magnetostriction 
behavior  after  annealing  above  250  °C  is  correlated  to  grain  growth  and  to  the  related  change  of 
the  texture  (from  nearly  randomly  distributed  hcp-Co  crystallites  to  a  c-axes  texture  perpendicu¬ 
lar  to  the  film  plane).  The  magnetostriction  behavior  in  the  annealed  samples  cannot  be  ex¬ 
plained  by  a  domain  magnetization  within  the  film  plane.  It  is  assumed  that  a  rotation  of  the 
spontaneous  magnetization  out  of  the  film  plane  occurs  due  to  the  development  of  a  perpendicu¬ 
lar  magnetic  anisotropy, 

INTRODUCTION 

Cobalt  thin  films  are  of  great  interest  as  soft  magnetic  single  layers  as  well  as  in  magnetic 
multilayers,  e.g.,  Cu/Co  multilayers  [1],  Due  to  the  magnetoelastic  coupling,  the  magnetostric¬ 
tion  also  affects  the  magnetic  anisotropy.  Deposition  conditions  and  post-growth  annealing  may 
have  a  profound  influence  on  the  microstructure  and  therefore  also  on  the  magnetostrictive  state. 

The  present  contribution  is  focussed  on  the  magnetostriction  in  sputtered  400  nm  thick  Co 
films  in  the  as-deposited  state  and  after  annealing  up  to  450  °C.  The  results  are  correlated  to  find¬ 
ings  of  microstructural  analyses  concerning  phase  formation,  texture,  and  grain  morphology.  The 
results  are  complemented  with  studies  of:  (i)  the  stress  development  as  an  indicator  for  micro- 
structural  processes  as  well  as  a  factor  in  the  magnetoelastic  coupling,  and  (ii)  the  longitudinal 
magneto-optical  Kerr  effect  (MOKE)  for  the  characterization  of  the  surface  magnetization  of  the 
films. 

EXPERIMENTAL  DETAILS 

The  films  were  deposited  by  magnetron  sputtering  onto  rotating  oxidized  3-inch  silicon  wa¬ 
fers  at  room  temperature.  The  deposition  conditions  were:  base  pressure  1x10“^  mbar,  sputtering 
pressure  4x10"^  mbar  Ar,  and  sputtering  power  150  W  for  a  4-inch  target.  The  film  thickness 
was  measured  using  a  Dektak  stylus  profiler  after  wet-chemical  etching  of  an  edge  into  the  film, 
and  was  determined  to  be  399  nm. 

For  the  annealing  procedure,  the  coated  substrate  was  cut  into  slabs  of  55  mm  x  7  mm.  The 
heat  treatment  was  combined  with  in-situ  stress  measurements  under  high  vacuum  (1x10“^  mbar) 
using  a  sensitive  laser-optical  stress-measurement  system  described  elsewhere  [2].  The  heating 
and  cooling  rate  amounted  to  4  K/min  and  the  isothermal  annealing  was  done  at  150,  250,  350, 
and  450  °C  for  2  h.  The  annealed  slabs  were  cut  into  smaller  samples  for  all  other  measurements. 

The  magnetostriction  was  determined  by  a  laser-optical  measurement  of  the  substrate  deflec¬ 
tion  in  an  applied  magnetic  field  using  a  two-beam  free-sample  set-up  described  elsewhere  [3], 
The  deflection  <5of  the  substrate  at  the  position  of  the  laser  beams  (having  a  distance  /  of  25  mm) 
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with  respect  to  the  sample  center  was  determined  in  longitudinal  (|1)  and  transverse  (1)  magnetic 
fields  H  applied  always  within  the  film  plane. 

X-ray  diffraction  (XRD)  investigations  were  performed  using  a  Philips-XPert  diffractometer 
with  CuK„  radiation,  Eulerian  cradle,  and  thin-film  equipment.  Scans  with  symmetrical  beam, 
grazing  incidence,  and  pole-figure  cuts  were  measured. 

The  transmission  electron  microscopy  (TEM)  studies  employed  cross-sectional  specimens. 
The  preparation  was  carried  out  by  means  of  a  focused  ion  beam  (FB)  technique.  For  TEM  ob¬ 
servations,  a  PFIILIPS  CM20FEG  was  employed  in  imaging  and  diffraction  mode.  Grain-size 
distributions  were  determined  from  measurements  in  bright  and  dark  field  image  modes. 


RESULTS 

The  stress-temperature  curves  o(T)  during  the  annealing  (Fig.  1)  reveal  initial  irreversible 
stress  changes  already  above  1.50  °C  and  more  distinct  changes  above  250  °C.  Similar  to  CuNi 
thin  films  [4,5],  the  irreversible  tensile  stress  contributions  are  expected  to  be  the  result  of  mate¬ 
rial  densification  due  to  grain-boundary  relaxation  and  elimination  (grain  growth  is  proved  by 
TEM,  sec  below).  No  feature  associated  with  a  martensitic  transformation  from  a  hexagonal- 
closed-packed  (hep)  to  a  face-centered-cubic  (fee)  phase  at  about  400  °C,  as  it  was  reported  in 
the  literature  for  >500  nm  thick  Co  films  [6],  was  observed  in  our  CfiJ)  curves. 

The  magnetostrictive  deflection  during  the  second  magnetization  loop  (Fig.  2)  shows  distinct 
changes  between  the  as-deposited  and  the  annealed  state.  For  as-deposited  samples  (as  well  as 
for  7'm;ix=U^0  °C),  a  soft  magnetic  behavior  with  a  hysteresis  of  about  10  kA/m  is  mainly  ob¬ 
served  and  the  deflections  4  and  Sx  are  of  opposite  sign.  Full  saturation  of  the  deflection  signal 
was  reached  only  above  200  kA/m.  For  the  samples  with  T’max=350  °C  and  450  °C,  the  films 
show  a  hard  magnetic  behavior  without  remarkable  hysteresis,  the  magnetostriction  response  be¬ 
ing  not  nearly  as  saturated  at  500  kA/m,  and  the  deflections  and  Sx  are  relatively  high  and  both 
negative.  The  curves  for  the  sample  with  r,„ax=250  indicate  a  transition  between  the  soft  and 
hard  magnetic  case.  The  reason  for  these  changes  and  the  calculation  of  the  magnetostriction 
value  given  at  the  right-hand  axis  of  Fig.  2  will  be  discussed  below.  Experimental  magnetostric¬ 
tion  data,  being  in  many  points  similar  to  our  results,  were  also  reported  for  165  nm  thick  Co 
films  [7]. 


Figure  1.  Stress  development  during  an¬ 
nealing  of  Co  thin  films  at  various  tem¬ 
peratures. 
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Figure  2.  Magnetostrictive  deflection  and  magnetostriction  in  longitudinal  (||)  and  transverse  (1) 
magnetic  fields  during  the  second  magnetization  loop.  The  behavior  changes  strongly  during  an¬ 
nealing  at  Tmax  ^  250  °C. 


Figure  3.  Cross-sectional  TEM  micrographs  of  Co  thin  films  (FIB  specimen  preparation).  Left: 
as-deposited  state,  right:  after  annealing  at  450  °C.  Grain  growth  is  observed  during  annealing. 

Two  representative  cross-section  TEM  images  in  Fig.  3  demonstrate  the  microstructural  evo¬ 
lution  during  the  annealing  procedure.  In  the  as-deposited  state,  small  columnar  grains  with  a 
mean  diameter  of  30  nm  and  a  length  of  80  nm  dominate  the  morphology.  These  grains  were 
found  to  grow  at  250  °C  starting  at  the  film-substrate  interface.  For  Tmax  =  350  ®C  and  450  °C,  all 
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original  small  grains  arc  converted  into  large  grains.  The  average  lateral  grain  dimension 
amounts  to  650  nm  for  =  450  °C.  Such  a  secondary  recrystallization  was  also  reported  for 
CuNi(Mn)  thin  films  [5]. 

The  XRD  measurements  of  all  samples  show  patterns  (Fig.  4)  representative  of  hep  Co.  In 
the  as-deposited  state,  broad  reflections  occur  indicating  small  grains  with  (100),  (001),  and 
(101)  planes  parallel  to  the  surface  (lattice  parameters:  0.2507  nm  and  c=  0.4067  nm).  The  re¬ 
flection  intensity  relations  correspond  nearly  to  a  random  orientation  distribution,  however,  with 
a  weak  preference  of  the  hexagonal  c-axis  perpendicular  to  the  film  plane.  Furthermore,  texture 
measurements  showed  an  additional  weak  (101)  texture.  During  annealing,  the  texture  strongly 
changes.  After  annealing  at  and  above  350  °C,  only  a  c-axis  texture  is  found  in  the  XRD  scans. 
Further  measurements  indicate  an  additional  small  fraction  of  face-centered-cubic  crystallites, 
which  show  a  (1 1 1)  texture  after  annealing. 

Two  examples  of  MOKE  results  are  given  in  Fig.  5.  An  isotropic  magnetic  behavior  within 
the  film  plane  was  confirmed  by  measurements  in  different  azimuthal  directions.  A  close  corre¬ 
spondence  of  the  magnctostrictivc  deflection  curves  (“layer-bulk”  effect)  to  the  MOKE  curves 
(surface  related  signal  down  to  about  10  nm)  is  ascertained.  Note,  that  the  hysteresis  loop  of  the 
annealed  sample  reflects  a  hard-axis  behavior  for  the  in-plane  magnetization. 


Figure  4.  Reflections  of  hep-Co  as 
measured  by  XRD  for  the  as-deposited 
and  annealed  Co  films  (annealing  tem¬ 
perature  TnvM,  as  indicated).  The  increas¬ 
ing  abundance  of  c-axis  texture  compo¬ 
nent  is  indicated  by  the  intensity  changes 
of  the  reflections. 


(a)  as-deposited 


Figure  5.  MOKE  signals  of  the  as-deposited  and  an  annealed  (450  °C)  Co  film  demonstrate  the 
surface  magnetization  behavior.  Main  features  correspond  to  the  deflection  changes  in  figure  2. 
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DISCUSSION  AND  CONCLUSIONS 


The  microstructural  studies  have  shown  that  the  as-deposited  film  is  polycrystalline,  weakly 
textured,  whereas  the  annealed  state  with  rmax>250  °C  is  c-axis  textured.  Because  the  annealed 
state  is  more  definite  than  the  as-deposited  one,  only  the  annealed  state  is  considered  in  the  fol¬ 
lowing.  To  discuss  the  magnetostriction  behavior,  (i)  the  influence  of  the  texture  on  the  magne¬ 
tostriction  and  (ii)  the  correlation  between  magnetostriction  and  substrate  deflection  will  be  con¬ 
sidered,  and  (iii)  the  experimental  results  will  be  compared  to  model  calculations. 

In  the  first  approximation  for  hexagonal  materials,  the  following  equation  describes  the  satu¬ 
ration  magnetostriction  in  a  single  crystal  with  the  material  parameters  Aa,  Ab,  Ac,  and  Ad: 

4^  +«2A)'  -(«./».  +cc,p,)a,p,\+xX^-all\-pl)-{a,pca,l},f\ 

+  4  [(l  -  a]  )pl  -  (a,  p,  +  ft  V,  ft  ] + 4/l„  (a,  p,  +  a ft 


where  the  measuring  direction  has  the  direction  cosines  a\,  a2,  and  and  the  magnetic  field,  /?i, 
and  ^  [8].  The  direction  cosines  refer  to  a  cubic  reference  system  with  x  and  z  along  the  hex¬ 
agonal  [100]  and  [001]  direction,  respectively.  The  magnetostriction  reference  is  related  to  the 
ideally  demagnetized  state  (IDS)  with  a  regular  three-dimensional  domain  distribution  along  the 


easy  directions. 

If  the  demagnetized  state  corresponds  to  the  IDS,  one  obtains  the  longitudinal  and  transverse 
magnetostriction,  A\  and  Ac,  for  a  c-axis-textured  film  from  Eq.  (1)  [9].  It  is 

X^^^A,  =4  (2) 


In  thin  films,  however,  one  has  an  initial  magnetic  state  (IMS),  which  departs  from  the  IDS. 
Therefore,  one  has  an  initial  change  of  the  dimension  of  the  sample.  Considering  a  film  with 
magnetic  moments  under  a  fixed  angle  0to  the  plane's  normal,  Schelp  et  al.  [9]  obtained  for  the 
magnetostriction  of  the  IMS  (in  relation  to  the  IDS) 


(3) 


The  extreme  cases  are  0=90°  and  0=0°  for  in-plane  and  perpendicular  spontaneous  magnetiza¬ 
tion.  The  magnetostriction  responses  of  the  thin  films  as  measured  from  the  saturated  state  in  re¬ 
lation  to  the  state  without  magnetic  field  (H-O)  are  given  by 

1  _  IlDS  nlD-S  1  _  3 IDS  3 IDS  fA\ 

~  \  ~  ~  AmS 

In  thicker  magnetic  films,  one  has  mostly  an  in-plane  magnetization.  But  for  films  with  strong 
magnetic  anisotropy,  the  magnetization  may  also  rotate  out-of  plane. 

In  the  general  case,  the  relation  between  magnetostriction  and  substrate  deflection  is  compli¬ 
cated  and  no  practicable  equations  exist,  because  of  the  tensor  character  of  both  elastic  properties 
and  magnetostriction  [10].  The  most  complicated  case  with  still  manageable  efforts  is  the  case  of 
isotropic  mechanical  properties  of  film  and  substrate  and  anisotropic  magnetostrictive  strains  in 
two  perpendicular  directions  within  the  film  plane  [1 1].  In  this  case  one  obtains  a  linear  equation 
set  between  the  deflections  S^  and  5c  and  the  magnetostrictive  strains  A^~  and  Ac.  For  the  simpli¬ 
fied  case  of  equal  Poisson's  ratios  of  film  and  substrate,  the  equation  set  decouples,  and  one 
finds: 


(5) 
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where  E  and  t  are  Young's  modulus  and  thickness  of  film  (0  and  substrate  (s),  respectively.  Us¬ 
ing  Eq.  (5),  £/  =  210  GPa  for  (polycrystalline)  Co,  E,  =  148  GPa  as  an  average  in  the  Si  (100) 
plane,  and  (^=380  pm,  the  magnetostrictive  strain  values  given  in  the  right-hand  axes  of  Fig.  2 
were  calculated. 

For  a  comparison  between  theory  and  experiment  one  can  use  Eqs.  (2)  -  (4)  and  the  material 
parameters  of  single-crystalline  hep  Co,  i.e.,  Za  =  -50x10“^,  Zjj  =  -107x10“^,  Ac  =  126xl0~^,  and 
Ai)  =  -105x10"^  [  1 2].  The  saturation  magnetostriction  values  of  a  c-axis-textured  film  in  relation 
to  the  IMS  are:  A^^  =  -52x\0~\  Ac  =  52x10”^  and  A,;  =  -50x1 0"^  Ac  =  -107x10"^  for  in-plane  and 
perpendicular  initial  magnetization,  respectively.  Comparing  to  the  experimental  results  of  Fig. 

2,  one  has  to  take  into  account  the  incomplete  saturation  of  the  c-axis-textured  films.  Already 
within  a  qualitative  (sign-wise)  comparison,  one  may  speculate  that  the  magnetization  in  the  IMS 
is  not  confined  to  the  film  plane  but  may  have  a  strong  out-of-plane  component  at  least. 

A  c-axis-textured  Co  film  should  be  expected  to  develop  a  perpendicular  crystalline  anisot¬ 
ropy.  This  may  result  in  a  rotation  of  the  magnetization  in  the  H=0  state  into  the  direction  per¬ 
pendicular  to  the  film  plane,  e.g.,  via  formation  of  stripe  domains  [13]  or  with  a  perpendicular 
magnetization  [9].  For  further  insight  into  the  spontaneous  magnetization  behavior,  measure¬ 
ments  of  the  domain  structure  by  means  of  Kerr  microscopy  and  of  the  magnetization  behavior 
in  large  magnetic  fields  applied  within  and  perpendicular  to  the  film  plane  are  now  under  inves¬ 
tigation. 
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ABSTRACT 

The  effect  of  exchange  anisotropy  on  nanosize  Co  particles  was  studied  in  Co-CoO 
nanocomposite  thin  films  for  possible  applications  for  magnetic  storage  media.  XRD  analyses 
showed  nanosize  hep  Co  particles  and  (111)  textured  CoO  phase.  A  broken  columnar  structure 
was  observed  in  cross-section  TEM  images.  Very  large  room  temperature  coercivity  (~1  kOe) 
was  observed  and  believed  to  be  due  to  a  shape  effect  and  possible  local  exchange  coupling. 
Large  exchange  anisotropy  at  low  temperatures  and  linear  type  temperature  dependence  were 
explained  by  finite  size  effects  and  thermal  relaxation  of  the  CoO  particles.  A  slow  decrease  of 
thermoremanent  moment  (TRM)  with  temperature  and  large  TRM  at  room  temperature  indicated 
that  the  exchange  anisotropy  significantly  modified  the  anisotropy  energy  barrier  of  the  Co 
crystallites  in  the  CoO  matrix.  The  results  indicated  that  the  exchange  anisotropy  could  be  used 
to  stabilize  nanosize  feiTomagnetic  particles. 


INTRODUCTION 

The  particle  sizes  of  magnetic  storage  media  in  computer  hard  disk  drives  continuously 
decrease  to  satisfy  the  demand  of  higher  areal  density.  Reducing  the  sizes  is  important  not  only 
for  smaller  bit  size  but  also  for  high  signal  to  noise  ratio.  As  particle  size  decreases  thermal 
stability  becomes  a  critical  issue.  The  thermal  stability  is  addressed  by  the  ratio  of  anisotropy 
energy  to  thermal  energy  [1,2].  There  have  been  many  different  approaches  to  improve  the 
thermal  stability  [3,4,5].  Basically  they  are  based  on  how  to  increase  the  magnetocrystalline 
anisotropy  energy  in  order  to  enhance  the  overall  energy  barrier  against  thermal  fluctuation.  In 
this  study,  exchange  anisotropy  was  explored  as  an  additional  anisotropy  source.  We 
investigated  this  effect  on  nanosize  ferromagnetic  particles.  The  exchange  anisotropy  was 
observed  when  ferromagnetic  (FM)  materials  were  coupled  to  antiferromagnetic  (AFM) 
materials  through  a  field  cooling  process.  Exchange  anisotropy  could  enhance  the  magnetic 
stability  of  fine  ferromagnetic  particles  by  exchange  coupling.  Meiklejohn  and  Bean, 
discoverers  of  the  exchange  anisotropy,  were  first  to  mention  that  the  exchange  anisotropy 
constant  could  be  the  same  order  of  magnitude  as  the  crystalline  anisotropy  of  cobalt  for  a 
specific  case  [6].  So  far  most  studies  were  conducted  in  FM/AFM  bilayer  or  multilayer  systems 
because  of  the  simplicity  of  the  structure  and  the  ease  to  formulate  the  results.  Since  exchange 
anisotropy  has  a  interfacial  characteristic  and  a  fine  particle  has  a  large  surface  area,  it  would  be 
interesting  to  investigate  the  exchange  anisotropy  in  fine  particle  systems. 
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EXPERIMENTS 


Co'CoO  composite  films  were  prepared  by  co-sputtering  from  separate  Co  and  CoO  targets. 
CoO  is  anti  ferromagnetic  material  and  the  Neel  temperature  is  297  K.  Co-Si02  films  were  also 
deposited  as  a  reference  system.  Prior  to  deposition  the  base  pressure  was  better  than  5x10'^ 
Torr  and  Ar  pressure  was  kept  at  2  mTorr  during  sputtering  process.  The  sputtering  power  of 
each  target  was  carefully  controlled  to  obtain  desired  Co  volume  fractions.  The  films  were 
deposited  onto  Si  substrates  at  room  temperature.  The  microstructure  of  the  films  was 
investigated  using  X-ray  diffraction  (XRD)  and  transmission  electron  microscopy  (TEM).  The 
magnetic  properties  were  measured  using  an  alternating  gradient  force  magnetometer  (AGM) 
and  a  superconducting  quantum  interference  (SQUID)  magnetometer. 


RESULTS  AND  DISCUSSION 

Figure  1  shows  X-ray  diffraction  patterns  (Co  Ka,  ?i=  1.7902  A,  1.8  kW)  of  the  Co-CoO  films 
with  different  Co  volume  fractions.  The  relative  intensities  of  Co  and  CoO  were  gradually 
changed  as  the  volume  fractions  of  each  phase  were  changed.  As  for  the  CoO  phase  only  (111) 
peak  was  observed,  indicating  textured  structure  along  the  direction.  As  the  volume  fraction  of 
the  Co  phase  increased,  three  peaks  were  developed.  They  were  identified  as  hep  Co  phase.  No 
evidence  of  fee  Co  phase  was  found.  The  Co  and  CoO  crystallite  sizes  were  calculated  from 
XRD  peak  broadening  using  the  Scherrer  formula  after  correcting  for  instrumental  broadening. 
As  the  Co  volume  fraction  increased  from  31  %  to  5 1  %  the  Co  particle  sizes  increased  from  34 
A  to  62  A  whereas  the  CoO  particle  sizes  decreased  from  105  A  to  68  A.  Typically  particle  sizes 
arc  proportional  to  the  volume  fraction  in  a  granular  structure. 


Figure  1.  XRD  patterns  of  the  Co-CoO  specimens  with  different  Co  volume  fractions.  The 
patterns  are  vertically  shifted  for  clarification. 


T3.4.2 


Figure  2-(a)  and  (b)  show  TEM  cross-section  images  of  the  Co-Si02  and  Co-CoO  film, 
respectively.  Spherical  Co  particles  surrounded  by  Si02  matrix  were  observed  in  the  Co-Si02 
film.  However,  for  the  Co-CoO  film,  because  both  Co  and  CoO  are  crystalline  phases,  it  was 
difficult  to  distinguish  one  from  the  other.  In  general  columnar  type  structures  were  observed. 
From  tilting  experiments  in  the  TEM,  it  was  believed  that  each  column  was  consisted  of  Co  and 
CoO  crystallites  rather  than  one  phase. 


(a)  (b) 

Figure  2.  Cross-section  TEM  images  of  (a)  Co-Si02  and  (b)  Co-CoO  films. 


Figure  3  shows  magnetic  hysteresis  loops  of  the  Co-Si02  and  Co-CoO  films  measured  at 
room  temperature  using  AGM.  Both  films  had  about  30  volume  percent  of  Co.  The  Co-Si02 
film  exhibited  no  coercivity  and  zero  remanant  magnetization,  indicating  superparamagnetic 
behavior  of  the  Co  particles.  However  the  Co-CoO  film  showed  unusually  large  coercivity, 
about  1  kOe. 
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Figure  3.  Magnetic  hysteresis  loops  of  the  Co-Si02  (29  vol.%  Co)  and  Co-CoO  (31 
vol.%  Co)  films. 
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One  of  possible  explanations  is  a  shape  effect.  As  seen  in  TEM  images  the  crystallites  in  the 
Co-CoO  film  appeared  to  be  slightly  elongated  normal  to  the  film  plane.  This  would  provide 
shape  anisotropy  to  Co  particles  in  the  CoO  matrix.  Another  possible  source  would  be  local 
exchange  coupling  of  the  Co  particles  to  the  CoO  matrix.  Even  if  exchange  anisotropy  is  not 
expected  at  room  temperature  (Neel  temperature  of  CoO  is  293  K.),  the  Co  particles  could  be 
locally  exchange  coupled  to  the  CoO  matrix.  This  had  the  same  effect  as  increasing  the  volume 
of  the  particles.  Therefore  more  energy  would  be  required  to  rotate  the  magnetization  of  the  Co 
particles. 

To  examine  exchange  anisotropy,  the  Co-CoO  films  were  cooled  down  in  a  5.5  T  field  from 
room  temperature  to  10  K.  Large  loop  shifts  were  observed  in  all  the  Co-CoO  films.  Figure  4 
shows  the  exchange  anisotropy  fields  (He)  as  a  function  of  temperature  of  the  Co-CoO  films  with 
different  Co  volume  fractions.  The  31  vol.  %  of  Co  specimen  exhibited  the  largest  He  at  all 
temperatures  and  the  He  decreased  as  the  Co  volume  fractions  increased.  The  He  almost  linearly 
decreased  with  temperature  in  all  compositions  and  vanished  at  lower  temperatures  than  the  Neel 
temperature  of  bulk  CoO.  This  was  a  very  different  observation  than  the  observation  in  the 
Co/CoO  bilaycr  structure.  In  the  Co/CoO  bilayer  structure  TRM  decreased  with  temperature 
below  100  K  but  remained  at  a  constant  value  up  to  200  K,  and  then  decreased  to  zero  at  room 
temperature  [7].  Finite  size  effects  were  considered  as  a  possible  mechanism  for  our 
observation.  In  the  Co-CoO  composite  films,  the  CoO  particle  sizes  were  calculated  to  be  about 
68-105  A.  In  this  size  range,  due  to  the  lack  of  internal  structure,  some  of  surface  spins  of  the 
CoO  particles  would  not  be  fully  compensated  and  this  would  be  attributed  to  the  exchange 
anisotropy  [8,9].  The  continuous  decrease  of  the  He  as  a  function  of  temperature  can  be 
understood  by  the  supcrparamagnetic  blocking  and  relaxation  phenomena  of  the  finite  size  CoO 
crystallites. 


Figure  4.  Exchange  anisotropy  field  (He)  of  the  Co-CoO  films  as  a  function  of  temperature. 


The  thermoremanent  moment  (TRM)  and  reverse  TRM  (R-TRM)  of  the  Co  particles  was 
measured  to  investigate  the  relative  effects  of  anisotropy  and  thermal  energy.  The  moments 
were  measured  in  zero  field  as  temperature  increased,  after  field  cooling  (+6  T)  the  specimens 
from  390  K  to  10  K.  Figure  5  shows  the  TRM  and  R-TRM  curves  of  the  Co-Si02  and  Co-CoO 
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films.  For  the  Co-Si02  film  the  effective  anisotropy  energy  barrier  is  mostly  due  to  the  volume 
magnetocrystalline  anisotropy.  Since  the  Co  particle  sizes  were  estimated  only  ~30  A  at  this 
volume  fraction,  the  magnetization  of  the  particles  were  easily  disturbed  by  thermal  energy, 
showing  zero  magnetization  above  70  K.  However,  the  Co-CoO  film  with  the  same  amounts  of 
Co  exhibited  very  different  behavior.  The  exchange  anisotropy  significantly  modified  the 
overall  anisotropy  energy  barrier  so  that  the  Co  particles  seemed  to  have  more  resistance  to 
thermal  fluctuation. 

To  examine  unidirectional  characteristics  of  the  exchange  anisotropy,  so  called,  reverse  TRM 
(R-TRM)  curves  were  also  measured.  In  these  measurements,  after  field  cooling  the  specimen  in 
a  positive  direction  (+6  T)  in  the  same  way  as  the  TRM  measurement,  the  field  direction  was 
reversed  to  -6  T,  then  the  magnetization  was  measured  with  temperature.  If  the  system  is 
dominated  by  uniaxial  anisotropy,  TRM  and  R-TRM  curves  should  be  the  same  except  for  the 
sign  (+  or  -)  regardless  of  the  cooling  field  direction.  As  expected  the  curves  from  the  Co-Si02 
film  were  exactly  symmetric  along  a  temperature  axis,  indicating  the  anisotropy  energy  barrier  of 
the  Co  crystallites  in  the  Si02  matrix  had  a  uniaxial  characteristic.  Obvious  differences  in  TRM 
and  R-TRM  indicate  that  unidirectional  exchange  anisotropy  significantly  altered  the  anisotropy 
energy  barrier. 


Figure  5.  Normalized  TRM  and  R-TRM  curves  of  the  (a)  Co-Si02  and  (b)  Co-CoO  films. 


CONCLUSION 

The  effects  of  exchange  anisotropy  on  the  nanosize  Co  particles  were  studied  in  sputter 
deposited  Co-CoO  films.  A  very  large  coercivity  (~]kOe)  was  observed  at  room  temperature. 
Finite  size  effects  of  the  CoO  particles  were  introduced  to  explain  linear  type  temperature 
dependence  of  the  He,  and  lower  blocking  temperature  than  Tn.  Large  TRM  and  asymmetric 
TRM  and  R-TRM  curves  indicate  that  the  exchange  anisotropy  modified  the  anisotropy  energy 
barrier  of  the  Co  particles  in  the  CoO  matrix. 

This  research  was  supported  by  NSF  Grant  DMR-9400439. 
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ABSTRACT 

The  iron  manganites  FexMn(3.x)04  synthesis  by  soft  chemistry  method  have  been  studied. 
The  main  difficulty  is  to  obtain  single  phase  spinel  with  high  Mn  content  (0.4<  x  <  1.3).  Oxalate 
precursor  powders  of  these  materials  with  controlled  shape  and  nanoscopic  size  have  been 
prepared.  The  precursors  are  then  heat  treated  with  a  H2/H2O/N2  gas  mixture  at  low  temperature. 
The  resulting  stoechiometric  spinels  are  metastable  phases  with  high  specific  surface  area  and 
are  highly  reactive  toward  oxygen.  Therefore,  these  oxide  can  be  oxidized  in  air  at  low 
temperature  in  order  to  produce  mixed  valence  defect  manganites  FexMn(3.x)04+8  with  a  good 
reproducibility  on  the  oxygen  content.  Although,  some  problems  persist  for  the  higher  Mn 
contents,  as  the  oxygen  partial  pressure  for  the  reduction  must  be  controlled  precisely  in  order  to 
produce  the  stoechiometric  spinel  at  low  temperature.  The  development  of  a  low  temperature 
reduction  system,  with  oxygen  partial  pressure  controlled  by  oxygen  electrochemical  pumping,  is 
in  progress. 

INTRODUCTION 

Manganese  iron  oxides  with  spinel  structure  has  applications  in  magnetic  recording  media 
and  electronic  devices.  Previous  works  carried  on  in  our  Laboratory  have  shown  that  it  is 
possible  to  enlarge  the  well  known  properties  of  these  materials,  using  metastable  nanoparticles 
synthesized  by  soft  chemistry  at  low  temperature  [1,2].  Recently,  the  interest  of  these  materials 
has  greatly  increased  with  the  discovery  of  hard  magnetic  properties  in  metastable  manganese 
ferrites.  These  properties  are  due  to  the  distortion  of  the  Mn^'^  cations  in  the  spinel  structure  by 
the  Jahn-Teller  effect  [3].  The  same  bulk  ferrites  (without  Cobalt)  are  well  known  to  be  soft 
magnetic  materials.  Moreover,  magneto  resistance  effects  have  been  found  in  similar  spinel 
phases  [4]. 

The  aim  of  this  work  is  to  improve  the  synthesis  of  iron  manganites  Mn(3.x)Fex04,  using 
thermodynamical  approach  and  a  new  experimental  setup.  First,  we  describe  precisely  the 
synthesis  method  (“soft  chemistry”)  to  obtain  nanosized  particles  with  controlled  shape. 

Different  characterizations  of  the  precursor  and  the  oxide  powders  are  presented.  We  point  out 
the  difficulties  to  prepare  stoechiometric  oxides  powders  with  high  Mn  content  at  low 
temperature,  and  present  a  new  experimental  process  to  overcome  theses  difficulties.  The  phase 
diagram  of  the  Fe/Mn/O  system  [5]  shows  that  the  spinel  phase  can  be  obtained  in  air  at 
temperature  above  950°C.  Only  a  few  works  have  been  published  on  the  synthesis  of  this 
stoechiometric  spinel  at  low  temperature  [3,6,7].  Probably,  the  difficulty  to  obtain  the 
stoechiometric  spinel  at  low  temperature  is  due  to,  the  need  of  a  better  control  of  the  reduction 
atmosphere,  the  weak  crystallinity  of  the  samples  and  the  immiscibility  gap  described  by  Masson 
[8]  for  the  natural  “wredenburgite”. 
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EXPERIMENTAL 


Synthesis 

The  preparalion  of  Mn(3-x)Fex04  is  done  by  a  soft  chemistry  process  [9].  The  precursors  are 
mixed  manganese  iron  oxalate  obtained  by  the  co-precipitation  of  manganese  and  iron  chlorides 
with  oxalic  acid,  according  to  Eq.(l): 

(3-x)  MnCl2,4H20  +  x  FcCl2,4H20  -i-  3  H2C204,2H20^  3  [Mn(3-x)Fex]i/3C204,2H20  -i-  6  HCl  + 
I2H2O 

The  chemical  and  the  kinetic  parameters  of  the  reaction  have  to  be  well  controlled.  The 
metallic  salts  arc  dissolved  in  a  mixed  water,  hydrochloric  acid  and  ethylene  glycol  solution.  The 
oxalic  acid  is  dissolved  in  a  2-propanol  solution  with  a  concentration  equal  to  the  solubility  limit 
at  room  temperature  in  this  alcohol.  The  dis.solution  has  to  be  made  just  before  the  precipitation 
in  order  to  prevent  the  formation  of  an  ester.  The  solution  containing  the  salts,  is  quickly  poured 
in  the  acid  solution  with  a  peristaltic  pump.  The  pump  is  used  to  increase  the  saturation  of  the 
solution  in  order  to  favor  the  germination  versus  grain  growth  and  to  increase  the  number  of 
germination  sites.  Such  precipitation  environment,  with  low  dielectric  con.stant  allows  the 
synthesis  of  mixed  small  size  oxalate  particles  [10]. 

The  precipitates  arc  filtered,  washed  with  distilled  water  in  order  to  eliminate  the  remaining 
chlorides  (tested  by  silver  nitrate),  washed  by  ethanol  and  dried  overnight  at  80°C.  The  powder  is 
then  grinded  and  sieved. 

The  next  step  of  the  process  is  the  thermal  decomposition  of  the  oxalate  precursor.  The 
heating  rate  has  to  be  low  in  order  to  keep  the  particle  morphology  (pseudomorphic 
transformation).  Then  the  phase  is  reduced  to  obtain  the  stoechiometric  spinel.  The  heat 
treatment  of  reduction  is  performed  under  a  H2\N2\H20  mixture  (flow  rate  ratio  of  1%\49%\50% 
respectively)  at  300°C  for  5  hours.  Then  the  samples  are  treated  at  560°C  for  2  hours  in  nitrogen 
in  order  to  increase  the  ci7Stallinity. 

Analysis 

A  SIEMENS  D501  diffractometer,  equipped  with  a  SiLi  counter  using  Cukh  radiation 
(?l=0.15418  nm)  was  used  for  the  XRD  analysis.  Chemical  analy.ses  were  performed  by  plasma 
emission  spectrometry.  TEM  observations  and  microprobe  analysis  were  made  by  a  JEOL  2010 
with  a  video  acquisition  card.  The  UTHSCSA  ImageTool  software  has  permitted  to  carry  on  the 
image  analysis  for  granulometric  distribution  for  a  minimum  of  100  particles. 

Thermogravimetric  analysis  (TGA)  was  performed  using  a  SETARAM  TAG  24  apparatus  and 
DTA  by  a  SETARAM  TAG92.  Magnetic  measurements  have  been  done  at  room  temperature 
with  a  hysteresismeter  M2000  (S2IS),  which  allows  a  maximum  applied  magnetic  field  of  25 
kOe.  Samples  were  packed  with  a  density  of  about  0.5  g/cm  '. 
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RESULTS  AND  DISCUSSION 
Precursor  oxalate  powders 


Figure  1  :  Morphological  evolution  of  the  (Mn(3-x)Fex)i/3C204,  2H2O  oxalate  as  a  function  of 
composition 

The  oxalate  particles  obtained  have  a  needle-like  shape  for  the  whole  composition.  The 
particles  length  and  width  have  been  determined  for  the  different  compositions  (see  figure  1). 

The  size  of  the  needles  slightly  changes  with  the  composition.  When  the  iron  content  varies  from 
0.4  to  1  the  particles  length  increases  from  400  to  600  nm.  For  the  richer  iron  content,  the  length 
decreases  again.  The  granulometric  distribution  shows  a  monomodal  distribution  for  all  the 
samples.  These  analyses  prove  that  the  particles  morphology  is  controlled,  but  can  slightly 
change  with  the  Mn  content. 

The  XRD  patterns  indicate  (see  figure  2)  that  the  oxalate  crystallize  in  the  |3  iron  oxalate 
structure  described  by  Deyrieux  [11].  The  variation  of  the  cell  parameters  is  characteristic  of  a 
solid  .solution  accorded  to  Vegard’s  law.  When  the  concentration  of  manganese  is  high  (x  <  0.9) 
a  small  amount  of  manganese  oxalate  a  is  detected.  However,  the  granulometric  distribution  is 
monomodal  and  electronic  probe  analysis  shows  an  increasing  Mn  content  at  the  edge  of  the 
particles.  Therefore,  the  secondary  phase  observed  is  due  to  heterogeneous  secondary 
germination,  located  at  the  edge  of  the  particles. 
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Figure  2:  X-ray  diffraction  pattern  of  (Mn(3.x)Fex)i/3C204,  2H2O 
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Figure  3:  Thcnnogravimctric  analysis  of  (Mni.7Fei.3)i/3C204,  2H2O 

The  thermogravi metric  analysis  in  air  indicates  that  the  decomposition  take  place  in  two 
steps  for  the  whole  composition  (sec  figure  3).  The  first  step  (I)  is  endothermic  and  corresponds 
to  the  dehydration  of  two  water  molecules.  The  second  step  (II)  is  exothermic  and  is  attributed  to 
the  decomposition  of  the  oxalate  with  the  release  of  three  moles  of  CO  and  one  of  CO2, 
according  to: 

2  (Mn(3-x)  Fcx)i/3C204,2H20  ^  a-(Fex  Mn(3-x))2/303  +  3  CO  +CO2+2H2O  (2) 

For  the  whole  composition,  the  stable  phase  in  air  at  600°C  is  a-(  Mn(3.x)Fex)2/303,  so  a 
reductive  atmosphere  should  be  used  in  order  to  obtain  the  spinel  phase. 

The  exact  description  of  the  thermal  treatment  is  given  in  the  experimental  procedure.  The 
oxide  particles  have  a  stick  shape  (see  figure  4).  This  observation  indicates  that  the 
transformation  is  pseudomorphic.  The  size  of  the  cristallite  is  approximatly  50  nm  length  and  25 
nm  width.  This  shape  anisotropy  is  well  known  to  favour  an  increase  in  coercive  field  [12]. 

The  synthesized  oxides  are  very  reactive  with  oxygen  due  to  their  high  division  state 
(Sw  =  ~30  mVg).  Then,  the  cations  in  the  spinel  structure  can  be  oxidized  in  air,  even  at  low 
temperature  (T~200°C).  The  oxidation  treatment  leads  to  vacancies  phases  with  mixed  valences. 
Because  the  oxides  are  reactive  enough,  each  cation  can  be  oxidized  at  a  given  temperature  [13]. 
Then,  the  analysis  of  the  derivative  thcrmogravimetric  analysis  signal  can  be  used  to  quantify  the 
cation  content  on  the  tetragonal  and  the  octahedral  sites  of  the  spinel  structure. 


Figure  4  :  TEM  image  of  MnijFe  1,304 
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Cationic  distribution  and  magnetic  properties 


This  analysis  has  been  performed  on  the  stoechiometric  spinel  of  composition  x  =  1.3  and 
gives  the  following  cationic  distribution  [3]: 

Mn'V73  Fe^V27  [  Mn'V  Fe’V«  Mn’V7«  ] 

This  cationic  distribution  is  closed  to  the  cationic  distribution  of  an  oxide  of  same 
composition,  made  at  high  temperature  (T=l  100  °C)  and  analyzed  by  Mossbauer  technique 
[14,15].  The  coercive  field  of  the  stoechiometric  spinel  prepared  for  our  work,  was  100  Oe  (~0.8 
kA.m  ‘).  This  stoechiometric  spinel  phase  has  been  oxidized  for  2  hours  at  275®C  in  air  and 
quenched,  then  analyzed  again.  The  structural  formula  was  estimated  to  be: 

Mn^V73  Fc^^o.27  [  Mn^Vog  Fe^Vy.s  Mn^ V96  ]  4.09 

At  this  temperature,  only  the  Mn^'*'  ions  in  octahedral  sites  have  been  oxidized  into  Mn’^"^ 
ions.  The  coercive  field  was  measured  at  2500  Oe  (~  200  kA.m"'),  is  closed  to  the  coercive  field 
determined  by  A.  Agnoli  [3], 

Thermodynamic  calculations  for  a  new  reduction  process 

Finally,  thermodynamic  calculations  has  been  done  on  the  pure  phases  of  the  Fe-Mn 
system  in  order  to  better  understand  the  difficulties  to  synthesize  stoechiometric  spinel  phases. 
Thermodynamic  data  has  been  collected  from  Fritsch  et  al.  [16]  for  the  Mn-0  system,  Laberty  et 
al.  [17]  for  the  Fe-0  system  an  from  Knacke  et  al.  [18]  for  the  other  data. 

Calculation  results  are  presented  on  an  Ellingham  diagram  (Figure  5).  The  stability  domain 
of  the  single  bulk  oxides  and  the  partial  pressure  of  air,  nitrogen  and  the  H2\N2\H20  gas  mixture 
are  reported.  The  partial  pressure  of  the  gas  mixture  is  located  in  the  stability  domain  of  Fe304, 
so  this  process  is  well  adapted  to  obtain  pure  stoechiometric  iron  spinel  even  with  low  Mn 
content.  It  is  confirmed  with  the  diagram  of  the  stability  region  of  MnFe204  versus  oxygen  [19]. 

However,  this  gas  mixture  is  also  located  in  the  stability  domain  of  the  wurstite  MnO. 
Therefore,  with  higher  Mn  content  the  wurstite  phase  appears  as  a  second  phase  during  the 
reduction  process.  For  high  Mn  content,  the  oxygen  partial  pressure  should  be  around  10'^^  atm. 
at  low  temperature  (T~500®C).  The  H2\N2\H20  mixture  can’t  be  used  to  produce  this 
stoechiometric  spinel  at  low  temperature,  because  the  water  content  in  the  gas  should  be  huge 
compared  to  nitrogen  content  to  prevent  wurstite  formation  during  the  process.  For  the  same 
reason,  it  is  difficult  to  use  a  CO\C02  mixture. 


Figure  5:  Calculated  Ellingham  diagram  of  the  Mn-Fe  system,  oxygen  partial  pressure  of 
air  (a),  nitrogen  (b)  and  the  1%  H2M9%  N2\50%  H2O  mixture  (c) 
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A  new  reduction  process  has  been  thought  to  produce  the  correct  gas  mixture:  the 
electrochemical  oxygen  pump  [20].  Previous  studies  dedicated  to  this  electiochemical  oxygen 
pump  have  shown  that  it  is  possible  to  create  reducing  atmospheres  with  0.2  atm  <Po2<10  atm 
using  a  starting  gas  containing  a  few  content  of  O2,  H2  or  CO  [21]. 

CONCLUSIONS 

Needle  shape  manganese  iron  oxides  Mn(3-x)Fex04  powders  have  been  synthesized  by  a 
“chimie  douce”  technique.  This  process  allows  to  control  perfectly  the  morphology  and  the  size 
of  the  particle  powder.  The  coercive  field  of  an  oxide  of  composition  x  =  1 .3  with  such 
characteristics  was  measured  at  2500  Oe.  The  difficulty  to  produce  higher  Mn  content  spinel  can 
be  explained  by  the  thermodynamical  behaviour  of  these  oxides.  A  new  device,  using 
electrochemical  oxygen  pump  is  in  progress  of  development  and  it  is  believed  that  it  should  be 
well  adapted  to  produce  high  Mn  content  stoechiometric  spinel  with  a  good  reproducibility. 
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ABSTRACT 

The  modification  of  conventional  longitudinal  recording  media  by  ion-beam 
irradiation  is  of  both  scientific  and  technological  interest.  In  particular,  patterning  by 
irradiation  through  a  stencil  mask  at  the  50  nm  length  scale  may  fulfill  the  promise  of  a 
commercially  viable  patterned  media  architecture.  In  this  context,  the  magnetic  properties 
and  microstructural  evolution  of  high-coercivity  longitudinal  thin  film  media  were 
investigated  after  ion-beam  irradiation.  TRIM  simulations  were  used  to  calculate  the 
depth  profiles  and  damage  distributions  as  a  function  of  energy  and  dose  for  carbon, 
nitrogen,  and  chromium  ions  and  three  different  media  (C,  Cr,  no  capping  layer). 
Corresponding  implantations  were  carried  out  and  hysteresis  curves  were  measured  using 
a  vibrating  sample  magnetometer  (VSM).  Using  chromium  ion  implantation  at  20  keV, 
both  remanence  and  coercivity  were  reduced  to  zero,  i.e.,  rendering  the  ferromagnetic 
thin  film  paramagnetic,  at  doses  as  low  as  IxlO'^  cm‘^.  For  implantation  at  20  keV, 
remanence  and  coercivity  were  also  reduced  to  varying  extent  up  to  doses  of  5x1 0'^  cm'^ 
after  which  further  irradiation  had  no  effect.  Slight  decreases  in  remanence  and 
coercivity  were  observed  for  20  keV  N2^  irradiation.  XRD  measurements  indicate  that 
the  hexagonal  cobalt  alloy  phase  remains  intact  after  irradiation.  The  physical  and 
magnetic  domain  structures  at  the  surface  were  assessed  by  atomic  force  and  magnetic 
force  microscopy.  Combined  with  the  development  of  a  suitable  stencil  mask,  such 
chromium  ion  implantation  can  be  used  to  develop  a  viable  patterned  media  with 
nanoscale  dimensions,  consisting  of  locally  defined  ferromagnetic  and  paramagnetic 
regions.  This  work  is  in  progress. 

INTRODUCTION 

Improvements  in  the  ability  to  carefully  control  the  magnetic  properties  of  thin  films 
have  made  significant  contributions  to  the  recent  60%  growth  rate  in  the  areal  bit  density 
of  magnetic  recording  media.  Historically,  these  improvements  have  been  associated  with 
reductions  in  grain  size  and  advances  in  grain  isolation  (made  necessary  by  statistical 
noise  constraints  requiring  a  certain  number  of  grains  per  bit).  The  superparamagnetic 
effect,  a  grain  size  limit  that  renders  magnetic  moments  unstable  with  respect  to  thermal 
fluctuations,  represents  a  fundamental  roadblock  to  the  current  regime  of  media 
development.  Since  the  magnetic  properties  of  interest  in  such  recording  systems  occur  in 
the  near-surface  region,  ion  beam  processing  may  be  an  appropriate  means  of  asserting 
yet  further  control  over  the  important  physical,  chemical  and  magnetic  microstructures  of 
these  films.  Baglin  et  al.[l]  have  previously  reported  the  loss  of  uniaxial  anisotropy  and 
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an  increase  in  coercivity  in  Permalloy  thin  films  with  irradiation  by  a  number  of  ion 
species  at  MeV  energies. 

Modifying  the  properties  of  ferromagnetic  thin  films  is  both  of  scientific  and 
technological  interest.  If  an  ion-beam  process  that  induces  a  ferromagnetic-to- 
paramagnctic  transition  (Ms  ->  0)  can  be  identified  at  room  temperature,  patterning 
through  a  stencil  mask  at  the  50  nm  length  scale  may  fulfill  the  promise  of  a 
commercially  viable  patterned  media  architecture.  For  example,  Chappert  et  al.[2]  and 
Weller  et  al.[3]  have  reported  local  variations  in  coercivity  and  easy  magnetization  axis  in 
Co/Pt  multilayers  via  light  ion  irradiation  near  the  MeV  energy  range. 

In  this  research,  we  investigate  the  effect  of  Cr^,  C^,  and  N2^  irradiation  on  the 
magnetic  properties  of  a  commercial  CoCrPt  thin-film  media.  Our  approach  is  to 
introduce  structural  and  chemical  changes  by  systematically  varying  the  ion  species  and 
qualities  of  the  protective  cap  layer.  Protective  overcoats  in  commercial  media  range  in 
thickness  up  to  250  A.  Controlling  the  amount  of  energy  absorbed  by  cap  layer  atoms 
will  change  the  ion  range  and  damage  profiles.  Furthermore,  a  certain  number  of  these 
carbon  and  chromium  atoms  will  recoil,  coming  to  rest  within  the  CoCrPt  layer.  The 
saturation  magnetization  of  CoCr-alloys  is  well  known  to  decrease  with  Cr  enrichment, 
approaching  zero  at  roughly  25  at%  Cr  [4].  Diffusion  of  carbon  atoms  into  CoCr-alloys 
has  also  been  shown  to  decrease  Ms  [5].  Both  species  reduce  the  Curie  temperature  of 
cobalt  alloys.  It  is  reasonable  to  expect  that  C^  and  Cr^  implantation  into  CoCrPt  thin 
films  will  result  in  similar  compositional  effects.  Nitrogen  ions,  in  the  form  of  the 
relatively  inert  N2^,  should  introduce  large  numbers  of  target  displacements  through 
collision  cascade  dynamics.  The  resulting  expansion  of  the  lattice  may  weaken  the 
exchange  interaction  by  increasing  the  ratio  of  interatomic  separation  to  3t/-orbitaI  radius, 
as  predicted  by  the  Bethe-Slater  curve  [6-8]. 

EXPERIMENT 

Commercial  thin-film  recording  media,  prepared  by  dc  magnetron  sputtering  on 
aluminum  disk  substrates,  were  obtained  courtesy  of  Seagate  Recording  Media  (Fremont, 
CA).  The  complete  film  structure  was  Al/Ni77P23(>0.5  pm)/Cr«3Tai  7(320 
A)/Co72CriHPti()(100  A),  as  determined  by  Rutherford  backscattering  spectrometry.  Thin 
cap  layers  of  Cr  and  C  defined  additional  variations  of  the  media  based  on  the  film 
structure  mentioned  above.  These  films  were  machined  and  backside  thinned  to  produce 
8  mm  disk  samples.  The  in-plane  and  plane  nomial  magnetic  hysteresis  curves  were 
characterized  along  the  circumferential  orientation  of  the  original  disk  by  using  a 
vibrating  sample  magnetometer  (VSM)  with  saturating  fields  of  ±14  kOe.  The  structural 
properties  of  the  as  grown  films  were  detennined  using  XRD.  TRIMf9]  simulations  were 
used  to  model  and  optimize  the  irradiation  process  for  C^,  N2'^  and  Cr'^  irradiation  in  the 
C/Cr  capped  and  uncapped  media.  Corresponding  implantations  were  carried  out  at  20 
keV  incident  energy;  structural  and  magnetic  properties  as  a  function  of  ion  dose  were 
characterized  by  XRD  and  VSM.  Atomic  force  (AFM)  and  magnetic  force  microscopy 
(MFM)  was  performed  on  a  Digital  Instruments  Nanoscope  Dimension  3000  Scanning 
Probe  Microscope  in  tapping  LiftMode®.  The  probe  tip  was  etched  Si  tip  sputter  coated 
with  a  CoCr  thin  film. 


RESULTS 


Figure  1  shows  the  TRIM  concentration  and  damage  event  profiles  as  a  function  of 
depth  for  20  keV  N2'^  and  Cr"^  implantation  in  the  Cr  capped  media.  The  composition 
and  thickness  of  the  cap  layers  influence  these  distributions  by  absorbing  energy  from 
energetic  ions.  The  TRIM  results  were  used  to  determine  optimum  irradiation  conditions 
and  cap  layer  thickness  based  on  the  twin  goals  of  delivering  a  peak  concentration  of 
either  ions  or  damage  events  within  the  magnetic  layer.  The  concentration  and  damage 
profiles  of  chromium  and  nitrogen  ions,  respectively,  peak  within  the  magnetic  layer.  In 
order  to  study  all  ion  species  at  constant  incident  energy,  larger  doses  were  selected  for 
C*  implantation.  TRIM  was  also  used  to  relate  the  physics  of  ion-solid  interactions  to 
observed  changes  in  magnetic  properties. 

As  determined  by  VSM,  the  coercivity  (He)  and  saturation  magnetization  (M,v)  as  a 
function  of  ion  species,  dose,  and  cap  layer  are  plotted  in  Figure  2  for  incident  energies  of 
20  keV.  The  magnetization  was  completely  in-plane.  Both  and  He  decreased  with  dose 
in  all  cases,  in  contrast  with  the  results  of  Baglin  et  al.[l],  who  observed  increasing  H(  . 
The  rate  of  decline  is  quite  different  for  each  respective  ion  species.  Chromium  ions 
caused  the  most  dramatic  change  in  magnetic  properties;  both  //^  and  My  were  reduced  to 
zero  (within  instrument  sensitivity)  at  doses  as  low  as  lO'^  Cr"^  cm'^.  Carbon  ions 
achieved  similar,  although  incomplete,  reductions  in  magnetic  properties  but  at  higher 
doses.  These  observations  are  consistent  with  the  chemical  effects  expected  from  adding 
C  or  Cr  into  a  CoCr-alloy.  The  much  weaker  response  to  nitrogen  ions  suggests  that  ion- 
induced  lattice  disruption  does  not  play  a  dominant  role  here. 

From  Figure  2  it  is  also  apparent  that  cap  layers  play  an  important  role  in  the 
evolution  of  magnetic  properties  with  dose.  Both  coercivity  and  saturation  magnetization 
decline  more  rapidly  in  capped  film  structures.  This  behavior  is  most  striking  for  C^and 
Cr'*'  irradiated  systems  and  is  perhaps  explained  by  the  transfer  of  energy  from  incident 
ions  to  the  cap  layer,  leading  to  shallower  depth  profiles  which  retain  more  implanted 
species  within  the  magnetically  active  Co72CrisPti()  layer.  Ion-beam  mixing  might  also 


Figure  1.  TRIM  simulations  of  (a)  projected  range  and  (b)  damage  distributions  for  20 
ke'V  ion  implantation  in  CoCrPt/Cr^ap  media  (cap  layer  not  shown). 
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Figure  2.  Magnetic  properties  of  20  keV  (a)  N2^,  (b)  and  (e)  Cr"^  irradiated 
films  in  uncapped  (circles),  Ccap ,  (squares),  and  Cr^ap  (triangles)  media. 


lead  to  more  rapid  accumulation  of  Cr  and/or  C  as  recoiling  cap  layer  atoms  near  the 
interface  come  rest  within  the  magnetic  layer.  ^  ^ 

It  is  noteworthy  that  A/,  and  H,  evolve  in  a  similar  manner  with  dose  of  C",  N2  ,  and 
Cr"^;  moreover,  the  parallel  decline  of  these  properties  suggests  the  uniaxial 
magnctocrystallinc  anisotropy  constant  K„  of  the  CoCrPt  phase  declines  even  more 
rapidly  than  M.,.  While  M,  and  K,,  are  fundamental  material  properties,  H,  is 
microstructure-.sensilive,  scaling  as  2K„  /  Ms  [10].  For  chromium  ion  implanted 

films,  the  implied  decrease  in  Ku  is  agrees  with  Iwasaki  et  al.  [11],  who  reported  the 
intrinsic  magnetocrystalline  anisotropy  constant  in  sputtered  CoCr  thin  films  declined 
with  Cr  content  from  37x  1 0^  erg  cm’^  ( 1 0  at%  Cr)  to  1 .3x  1 0^  erg  cm'^  (25  at%  j^r). 

X-ray  diffraction  scans  for  equivalent  doses  of  20  keV  C^,  N2'^,  and  Cr"^  irradiated 
films  with  Cr  cap  Uiyers  are  shown  in  Figure  3,  demonstrating  the  CoCrPt  phase 
generally  retains  (1120)  texture  without  change  in  lattice  spacing.  These  scans  prove  that 
the  observed  changes  in  magnetic  properties  are  not  due  to  successive  removal  of  cap  and 
magnetic  layer  by  sputtering.  The  0.396%  compression  (Cr""  ions)  and  1.67%  expansion 
(C^  ions)  of  the  Cr  (002)  planes  may  be  due  to  the  respective  accumulation  of 
displacement  events  or  carbon  ions  within  the  CrTa  adhesion  layer,  as  predicted  by  TRIM 
simulations  (Figure  1).  ^  2 

Figure  4  shows  AFM  and  MFM  images  of  as  grown  and  20  keV  3x10  Cr  cm 
irradiated  Cre;,,,  media  in  a  remanent  magnetization  state.  The  AFM/MFM  image  pairs 
represent  topographic  and  magnetic  data  taken  from  identical  regions  of  the  sample 
surface.  The  lines  of  vertical  contrast  in  the  AFM  scans  represent  mechanical  texturing 
along  the  circumferential  direction  of  the  disk.  The  AFM  signal  may  be  characterized  by 
the  nns  surface  roughness,  which  increases  from  1.21  to  1.46  nm  with  implantation. 

Although  MFM  docs  not  directly  measure  the  surface  magnetization,  the  contrast, 
a  stray  field  mapping  above  the  as  grown  media,  certainly  suggests  the  presence  of 
domains.  Likewise,  the  lack  of  MFM  contrast  from  the  irradiated  sample  implies  the 
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Figure  3.  XRD  0-20  scans  of  as  grown  and  irradiated  CoCrPt/Ci'cap  media. 

absence  of  magnetic  moment  in  the  near  surface  region.  These  MFM  images  are 
consistent  with  expectations  based  on  earlier  magnetic  property  measurements  (Figure  2), 
and  represent  further  evidence  for  a  ferromagnetic-to-nonmagnetic  transition  of  the 
CoCrPt  layer. 

CONCLUSIONS 

The  effect  of  20  kV  N2^  and  Cr'^  implantation  on  CoCrPt  ferromagnetic  thin  films 
was  characterized  by  VSM,  XRD,  and  scanning  probe  microscopy  (AFM/MFM).  Both 
A/.V  and  decreased  in  parallel  with  dose  for  all  species.  The  magnitude  of  response 


(c)  (d) 

Figure  4.  Scanning  probe  microscopy  of  CoCrPt/Crcap  media:  (a)  AFM  and  (b)  MFM  of 
as  grown  samples;  (c)  AFM  and  (d)  MFM  of  20  kV  3xl0'^  Cr"^  cm'^  samples. 


T3.6.5 


followed  the  series  N2''  <  <  Cr’^  and  was  greatest  for  samples  with  protective  cap 

layers.  We  have  shown  that,  for  20  keV  Cr"^  ion  implantation  at  doses  as  low  as  10  ions 
cm'^,  the  magnetization  of  Co72Cri«Pt|()  longitudinal  media  exhibits  essentially 
paramagnetic  behavior.  The  mild  increase  in  surface  roughness  revealed  by  AFM 
suggests  the  post-irradiation  surface  state  remains  compatible  with  small  read  head-media 
fly  heights.  Although  there  is  some  evidence  pointing  to  chemical,  rather  than  structural, 
effects,  TEM  characterization  of  the  physical,  chemical  and  magnetic  microstructures  is 
required  to  further  elucidate  the  mechanisms  of  ion-induced  magnetic  property  changes. 
Combined  with  the  development  of  a  suitable  stencil  mask,  such  chromium  implantation 
might  be  used  to  fabricate  a  viable  patterned  media,  which  would  consist  of  locally 
defined  regions  of  ferromagnetic  and  nonmagnetic  character.  This  work  is  in  progress. 
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ABSTRACT 

High  c-axis  oriented  CoCr-based  thin  films  are  expected  for  ultra-high  density  recording 
media  in  perpendicular  magnetic  recording  system.  In  order  to  improve  dispersion  angle  of  c- 
axis  of  CoCr-based  for  perpendicular  magnetic  recording  media,  we  prepared  trilayered  film 
with  double  underlayer  using  New  Facing  Targets  Sputtering  apparatus.  The  thickness  of 
magnetic  layer  CoCrTa  and  double  underlayer,  such  as  interlayer  Pt,  paramagnetic  CoCr, 
underlayer  Ti  was  fixed  50nm  and  20nm  respectively.  In  order  to  prepare  the  thin  film,  we 
fixed  argon  gas  pressure  ImTorr,  substrate  temperature  250°C  and  input  current  0.5A.  The 
crystallographic  characteristics  of  CoCrTa  layer  with  varying  interlayer  thickness  (0-  20nm) 
have  been  investigated.  By  the  result,  the  CoCrTa  trilayered  thin  film  with  interlayer  Pt 
.showed  good  c-axis  orientation  3.45°  and  3.62°  at  thickness  5nm  and  lOnm  respectively. 
However,  CoCrTa  thin  film  using  interlayer  paramagnetic  CoCr  showed  8.28°  and  8.62°  at 
thickness  5nm  and  lOnm  respectively. 


INTRODUCTION 

Perpendicular  magnetic  recording  [1]  is  regarded  as  a  candidate  for  achieving  ultra-high 
density  above  100Gbits/in“  [2].  Among  the  rest  thin  films  of  Co-Cr  alloy  with  thickness  of 
several  tens  of  nanometers  are  known  as  most  compatible  media  due  to  easiness  of  thin  film 
preparation,  and  control  of  coercivity  and  saturation  magnetization.  In  these  thin  film  media 
of  Co-Cr  alloy  the  most  important  things  are  realization  of  being  low-noise  and  high 
recording  density.  To  overcome  these,  it  is  necessary  to  be  thinner  the  thickness  of 
ferromagnetic  recording  layer,  and  necessary  to  be  finer  grains.  However,  because  of  the 
formatted  initial  layer  that  exhibited  to  bad  perpendicular  characteristics,  it  should  be 
improve  magnetic  characteristic  of  magnetic  layer  and  be  thinner  the  initial  layer  as  much  as 
a  possible  [3].  In  this  study,  the  effects  of  inserting  interlayer  to  CoCrTa/Ti  doublelayer  media 
for  perpendicular  magnetic  recording  are  ob.served. 

EXPERIMENTAL  DETAILS 

Films  were  prepared  by  using  the  New  Facing  Targets  Sputtering  apparatus  with  box  type 
sputtering  units.  FTS  [4,5J  was  in  which  substrate  was  located  apart  from  plasma,  so  called 
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plasma  free,  and  could  restrain  bombardment  to  substrate  from  Y'Olcctron  and  negative  ion  as 
high-energy  particles  and  maintain  the  stable  eleetrical  discharge  at  low  gas  pressure. 

Forming  the  magnetron  mode  with  varying  location  of  a  permanent  magnet,  NFTS  [6]  can 
confine  plasma  effectively  and  expand  efficiency  area  of  target.  Also,  FTS  can  prepare  the 
thin  film  that  has  a  good  compositional  segregation  and  spinodal  decomposition.  Ti  [7]  as 
underlayer,  CoCrTa  as  magnetic  layer,  and  an  interlayer  of  Pt  and  paramagnetic  CoCr  were 
deposited  on  Si  substrate.  The  background  pressure  was  5x10'^  Torr.  The  substrate 
temperature  fixed  at  250°C.  Sputtering  processing  was  performed  at  input  current  0.2  A  under 
Ar  gas  pressure  of  1  mTorr.  The  thickness  of  magnetic  layer  and  underlayer  were  50  nm  and 
20  nm  respectively.  To  investigate  the  effect  of  annealing,  postannealing  was  carried  in 
vacuum  of  5x1 0’^  Torr  at  100-500°C  for  Ihour.  Magnetic  properties  were  measured  by  using 
a  vibrating  sample  magnetometer  (VSM),  and  the  crystalline  orientation  of  the  film  was 
investigated  by  X-ray  diffractometer.  The  surface  of  film  was  observed  by  atomic  force 
microscopy  (AFM). 

DISCUSSION 

Figure  1  shows  XRD  patterns  of  prepared  films  on  variation  of  interlayer  thickness. 
Diffraction  intensity  of  Co  (002)  of  CoCrTa/fPt/Ti]  was  five  times  stronger  than  CoCrTa/ 
fCoCr/Ti]  and  CoCrTa/Ti.  This  result  suggests  that  crystalline  growth  of  Pt  is  well  at  high 
temperature  and  Pt  promote  crystalline  growth  of  CoCrTa  layer  deposited  on  it. 

Co((K)2) 


Figure  1.  XRD  patterns  of  prepared  films  on  variation  of  interlayer  thickness 
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Table  1.  Perpendicular  coercivity  Hd,  in-plane  coercivity  He//  and  dispersion  of  the  €■ 
axis  orientation  A650  of  prepared  thin  film. 


Media 

Layer  Structure 

HdlkOe] 

He//  [kOe] 

AGso  [deg.] 

Ml 

CoCrTa/Ti  (20) 

1.67 

0.398 

5.69 

M2 

CoCrTa/fCoCr  (10)/Ti  (10)1 

1.03 

0.432 

8.62 

M3 

CoCrTa/fCoCr(5)/Ti(].5)] 

1.32 

0.552 

8.28 

M4 

CoCrTa/[Pl(10)/ri(10)J 

1.91 

0.372 

3.62 

M5 

CoCrTa/[Pt  (5)/Ti  (15)] 

1.98 

0.344 

3.45 

*  Number  of  parentheses  shows  thickness  of  film 


Table  1  shows  perpendicular  coercivity  Hd,  in-plane  coercivity  He// 
and  dispersion  of  the  c-axis  orientation  A0.so  of  prepared  thin  film. 

Dispersion  of  the  c-axis  orientation  AGso  of  CoCr-based  thin  films  with  the  c-axis 
perpendicular  to  the  film  plane  was  evaluated  from  the  full  width  at  half  maximum  0 
f  the  rocking  curve  of  Co(002)  peak. 

Hc±,  He//  and  AGso  of  prepared  thin  film  with  Pt  interlayer  exhibit  a  good  value  compared 
with  that  of  paramagnetic  CoCr  layer.  This  result  is  due  to  .superior  matching  between  Pt 
(111)  plane  and  CoCrTa  (002)  plane  than  paramagnetic  CoCr  deposited  on Ti  underlayer. 
Figure  2  shows  AFM  images  of  CoCrTa/fPt/Ti]  and  CoCrTa/[CoCr/Ti]  trilayered  film  at 
interlayer  5nm  thickness.  Scan  size  is  1x1  |im.  As  shown  in  Figure  2,  crystalline  grain  of 
magnetic  layer  of  trilayered  film  with  Pt  interlayer  was  explicitly  observed  than  paramagnetic 
CoCr. 


( a )  t  l‘t(  5mii  !( I  .‘<niii)| 
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Figure  2.  AFM  images  of  (a)  CoCrTa[Pt(5nm)/Ti(15niTi)l  and  (b)  CoCrTa[CoCr(5nm)/ 
Ti(15nm)l  trilaycred  film(Ra:  (a)  1.81  bnm,  (b)  1.274iim). 


The  effect  of  crystallographic  and  magnetic  characteristics  on  varying  annealing 
temperature  was  investigated.  Figure  3  shows  XRD  patterns  of  trilayered  film  with  interlayer 
of  Pt  on  annealing  temperature.  For  all  of  the  prepared  samples,  it  was  observed  that  peak  of 
crystalline  plane  of  CoCrTa  was  moved  at  Ta  500°C.  The  reason  for  this  behavior  was 
exposed  due  to  crystalline  size  that  was  affected  by  distance  between  planes.  Figure  4  shows 
dependence  of  Hd  and  A05(,  on  annealing  temperature.  Ae.so  slightly  decrease  with  increasing 
annealing  temperature.  However,  at  Ta  is  above  300°C,  Hd  drops  rapidly. 
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Figure  3.  XRD  patterns  of  CoCrTii/IPt/Ti]  trilaycred  thin  film  on  annealing  temperature. 
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Figure  4.  Dependence  of  Hd  and  A05o  of  CoCrTa/fPt/Ti]  trilayered  thin  film  on  annealing 
temperature. 

At  first,  making  Pt  element  diffusing  into  Pt  element  into  CoCrTa  layer  through  annealing 
treatment,  this  experiment  was  intending  to  form  CoCrPtTa  crystallite  with  high 
perpendicular  coercivity.  However,  perpendicular  coercivity  Hd  was  decreased  due  to 
segregation  structure  of  magnetic  layer  according  to  homogenized  with  increasing  annealing 
temperature. 

Figure  5  shows  AFM  images  of  CoCrTa/[Pt(5nm)Aril  for  as-deposited  and  postannealed 
at  SOO^C.  Average  crystalline  size  was  34.02nm  and  36.36nm  respectively. 


Figure  5.  AFM  images  of  as-deposited  and  postannealed  at  500°C  of  CoCrTii/[Pt(5nm)A’iJ 
trilayered  thin  film,  (a)  as-deposited(Ra=1.816nm)  (b)  postannealed(500“C)(Ra=2.399nm) 
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CONCLUSIONS 


Wc  prepared  CoCr-based  trilayered  thin  film  with  varying  interlayer  thickness  using  the 
New  Facing  Targets  Sputtering  System.  As  a  result,  trilayered  thin  film  with  Pt  interlayer 
shows  good  value  of  perpendicular  coercivity  and  dispersion  angle  of  c-axis  compared  with 
the  film  with  CoCr  interlayer.  Also,  trilayered  film  with  5nm  of  interlayer  thickness  had 
higher  perpendicular  coercivity  H,  !  and  had  lower  dispersion  of  the  c-axis  orientation  AG.so 
than  lOnm  of  interlayer  thickness.  Especially,  trilayered  film  with  Pt  interlayer  thickness  of 
5nm  exhibited  high  perpendicular  coercivity  value  about  2kOe  and  dispersion  of  the  c-axis 
orientation  3.45°.  That  means  epitaxial  growth  is  achieved  due  to  superior  crystalline 
orientation  of  Pt  and  Ti  layer  at  high  temperature  and  matching  between  CoCrTa  magnetic 
layer  and  Pt  layer  deposited  on  those.  So,  it  was  improved  crystallographic  and  magnetic 
characteristics  by  inserting  interlayer  to  CoCr-based  thin  film  alloy. 

A  Crystallographic  characteristic  of  CoCrTa/fPt/Til  trilayered  film  was  improved  about 
3.1°  of  A05O  at  annealing  temperature  500°C.  But,  for  effect  of  the  interference  between  grain 
lattice,  perpendicular  coercivity  was  decreased. 
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ABSTRACT 

The  results  of  the  experimental  study  of  CoX/Pd  multilayer  based  recording  layers  for  per¬ 
pendicular  recording  media  are  presented.  The  perpendicular  magnetic  recording  media  with 
multilayer  recording  layers  and  high  moment  soft  underlayers  were  deposited  by  magnetron 
sputtering.  It  is  shown  how  a  favorable  microstructure  of  the  multilayer  films  can  be  achieved 
by  the  use  of  the  appropriate  buffer  layers.  The  effects  of  boron  addition  to  the  cobalt  layer 
in  a  multilayer  recording  layer  is  described.  The  feasibility  of  the  aging  process  that  leads 
to  the  reduced  exchange  coupling  in  the  multilayer  recording  layer,  is  demonstrated.  It  is 
shown  that  boron  addition  to  the  cobalt  layer  accelerates  the  aging  process. 

INTRODUCTION 

As  the  storage  industry  ramps  the  areal  bit  densities  at  increasingly  higher  rates,  thermal 
instabilities  in  recording  media  begin  to  manifest  themselves [1].  Perpendicular  recording 
technology  [2]  while  being  technically  close  to  conventional  longitudinal  recording  and  the 
least  difficult  technology  to  make  the  transition  to  if  necessary  [3,  4,  5,  6],  addresses  the  issue 
of  thermal  stability  for  areal  bit  densities  exceeding  lOOGbit/in^  [7]. 

Several  candidates  for  the  perpendicular  media  recording  layers  are  being  considered. 
Hexagonal  single  layer  CoCr-based  alloys  are  among  the  strongest  candidates  due  to  a  wealth 
of  knowledge  about  material  properties  accumulated  over  the  years  using  these  alloys  for 
longitudinal  media.  The  major  drawback  in  using  hep  Co  alloys  is  the  difficulty  in  achieving 
the  high  remanent  squareness,  preferably  equal  to  one.  Remanent  squareness  of  less  than  one 
leads  to  substantial  DC  noise  and  potential  thermal  instabilities.  LIO  phases  of  CoPt,  FePt, 
etc.  suffer  from  the  lack  of  knowledge  of  how  to  control  the  microstructure  and  magnetic 
properties.  These  highly  attractive  materials  due  to  their  high  magnetic  anisotropy  can 
play  an  important  role  in  the  future  magnetic  recording  technologies  if  the  mentioned  above 
technical  difficulties  are  resolved. 

An  alternative  approach  is  to  use  Co  and  Co-alloy  based  multilayers [8,  9,  10].  In  this  set 
of  materials,  the  magnetic  anisotropy  is  controlled  by  interfacial  effects  between  Co  and  Pt  or 
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Pel  iioii-magnotic  (but  highly  polarizable)  spacer  layers.  The  multilayers  form  an  attractive 
class  of  materials  since  they  exhibit  high  remanent  squareness  and  easily  controlled  magnetic 
anisotropy  with  both  aspects  being  critical  for  the  thermal  stability. 


EXPERIMENTAL  DETAILS 

The  media  films  were  deposited  by  magnetron  sputtering  onto  AlMg/NiP  substrates  at 
room  temperature.  The  following  general  perpendicular  media  structure  was  utilized  [sub- 
strate/buffer/soft  imderlayer/buffer/multilayer/overcoat].  Ni45Fe55/Ta/FeAlN  was  used  as  a 
soft  underlayer.  Indium  oxide  doped  with  10  wt%  of  tin  oxide  (ITO)  was  used  as  a  seed/buffer 
layer  to  control  the  microstructurc  of  the  (CoX/Pd)A^  multilayer  recording  layer [8].  Tanta¬ 
lum  was  used  as  a  buffer  for  Co/Pd  multilayer  films  as  well  for  comparison.  Both  pure  Co 
and  Co  doped  with  4%  of  boron  were  used  in  a  multilayer  structure.  The  multilayer  films 
wore  deposited  in  SOmTorr  of  Kr.  A  5nm  hydrogenated  carbon  (CiH^r)  overcoat  was  used  as 
a  protective  wear-resistive  layer. 

Single  i^ole  recording  heads  with  the  pole  tip  made  of  Ni^.^Foss  alloy  with  a  47rMs  of 
IGkG  and  GMR  l)asod  readers  were  used  to  test  the  media.  The  track  width  was  O.S^m. 
Autocorrelation  signal-to-noise  (ACSN)  ratio  using  a  pseudo-random  bit.  pattern  covering 
spectral  density  from  0  to  200kfci  was  used  as  a  sigiial-to-noise  ratio  (SNR)  measurement 
technique. 

A  custom  built  polar  Kerr  magnetometer  was  used  to  measure  the  M-H  loops.  The 
stru(;ture  of  the  films  was  determined  using  a  Philips  X-Pert  Pro  X-ray  diffractometer  and 
transmission  ele(4.ron  microscopy  (TEM)[11].  The  compositional  distribution  of  the  films 
was  studied  by  electron  energy  loss  spectroscopy  (EELS). 

INFLUENCE  OF  ITO  BUFFER  LAYER  ON  THE  M  CROC  STRUCTURE  AND 
ON  THE  MAGNETICS  OF  MULTILAYER  FILMS 

It  is  important  to  einpha.size  the  role  of  ITO  buffer  layers  on  the  niicrostructure  and  resulting 
magnetic  properties  of  multilayer  films.  Figure  1  compares  plain-view  TEM  micrographs  of 
the  multilayer  films  deposited  on  Ta  and  ITO  seed  layers.  The  morphologies  of  the  two  films 
are  distinctly  different.  In  the  case  of  the  Ta  buffer  layer,  a  usual  polycrystalline  granular 
structure  is  obsc'rverl  while  in  the  case  of  the  ITO  buffer  layer,  the  films  appear  to  consists  of 
aggiomerates  of  grains  that  are  surrounded  by  either  different  density  or  different  elemental 
composition  materia,!.  EELS  revealed  that  the  intergranular  material  is  a  CoPd  alloy  with 
sul)stantially  lesser  density  than  the  material  that  makes  the  body  of  the  columns/grains. 

The  cross-sectional  TEAI  micrograph  shown  in  Fig.  2  compares  the  Co/Pd  multilayer 
films  grown  on  ITO  and  Ta  buffer  layers.  The  Co/Pd  multilayer  on  ITO  buffei  exhibits 
two  clearly  distinct  layers:  a  continuous  film  to  about  1/4  of  the  film  thickness  followed  a 
film  represented  by  columns,  or  grain  aggiomerates,  surrounded  by  lower  density  material 
regions.  In  contrast,  the  Co/Pd  multilayer  films  grown  on  Ta  buffer  layer  appears  to  have  a 
cont  inum  is  str u  ct  ur e . 

One  can  expect  that  the  double-layer  structure  of  the  multilayer  films  would  have  a 
strong  infiueiK'c  on  tlu^  magnetic  properties  of  the  films  and,  ultimately,  on  the  recording 
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Figure  1:  Bright  field  plain- view  TEM  images  of  Co/Pd  multilayer  films  on  Ta  and  ITO 
buffer  layers. 

performance  of  the  media  that  utilizes  such  multilayers  as  recording  layers.  The  distinctly 
different  microstriictnrcs  of  the  two  layers  will  result  in  different  magnetic  properties  of 
the  two  layers.  Reduced  exchange  coupling  is  expected  between  the  columns  which  are 
surrounded  by  lower  density  material  while  the  bottom  continuous  layer  is  expected  to  be 
strongly  exchanged  coupled  within  the  layer. 

Figure  3  compares  M-H  loops  of  multilayer  films  grown  on  Ta  and  ITO  buffer  layers.  In 
the  case  of  a  Co/Pd  multilayer  film  deposited  on  a  Ta  buffer  layer,  the  film  is  continuous  and 
can  be  expected  to  be  substantially  exchange  coupled.  This  strong  exchange  in  the  multilayer 
film  grown  on  a  Ta  buffer  is  demonstrated  in  Fig. 3  where  mostly  collective  magnetization 
reversal  takes  place  at  essentially  the  same  external  field  value  (very  high  value  of  the  slope 
in  the  reversal  region).  In  the  case  of  a  Co/Pd  multilayer  film  deposited  on  a  ITO  buffer 
layer  where  3/4  of  the  film  consists  of  exchange  decoupled  magnetic  columns,  the  shape  of 
the  hysteresis  loop  is  dramatically  different,  with  a  clearly  finite  slope  of  the  magnetization 
reversal  region  and  a  drastically  boosted  coercivity  value. 

It  is  commonly  believed  that  in  multilayers  the  magnetic  anisotropy  is  controlled  by  the 
interfacial  effects  between  the  layers  and  for  that  reason  is  called  surface  anisotropy.  No 
significant  crystalline  texture  was  observed  using  X-ray  diffraction  in  Co/Pd  multilayer  films 
grown  on  a  ITO  buffer,  which  further  supports  the  view  that  the  anisotropy  arises  predomi¬ 
nantly  from  intcrfacial  effects  in  the  multilayer  films  (See  Fig.  4.)  This  is  in  contradiction  to 
previously  published  data  where  authors  correlated  the  presence  of  <  111  >  crystallographic 
texture  in  Co/Pd  multilayers  with  the  increase  of  magnetic  anisotropy [12]. 


Figure  2:  Cross-section  TEM  image  of  Co/Pd  multilayer  film  on  ITO  buffer  layer  (left)  and 
of  Co/Pd  multilayer  film  on  Ta  (right). 
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Figure  3:  M-H  loops  for  t.lic  multilayer  films  grown  in  ITO  and  Ta  buffer  layers. 


Figure  4:  X-ray  (111)  rocking  curves  for  Co/Pd  multilayers  grown  on  Ta  and  ITO  buffer 
layers. 


To  further  illustrate  the  importance  of  the  correct  microstructure  of  the  multilayer  films 
that  the  ITO  buffer  layer  provides,  the  recording  performance  of  the  two  multilayer  based 
media  (with  Ta  and  ITO  buffer  layers)  were  studied.  Figure  5  compares  roll-off  curves  and 
SNR  of  the  two  media.  A  substantial  improvement  of  the  recording  performance  of  the 
media  witli  the  ITO  buffer  layer  is  observed  vs.  media  in  which  Ta  is  used  as  a  buffer  layer 
for  the  Co/Pd  multilayer  recording  layer. 

EFFECTS  OF  BORON  ADDITION  TO  COBALT  LAYER 

Figure  6  compares  roll-off  curves  and  SNR  of  Co/Pd  and  CoB/Pd  multilayer  based  perpen¬ 
dicular  media.  A  clear  improvement  in  both  SNR  and  roll-off  curves  is  observed  with  the 
boron  addition.  TEM  studies  of  the  multilayer  microstructure  did  not  reveal  any  measurable 
variation  in  the  column  size  distribution  leading  to  the  conclusion  that  the  most  likely  role 
of  boron  is  of  an  addit.ive  facilitating  better  exchange  decoupling  of  the  magnetic  columns. 
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Figure  5:  RolFofF  curves  and  SNR  for  the  media  with  ITO  and  Ta  buffer  layers  for  Co/Pd 
multilayer  structure. 
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Figure  6:  The  effect  of  boron  addition  to  the  Co  layer  in  the  Co/Pd  multilayer  recording 
layer. 


AGING  EFFECTS 

The  recording  performance  of  as  deposited  films  was  compared  to  the  recording  performance 
of  the  films  exposed  to  ambient  conditions  for  180  days.  As  shown  in  Fig.  7  which  com¬ 
pares  the  two  sets  of  data,  improved  SNR  and  roll-off  curves  that  extended  to  higher  linear 
densities  were  observed  in  the  ’’aged”  films.  One  of  the  likely  explainations  of  the  observed 
improvement  in  the  recording  performance  is  preferential  oxidation  of  the  column  boundaries 
as  the  lower  density  material  in  the  grain  boundaries  facilitates  oxygen  and/ or  water  vapor 
diffusion.  Since  no  measurable  aging  effect  was  observed  in  Co/Pd  multilayers  without  boron 
additions,  one  can  conclude  that  boron  additions  act  as  a  precursor  for  accelerated  column 
boundary  oxidation.  Although  180  day  aging  is  clearly  not  a  manufacturable  process,  the 
observed  aging  phenomenon  suggests  feasible  routes  for  improving  the  multilayer  media  per¬ 
formance  via  accelerated  aging  techniques  such  as  aging  in  an  oxygen  rich  environment  at 
elevated  temperatures. 
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Figure  7:  The  Influence  of  the  aging  process  on  the  recording  performance  of  the  multilayer 
based  media. 


SUMMARY 

In  summary,  the  effects  of  an  ITO  buffer  on  microstructure  and  magnetic  properties  of  Co/Pd 
multilayer  films  has  been  studied.  It  was  shown  that  boron  additions  improve  the  recording 
performance  of  Co/Pd  multilayer  based  media.  Furthermore,  it  is  shown  that  boron  works 
as  a  precursor  in  the  aging  of  the  CoB/Pd  multilayer  structures,  helping  to  further  improve 
the  recording  performance  of  multilayer  bfiscd  media. 
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ABSTRACT 

Electrochemical  impedance  spectroscopy  is  used  to  characterize  the  growth  of  NiO  over 
Ni  electrodes.  We  find  a  limited  increase  of  thickness  and  a  significant  increase  of  porosity  of 
the  oxide  as  a  function  of  time  and  anodization  potential.  Conductance  measurements 
performed  on  Ni/NiO/Co  junctions  of  30  nm  diameters  indicate  the  presence  of  a  Coulomb 
blockade  at  low  temperatures  and  small  bias.  Tunneling  is  observed  at  higher  bias.  Small 
magnetoresistance  ratios  (1%)  are  found. 


INTRODUCTION 

Synthesis  of  a  metal/insulator/metal  system  by  electrochemical  techniques  is  presented. 
We  use  template  methods  to  make  ultra-small  ferromagnetic  tunnel  junctions,  of  interest  for 
.studying  magnetoresistive  sensors.  The  conductance  of  a  ferromagnet/insulator/ferromagnet 
system  is  modified  when  switching  the  magnetic  alignment  of  the  two  ferromagnetic  contacts 
between  parallel  and  antiparallel  configurations  [1,2].  This  junction  magnetoresistance  is  of 
interest  for  making  new  types  of  magnetic  sensors  and  memories  [3].  The  electrochemical 
technique  we  use  is  an  original  method  for  making  such  structures,  and  junctions  with  areas  as 
small  as  0.008  pm^  can  be  prepared  and  investigated.  Our  first  results  showed  remarkably  large 
magnetoresistance  (MR)  effects  in  such  Junctions,  and  a  model  of  conductance  governed  by 
impurity  states  in  the  bairier  has  been  put  forward  [4].  Theoretical  models  of  inteiplay  between 
Coulomb  blockades  and  tunnel  magnetoresistance  have  been  published  recently  [5  -  7].  In  light 
of  these  models,  our  goal  is  to  investigate  the  extent  to  which  the  MR  in  our  systems  is  due  to 
themrally  enhanced  sequential  tunneling,  co-tunneling  [5]  or  spin  accumulation  [6,  7]. 

In-situ  investigations  during  the  synthesis  of  the  insulating  barrier  are  helpful  in 
understanding  and  in  controlling  the  morphological  and  electrical  properties  of  the  oxide  barrier. 
We  modulate  the  electrochemical  process  necessary  to  grow  the  barrier  with  an  AC  excitation. 
By  monitoring  the  frequency  dependent  response  of  the  system  to  this  excitation,  we  can  thus 
monitor  and  quantify  the  growth  of  the  insulating  oxide  in-situ.  Electrochemical  impedance 
spectroscopy  (EIS)  is  a  well-established  characterization  method,  and  we  can  take  advantage  of 
the  abundant  literature  on  corrosion  studies  to  compare  our  results  with  those  obtained  for  other 
dielectric  layers  on  conductors  in  electrochemical  baths  [8].  Under  appropriate  experimental 
conditions  we  are  able  to  decouple  the  impedance  of  the  electrochemical  bath  from  the 
impedance  due  to  the  oxide  coating.  Correlation  between  the  electric  conductance  of  the  metal- 
insulator-metal  system  and  the  EIS  of  the  metal/insulator  electrode  gives  a  clearer  picture  of  the 
morphology  of  the  insulating  oxide. 
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Polycarbonate  track-etched  membranes  were  used  as  templates  for  the  electrodeposition 
of  wires  with  lengths  of  7  pm  and  diameters  as  small  as  30  nm  [9].  Ni  halt-wires  were  plated 
using  a  Watt’s  bath.  Anodization  of  Ni  was  performed  in  0.075  M  sodium  borate  and  0.3  M 
boric  acid  solution  [10],  The  Co  overlayer  was  plated  using  a  non-aqueous  bath  comprised  of 
O.IM  cobalt  chloride  (anhydrous)  in  dimethylfomiamide  or  ethylene  glycol.  Deposition  of  the 
cobalt  overlayer  was  perfonned  in  a  nitrogen  atmosphere  (containing  less  than  3  ppm  of  oxygen 
and  water)  to  eliminate  side  reactions  possible  during  the  Co  plating  [4]. 

EIS  studies  were  perfonned  in  the  sodium  borate  bath  during  the  anodization  process.  A 
frequency  response  analyzer  coupled  with  an  electrochemical  interface  was  used  to  record  the 
spectrum.  Figure  1  shows  a  theoretical  EIS  spectrum  of  a  thin  dielectric  coating  of  a  metal,  with 
the  corresponding  equivalent  circuit.  Extensive  literature  can  be  found  on  the  subject  [11].  At 
high  frequencies  the  kinetics  of  the  redox  processes  (elements  Rl,  Cl  and  R2a)  dominate  the 
response.  This  is  manifested  by  a  high-frequency  half-circle  in  the  Nyquist  plot  (Figure  1),  In 
mid  range  frequencies,  the  dielectric  thin  film  contributes  through  elements  R2b,  R3  and  CPEl 
to  the  second  half-circle  of  the  spectrum.  The  constant  phase  element  expresses  a  frequency- 
dependent  capacitance  that  is  observed  for  very  thin  films.  In  detailed  analysis,  deviations  from 
perfect  capacitance  can  be  inteiprctcd  in  temis  of  film  porosity.  At  low  frequency,  the  dominant 
mass  transfer  process  is  represented  by  the  lumped  elements  W1  (Warburg  impedance),  R4  and 
CPE2.  Ex-situ  electrical  connections  were  made  to  single  wires  by  monitoring  the  deposition 
current  as  described  previously[  12].  Low  temperature  investigations  were  performed  in  a 
helium  cryostat  under  magnetic  field  of  ±  10  T  range. 
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Figure  1.  Nyquist  plot  of  a  theoretical  electrochemical  impedance  spectrum,  with  the  related 
equivalent  circuit.  The  dielectric  coating  is  represented  by  the  lumped  elements  R2b,  CPEl  and 
R3. 


RESULTS 


Systematic  measurements  of  the  EIS  spectioim  of  Ni/NiO  systems  were  performed  as  a 
function  of  time  and  anodization  potential.  Figure  2  shows  the  evolution  of  the  spectrum  with 
time.  The  half  circle  at  mid-range  frequencies  (between  and  1  kHz  and  100  kHz  typically)  can 
be  attributed  to  the  presence  of  a  dielectric  layer  on  the  electrode  surface;  however,  care  should 
be  exercised  in  making  a  quantitative  inteipretation  of  the  data.  In-situ  EIS  is  advantageous 
because  the  insulator  of  interest  can  be  characterized  as  it  is  grown.  Unfortunately,  the 
impedance  of  the  bath  is  convolved  with  that  of  the  circuit  elements  of  interest.  For  example,  the 
low  impedance  values  found  at  low  frequencies  are  associated  with  mass  transfer  processes.  As 
a  result,  reliability  of  absolute  values  for  the  insulator  properties  is  decreased  when  chemical 
processes  occur.  Qualitative  infomiation  can  be  obtained  by  measuring  the  time  evolution  of  the 
EIS  response  at  a  frequency  (e.g.,  5  kHz)  where  changes  in  the  dielectric  properties  of  the  banier 
are  particularly  evident.  After  a  rapid  initial  growth  phase  that  occurs  over  a  few  tens  of  seconds, 
the  capacitance  associated  with  the  oxide  barrier  increases  slowly  with  anodization  time.  Figure 
3  demonstrates  the  influence  of  the  anodization  potential  on  the  capacitance.  The  imaginary 
part  of  the  impedance  decreases  as  the  potential  of  the  anode  is  made  more  positive.  It  also 
decreases  with  increased  anodization  time.  The  related  increase  in  capacitance  indicates  an 
increase  in  the  effective  area  of  the  oxide  and  a  limit  to  the  maximum  thickness  that  can  be 
achieved.  In  other  words,  we  find  that  the  porosity  of  the  nickel  oxide  increases  with  time  and 
anodization  potential.  This  result  confirms  previous  studies  of  anodized  nickel  that  suggest  the 
presence  of  a  thin  NiO  film  of  a  few  atomic  layers  which  becomes  more  porous  upon  extended 
anodization  [13].  After  plating  the  top  Co  half-wire,  we  investigated  the  cuiTent-potential 
response  of  a  series  of  samples  at  low  temperatures  (Figure  4).  We  observed  a  systematic 
decrease  of  the  sample  conductance  when  increasing  the  anodization  potential.  At  low  bias  a 
majority  of  the  sample  showed  a  low  conductance  that  can  be  attributed  to  blocking  of  electron 
flow  by  an  electrostatic  energy  E,.  =  eV2C,  where  C  is  the  capacitance  between  the  blocking 
island  and  current  source  and  drain.  At  the  limit  of  zero  temperature,  no  current  flows  for 
voltage  bias  smaller  than  e/2C. 


Figure  2,  The  obsen'ed  impedance  spectrum  of  anodized  Ni  for  several  anodization  times. 


Time,  s 

Figure  3.  Time  evolution  of  the  imaginary  part  of  the  impedance  at  5  kHz,  for  several 
anodization  potential  values.  In  a  first  approximation  -lin(Z)  can  be  interpreted  as  the  inverse  of 
the  oxide  film  capacitance. 
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Figure  4.  IV  curves  of  Ni/NiO/Co  nanowires  of  30  nm  diameters.  Inserts  are  derivatives  of  the 
curves,  with  the  corresponding  fittings  using  tunneling  (left)  of  Coulomb  blockade  at  low  bias 
and  tunneling  at  high  bias  (right). 
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One  can  express  the  current  due  to  tunneling  through  a  barrier  of  width  t  and  height  Wg, 
by  the  equation 


which  corresponds  to  a  quadratic  conductance  versus  voltage  in  first  approximation  [14]. 
Values  of  t  and  Wg  are  fit  to  the  above  equation  in  the  set  of  four  samples  shown  in  Figure  4.  A 
value  of  0.008  |im^  is  used  for  the  area  of  all  the  junctions.  This  is  a  rough  estimate 
corresponding  to  the  geometric  cross-section  area  of  the  nanowires.  The  porosity  of  the  oxide 
increases  this  value,  but  filamentary  conduction  will  occur  through  a  limited  fraction  of  the 
junction,  reducing  its  effective  area.  The  barrier  thickness  and  height  contribute  exponentially 
to  the  conductance,  and  fitted  values  of  typically  1  eV  for  the  barrier  height  and  1  nm  for  its 
thickness  account  for  the  whole  set  of  investigated  samples. 

No  significant  change  of  conductance  with  temperature  is  expected  for  a  tunneling 
barrier  of  energy  height  much  larger  than  kT.  The  significant  conductance  viu-iation  we  obseive 


at  temperatures  higher  than  a  few  tens  of  K  (Figure  5)  is  inconsistent  with  the  simple  model 
presented  above.  The  electronic  conductance  of  our  junctions  increases  when  the  temperature  is 
increased,  apparently  because  intennediate  energy  levels  become  thennally  accessible. 
Consequently,  at  “high”  temperatures,  a  semiconductor-type  conduction  plays  the  dominant 
role.  The  classical  expression  is  of  the  form: 


W„-eV 

2kJ 


where  =  2 


mkj 


where  Nj  is  the  donor  concentration  and  Wd  is  the  donor  activation  energy.  To  summarize,  our 
samples  show  three  conduction  regimes:  a  Coulomb  blockade  regime  at  low  voltage  bias  and 
low  temperatures,  a  tunneling  regime  at  high  voltage  bias  and  low  temperatures,  and  a  regime  at 
high  temperatures  where  conduction  is  mediated  by  defects  in  the  barrier. 


Magnetoresistance  measurements  are  shown  in  Figure  6.  We  found  small  MR 
amplitudes,  rapidly  decreasing  with  voltage  bias.  These  values  are  reminiscent  of  results  found 
on  NiO  junctions  made  by  vacuum  techniques  [15],  and  do  not  reach  the  large  values  previously 
found  on  larger  nano  wires  (diameter  80-100  nm).  A  possible  explanation  is  the  lower 
conductance  of  this  new  series  of  samples,  making  the  process  of  co-tunneling  very  unlikely  [5], 
The  enhancement  of  the  MR  is  therefore  of  low  probability  and  we  find  that  a  sequential 
tunneling  thermally  enhanced  through  a  Coulomb  blockade  does  not  show  large  MR  effects. 


The  supports  from  NSF  CAREER  DMR  98-74657,  NSF  REU  SITE  program  DMR  97-32056 
(J.R.  J.)  and  the  Nebraska  Research  Initiative  are  gratefully  acknowledged. 
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Figure  5.  Temperature  evolution  of  the  conductance,  measured  at  several  different  voltage  bias. 
The  conduction  regimes  are  indicated  by  A:  Coulomb  blockade,  B:  tunneling,  C: 
semiconducting. 


Figure  6.  Magnetoresistance  curves  at  5  K,  for  two  different  voltage  bias.  The  resistance  is 
normalized  to  the  antiparallel  state  value. 
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ABSTRACT 

Epitaxial  growth  of  the  dilute  magnetic  semiconductors  GaMnP  and  GaMnN  has  been 
investigated  by  Gas  Source  Molecular  Beam  Epitaxy  (GSMBE).  GaMnP  films  grown  with  < 
4.5%  Mn  show  the  preferential  formation  of  the  second  phases  MnP  and  Mn5.64P3,  resulting  in 
only  a  slight  deviation  from  purely  diamagnetic  behavior.  GaMnN  films  grown  on  both  AI2O3 
and  Metal-Organic  Chemical  Vapor  Deposition  (MOCVD)  derived  GaN  surfaces  show  strong 
ferromagnetism  when  grown  with  either  C  codoping  or  at  elevated  temperatures  to  raise  the 
concentration  of  n-type  carriers.  Comparable  GaMnN  films  grown  under  conditions  which 
produce  highly  resistive  material  show  only  paramagnetism,  indicating  the  importance  of  carrier 
concentration  on  the  resulting  magnetic  behavior.  The  formation  of  second  phases  was  not 
observed  in  the  GaMnN  material  for  Mn  concentrations  less  than  9%. 


INTRODUCTION 

Since  the  invention  of  the  transistor,  all  facets  of  semiconductor  electronics  technology 
have  been  based  upon  the  exploitation  of  the  electron  charge.  Currently,  a  large  research  effort  is 
centered  upon  methods  to  also  exploit  the  property  of  electron  spin.  For  many  years  it  has  been 
hypothesized  that  “spintronic”  devices  that  utilize  the  quantum  properties  of  the  electron  spin 
wavefunction  will  allow  great  advances  in  the  development  of  electro-optic  switches,  ultra¬ 
sensitive  magnetic  field  sensors,  and  particularly,  quantum-based  logic  and  memory  for  high 
speed  computation^^ However,  its  has  been  found  that  directly  mating  electronic  materials 
(semiconductors)  with  spin  materials  (ferromagnetic  metals)  leads  to  interfacial  problems  due  to 
the  dissimilar  nature  of  the  materials’  crystal  structure,  bonding,  physical,  and  chemical 
properties''*^  Another  solution  is  the  dilute  magnetic  semiconductor  (DMS),  which  consists  of  a 
semiconductor  host  heavily  doped  with  a  magnetic  ion.  A  DMS  material  could  permit  direct 
integration  with  current  semiconductor  devices.  Several  theories  have  been  presented  on  the 
nature  of  DMS-related  ferromagnetism^^’*^\  In  the  theory  based  upon  a  bound  magnetic  polaron 
(BMP)  model,  predicted  Curie  temperature  (Tc)  values  are  presented  for  5%  Mn  in  various  ni-V 
and  II- VI  semiconductors  with  a  concentration  of  free  holes  equal  to  3.5x1  O^^’/cm^  To  date, 
the  best  experimental  Tc  values  for  InMnAs,  GaMnSb,  and  GaMnAs  reasonably  agree  with 
theory,  but  are  still  well  below  room  temperature^^''^^.  The  III-V  DMS  material  GaMnN  is 
predicted  to  have  a  Tc  well  above  room  temperature,  while  the  material  GaMnP  is  expected  to  be 
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more  compatible  with  Si  devices  due  to  its  close  lattice  matching.  GaMnN  has  been  produced  in 
a  powder  form,  but  its  application  is  limited^ In  this  paper,  we  demonstrate  for  the  first  time 
the  thin  film  growth  of  the  DMS  materials  GaMnP  and  GaMnN. 


EXPERIMENTAL  PROCEDURE 

Films  were  grown  by  GSMBE  in  an  INTEVAC  Gas  Source  Gen  U  on  In-mounted 
substrates.  GaMnN  films  were  grown  on  either  (0001)  AI2O3  substrates  upon  which  a  20  nm  low 
temperature  AIN  buffer  layer  (Tg  =  435°C)  was  applied,  or  on  MOCVD  grown  n-GaN  layers  on 
AI2O3  substrates.  GaMnP  films  were  grown  on  epi-ready  (100)  GaP  substrates.  The  A1  for  the 
low  temperature  buffer  layer  was  provided  by  a  dimethylethylamine  alane  source.  Shuttered 
effusion  ovens  charged  with  7  N  Ga  and  4  N  Mn  provided  the  group  III  and  the  magnetic  dopant 
fluxes.  The  C  dopant  was  provided  via  a  CBr4  bubbler  using  6  N  He  as  the  carrier  gas,  the  CBr4 
being  pyrolized  at  the  substrate  surface.  GaMnP:C  was  grown  with  a  CBr4  flux  sufficient  to 
produce  a  hole  concentration  of  2.7x1 0^'^/cm^  in  GaP.  The  CBr4  flux  was  held  constant  in  all  of 
the  GaMnP  growth  runs.  Reactive  nitrogen  for  the  GaMnN  films  was  provided  by  an  SVT  RF 
plasma  source  operating  at  375  W  of  forward  power  and  a  gas  flow  rate  of  3  seem  N2.  Reactive 
phosphorous  for  the  GaMnP  films  was  provided  by  thermally  cracked  PH3,  at  a  flow  rate  of  1 
seem  and  a  cracker  temperature  of  1050°C.  X-ray  diffraction  (XRD)  measurements  were 
performed  in  a  Philips  APD  3720  powder  diffractometer.  Compositional  information  was 
provided  by  Auger  Electron  Spectroscopy  (AES)  in  a  Perkin-Elmer  PHI  6600  system.  Magnetic 
measurements  were  performed  in  a  Quantum  Design  SQUID  MPMS  system.  All  Hall 
measurements  were  taken  at  room  temperature  in  a  custom  built  system  using  a  0.8  T 
electromagnet.  Curie  temperatures  for  ferromagnetic  films  were  estimated  by  comparing  the 
field  cooled  and  zero  field  cooled  curves  at  500G. 

RESULTS  AND  DISCUSSION 

The  Mn  concentration  in  GaMnP  was  found  to  increase  with  increasing  Mn  cell  temperature 
for  Mn  concentrations  up  to  8%.  Growth  temperature,  Tg,  was  found  to  play  a  significant  role  in 
determining  the  number  and  type  of  phases  found.  At  Tg  =  600°C  the  Mn  was  found  by  XRD  to 
incorporate  as  GaMnP  and  as  MnP,  which  is  orthorhombic.  As  Tg  is  reduced,  the  layers  exhibit  a 
mix  of  GaMnP,  MnP  and  Mn5.64p3*  which  is  hexagonal.  For  Tg  <  400,  Mn5.64P3  was  found  to  be 
present  in  all  of  the  films.  In  light  of  the  multi-phase  nature  of  these  films  it  is  not  surprising  that 
polycrystallinc  RHEED  patterns  were  observed  for  all  growth  temperatures. 

Electrically,  Mn  is  expected  to  behave  as  a  deep  acceptor  in  GaP  as  it  does  in  the  case  of 
GaMnAs.  However,  as  the  Mn  concentration  is  increased,  the  hole  concentration  was  found  to 
decrease  from  the  2.7xlO^‘Vcm^  in  the  GaP:C  to  3xl0'Vcm^  for  an  Mn  concentration  of  2.1%. 

Mn  concentrations  >  4.2%  produced  semi-insulating  films.  It  is  possible  that  the  reduction  in 
hole  concentration  is  due  to  the  presence  of  the  MnxPy  phases  which  are  expected  to  be  metallic. 
Magnetic  measurements  of  the  sample  with  2.1%  Mn  and  p=3xl0'Vcm^  showed  a  very  slight 
deviation  from  pure  diamagnetism  in  the  M  vs  H  data,  as  .shown  in  Figure  1.  Initial  e.stimates 
suggest  a  Tc  of  ~50K.  In  light  of  the  RHEED  and  XRD  data  it  is  likely  that  the  magnetic 
behavior  is  due  to  the  MnxPy  phases. 
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Figure  1.  Magnetic  characterization  of  GaMnP:C  grown  at  400°C.  XRD  indicates  presence  of 
MnP  and  Mn5.64P3  in  addition  to  GaMnPiC. 


Significantly  better  results  were  obtained  with  GaMnN.  Because  of  the  high  vapor  pressure 
of  Mn,  a  lower  growth  temperature,  750°C,  was  used  than  is  normally  employed  for  growth  of 
GaN  in  this  system.  Even  this  reduced  temperature  is  significantly  higher  than  is  typically  used 
for  formation  of  HI-Mn-V  alloys.  AES  analysis  showed  the  Mn  incorporation  to  be  linear  with 
Mn  cell  temperature  for  Mn  concentrations  in  the  range  of  -  1 .1  %  to  43.1  %,  as  shown  in  Figure 
2,  The  high  concentrations  that  could  be  achieved  suggest  that  in  spite  of  the  high  vapor 
pressure,  the  Mn  sticking  coefficient  is  adequate  even  at  elevated  GaN  growth  temperatures.  An 
XRD  standard  was  grown  using  only  Mn  and  the  nitrogen  plasma.  The  stable  MnxNy  phase  was 
found  to  be  Mn4N.  However,  when  GaMnN  films  with  concentrations  less  than  9%  were 
examined,  no  evidence  of  this  or  any  other  Mn-containing  phase  could  be  found  except  for 
GaMnN,  At  very  high  Mn  fluxes,  additional  MnGa  phases  were  observed,  suggesting  that  the 
metal  flux  exceeded  the  nitrogen  flux  in  these  films,  resulting  in  the  formation  of  metal  rich 
phases.  RHEED  analysis  showed  evidence  of  3D  or  polycrystalline  structure.  Increasing  the 
growth  temperature  to  865°C  improved  the  crystal  quality,  as  evidenced  by  the  appearance  of  a 
RHEED  pattern  that  was  a  mixture  of  streaky  and  spotty  patterns. 

The  GaN  grown  at  Tg  =  750°C  was  n-type  with  an  electron  concentration,  n,  of  n  = 

4x  lO'^/cm^.  This  large  undoped  background  is  believed  to  be  due  to  a  large  concentration  of 
nitrogen  vacancies.  As  the  Mn  concentration  was  increased  in  the  single-phase  material,  the 
GaMnN  became  increasingly  resistive.  This  is  in  keeping  with  the  expectation  of  a  deep  Mn 
acceptor  that  would  serve  to  compensate  the  shallow  nitrogen  vacancy  donor.  At  the  very  high 
Mn  concentrations,  Mn  =  47%,  the  films  become  conductive,  presumably  due  to  formation  of  the 
MnGa  phases.  It  was  found  that  the  electron  concentration  could  be  increased  either  through  the 
addition  of  carbon  at  the  lower  Tg,  or  by  increasing  the  growth  temperature.  Using  a  CBr4  flux 
previously  calibrated  to  produce  a  carbon  concentration  of -lO^^Vcm^,  an  electron  concentration 
in  the  GaMnN  of  5  x  lO^Vcm^  was  obtained.  Under  these  growth  conditions  carbon  typically 
produces  highly  resistive  material.  The  fact  that  n-type  GaMnN  was  observed  suggests  that  the 
carbon  is  behaving  as  an  amphoteric  dopant  in  this  material.  Increasing  the  Tg  to  865°C  also 
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Figure  2.  Variation  of  Mn  concentration  in  GaMnN  grown  at  750°C  as  a  function  of  reciprocal 
Mn  cell  temperature. 

produced  conductive  GaMnN  with  n~l  .5x  lO'^/cml  In  this  case  the  higher  electron 
concentration  is  believed  to  be  due  to  an  increase  in  the  nitrogen  vacancy  concentration  caused 
by  enhanced  loss  of  nitrogen  from  the  surface  during  growth  at  the  higher  temperature. 

Magnetically,  the  higher  carrier  concentrations  appear  to  be  beneficial  as  the  highly  resistive 
films  only  show  paramagnetic  behavior.  A  rough  estimate  of  these  films  shows  a  moment  of  3.9 
Bohr  magnetons  per  Mn,  suggesting  that  a  significant  fraction  of  the  Mn  ions  are  substitutional. 

In  the  conductive  single-phase  films,  clear  hysteresis  was  observed  at  10  K,  as  shown  in  Figure  3, 
indicative  of  a  ferromagnetic  material.  It  was  found  that,  at  least  for  the  lower  Tg  of  750°C, 
growing  on  an  MOCVD  buffer  produced  a  higher  saturation  magnetization,  Ms~2xl0‘^  emu  vs.  4 
X 10'^  emu.  This  suggests  that  crystallinity  plays  a  significant  role  in  the  magnetization  since  the 
MOCVD  buffer  is  expected  to  produce  superior  growth.  However,  the  Tc  for  both  films  was 
estimated  to  be  ~  lOOK,  independent  of  the  crystal  quality.  The  more  conductive  material  grown 
at  865°C  showed  similar  behavior,  though  with  a  much  higher  saturation  magnetization  of  2x10 
emu.  The  Tc  was  again  estimated  to  be  ~100K,  and  thus  was  not  strongly  affected  by  the  change 
in  carrier  concentration.  The  appearance  of  ferromagnetism  in  samples  both  with  and  without  C 
eliminates  the  formation  of  Mn-C  complexes  as  the  source  of  the  ferromagnetic  behavior  in  the 
samples  grown  at  750°C. 


T6.5.4 
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Figure  3.  lOK  magnetic  characterization  of  GaMnN  grown  at  750°C  on  sapphire  (top)  or  on 
an  MOCVD  buffer  (bottom). 


CONCLUSIONS 

Synthesis  of  GaMnP  and  GaMnN  by  gas-source  molecular  beam  epitaxy  was  investigated. 
For  the  case  of  GaMnP  suppression  of  undesired  Mn-containing  phases  was  found  to  be 
extremely  difficult.  These  second  phases  result  in  poor  crystallinity  as  evidenced  by  RHEED  and 
are  most  likely  responsible  for  the  slight  deviation  from  pure  diamagnetism  observed  in  the  M  vs. 
H.  data.  GaMnN  was  found  to  be  much  more  amenable  to  growth  with  single-phase  material 
obtained  for  Mn  concentrations  up  to  8%.  The  background  electron  concentration  was  found  to 
drop  as  the  Mn  concentration  was  increased,  resulting  in  semi-insulating  material  which  showed 
only  paramagnetic  behavior  when  analyzed  magnetically.  Increasing  the  electron  concentration 
either  via  the  addition  of  carbon  or  by  increasing  the  growth  temperature  produced  ferromagnetic 
films  with  an  estimated  Curie  temperature  of  ~100K.  While  improving  the  crystallinity  and 
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increasing  ihe  electron  concentration  increased  the  saturation  magnetization,  they  did  not  appear 
to  strongly  affect  the  Curie  temperature.  It  is  expected  that  increasing  this  parameter 
substantially  will  require  the  addition  of  Mg  to  produce  a  hole  mediated  Mn-Mn  exchange 
interaction  rather  than  an  electron  mediated  Mn-Mn  exchange  interaction. 
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ABSTRACT 

High  doses  (lO'^  -  5xl0'^  cm'^)  of  Mn"''  ions  were  implanted  into  p-GaN  at  ~350"C  and 
annealed  at  700-1000°C.  At  the  high  end  of  this  dose  range,  platelet  structures  of  GaxMni.xN 
were  fonned.  The  presence  of  these  regions  correlated  with  ferromagnetic  behavior  in  the 
samples  up  to  ~250K.  At  low  doses,  the  implantation  led  to  a  buried  band  of  defects  at  the  end 
of  the  ion  range. 

There  is  tremendous  interest  in  structures  involving  the  manipulation  of  the  spin  of  the 
electron  in  addition  to  its  charge  for  switching  and  memory  devices  with  new  functionality. 
Applications  for  these  spintronic  devices  are  envisioned  in  communications  technology,  data 
processing  and  storage  and  in  photonics.  It  has  been  demonstrated  in  a  number  of 
semiconductors  (including  GaMnAs,  InMnAs  and  ZnMnSe)  that  quantum  spin  states  are  quite 
robust  and  can  be  transported  over  very  large  distances  (>100  pm  in  some  cases).  The 
ferromagnetism  in  dilute  magnetic  III-V  semiconductors  is  carrier-induced  and  is  still  far  from 
completely  understood.  The  Curie  temperature  (Tc)  in  these  materials  is  believed  to  be 
governed  by  the  interaction  between  localized  ferromagnetic  clusters  (bound  magnetic  polarons). 
Recent  calculations  suggest  that  wide  bandgap  semiconductors  may  have  Tc  values  well 
above  those  for  GaMnAs  (1  lOK)  and  InMnAs  (<35K)  In  particular  GaMnN  with  ~5  at. 

%  Mn,  and  high  hole  concentrations  is  predicted  to  have  a  Tc  exceeding  300K.  At  present, 
little  is  known  about  doping  GaN  with  Mn,  although  some  initial  results  have  been  published  on 
n-type  Ga^Mn^xN  single  crystallites  with  paramagnetic  behavior. 

In  this  paper,  we  report  on  the  magnetic  properties  of  p-GaN  implanted  with  high  doses 
(3-5  at.%)  of  Mn.  Under  optimized  annealing  conditions  we  observe  platelet  regions  with  the 
same  lattice  structure  as  GaN,  but  different  lattice  constant,  which  give  rise  to  Moire  fringes  and 
multiple  diffraction  in  transmission  electron  microscopy  analysis.  These  regions,  which  appear 
to  be  GaxMni-xN,  produce  ferromagnetic  behavior  with  a  Tc  of  ~250K.  Thus,  selected-area  Mn- 
implantation  into  GaN  may  be  useful  for  creating  spin-injection  contact  regions. 

The  GaN  samples  were  grown  by  Metal  Organic  Chemical  Vapor  Deposition  on  c-plane 
sapphire  substrates.  A  low  temperature  (540°C)  GaN  buffer  was  grown  first  (250A)  followed  by 
4pm  of  undoped  GaN  and  0.5pm  of  p-GaN  (Mg-doped)  with  a  room  temperature  hole 
concentration  of  2xl0'^-cm‘\  Mn"^  ions  were  implanted  at  an  energy  of  250keV  and  doses  from 
lO'"’  -  5xl0'^  cm'^  at  an  approximate  dose  rate  of  8xl0'^  em'^-s"'  to  produce  average  volume 
concentrations  from  ~0. 1  -5  at.%  in  the  top  ~2000A  of  the  GaN.  The  samples  were  held  at  350°C 
during  implantation  to  avoid  amorphization.  Subsequent  annealing  at  700-1 000°C  was 
performed  for  5  mins  under  flowing  N2  gas  with  the  samples  face-down  on  GaN  wafers.  The 
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structural  properties  of  the  implanted  material  were  examined  by  double  crystal  x-ray  diffraction 
(XRD),  and  200  kV  transmission  electron  microscopy  (TEM)  with  selected  area  diffraction 
analysis.  The  magnetic  properties  were  measured  in  a  Quantum  Design  PPMS  SQUID 
magnetometer.  The  hole  density  after  implantation  and  annealing  was  <  lO'^  cm  ^ 

Figure  I  shows  TEM  cross-sectional  views  of  the  GaN  implanted  with  ~0. 1  (top)  or  ~3 
at.%  Mn  (center  and  bottom)  and  annealed  at  700°C.  For  the  low-dose  case  (top)  the  implanted 
regions  contains  a  relatively  large  density  of  lattice  defects  resulting  from  agglomeration  of  point 
defects  created  by  the  nuclear  stopping  processes  of  the  implanted  ions.  These  samples  showed 
only  paramagnetic  behavior.  By  sharp  contrast,  the  samples  implanted  at  higher  doses  show 
large  (<200A  diameter)  platelet  structures  in  addition  to  a  buried  band  of  damage  at  the  end  of 
range  of  the  Mn  ions.  The  end-of-range  region  is  heavily-damaged  single  crystal.  The  platelet 
structures  are  shown  in  higher  magnification  at  the  bottom  of  Figure  1.  Similar  structures  that 
were  on  average  slightly  larger  in  diameter  (<250A)  were  observed  in  the  high  dose  samples 
annealed  at  1000°C. 


Figure  1.  TEM  micrographs  taken  under  dark-field  conditions  of  GaN  after  Mn"^ 
implantation  and  subsequent  annealing  at  700°C.  The  doses  were  10^'^  cm  ^  (top)  or  5x10  cm 
(center  and  bottom)  at  250  keV.  The  scales  on  the  top  two  micrographs  are  200A  long,  while  in 
the  bottom  micrograph  the  scale  is  lOOA  long.  The  sample  surface  is  at  the  top  of  each 
micrograph. 
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Figure  2.  ZFC  and  FC  magnetization  as  a  function  of  temperature  for  GaN  implanted  with 
~3  at.  %  Mn  and  annealed  at  700°C. 


The  higher  dose  samples  (>  3  at.%  Mn)  displayed  a  ferromagnetic  behavior  persisting  to 
-250  Kas  shown  in  Figure  2  for  zero-field  cooling  (ZFC)  and  field-cooling  (FC)  conditions. 
There  is  also  a  contribution  present  with  a  Curie  temperature  of  -  50  K,  whose  origin  we  have 
not  identified.  The  difference  between  these  plots  essentially  subtracts  a  large  diamagnetic 
background.  As  further  evidence  of  ferromagnetic  behavior,  Figure  3  shows  that  hysteresis  was 
observed  in  the  magnetic  moment  of  the  3  at.  %  Mn  sample.  Assuming  the  ferromagnetism 
originates  from  the  platelet  structures,  we  can  roughly  estimate  the  saturation  magnetization  to  be 
approximately  3.8  ±  1 .3  Bohr  magnetron  per  Mn.  An  alternative  explanation  could  be  that  the 
GaMnN  has  a  Curie  temperature  of  50  K,  and  superparamagnetic  clusters  of  MnGa  or  some  alloy 
thereof  are  present  with  size  below  the  20  A  resolution  of  TEM.  The  splitting  of  the  FC/ZFC 
curve  could  then  be  attributed  to  the  presence  of  these  clusters  with  a  blocking  temperature  of 
250  K. 

Numerous  authors  have  reported  on  the  creation  of  submicron  MnGa  and  MnAs 
ferromagnetic  crystallites  in  GaAs  by  Mn"^  implantation  and  subsequent  heat  treatment. 

Both  of  these  phases  have  Tc  values  above  room  temperature  (eg.  GaMn  has  Te’s  between  450- 
800  K  depending  on  the  amount  of  Mn  in  the  alloy).  In  addition,  ferromagnetic  MnAs 
nanoclusters  embedded  in  GaAs  can  be  created  by  annealing  of  Gai-xMn^As  films.  In  .some 

cases,  MnGaxAsy  phases  are  ob.served  in  addition  to  the  MnGa  and  MnAs  phases  indicating 
that  under  some  conditions  it  is  possible  to  form  ferromagnetic  ternary  phases.  Note  that  for 
these  GaAs  experiments  the  Mn  implants  were  performed  at  room  temperature,  in  contrast  to  our 
u.se  of  elevated  substrate  temperatures  which  should  reduce  the  point  defect  density. 
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Figure  3.  Hysteresis  measured  at  lOOK  in  the  magnetic  moment  of  a  sample  implanted  with 
~3  at.  %  Mn  and  annealed  at  700°C. 


Figure  4  shows  a  plan  view  TEM  micrograph  of  a  5  %  at.  Mn  implanted  sample  (top), 
along  with  selective  area  diffraction  pattern  (bottom).  The  sample  was  thinned  from  the 
backside  and  the  data  are  typical  of  all  samples  implanted  with  3-5  at.  %  Mn  and  annealed  at 
700°C  or  1000°C.  Electron  diffraction  did  not  show  any  4-fold  symmetry  patterns,  which  would 
be  expected  to  be  present  if  either  tetragonal  (GaMn,  Mno.6Ga()..4,  Mn3N2)  or  cubic  (Ga5MnK. 
Mn4N,  Ga7.7  Mn2.3)  phases  were  formed.  The  diffraetion  pattern  shows  multiple  diffraction  spots 
around  those  of  GaN  with  a  6-fold  symmetry,  indicating  the  platelet  regions  are  Gax  Mni.xN  with 
the  same  lattice  structure  as  GaN  but  with  a  different  (smaller)  lattice  constant  which  gives  rise 
to  the  Moire  fringes  and  multiple  diffractions.  This  was  confirmed  by  a  qualitative  simulation  of 
[0001]  double  diffraction  for  a  stack  of  two  hep  lattices  with  different  lattice  constants,  in 
analogy  for  a  previous  analysis  of  the  cubic  system  GaAs  on  Similar  diffraction  results 

were  obtained  from  cross-section  samples,  confirming  that  the  AI2O3  substrates  play  no  role. 

The  only  possible  hexagonal  pha.se  present  could  be  MnsGa,  but  this  was  not  found  either  in  x- 
ray  diffraction  spectra  or  in  energy  dispersive  x-ray  spectroscopy  analysis  of  the  platelets.  In  the 
latter  ease,  the  probe  beam  was  too  large  to  get  an  exact  composition  for  the  platelets.  Also,  we 
could  not  apply  Vegard’s  law  due  to  the  non-uniform  composition  in  the  Mn-implanted  region. 
Moreover,  we  could  expect  the  samples  to  display  Tc  values  above  room  temperature  if  the 
binary  GaMn  phases  were  present. 

In  conclusion,  high-dose  Mn^  implantation  at  elevated  temperatures  into  p-GaN  appears 
to  be  a  promising  method  for  producing  ferromagnetic  behavior  and  may  be  useful  for  ereating 
.selective-area  spin-injection  regions  in  device  structures.  The  observed  Curie  temperature  is 
below  theoretical  predictions,  but  may  be  affected  by  the  low  hole  density  in  heavily  implanted 
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Figure  4.  Plan  view  TEM  micrograph  of  5  at.  %  Mn-implanted  GaN  (dose  5x1 0’^  cm'^  at 
250  keV)  sample  annealed  at  1000°C  (top)  and  selected  area  diffraction  pattern  (bottom).  The 
scale  is  200A  long. 


p-GaN.  Considerable  work  needs  to  be  done  to  understand  the  solubility  limits  of  Mn  under 
these  conditions  and  the  thermal  stability  of  the  phases  created. 
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ABSTRACT 

Stimulated  by  recent  experimental  observations  of  room  temperature  ftuTomagnetism  of 
Mn^Cdi_.a;GeP2,  we  investigate  the  structural,  electronic  and  magnetic  properties  of  these 
systems  as  a  function  of  Mn  concentration  by  means  of  first-principles  density-functional- 
theory-based  codes.  Moreover,  we  investigate  the  effect  of  the  anion  substitution  (P  vs  As) 
in  Mn-rich  chalcopyirites.  Our  calculations  indicate  that  the  antiferromagiietic  alignment  is 
the  most  stable  ordering  for  all  the  systems  studied,  at  variance  with  that  experimentally 
reported.  Moreover,  we  find  that  there  is  a  slight  reduction  of  the  total  magnetic  moment 
per  Mn  atom  from  ~5  /l//?  in  all  the  Cd-rich  P-based  chalcopyrites  to  ~4  hb  hi  the  Mn  rich 
MnGeP2  and  MnGeAs2  systems. 

INTRODUCTION  AND  COMPUTATIONAL  DETAILS 

A  great  effort  is  being  devoted  to  explore  new,  advanced  magnetic  semiconductors  for 
spiritronics  applicatioris[l],  based  on  crystal  structures  that  transcend  the  limitations  (defect 
formation  and  too  low  operating  temperatures)  of  the  magnetic  zinc-blende  systems  explored 
so  far  {e.g.  Mii3;Gai_a;As).  Within  this  framework,  the  chalcopyrites  seem  to  be  good 
candidates;  the  expected  advantage  of  these  systems  is  that  Mn  can  readily  substitute  for 
the  type-II  cations,  as  has  been  demonstrated  for  IIi_3;Mna;VI  alloys  with  x  up  to  1.0  without 
defect  formation,  due  to  the  natural  tendency  of  Mn  to  adopt  a  +2  valence  state. 

Recently,  Medvedkin  et  al.  [2]  deposited  a  Mn  overlayer  in  vacuum  on  the  surface  region 
of  a  CdGeP2  crystal,  followed  by  a  solid  phase  reaction  at  elevated  temperatures.  A  rele¬ 
vant  finding  of  Medvedkin  et  al.  is  the  room  temperature  ferromagnetism  in  highly  doped 
Mn^:Cd]_xGeP2  -  which  constitutes  a  tremendous  improvement  from  the  Tc  of  110  K  found 
in  Mn;cGa5_j:As  at  x  =  5.3  %.  Moreover,  their  photoluminescence  spectrum  at  20  K  shows 
a  peak  around  3.2  eV,  from  which  they  proposed  a  Mn  induced  enhancement  of  the  energy 
gap  of  CdGeP2  {Eg  =  1.83  eV).  This  is  quite  different  from  the  III-V  alloys,  in  which  Mn  is 
known  to  reduce  the  band-gap  [7]. 

In  order  to  understand  the  magnetic  interaction  in  chalcopyrite  semiconductors,  we  inves¬ 
tigated  Mn3;Cdi_3;GeP2  for  various  x  and  MnGe(V)2  where  V  =  As,  P  with  the  full-potential 
linearized  augmented  plane  wave  (FLAPW)[3]  method.  This  is  one  of  the  most  accurate  ab- 
initio  methods,  in  which  there  is  no  artificial  shape  approximation  for  the  wave  functions, 
charge  density  and  potential.  For  all  atoms,  the  core  and  valence  states  are  treated  fully- 
and  semi  relativistically  {i.e.  without  spin  orbit  coupling),  respectively.  The  inufRii  tin 
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(MT)  radii  for  Cd,  Ge,  Mil  arc  sot,  to  2.3  a.u.;  2.0  and  1.8  a.ii.  aro  iisod  for  As  and  P, 
rospcctividy.  An  ('lu'rgy  cut  off  of  9.0  Ry  was  (unployod  for  th(>  wavo  function  expansion  in 
th(^  interstitial  ri’gion,  whereas  a  49  Ry  cut-off  was  used  for  the  charge  density  and  potential. 

For  all  the  systems  studied,  we  used  the  generalized  gradient  approximation  (GGA) 
fuiK'tional  of  Pi'rdew-Burke-Ernzerhof  [o]  rather  than  the  hare  local  density  approximation 
(LD.4)  exchange-correlation  functional  [G],  within  density  functional  theory:  the  GGA  was 
proved  to  give  lietter  agreement  with  available  exi^erimental  structural  data  for  Mn  pnictides 
[8]  and  is  therefore  likely  to  describe  more  accurately  the  Mn  rich  chalcopyrites. 

STR,UCTURAL  DETAILS 

Let  us  first  focus  on  the  structural  details.  Recall  that  the  chalcopyrite  differs  from  the 
zincblende  crystal  structure  by  a  doubling  of  the  unit  cell  along  a  four  fold  axis,  rendering 
the  system  body  centered  tetragonal.  Through  total  energy  calculations,  we  fully  optimized 
the  MnGeAs^  system,  obtaining  a  =  5.83  .4,  c/a  =  1.95±0.05  and  u  ~  0.25.  The  estimated 
numerical  uncertainty  on  tlu'  rj  value  can  b(^  ascribed  to  the  very  small  (effect  on  the  total 
eiK'i'gy  du('  to  th('  tetragonal  eleforniatie)n  {i.e.  r/  =  c/2a  ^  1)  around  the  //  expiilibrium 
value'.  Our  e)ptimizeM  structural  value's  are  in  ge)od  agreeunemt  (within  0.5  %  on  the  a  lattice 
e:onstant)  with  the^  values  predieted  by  the  “conservatie)n  of  tetrahe^dral  bonds”  (CTB)  plus 
7^  =  7/„,,”  theK)ry  disensseM  in  Refs.  [9],  In  our  work,  Pauling’s  tetrahedral  radii  were  e:he)sen 
as  1.48,  1.22,  1.22  and  1.10  A  for  Cel,  Ge,  As  and  P  respectively;  the  Mn  tetrahedral  radius, 
derived  from  the  Mn  chalcogenides  is  1.41  A.  With  these  values,  we  obtained  a  =  5.86  A 
and  c/a.  ~  1.9.  The  good  agreement  for  the  As-based  chalcopyrite  suggests  that  the  “CTB 
plus  7/  =  %.i”  rule  may  even  hold  for  the  similar  P-based  MnGeP2  system;  we  therefore 
used  a  =  5.67  A,  c/a  =  1.9.  Regarding  the  MnCdGePa  structures[10],  we  interpolated  the 
lattice  constants  [a.  and  i])  from  tlu^  experimental  values  for  CdGeP2  and  the  ”CTB  plus 
7/  =  7/,,./”  value  for  MiiGeP2.  This  ai)proxiniation  is  equivalent  to  Vegard’s  law  and  works 
w(41  in  this  syst('m.  For  instance,  it  is  reported  by  Medvedkin  ct  al.  [2]  that  the  lattice 
conslant  decr('as('s  to  5.7  A  wlnni  the  Mn  concentration  becomes  greater  than  Cd,  which 
im^ans  x  in  the  range  of  50  %  \o  53  %  since  the  maximum  x  is  53  %  in  the  expc'riment.  Our 
interpolated  latt.ice  constant  for  :r=0.5  is  5.71,  which  is  different  from  experiment  by  only  0.4 
%.  Moreover,  in  the  MnCdGeP2  systems,  we  optimized  the  internal  degrees  of  freedom  using 
both  the  Dmol'^[4]  {i.c.  density  functional  theory  for  molecules  and  3-dimensional  periodic 
solids)  and  the  FLAPW  codes.  More  accurate  details  about  the  structural  properties  of 
Mn:CdGeP2  can  be  found  in  Ref.  [10]. 

We  focused  on  the  dependence  of  the  electronic  and  magnetic  properties  in  semiconduct¬ 
ing  chalcopyrites  as  a  function  of  i)  the  typ('  V  anion  [i.e.  P  vs  As)  in  Mn  rich  sj^sterns  and 
ii)  the  Mn  conc('ntration  (.r  =  0.25,  0.5  and  1). 

THE  MiiGeXG  (V  =  As,  P)  SYSTEMS 

Let  us  first  discuss  th<'  (^ffc'cts  du('  to  tin;  anion  sp(;ci('s  by  comparing  some  ndewant 
]>rop('rti(;s  in  MnG('P2  and  MnGeAs2  shown  in  Tabh'  1.  As  for  the  antihirromagnetic  (AFM) 
configurations,  W(^  considered  a  1x1  chalcopyrite  “spin  superlattice  ’  along  the  [001]  direction. 
W{'  find  that  both  tlu'  P  •  and  As-bas('d  systems  largc'ly  prefer  tlu'  AFM  alignment,  sinc(^  the 
AFM  is  much  lower  in  (UKU-gy  than  tlu'  ferromagm^tic  (FM)  structures.  L(^t  us  now  consider 
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Table  1:  Comparison  of  relevant  structural  and  magnetic  properties  of  MnGeP2  and 
MnGeAs2. _ 


MnGeP2 

MnGeAs2 

FM 

AFM 

FM 

AFM 

Total  energy  (meV/Mn) 

0 

-160 

0 

-60 

(.iMn  (Bohr  magn.) 

3.55 

3.55 

3.74 

3.68 

Total  spin  moment/Mn  (Bohr  magn.) 

4.0 

- 

4.3 

- 

Mn-anion  bond  length  (A) 

2.44 

2.43 

2.52 

2.51 

Figure  1:  Spin  density  of  ferromagnetic  AInGeAs2,  plotted  in  the  [110]  plane.  Positive 
(negative)  spin  d('nsity  is  represented  by  solid  (dashed)  lines. 


DOS  (states/eV-cell-spin) 


Energy  (eV) 


— -  MnGeP2 
-  MnGeAs2 


Figure  2:  Total  density  of  states  of  MnGeP2  (dashed  line)  and  MnGeAs2  (solid  line)  for  FM 
(upper  panel)  and  AFM  (lower  panel)  ordering.  The  zero  of  the  energy  scale  denotes  the 
Fermi  level. 

the  magnetic  moments.  In  this  case,  Mn  substitutes  a  type-II  cation;  we  would  therefore 
expc'ct  a  magnetic  moriK'nt  dos(;  to  5.0  /</j.  However,  note  that  the;  loc'al  moment  relative  to 
the  fre('  Mn  atom  (//o  =  5  //n  in  the  configuration)  is  reduced  due  to  tin?  mixing  of  the 
unoccupied  Mn  bands  with  the  occupied  p  bands  by  the  p—d  hybridization.  Note  that  in 
both  As-  and  P-based  (duih'opyrites,  the  Mn  induced  FM  moment  at  Ge  sites  gives  positive 
contributions,  while  both  P  and  As  hav(^  a  very  small  induced  magnc^tic  moment  within  the 
muffin  tin  sphere.  As  an  example,  we  plot  in  Fig.  1  the  spin-density  in  MnGeAs2  in  the 
[110]  plane;  it  is  evident  that  a  negative  spin  density  is  present  around  the  As  atom,  even 
though  there  is  a  positive  spin  density  along  the  bond. 

Let  us  now  discuss  the  electronic  properties  of  the  MnGeAs2  and  MnGeP2  systems.  In 
Fig.  2  the  spin-resolved  total  density  of  states  for  the  FM  and  AFM  alignments  is  reported. 
Lc't  us  first  focus  on  th(^  FM  alignment,  whose  main  features  are:  i)  around  -12  eV  we  find 
the  hybridiz('d  G('  .s  and,  mostly,  anion  s  bands;  ii)  the  structure  around  -7  eV  has  a  similar 
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Table  2:  Relevant  structural,  electronic  and  magnetic  properties  in  Mn3.Cdi_a;GeP2  for  var¬ 
ious  Mn  concentrations.  The  x  —  0.5  and  1.0  are  1x1  ”spin-superlatticcs”  ordered  along  the 
[001]  direction,  whereas  the  x  =  0.25  is  ordered  along  the  [100]  direction. 


X 

0 

25 

0.5 

1.0 

FM 

AFM 

FM 

AFM 

FM 

AFM 

MnP  bond  length  (A) 

2.43 

2.43 

2.44 

2.43 

2.44 

2.43 

Total  energy  (meV/Mn) 

0 

o 

CO 

0 

-35 

0 

-160 

Total  spin  moment/Mn  (Bohr  magn.) 

~5 

- 

--5 

'^4. 

- 

Energy  gap  (eV) 

0.16 

0.58 

- 

0.49 

- 

0.71 

origin,  with  a  more  marked  Go  ,9  character;  m)  the  states  at  higher  energy  {i.e  from  -5 
eV  to  -1-5  eV)  have  a  mixed  character.  In  particular,  it  is  evid(mt  that  the  Mn  states 
are  almost  totally  occupied  (c.f.  feature  peaked  at  around  -3.4  eV  in  the  spin  up  DOS), 
whereas  the  states  are  mainly  unoccupied  and  hybridized  with  the  p  anion  states,  (c.f. 
feature  going  from  -0.8  eV,  peaked  at  around  0.5  eV  and  then  up  to  5  eV  in  the  spin  down 
DOS).  The  pronounced  feature  in  the  spin-  down  DOS  from  -5  eV  to  -0.8  eV  is  mainly  due 
to  hybridization  between  Ge  p  and  anion  p  states.  We  can  estimate  a  d  exchange  splitting 
of  about  4  cV.  Neither  the  spin-up  nor  the  spin-down  density  of  states  show  a  gap,  therefore 
resulting  in  a  metallic  system;  on  the  other  hand,  there  is  a  small  gap  in  the  spin-down 
DOS  at  around  -0.8  cV  (between  the  Ge-anion  p  bands  and  the  Mn  d  states)  which  could 
lead  to  half-metallicity,  po.ssibly  by  proper  modifications  in  the  lattice  constants.  The  main 
difference  between  As  and  P  anions  stems  from  the  higher  hybridization  [8]  with  the  Mn  d 
bands,  shown  by  an  almost  rigid  shift  of  the  P  (Mn)  features  towards  lower  (higher)  binding 
energies  with  respect  to  the  As  case.  As  for  the  AFM  DOS,  we  can  outline  features  similar  to 
the  FM  case.  \W  still  find  a  metallic  character,  even  though  a  depletion  of  states  is  present 
just  around  the  Fermi  level,  suggesting  a  starting  gap  opening  effect.  This  difference  with 
respect  to  the  FM  case  is  related  to  the  i)  less  evident  hybridization  between  Mn  d^  with 
anion  p^  states  and  n‘)  totally  unoccupied  Mn  antibonding  states. 

THE  Mn,Cdi_,GeP2  STRUCTURES 

Let  us  now  focus  on  the  effect  of  Mn  vs  Cd  substitution  for  Cd  in  the  P  based  chalcopy- 
rites.  We  report  in  Table  2  the  relevant  structural,  electronic,  and  magnetic  properties  of 
these  systems.  First  of  all,  note  that  the  AFM  alignment  is  the  most  stable  for  all  Mn  con¬ 
centrations,  although  the  energy  difference  between  FM  and  AFM  configurations  is  strongly 
reduced  with  respect  to  the  Mn-rich  chalcopyrite.  These  results  are  not  in  agreement  with 
the  experimental  observations[10],  that  found  Mn;„Cd|_3;GeP2  to  be  a  room-temperature  fer- 
romagnet.  The  reason  for  this  disagreement  is  not  clear.  In  our  calculations,  Mn,,,.Cd]_.7:GeP2 
is  an  ideal  periodic  bulk  structure,  while  in  experiment  it  is  a  surface  doped  system  with 
Mn  concentration  that  decays  from  the  surface  to  the  bulk.  To  resolve  this  discrepancy, 
a  more  thorough  and  careful  experimental  characterization  is  called  for.  As  for  the  total 
spin  moment,  we  note  that  the  Mn  induced  moment  on  the  Cd  atom  is  positive  and  this  is 
likely  to  Justify  the  higher  total  moment  for  x  =  0.25,  0.5  than  for  x  =  1,0  systems. 
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Finally,  wc  focais  on  the  energy  gap  in  MncCdi_^GeP2.  Recall  that  within  GGA  we  obtain 
strongly  underestimated  band  gaps,  with  respect  to  experimental  values;  for  example,  we 
obtain  0.93  eV  for  the  CdG('P2  crystal,  to  be  compared  with  tin?  experimental  value  of  1.83 
eV.  Ill  the  AFM  stat(!,  the  imergy  ga])  d(!cr('ases  to  0.49  eV  for  .r  ==  0.5,  although  it  goes  up 
to  0.71  eV  for  x  -  1.0.  In  all  cases,  tin;  eiK'rgy  gap  of  Mn:CdGeP2  does  not  excecjd  that  of 
pure  CdG(^P2.  In  the  FM  state',  there  is  no  energy  gap  except  for  x  =  0.25.  Therefore,  the 
ell'ect  of  Mn  doping  on  the  energy  gap  in  CdGeP2  is  similar  to  that  in  Mn^-Gai-a-As,  where 
a  reduction  of  the  energy  gap  of  the  host  semiconductor  is  found.  This  disagrees  with  the 
experimental  observatioii  of  Medvedkin  et  ak[2j,  showing  an  increase  of  the  energy  gap  upon 
incorporation  in  CdGeP2. 

CONGLUSIONS 

The  recently  rejiorted  room  temperature  ferromagnetism  in  Cdi_.,;Mn,„GeP2  was  investi¬ 
gated  for  a:  =  1.0,  0.5  and  0.25  using  the  FLAPW  and  DMol  codes,  within  the  generalized 
gradient  approximation  to  the  density  functional  theory.  Moreover,  we  have  compared  the 
MiiGeAsj  and  MnGeP2  systems,  in  terms  of  structural,  electronic  and  magnetic  properties. 
At  variaiK^c^  with  ri'ci'iit  (^xjnuinK'ntal  obs(!rvations,  we  find  that  the  total  emu'gy  of  th('  AFM 
states  is  always  lowin'  than  tlu'  corn'sponding  FM  state  for  all  the  systmns  studiiM.  The  total 
magnetic;  momc'nt  pen'  Mn  atom  is  close  to  5  (lu  Cd-rich  P— based  systems,  whereas 

it  is  redncnxl  in  the;  Mn--ri('.h  P-  and  As-based  chalcopyrites. 


References 

[1]  H.  Ohno,  Science  281,  951  (1998);  Y:  Ohno,  D.  K.  Young,  B.  Beschoten,  F.  Matsukura, 
H.  Ohno  and  D.  D.  Awschalom,  Nature  (London),  402,  790  (1999). 

[2]  G.  A.  Medvedkin,  T.  Ishibashi,  T.  Nishi,  K.  Hayata,  Y.  Hasegawa  and  K.  Sato,  Jpn, 

Appl.  Phys.  39,  L949  (2000). 

[3]  E.  Wiinmer,  M.  Krakauer,  M.  Weinc'rt  and  A.  .1.  Frc'cman,  Phys.  Rcw.  B  24,  864  (1981); 
H.J.F..]ansen  and  A. .1. Freeman,  Phys.  Rev.  B  30,  561  (1984). 

[4]  B.  Dc'lley,  .1.  Chem.  Phys.  113,  7756  (2000);  B.  Delley,  ibid.  92(1),  508  (1990). 

[5j  ,1.  P.  Perdc'w,  K.  Burke  and  M.  Ernzorhof,  Phys.  Rc'v.  Lett.  77,  3865  (1996). 

[6]  L.  Hedin  and  B.  I.  Lundqvist,  J.  Phys.  C.  4,  2062  (1971). 

[7]  Yu-.)un  Zhao,  W.  T.  Geng,  K.  T.  Park  and  A.  J.  Freeman,  Phys.  Rev.  B  (accepted). 

[8]  A.  Continenza,  S.  Picozzi,  W.  T.  Gc'ng  and  A.  J.  Freeman,  submitted  to  Phys.  Rev. 
B. 

[9]  J.  E,  .faffe  and  A.  Znnger,  Phys.  Rev.  B  29,  1882  (1984);  S.  C.  Abrahams  and  J.  L. 
Bernstein,  .1.  Chem.  Phys.  59,  5415  (1973). 

[10]  Y.  .1.  Zhao,  W.  T.  Geng,  A.  J.  Freeman  and  T.  Ogudii,  to  be  published  on  Phys.  Rev. 
B. 


T6.9.6 


SYMPOSIUM  U 


Soft  Magnetic  Alloys 
and  Ferrites 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  674  ©  2001  Materials  Research  Society 


Ferromagnetic  properties  and  Nanocrystallization  behavior  of  Amorphous 
(Feo.99^^0o.oi)78Si9®i3  Ribbons 


Xian2-Cheng  Sun^’\  J.  A.  Toledo',  S.  Galindo^  and  W.  S.  Sun^ 

'Prog.  Molecular  Simulation,  Instituto  Mexicano  del  Petroleo,  Lazaro  Cardenas  152^  07730, 

D.F.  Mexico  ’‘E-mail:  sun@imp.mx;  Fax:  +525-3336239 

^ININ  ,  Km.36.5,  Carr.  Mexico-Toluca,  C.P.52045,  Edo.  de  Mexico,  Mexico. 

^Institute  of  Metal  Research,  CAS,  Shenyang,  1 1001 5,  P.  R.  China 


ABSTRACT 

Ferromagnetic  properties  and  nanocrystallization  process  of  soft  ferromagnetic 
(Feo.99Moo.oi)78Si9B|3  ribbons  are  studied  by  transmission  electron  microscope  (TEM),  X-ray 
diffraction  (XRD),  Mossbauer  spectroscopy  (MS),  differential  scanning  calorimeters  (DSC) 
and  magnetization  measurements.  The  Curie  and  crystallization  temperature  are  determined  to 
be  7’r=665K  and  Tx  =  750K,  respectively.  The  value  is  in  well  agreement  with  DSC 
measurement  results.  X-ray  diffraction  patterns  had  shown  a  good  reconfirm  of  two 
metastable  phases  (Fei^Bs,  Fe3B)  were  formed  under  in-situ  nanocrystallization  process.  Of 
which  these  metastable  phases  embedded  in  the  amorphous  matrix  have  a  significant  effect  on 
magnetic  ordering.  The  ultimate  nanocrystalline  phases  of  a-Fe  (Mo,  Si)  and  FeoB  at  optimum 
annealing  temperature  had  been  observed  respectively.  It  is  notable  that  the  magnetization  of 
the  amorphous  phase  decreases  more  rapidly  with  increasing  temperature  than  those  of 
nanocrystalline  ferromagnetism,  suggesting  the  presence  of  the  distribution  of  exchange 
interaction  in  the  amorphous  phase  or  high  metalloid  contents. 

INTRODUCTION 

The  very  good  promising  bulk  soft  magnetic  nanocrystalline  (NC)  materials,  FeSiB 
based  Finemet— are  two  phase  alloys  consisting  of  very  fine  BCC  solid  solution  grains 
(typically  with  a  diameter  of  about  10-15nm)  embedded  in  a  remaining  amorphous  matrix  [1- 
5].  Yoshizawa  [4]  and  co-workers  revealed  that  the  presence  of  small  additions  of  Cu  and  Nb 
to  some  FeSiB-based  alloys  could  allow  the  creation  of  two-phase  materials  by  the 
devitrification,  which  showed  superior  soft  magnetic  properties.  This  effect  was  caused  by  the 
homogeneous  precipitation  of  bcc  a-Fe(Af)  nanocrystals  embedded  in  the  ferromagnetic 
amorphous  matrix.  Moreover,  the  addition  of  Cu,  Nb  had  great  influence  on  the  formation  of 
nanocrystalline  materials  by  changing  the  crystallization  behavior  [3].  It  can  be  expected  that, 
study  of  crystallization  of  Fe-based  metallic  glasses  containing  transitional  element  additives 
will  also  benefit  the  development  of  new  types  of  materials. 

In  the  present  work,  by  using  transmission  electron  microscopy  (TEM),  differential 
scanning  calorimeters  (DSC),  and  X-ray  diffraction  (XRD),  a  study  on  nanocrystallization 
behavior  had  been  carried  out  for  (Fe().99Moo.()i)78Si9B|3  amorphous  ribbons  with  a  little 
amount  of  Mo  element.  Furthermore,  intrinsic  ferromagnetic  properties  were  also  studied 
using  Mossbauer  spectroscopy  (MS)  and  vibrating  sample  magnetometer  (VSM)  techniques. 
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EXPERIMENT 


Amorphous  (Fe().wMO(,.oi)7KSi9Bn  (at%)  alloy  ribbons  of  30mm  width  and  about  25  pm 
thickness,  were  prepared  by  the  melt-spinning  techniques  [61-  The  transmission  electron 
micrographs  (TEM)  were  obtained  with  a  JEOL-JEMIOO  EX  electron  microscopes,  equipped 
with  an  in  situ  heating  holder  inside  the  electron  microscope.  The  Mossbauer  spectra  were 
recorded  using  a  conventional  spectrometer  of  the  electromechanical  type  with  a '  Co/Rh 
source.  Differential  scanning  calorimetric  measurements  of  the  as-quenched  ribbons  were 
performed  on  a  differential  scanning  calorimeter  (  DuPont  2000  Thermal  Analysis  DSC-2  ) 
using  different  heating  rates  under  Ar  gas  atmosphere.  X-ray  diffraction  (XRD)  were  carried 
out  on  a  Simiens  x-ray  diffactometer  (Cu,  Ka  radiation,  X=0.15418nm),  Rietveld  refinement 
was  used  to  identify  different  phases.  Magnetization  measurements  were  carried  out  using  a 
vibrating  sample  magnetometer  (VSM)  operating  with  applied  magnetic  fields  up  to  36000e 
from  1 6K  to  room  temperature. 


RESULTS  and  DISCUSSION 

It  should  be  noted  that,  two  critical  temperature  points,  crystallization  temperature  Tx 
and  the  Curie  temperature  Tc,  usually  determine  the  microstructure  and  their  magnetic 
properties  for  Fe-based  soft  amorphous  alloys.  Consequently,  it  become  very  important  to 
know  this  two  critical  temperature  before  our  studying  on  (Fe().cj9MO(),()i)7KSi9Bi3  amorphous 
ribbons. 

Fig.  1(a)  shows  the  differential  scanning  calorimeters  (DSC)  thermal  analysis  for  as- 
quenched  ribbons  samples  at  a  heating  rate  of  lOK/min.  Two  exothermic  peaks  are  observed 
at  around  768K  and  803K,  indicating  this  is  typical  primary  crystallization  process,  in  other 
words,  two  crystallization  processes  (nucleation  and  growth)  took  place,  the  around  maximum 
of  the  first  peak  750K  reaches  the  crystallization  temperature  Tx  for  this  (Fe(),99MO().()i)78Si9Bi3 
amorphous  alloy. 


Figure  1  (a)  DSC  pattern  at  heating  rate  of  lOK/min.  Figure  1  (b).  The  Curie  temperature 
determination  using  Mos.sbauer  .spectrometer 

In  order  to  determine  the  Curie  temperature  Tc,  the  velocity  transducer  of  the  Mossbauer 
spectrometer  was  set  at  zero  velocity  and  counts  were  recorded  for  a  fixed  counting  time,  15s, 
while  the  temperature  was  raised  at  a  rate  of  1  K/min  from  400K  to  780K.  The  results  are 
shown  in  Fig.  1  (b).  The  Curie  temperature  is  determined  to  be  665K.  As  the  temperature  is 
further  increased,  the  counts  rate  increase  slowly  due  to  the  second-order  Doppler  effect  (8], 
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and  increase  until  750K,  then  keep  unchanged.  In  other  words,  the  amorphous 
(Fe(i,99MO(u»i)78Si<jBi3  alloy  has  reached  the  crystallization  temperature  Tx  =750K,  the 
amorphous  state  gradually  transformed  into  the  nanocrystalline  phases.  Both  Tx  and  Tc  values 
are  in  good  agreement  to  previous  measurements  [6,7]. 


Figure  2  XRD  patterns  for  as-quench  (Fe().99Moo.oi)78Si9Bi3  ribbon  and  two  samples  after 
723K  and  973K  annealed  treatments,  respectively. 


Figure  3  Mossbauer  spectra  (a)  and  hyperfme  field  distributions  (b)  for 
(Feo.99MO(),()i)7«Si9Bi3  ribbon  and  two  samples  after  723K  and  973K  annealed  treatments, 

respectively. 

Fig.  2  shows  the  XRD  patterns  for  amorphous  ribbon  and  two  samples  after  723K  and 
973K  annealed  treatments.  It  is  clear  to  note  that  the  as-quenched  sample  is  in  the  amorphous 
state.  On  the  heating  the  as  quenched  sample  at  723K  (Tc<T<  Tx),  very  similar  XRD  pattern 
to  amorphous  state  appears.  However,  very  few  metastable  Fe23B6  (bcc),  and  FesB  (bet) 
borides  phases  are  found  using  Rietveld  XRD  refinement  analysis  [6,7].  And  from  the 
following  MQssbauer  spectra  (Fig.3(b)),  hyperfme  field  value  is  also  seen  to  increase 
compared  with  amorphous  sample.  This  phenomenon  is  mainly  due  to  the  internal  strain 
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relaxation  and  short-range  order  that  is  induced  by  thermal  treatment.  On  the  another  hand, 
after  annealed  the  sample  at  temperature  973K  than  Tx  (T>  Tx),  nanocrystalline  phases  (a- 
Fe(Mo,  Si),  Fe2B,  Fe3B)  are  observed  in  the  XRD  pattern.  Two  main  nanophases,  a-Fe(Mo, 
Si)  (bcc)  and  Fc^B  (bet),  can  be  clearly  identified. 

The  Mossbauer  spectra  and  hyperfine  field  distribution  of  amorphous  ribbon  and  the 
samples  after  732K  and  973K  annealed  treatment  were  shown  in  Fig.3  (a)  and  Fig.3  (b), 
respectively.  And  the  fitted  Mossbauer  parameters  of  amorphous  ribbon  and  the  annealed 
samples  were  shown  in  table  1.  The  Mossbauer  spectrum  of  amorphous  (Fe().99Moo,oi)78Si9Bii 
exhibits  a  magnetic  pattern  with  a  hyperfine  magnetic  field  of  250  KOe  and  the  broad  lines  are 
to  be  expected  in  view  of  the  disordered  atomic  arrangements,  in  which  the  strength  of  the 
hyperfine  interactions  change  from  site  to  site  due  to  the  structurally  inequivalent  Fe 
environment.  However,  after  annealed  the  amorphous  sample  at  Tc<T<  Tx,  very  few 
metastable  Fei^Bf,  (bcc),  and  Fe.^B  (bet)  borides  phases  appeared,  and  the  hyperfine  field  value 
(Fig.3  (b))  was  also  found  to  increase.  It  is  expected  that  the  observed  increase  in  the 
hyperfine  fields  could  be  originated  from  the  occurrence  of  the  short-range  order  through 
redistribution  of  atoms  and  changes  of  its  relative  position  in  metastable  Fe3B(bct)  and 
Fe23B6(bcc)  phases  during  structural  relaxation.  Nevertheless,  after  annealed  the  amorphous 
sample  at  T  >  Tx,  the  Mossbauer  spectrum  consisted  of  two  main  magnetic  patterns  due  to 
two  nanophases,  which  confirmed  by  former  XRD  patterns  of  Fig.2.  From  Table  1,  according 
to  the  literature  reports  [8,  9],  the  magnetic  hyperfine  field  pattern  of  308KOe  and  246KOe 
belongs  to  bcc  a-Fe(Mo,  Si)  solid  solutions  and  bet  Fe2B  boride,  respectively. 

In  particular,  the  magnetization  of  the  amorphous  (Fe(),99M0().()i)7HSi9Bi3  have  been 
measured  at  Happ  =  3.6  KOe  at  various  temperatures  from  16K  to  RT.  The  results  are  shown  in 
Fig.  4.  It  is  clear  that  the  magnetization  M(T)  /  M(0)  of  the  amorphous  phase  decreases  more 
rapidly  with  reduced  temperature  TfTc  than  tho.se  of  a-Fe(Mo,Si)  and  Fe2B  nanocrystallines, 
which  indicating  the  presence  of  the  distribution  of  exchange  interaction  in  the  amorphous 
phase  or  high  metalloid  contents.  And  the  saturation  magnetization  of  the  as-quenched 
amorphous  materials  extrapolated  to  OK  is  found  to  be  2.01  lia/Fe  atom.  This  value  is  smaller 
than  the  2.22  |Ib  of  bcc  Fe  [10],  suggesting  that  electron  transfer  from  the  metalloid  atoms  to 
the  d  band  of  the  Fe  atoms  occur. 


Table  1.  The  fitted  Mossbauer  parameters  for  (Fe(t.99MO(),oi)7KSi9Bj3  amorphous  alloy  and 
after  different  annealed  treatment  (Hi,i  is  the  magnetic  hyper  fine  field,  AEq  is  the  quadrupole 
splitting,  8  is  the  isomer  shift  and  refers  to  a-Fe) 


Annealed  temperature 
(K) 

H,.r(KOe) 

6  (mm/s) 

AEq  (mm/s) 

300 

250.9+0.06 

0.107+0.02 

0.0010.0 1 

723 

257.2+0.06 

0.077+0.02 

0.00+0.01 

923 

308.9+0.06 

0.11110.01 

0.0010.01 

923 

246.3±0.06 

0.05+0.02 

0.12+0.02 
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T/T 
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Figure  4.  Reduced  magnetization  vs  reduced  temperature  of  the  amorphous 
(Feo.99Mo().oi)78Si9B]3  ribbon  and  the  a-Fe(Mo,Si)  and  Fe2B  nanocrystallines. 


—  (211)a-F«(Mo,Si| 
— (220)a-F«(Mo,Si) 


■~(002)FezB 

-.{202)Fe;B 


Figure  5  (a,  b,  c,  d)  Typical  TEM  morphologies  and  selected  area  electron  diffraction  for  Fe- 
Mo-Si-B  amorphous  and  nanocrystalline  phases 
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Typical  TEM  images  of  the  Fe-Mo-Si-B  amoqjhous  state  and  nanocrystalUne  alloy  at 
annealing  temperature,  Ta  =  973K  (T  >  T^),  is  shown  in  Fig.6  (a,  b,  c,  d).  From  Fig.6  (c), 
small  almost  spherical  nanometer  grains  precipitated  homogeneously  are  observed.  The 
selected  area  electron  diffraction  (Fig.6  (d))  patterns  confirms  that  the  randomly  distributed 
nanocrystalline  phases  are  crystalline  a-Fe(Mo,  Si)  (  bcc)  and  FeaB  (bet)  with  a  random 
orientation.  Which  is  in  good  agreement  with  above  XRD  and  Mossbauer  analysis  results. 


CONCLUSIONS 

Nanocrystal  line  Fe-Mo-Si-B  alloys  with  different  nanometer  grain  sizes  have  been 
successfully  prepared  by  means  of  the  in  situ  amorphous  crystallization  method.  Two  main 
nanopbases  are  formed  after  full  crystallization  of  the  amorphous  (Fe().99Moo.oi)7sSi9Bi3  alloy. 
The  XRD  pattern,  MQssbauer  spectra  and  in  situ  TEM  ob.servations  sugge.st  that  the  observed 
nanopbases  are  the  a-Fe(Mo,  Si)  (bcc)  solid  solution  and  the  FeoB  (bet). 

The  Curie  temperature  (Tc)  and  crystallization  temperature  (TO  have  been  determined  to 
be  665K  and  750K  using  DSC  thermal  analysis  and  Mossbauer  spectroscopy  measurements. 
The  reduced  magnetization  M(T)/  M(0)  of  the  amorphous  phase  decreases  more  rapidly  with 
reduced  temperature  T/Tr  than  a-Fe(Mo,  Si)  and  Fe^B  nanocrystalUne  ferromagnetism,  this 
kind  of  rapid  decrease  can  be  described  in  terms  of  either  a  distribution  of  exchange 
interaction  in  the  amoi-phous  phase  or  high  metalloid  contents. 
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ABSTRACT 

Ferromagnetic  resonance  data  on  metallic  glasses,  at  room  temperature,  in  X  band,  are  discussed. 
The  spectra  were  decomposed  into  two  Lorentzian  lines  and  the  angular  dependence  of  their 
main  parameters  (line  width  and  position)  is  fully  analyzed.  It  is  proved  that  the  usual  approaches 
are  not  able  to  describe  accurately  the  experimental  data.  This  behavior  is  ascribed  to  the 
misalignment  of  the  magnetization  with  respect  to  the  external  magnetic  field,  and  successfully 
te.sted  by  using  a  “relaxed”  resonance  condition  that  allows  a  small  misalignment  of  the 
magnetization  relative  to  the  external  magnetic  field. 


INTRODUCTION 

Metallic  glasses  are  available  as  ribbons  produced  by  rapid  quenching  from  the  melt.  They 
exhibit  both  metallic  and  soft  magnetic  features  and  present  high  mechanical  strength  and 
hardness.  Striped  domain  morphology  is  obtained  [1]  by  annealing  the  metallic  glass  in  external 
magnetic  fields,  confined  within  the  plane  of  the  ribbon.  Magnetostrictive  transducers  are 
produced  from  metallic  glasses,  as  the  magnetomechanical  coupling  is  usually  large.  Under  the 
effect  of  the  external  magnetic  field,  the  domain  wall  motion  has  a  negligible  contribution  to  the 
reorientation  of  the  magnetization  in  an  external  magnetic  field  [1].  The  free  energy  of  a 
magnetic  material,  of  unit  volume,  is  [2]: 

F  =  -MH  +  K^  {a^al  -i-  ala]  -f-  a^a] )  -i-  -f  orf  ^  ^  ^ 

+  +NyM^  +N_.My_)  +  E’U,(T,NM^) 

The  terms  occurring  in  this  equation  are  associated  with  (in  the  order  of  appearance)  are:  The 
Zeeman  energy,  the  first  and  second  order  cubic  magnetocrystalline  anisotropy,  the  first  and 
second  order  uniaxial  anisotropy,  the  demagnetizing  effects,  the  magnetostriction  and  higher 
order  contributions.  M  is  the  magnetization,  H  the  intensity  of  the  applied  magnetic  field,  Ki  and 
K2  the  cubic  magnetocrystalline  anisotropy  constants,  Ki^  and  K2^  the  uniaxial 
magnetocrystalline  anisotropy  constants,  and  cXi  (i  =1,2,3)  the  direction  cosines  of  the 
magnetization  with  respect  to  the  coordinate  axes.  In  the  derivation  of  (1),  only  the  diagonal 
components  of  the  demagnetizing  tensor  N  (Njj  =  Nj  where  j  =  X,  Y,  Z)  were  considered.  The  last 
term,  E',  depends  on  the  magnetostriction  constants  X,  stresses  a  demagnetizing  factor  N  and  on 
the  direction  of  the  magnetization,  M.  It  was  introduced  to  take  into  consideration  stress  and 
magnetostriction  effects.  The  position  of  the  ferromagnetic  resonance  line  is  given  by  [2,  3]: 
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The  derivatives  of  the  free  energy  are  estimated  at  equilibrium  (0=0n,  9=90).  The  damping 
associated  with  the  time  evolution  of  the  magnetization  in  an  external  magnetic  field  is 
introduced  by  £.  Within  the  thermodynamic  approach,  the  peak-to-peak  line  width  of  the 
ferromagnetic  resonance  spectrum,  Hpp  is  [2]: 
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EXPERIMENTAL 

Ferromagnetic  resonance  (FMR)  investigations  on  some  amorphous  magnetic  ribbons 
(Fc4„Ni3KM04B,s-2826  MB,  Fe7«Bi3Siy-2605  TCA  and  Fe66Co,KB,5Si-2826  CO)  have  been 
performed  using  a  JES-ME-3X  spectrometer,  operating  in  the  X  band  («  9  GHz). 


Figure  1.  The  FMR  spectra  of  METGLASS  2605  TCA  at  different  orientations. 
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The  angular  dependence  of  the  resonance  lines,  for  an  out  of  plane  configuration  (i.e.  the  static 
external  field  is  normal  to  the  plane  of  the  ribbon-see  the  inset  of  Figure  1),  at  room  temperature, 
was  investigated  in  detail.  The  FMR  spectrum  of  the  amorphous  magnetic  ribbons  (which  is  in 
fact  the  derivative  of  the  absorption  line  [2,  5])  has  been  successfully  deconvoluted  into  two 
Lorentzian  lines,  for  any  composition  and  most  orientations  of  the  magnetic  ribbon  relative  to  the 
external  magnetic  field  (see  Figure  1),  using  the  relation  [5]: 
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Where  and  Hres*'^'  are  the  resonance  field  for  the  low  and  high  field  components,  and 
are  the  components  of  the  resonance  line  amplitude  for  the  low  and  high  field  components,  Hpp^‘^ 
and  Hpp'^^  are  the  resonance  line  width  for  the  low  and  high  field  components,  respectively.  The 
parameters  Pi  and  P2  allow  for  a  linear  base  line  correction.  The  possibility  to  decompose  the 
resonance  spectrum  into  symmetric  Lorentzian  lines  indicates  that  the  contribution  of  skin  effects 
is  negligible. 

The  position  and  width  of  the  high  field  resonance  line  is  sensitive  to  the  orientation  of 
the  film  relative  to  the  external  magnetic  field.  The  low  field  resonance  line  position, 
cannot  be  recorded  for  all  orientations,  as  it  occurs  at  very  small  magnetic  fields.  However,  the 
deconvolution  allows,  at  most  orientations,  an  accurate  estimation  of  the  resonance  line 
parameters  for  both  lines.  The  resonance  line  position  was  noticed  at  the  lowest  magnetic  field  if 
the  external  magnetic  field  is  parallel  to  the  plane  of  the  sample.  As  may  be  observed  from 
Figure  1 ,  starting  to  rotate  the  sample,  from  this  orientation,  the  resonance  field  position  is 
increased  until  a  maximum  is  reached  in  the  perpendicular  configuration  (external  field  normal 
to  the  plane  of  the  sample).  In  this  case,  the  resonance  line  position  is  given  by  [2, 4]: 


=H^  +H(47tMs+2Hf,,  - 2/7^2 )  +  -^^2)  (6) 


As  the  FMR  studies  on  metallic  glasses  concern  materials  with  a  magnetocrystalline 
anisotropy  smaller  by  2  orders  of  magnitude  than  the  demagnetizing  effects  [4],  taking  into 
account  that  g  =2.0,  it  is  possible  to  have  an  estimation  of  47iM.s  by  neglecting  the  contribution  of 
these  terms.  The  values  of  47cMx,  associated  with  the  high  field  line  are:  2.13  T  (2605  TCA),  6.53 
T  (2826  CO)  and  2.07  T  (2826  MB).  These  values  are  of  the  correct  order  of  magnitude,  with 
the  exception  of  sample  2826  CO.  The  same  calculus  for  the  low  field  lines  result  in  1.1  T  (2605 
TCA),  1 .09  T  (2826  CO)  and  1 .08  T  (2826  MB).  The  following  relation  gives  the  resonance  line 
position  for  the  parallel  configuration: 

(7) 

Neglecting  the  contribution  of  the  magnetocrystalline  anisotropy  the  estimated  values  of 
47cMs  associated  with  the  high  field  lines,  are  0.095  T  (2605  TCA),  0.19  T  (2826  CO)  and  0.12  T 
(2826  MB).  The  value  of  the  resonance  field  corresponding  to  the  low  field  line  cannot  be 
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described  by  the  expressions  (6)  and  (7),  whereas  for  the  high  field  line  a  qualitative  agreement 
is  met  for  the  parallel  configuration  (excepting  the  2605  SCI  sample).  The  low  field  resonance 
cannot  be  considered  as  an  AFMR  line  as  neither  the  phase  of  the  resonance  line,  nor  the  position 
is  consistent  with  this  hypothesis  [4].  The  strongest  deviation  from  the  theoretical  expectations  is 
noticed  when  the  sample  is  perpendicular  on  the  magnetic  field.  It  was  concluded  that  the 
deviation  of  the  magnetization  from  the  direction  of  the  external  magnetic  field  is  stronger  in  the 
perpendicular  configuration,  due  to  the  shape  anisotropy.  Under  these  circumstances,  the 
underlying  approximations  used  to  derive  the  relations  (6)  and  (7)  arc  not  fulfilled.  From  the 
physical  point  of  view,  this  implies  that  the  sample  is  not  fully  saturated,  at  the  resonance  field. 

In  order  to  test  this  hypothesis,  an  expression  for  the  angular  dependence  of  the  resonance  line, 
supposing  a  small  misalignment  of  the  magnetization  along  the  external  magnetic  field,  was 
derived. 

=-[2W^,(3sin^e„  COSO's,,  -  con*  0„)  +  M  (N  ^  -  N  ^jeos  2e„]± 

±|[2W^,  ,(3sin^6»„  cos^0„  -  con''  0„)  +  M  (,N  ^  -  N  i,)cos2e„f  +  AH  =0 

(8) 


Figure  2.  The  angular  dependence  of  the  resonance  line  position,  for  the  sample  2605 
TCA. 


Where  ^  is  a  constant  of  the  order  sin0/sin0H  that  allows  an  estimation  of  the  magnetization 
misalignment,  0  is  the  orientation  of  the  magnetization  with  respect  to  the  OZ  axis  and  0h  is  the 
orientation  of  the  external  magnetic  field  with  respect  to  the  same  axis.  Actually,  only  0h  is 
known  and  0  may  be  estimated  by  using  an  appropriate  model.  The  resonance  line  position  was 
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derived  supposing  an  uniaxial  magnetocrystalline  field  and  the  corresponding  Hki  term  has  been 
absorbed  in  the  parallel  demagnetizing  term  N||=NK-HKi/47rMs. 

The  best  fit  obtained  using  the  relation  (9)  is  represented  by  thick  curves  in  Figure  (2). 
Although  the  agreement  is  good,  the  largest  deviation  between  the  prediction  based  on  equation 
(9)  and  the  experimental  data  is  noticed  when  the  external  magnetic  field  is  perpendicular  on  the 
ribbon.  That  indicates  that  although  a  significant  improvement  was  obtained,  the  misalignment  of 
the  magnetization  with  respect  to  the  external  magnetic  field,  in  this  configuration,  is  not  very 
small.  Neglected  the  effect  of  mosaicity,  the  angular  dependence  of  the  resonance  line  width  is 
roughly  identical  with  the  angular  dependence  of  the  resonance  line  position,  up  to  a 
multiplicative  constant,  that  is  equal  to  the  dampening  of  the  magnetization,  e.  As  may  be 
observed,  from  Figure  3,  such  dependence  is  qualitatively  supported  by  the  experimental  data. 
The  largest  deviation  is  noticed  in  the  perpendicular  configuration  and  may  be  due  to  the  fact  that 
this  oversimplified  picture  assumed  that  the  dampening  of  the  magnetization  is  independent  on 
the  misalignment  between  the  external  magnetic  field  and  the  magnetization  of  the  sample.  The 
damping  constants  are,  up  to  the  same  multiplicative  factor  equal  to  0.429  (2605  TCA),  0.503 
(2826  MB)  and  0.765  (2826  CO). 

The  origin  of  the  second  line  is  not  obvious.  In  ferromagnetic  experiments,  two  or  more 
solutions  are  possible  and  therefore,  several  resonance  lines  may  be  observed.  The  possibility  of 
a  stripe  structure  of  magnetic  domains,  the  mosaicity  or  the  texture  may  also  induce  the  split  of 
the  resonance  line  into  several  components.  As  this  behavior  is  related  to  a  dependence  of  the 


Figure  3.  The  angular  dependence  of  the  resonance  line  width,  for  the  sample  2605 
TCA 
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ferromagnclic  resonance  spectra  in  a  plane  normal  to  the  film,  it  seems  reasonable  to  suppose 
that  long  spin  waves  with  components  normal  to  the  film  are  excited.  Two  main  mechanisms 
would  induce  a  discontinuity  in  the  shift  of  the  resonance  field,  in  the  perpendicular 
configuration.  The  first  is  related  to  the  impossibility  of  the  magnetization  to  point  along  the 
external  magnetic  field.  This  behavior  is  due  to  the  demagnetizing  field  and  appears  in  not  fully 
saturated  samples.  In  magnetic  wires  and  stripes,  the  magnetostatic  interactions  would  shift  also 
to  infinity  the  resonance  field  in  the  peipendicular  configuration  (magnetic  field  normal  on  the 
wire).  In  the  general  case,  although  the  enhancement  of  magnetostatic  interaction  reduces  the 
coercive  field,  an  increase  of  the  saturation  field  is  expected.  This  increase  in  the  saturation  field 
amplifies  the  contribution  of  the  demagnetizing  term  and  makes  difficult  the  alignment  of  the 
magnetization  along  the  external  field,  in  the  case  in  which  the  external  magnetic  field  is  normal 
on  the  ribbon  [6]. 

DISCUSSIONS 

Ferromagnetic  resonance  studies  on  magnetic  glasses  reveals  the  presence  of  at  least  two 
symmetric  Lorentzian  lines,  and  indicates  the  absence  of  skin  effect.  The  angular  dependence  of 
the  resonance  line  reflects  that  the  magnetization  is  not  perfectly  along  the  external  magnetic 
field,  mainly  if  the  external  magnetization  is  normal  to  the  plane  of  the  film.  This  is  due  to  the 
demagnetizing  field.  An  expression  for  the  angular  dependence  of  the  resonance  field,  supposing 
a  small  misalignment  of  the  magnetization  relative  to  the  external  magnetic  field  was  proposed 
and  successfully  tested.  The  large  value  estimated  for  this  misalignment  of  the  magnetization 
suggests  a  supplementary  contribution  due  to  stripe  like  structure  of  the  sample  with 
magnetostatic  interactions  among  these  stripes.  From  the  angular  dependence  of  the  resonance 
line  width,  the  dampening  constant  is  estimated.  However,  the  correlation  between  the 
predictions  and  the  experimental  results  is  only  qualitative  as  in  order  to  avoid  calculus 
complications  it  was  supposed  that  the  dampening  constant  is  independent  on  the  magnetization 
misalignment. 
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ABSTRACT 

Ferromagnetic  materials  are  essential  for  data  recording  devices.  For  inductive  or 
magnetoresistive  (MR)  sensors  softmagnetic  thin  layer  systems  are  used.  Optimal  performance 
of  these  layers  requires  homogeneous  magnetic  properties,  especially  a  pronounced  uniaxial 
magnetic  anisotropy.  Furthermore,  microstructural  imperfections  and  residual  stresses  influence 
the  magnetic  structure  in  the  layer  system. 

Barkhausen  Noise  Microscopy  enables  the  characterization  of  such  thin  layers.  By  cycling 
the  magnetic  hysteresis  of  ferromagnetic  material  electrical  voltages  (the  Barkhausen  noise)  are 
induced  in  an  inductive  sensor.  Miniaturization  of  the  sensor  and  the  scanning  probe  technique 
provides  resolution  down  to  few  micrometers.  Two  materials  were  examined  in  terms  of  their 
structure,  thickness,  residual  stresses  and  heat  treatment  condition:  Sendust,  used  in  inductive 
sensors  and  nanocrystalline  NiFe,  used  in  MR-sensors.  In  quality  correlations  to  Barkhausen 
noise  parameters  were  found.  For  representative  sample  a  quantification  of  residual  stress 
distribution  could  be  established  employing  X-ray  stress  analysis. 


INTRODUCTION 

Currently  there  are  several  sophisticated  methods  available  to  image  and  characterize  the 
magnetic  structure  of  ferromagnetic  thin  layers.  Especially  Magnetic  Force  Microscopy  MFM 
and  Kerr-optical  measurements  are  very  popular.  For  dynamic  magnetization  processes 
ferromagnetic  resonance  spectroscopy  or  Brillouin  scattering  are  frequently  used.  An  important 
issue  is  the  influence  of  mechanical  properties,  e.g.  residual  stress  on  the  magnetic  performance 
of  the  layer  system.  Residual  stresses  in  such  layers  are  due  to  non-optimized  process  conditions, 
undesired  phase  transitions  or  insufficient  ductile  adaptation  to  the  substrate.  They  deteriorate  the 
signal  to  noise  ratio  and  thus  the  sensor  sensitivity.  Barkhausen  Noise  Microscopy  provides  the 
possibility  to  characterize  mechanical  and  magnetic  properties  of  softmagnetic  layers  both  with 
high  accuracy  and  lateral  resolution. 


EXPERIMENTAL  DETAILS 

By  tracing  the  hysteresis  curve  of  a  ferromagnetic  material,  electrical  impulses  are  induced  in 
an  electromagnetic  inductive  probe:  the  magnetic  Barkhausen  noise.  Barkhausen  events  occur 
when  domain  wall  movement  has  to  overcome  microstructural  obstacles.  Usually  most  noise 
activity  can  be  measured  in  the  vicinity  of  the  coercivity  He.  The  main  parameters  derived  from 
the  Barkhausen  noise  signal  are  the  Barkhausen  noise  maximum  Mmax  and  the  coercive  field 
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Figure  T.  a)  Schematic  of  miniaturized  inductive  sensor  b)  Barkhausen  noise  signal 


strength  Hcm,  which  is  the  position  of  Mmax  within  the  magnetic  field  H  (Fig.  lb)  [1].  The 
Barkhausen  Noise  and  Eddy  Current  Microscope  (BEMI)  enables  the  measurement  of  both 
Barkhausen  noise  and  eddy  currents  [2].  A  very  efficient  manipulation  system  precisely  guides 
the  miniaturized  sensors  to  a  positional  accuracy  of  1  pm  across  the  surface  to  be  tested.  The 
sensors  include  ferrite  cores  with  narrow  air  gaps  (0.1  to  5  pm)  that  provide  small  exchaiige 
areas  between  sample  and  sensor  and  thus  the  possibility  to  map  the  Barkhausen  noise  with  high 
lateral  resolution  down  to  10  pm  (Fig.  la). 

Two  materials  were  examined:  (i)  Sendust  (84.9  wt%  Fe,  9.6  wt%  Si,  5.5  wt%  Al)  used  as  layer 
material  in  inductive  sensors,  especially  in  data  write  units.  Sendust  achieves  its  best  magnetic 
performance  within  a  layer  thickness  range  of  1-5  pm.  However,  it  is  necessary  to  anneal  the 
sputtered  material  to  obtain  ordered  intermetallic  structures  that  provide  the  desired  uniaxial 
magnetic  anisotropy  [3];  (ii)  multi-layer  systems  of  nanocrystalline  NiFe  used  in  magneto¬ 
resistive  read  sensors.  This  material  can  operate  below  a  thickness  of  20  nm  providing  the 
possibility  of  higher  data  density  [3]. 


RESULTS 

The  magnetic  properties  of  softmagnetic  layers  are  significantly  influenced  by  the  layer 
thickness.  This  is  exemplary  shown  for  the  coercivity  in  fig.  2a  (He  from  hysteresis  -  and  Hcm 
from  Barkhausen  noise  measurements).  The  coercivity  increases  dramatically  from  0.5  pm  to 
0.1  pm  layer  thickness. 

The  same  thickness  dependence  can  be  observed  for  the  residual  stress  states  which  can  be 
explained  with  the  high  strain  the  first  atomic  layers  of  sputtered  material  has  to  endure  due  to 
the  attachment  to  the  substrate.  The  resulting  stress  can  relax  with  increasing  thickness.  This 
mechanical  property  change  will  have  an  influence  on  the  magnetic  parameters  (Figure  2  shows 
indirect  the  almost  linear  relation  between  stress  and  coercivity  with  respect  to  the  film 
thickness),  but  basically  the  drastic  change  in  coercivity  is  due  to  the  change  from  Bloch  wall  -  to 
Neel  wall  structures  with  decreasing  thickness.  Thus,  BEMI  measurements  enable  fast  and  easy 
determination  of  the  threshold  thickness  for  this  phenomenon  [4]. 

Using  soft  magnetic  layers  in  read/write  sensors  requires  homogeneous  structural  and 
magnetic  properties,  e.g.  coercivity.  Thus  local  variation  of  the  Hcm  parameter  is  an  important 
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information  for  the  use  and  optimization  of  magnetic  layer  systems.  The  HcM-surface  scan  on  a 
NiFe  multi-layer  system  is  shown  in  Fig.  3a.  For  comparison,  Fig.  3b  shows  the  Hc-values 
determined  using  a  Kerr  BH-Looper  over  the  same  area  (5x5  measurement  points).  It  is  clearly 
apparent  that  there  is  good  qualitative  agreement  between  the  results  obtained  [3,5,6]. 


-500 


Figure  2.  a)  coercivity  and  b)  residual  stress  as  functions  of  Sendust  layer  thickness 


Microstructure  and  texture  of  the  magnetic  layer  can  be  significantly  affected  by  changes  in 
the  growth  condition  of  the  column-like  crystals,  A  possible  method  of  manipulating  this  growth 
is  applying  an  interface  layer  on  the  substrate  prior  to  magnetic  layer  deposition.  Coercivity, 
permeability  and  residual  stresses  of  the  magnetic  layer  can  be  varied  over  a  broad  range.  Figure 
4  shows  SEM  images  of  broken  Sendust  cross  sections  sputtered  onto  ceramic  substrates.  The 
ceramics  were  previously  sputtered  with  either  Cr-  or  Si02-interface  layers.  The  images  clearly 
show  differences  in  the  resulting  crystalline  structure  of  Sendust. 


Figure  3.  Mapping  of  coercivity  (NiFe  multi-layer  system) 

a)  Barkhausen  noise  HcM“Scan  b)  Hc-scan  with  Kerr  BH-Looper 

The  clear  dependence  between  Barkhausen  profile  and  used  interface  layer  is  of  great  value 
for  the  processing  of  such  magnetic  layers.  Figure  4  also  shows  the  Barkhausen  noise  amplitude 
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as  a  function  of  time  for  2  jjiti  and  8  jiim  Sendust-layers  sputtered  either  on  Cr-layer  or  a  Si  02- 
layer.  For  the  latter  undesired  high  coerciviiy  and  low  Mmax  can  be  observed.  Specific  individual 
structural  properties  of  the  coatings  such  as  their  microstructural  condition  (phase  proportion, 
grain  size)  and  residual  stress  apparently  affect  the  domain  wall  movement  in  a  very  significant 
and  characteristic  way.  The  noise  profile  permits  controlling  the  growth  conditions  of  soft 
magnetic  layers  to  be  during  manufacturing  [3,5,6]. 


H  -> 


Figure  4.  Barkhauscn  noise  over  time  and  cross  section  SEM  images  for  Sendust-layers  of 
2  pm  and  8  pm  a)  with  Si02  interface  layer  b)  with  Cr  interface  layer 

The  effect  of  tensile  and  compressive  stresses  on  the  Barkhausen  amplitude  is  a  result  of  the 
partial  ordering  processes  taking  place  within  the  magnetic  sti'ucture.  The  coercive  field  strength 
(magnetic  hai'dncss)  generally  increases  with  increasing  mechanical  hardness.  For  quantitative 
nondesti'uctive  har'dness  or  residual  stress  measurements,  the  magnetic  test  parameters  must  be 
calibrated  with  the  help  of  mechanical  hardness  or  str'ess  measurements  [1]. 

Using  X-ray  difEaction,  it  was  possible  to  make  a  number  of  residual  stress  measur-ements  on 
a  single  specimen  (diameter  of  the  X-ray  beam:  approx.  100  pm).  Figure  5  shows  a  Mmax-  scan 
compared  to  the  X-ray  scan  of  the  exact  same  area  (2x2  mni^)  on  a  annealed  Sendust  sample 
(layer  thickness:  2  pm).  The  two  images  show  almo.st  identical  structures.  In  addition,  both  the 
residual  stress  values  and  the  Mmax-vuIucs  within  this  area  have  comparably  high  gradients 
(3 10  -  396  MPa  and  2.26  -  3.84  V).  Thus,  the  BEMI  enables  fast  and  highly  resolved 
qualitative  (and  with  proper  calibration)  quantitative  determination  of  the  residual  stress 
distribution  across  a  thin  soft  magnetic  layer  [3,5, 6,7]. 
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Scan  area:  2x2  mm^ 

X-ray  diffractometry  result 
(interpolation  of  5x5  points) 


Stress  range:  310-396  MPa 


Barkhausen  noise  scan 
Parameter  Mmax 


Figure  5.  a)  Stress  influence  on  magnetic  properties 

b)  Mapping  of  Mmax  compared  to  X-ray  stress  analysis  on  5  pm  thick  Sendust 

SUMMARY 

Barkhausen  Noise  Microscopy  (BEMI)  provides  high  potential  for  improving  the  development 
and  manufacturing  of  new  magnetic  materials.  It  can  be  used  to  optimize  the  processing 
parameters  used  during  processing  of  thin  ferromagnetic  layers.  The  efficiency  of  Barkhausen 
noise  microscopy  was  demonstrated  on  a  series  of  thin  softmagnetic  materials. 

The  BEMI  could  be  used  to  provide  important  infonnation  about  the  microstructure  or  the 
magnetic  hardness  of  these  materials.  It  was  possible  to  distinguish  between  Bloch-  and  Neel 
wall  domain  structures  by  evaluating  the  coercivity  of  the  respective  samples.  Using  the  BEMI  a 
quick  and  highly  localized  qualitative,  and  by  calibrating  the  results  with  by  X-ray  diffraction 
quantitative,  determination  of  the  residual  stress  present  in  Sendust  samples  can  be  obtained. 
Investigations  carried  out  on  Sendust-coatings  with  different  coating  structures  show  that  the 
BEMI  allows  the  examination  of  structural  differences  resulting  from  the  use  of  different  types 
of  intermediate  layers,  such  as  Si02  and  Cr. 

ACKNOWLEDGEMENTS 

The  work  presented  in  this  paper  was  sponsored  by  the  German  Federal  Department  for  Science 
and  Technology  under  the  project  03N80003B7.  The  authors  would  like  to  thank  Dr.  Jurgen 
Bender,  Prof.  Jurgen  Schreiber,  Ms.  Dorothee  Rouget  and  Ms.  Melanie  Kopp  from  the 
Fraunhofer-Institute  for  nondestructive  Testing  IZFP,  Dr.  Hubert  Grimm  from  IBM  Germany 
and  Dr.  Wolfgang  Nichtl-Pecher  from  Exabyte  Magnetics  GmbH. 


U 1,5.5 


References 


1 .  W.  Thcincr,  I.  Altpeter,  “Stress  Analysis  using  magnetic  Effects”,  Handbook  for  Stress 
Measurement  (VDI-Verlag,  Diisseldorf,  Germany,  1989). 

2.  1.  Altpeter,  W.  Thciner,  M.  Gessner,  European  Patent  EPO  595  1 1 7B 1 ,  (4  April  1 994). 

3.  J.  Hoffmann,  “Characterization  of  ferromagnetic  Thin  Films  using  electromagnetic 
Techniques”,  MS.  Thesis,  University  of  Saarland,  Germany  (1998). 

4.  A.  Ashida  and  M.  Hattori,  “Structure  and  magnetic  Properties  of  SendustAJnder-Layer 
Films”,  IEEE  Trans.  Magn.  5,  445-450  (1990). 

5.  J.  Hoffmann,  I.  Altpeter,  M.  Kopp,  H.  Grimm,  W.  Nichtl-Pecher,  “Characterization  of  thin 
Ferromagnets  using  Barkhausen  Noise  Microscopy“,  Practical  Metallography  37,  261-270, 
(2000). 

6.  I.  Altpeter,  J.  Bender,  J.  Hoffmann,  M.  Kopp,  D.  Rouget,  Final  Report  of  the  Fraunhofer- 
Institutc  for  nondestructive  Testing  IZFP  to  project  03N80003B7  initiated  by  the  German 
Federal  Department  for  Science  and  Technology  (SaarbrUcken,  Germany,  1998). 

7.  I.  Altpeter,  J.  Hoffmann,  W.  Nichtl-Pecher,  “Detection  of  Residual  Stresses  and  Nodular 
Growth  in  Ferromagnetic  Layers  with  Barkhau.sen  and  Acoustic  Microscopy“,  Proceedings 
of  8"'  International  Symposium  on  Nondestructive  Characterization  of  Materials  (Boulder, 
CO,  1997). 


U 1.5.6 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  674  ©  2001  Materials  Research  Society 


Magnetic  Permeability  and  Relaxation  Frequency  in  High  Frequency 
Magnetic  Materials. 

M.I.  Rosales,  H.  Montiel  and  R.  Valenzuela 

Institute  for  Materials  Research,  National  University  of  Mexico 

P.O.  Box  70-360,  Mexico  D.F.,  04510  Mexico. 


ABSTRACT 

An  investigation  of  the  frequency  behavior  of  polycrystalline  ferrites  is  presented.  It  is 
shown  that  the  low  frequency  dispersion  (/"<  10  MHz)  of  permeability  is  associated  with  the 
bulging  of  pinned  domain  walls,  and  has  a  mixed  resonance-relaxation  character,  closer  to  the 
latter.  It  is  also  shown  that  there  is  a  linear  relationship  between  the  magnetocrystalline 
anisotropy  constant,  K[,  and  the  relaxation  frequency.  The  slope  of  this  correlation  depends  on 
the  grain  size.  Such  a  relationship  could  allow  the  determination  of  this  basic  parameter  from 
polycrystalline  samples. 


INTRODUCTION 

Many  electronic  devices  such  as  switched-mode  power  supplies  involve  [1]  the  use  of 
magnetic  materials  with  high  magnetic  permeability  ()a,rei  >  1000)  at  high  frequencies  {f>  10 
MHz).  The  active  magnetization  processes  in  the  1  -  50  MHz  frequency  range  have  been  found 
to  be  domain  wall  movements  and  spin  rotation  [2,3].  At  frequencies  higher  than  ~50  MHz, 
domain  walls  become  unable  to  follow  the  excitation  field,  and  only  spin  rotation  remains. 

Recent  studies  [3,4]  associate  a  resonance  character  to  the  permeability  dispersion  of  domain 
walls.  We  think,  however,  that  a  more  detailed  investigation  is  needed.  In  this  paper  we  present  a 
study  of  the  frequency  behavior  of  polycrystalline  Ni-Zn  ferrites,  with  the  aim  of  progressing  also 
on  the  understanding  of  the  influence  of  grain  size  on  the  relaxation  frequency. 


EXPERIMENTAL  TECHNIQUES 

Polycrystalline  ferrite  samples  in  the  formula  NixZni-xFe204  (with  x  =  0.30,  0.35  and  0.40) 
were  prepared  by  the  ceramic  method,  from  the  reactive  grade  oxide  reagents  NiO,  ZnO  and 
Fe203.  The  initial  wet  milling  of  raw  materials  was  followed  by  press  in  the  shape  of  toroids  and 
sintering  for  various  combinations  of  time  and  temperature  (6-96  h  at  1150  °C).  The  furnace 
atmo.sphere  was  oxidizing  (100%  O2  at  1  atm)  in  order  to  reduce  the  possibility  of  reduction  of 
ferric  to  ferrous  ions,  which  would  reduce  the  electric  resistivity  and  therefore  would  increase  the 
frequency  losses.  Their  grain  size  was  determined  by  counting  on  scanning  electron  microscopy 
(SEM)  micrographs  of  selected  surfaces. 

Real  and  imaginary  impedances  were  measured  in  a  system  [2]  including  an  HP  4192  A 
Impedance  Analyzer  controlled  by  a  PC  computer.  Measurements  were  carried  out  in  the  5  Hz- 13 
MHz  frequency  range  at  temperatures  from  1 10  to  450  K.  Real  and  imaginary  permeability 
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values  were  calculated  from  impedances  by  using  the  relationship  p*  =  KL*  =  (j/o))Z*,  where  p* 
is  the  complex  penneability,  K  is  a  geometrical  constant  (for  toroids),  L*  is  the  complex 
inductance,  co  is  the  angular  frequency  (co  =  2nJ),  j  is  the  basis  of  imaginary  numbers  (V-1)  and  Z* 
is  the  complex  impedance.  Note  that  the  presence  of  j  leads  to  a  cross-over  of  values,  since  the 
real  part  of  inductance  (and  therefore  of  real  permeability)  is  given  by  the  imaginary  value  of 
impedance,  and  conversely,  the  imaginary  part  of  permeability  depends  on  the  real  part  of 
impedance.  Our  system  allows  to  obtain  up  to  94  permeability  values  at  discrete  frequencies  in 
less  than  3  min. 


EXPERIMENTAL  RESULTS  AND  DISCUSSION 

Real  and  imaginary  permeabilities,  p’and  p"  respectively,  as  a  function  of  frequency  of 
the  excitation  field  appear  in  figure  1.  A  clear  dispersion  appears,  indicated  in  the  real 
permeability  by  the  decrease  from  a  given  value  at  low  frequencies  toward  a  lower  value  at 
higher  frequencies,  and  by  a  maximum  in  the  imaginary  permeability.  The  complex  plane,  or 
Cole-Cole  plot,  where  the  imaginary  penneability  is  plotted  as  a  function  of  real  permeability, 
exhibits  a  locus  of  points  with  the  tendency  to  a  semicircle. 


Figure  1.  Spectroscopic  plots  of  the  real  and  imaginary  parts  of  permeability  for  .y  =  0.35  ferrite. 
In  inset,  the  Cole-Cole  plot. 
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Simple  dispersions  typically  can  have  either  a  resonant  or  a  relaxation  character.  Resonant 
systems  possess  a  natural  frequency  of  vibration.  If  a  general  equation  of  motion  is  considered, 

m  d  Vdt^  +  P  dA-/d/  +  a  a-  =  F(0  (1) 

where  m  is  the  effective  mass,  a-  the  displacement,  p  the  damping  coefficient,  a  the  restoring  term 
and  F(0  the  excitation  force,  then  it  can  be  shown  that  a  resonance  dispersion  occurs  if  the 
effective  mass,  m,  is  comparable  to  the  damping  term,  p.  The  resonance  frequency  is  then  given 
by: 


cft,  =  27c/.  =  (a/m)'''  (2) 

When  a  resonant  system  is  submitted  to  an  excitation  of  increasing  frequency  going  through  such 
natural  frequency,  the  resonance  appears  in  p’ plots  as  a  large  peak  followed  by  a  vertical  drop 
down  to  the  negative  part  of  p’,  finally  recovering  a  zero  value.  In  p",  the  resonant  dispersion 
appears  as  a  strong  maximum.  These  behaviors  have  been  observed  in  the  case  of  ferromagnetic 
resonance  in  many  magnetic  materials,  and  a  typical  example  appears  in  Ref.  [5].  It  can  be  shown 
that  in  complex  plots,  where  p"  is  plotted  as  a  function  of  p’  (also  known  as  Cole-Cole  plots),  a 
resonance  exhibits  a  full  circle  [6]. 

In  a  relaxation  dispersion,  damping  is  stronger  than  the  effective  mass  {m  «  P)  the 
inertia  term  can  be  neglected,  and  the  solution  of  Eq.  (1)  simplifies  to: 


Q)x  =  27c/;  =  a/p 


(3) 


Figure  2.  Linear  relationship  between  relaxation  frequency  and  grain  size  for  the  studied 
compositions. 
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Figure  3.  Typical  microstruclure  of  samples,  for  a),  6  h,  b).  96  h  of  thermal  treatment  (x  =  0.35). 


In  this  case,  the  dispersion  appears  in  p’  as  a  simple  decreasing  and  in  p"  as  a  maximum  at 
the  relaxation  frequency,  (Ox  (cOx  =  27i/x),  and  the  Cole-Cole  plot  shows  a  semicircle.  At  this  point, 
we  can  establish  that  the  dispersion  shown  by  our  samples  is  closer  to  a  relaxation  than  to  a 
resonance,  and  use  the  relaxation  frequency, /x,  in  the  following. 

The  relaxation  frequency  depends  not  only  on  the  intrinsic  parameters  of  ferrites,  but  also 
on  the  granular  structure,  as  shown  in  figure  2,  where  a  linear  correlation  is  observed  between  the 
average  grain  size,  D,  and  the/x.  Figure  3  shows  the  typical  microstructure  of  samples  sintered 
for  6  and  96  hr,  in  this  case  for  composition  j:  =  0.35. 


Figure  4.  Thermal  behavior  of  relaxation  frequency  for  the  studied  compositions. 
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Figure  5.  Relaxation  frequency  (f,)  as  a  function  of  anisotropy  constant  (Kj). 


It  is  interesting  to  look  at  the  thermal  behavior  of  the  relaxation  frequency,  as  shown  in 
figure  4.  The  decrease  observed  reminds  in  a  way  the  decrease  observed  in  the  case  of  the 
magnetocrystalline  anisotropy  constant,  Kj,  for  the  case  of  x  =  0.35,  where  single  crystals  were 
prepared  [7].  When  this  data  is  plotted  as  a  function  of  relaxation  frequency  (for  each 
temperature),  it  has  been  shown  that  a  linear  relationship  is  obtained  [2,8].  These  results  are 
presented  in  figure  5  for  composition  x  =  0.3.  However,  the  grain  structure  or  grain  size 
distribution  has  a  strong  influence  on  the  relaxation  frequency;  a  particular  relationship  is 
observed  for  each  sample  (with  a  different  granulometry),  figures  3  and  4.  In  order  to 
“normalize”  by  average  grain  size,  D,  we  have  plotted  f^D  against  the  temperature,  which  leads  to 
a  single  relationship  for  each  composition,  figure  6.  In  this  way,  the  effect  of  grain  size  is  taken 
into  account. 


CONCLUSIONS 

We  have  analyzed  the  character  of  the  dispersion  observed  in  the  permeability  of 
polycrystalline  ferrites  and  shown  that  it  is  closer  to  a  relaxation  than  to  a  resonance.  We  have 
also  shown  the  dependence  of  relaxation  frequency  on  the  grain  size,  as  well  as  the  effects  of  the 
latter  on  the  relationship  between  magnetocrystalline  anisotropy  and  relaxation  frequency. 
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Figure  6.  “Normalization”  of  the  thermal  behavior  of  relaxation  frequency  by  the  average  grain 
size. 
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ABSTRACT 

A  comprehensive  and  systematic  study  has  been  made  on  Sm(CobaiFevCuyZrx)z  magnets  to 
completely  understand  the  effects  of  composition  and  processing  on  their  magnetic  properties. 
The  homogenized  Sm(Co,Fe,Cu,Zr)z  magnets  have  a  featureless  microstructure.  A 
cellular/lamellar  microstructure  develops  after  2-3  hours  of  aging  at  800-850°C,  but  the 
coercivity  increases  only  after  a  subsequent  slow  cooling  to  400°C.  During  cooling,  diffusion 
takes  place  and  Cu  is  concentrated  in  the  1:5  cell  boundaries  and  Fe  in  the  2:17R  cells.  This 
dilutes  the  magnetic  properties  of  the  1:5  phase  and  causes  domain  wall  pinning/nucleation  at  the 
cell  boundaries.  Higher  ratio  z  leads  to  larger  cells  as  expected  due  to  the  larger  amount  of  the 
2:17  phase.  For  a  fixed  Cu  content,  this  translates  to  a  larger  amount  of  Cu  in  the  1:5  cell 
boundaries,  and  therefore,  to  a  higher  coercivity.  Magnets  without  Cu  but  with  Zr  have  a  lamellar 
and  a  cellular  like  microstructure.  In  Zr  free  samples,  however,  a  larger  amount  of  Cu  is  needed 
to  form  the  cellular  microstructure.  This  cellular  microstructure  is  unstable  with  prolonged 
isothermal  aging.  A  uniform  and  stable  cellular/lamellar  microstructure  is  only  observed  in  alloys 
containing  both  Cu  and  Zr.  A  higher  aging  temperature  Tag  leads  to  larger  cells  and  higher 
coercivity  as  explained  above.  The  results  of  all  these  studies  clearly  show  that  the  amount  of  Cu 
in  the  1 :5  cell  boundaries  controls  both  the  coercivity  and  its  temperature  dependence  leading  to 
positive  and  negative  temperature  coefficients  of  coercivity  in  low  and  high  Cu  content  alloys, 
respectively. 


INTRODUCTION 

Sm(Co,Fe,Cu,Zr)x  permanent  magnets  are  characterized  by  large  anisotropy  fields  and  high 
Curie  temperatures  which  make  them  suitable  candidates  for  high  temperature  applications  [1,2]. 
The  optimum  properties  of  the  magnets  are  obtained  after  a  lengthy  heat  treatment  consisting  of 
homogenization  at  a  temperature  Th  (1 160-1 190°C),  slightly  below  the  sintering  temperature, 
followed  by  an  aging  at  temperatures  Tag  between  800-850°C,  and  a  subsequent  slow  cooling  to 
400°C.  Their  high  coercivity  originates  from  a  complex  micro.structure  consisting  of  a 
superposition  of  cellular  (2:17  cells  and  1:5  cell  boundaries)  with  a  lamellar  structure  known  as 
the  Z  phase.  Cu  is  found  to  be  concentrated  in  the  1 :5  cell  boundaries  and  Zr  in  the  Z  phase. 
According  to  Ray  [3],  Cu  stabilizes  the  Sm(Co,  Cu)5  phase  in  the  presence  of  Fe  and  Fe  stabilizes 
the  2:17R  phase  in  the  presence  of  Cu.  The  Sm2(Co,Fe)]7  cells  are  mainly  responsible  for  the 
large  saturation  magnetization  while  the  Sm(Co,  Cu)5  cell  boundaries  pin  the  domain-walls  [4]. 
Lorentz  microscopy  studies  [5,  6]  clearly  showed  wavy  domain  walls  following  the  1:5  cell 
boundaries,  indicating  domain  wall  pinning  at  the  latter.  The  Zr-rich  lamella  phase  is  believed  to 
provide  diffusion  paths  for  Cu  segregation  and  thus  to  form  uniform  Sm(Co,Cu)5  cell  boundary 
phase,  which  leads  to  high  coercivity  [7]. 
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The  Sm(CohaiFevCuyZrx),,  magnets  represent  a  complex  system  with  four  compositional 
variables  (x,  y,  v,  z)  and  five  heat  treating  variables  (Th.  th.  Tag,  tag,  dT/dt).  We  have  recently 
undertaken  a  comprehensive  and  systematic  study  (MURI  Project)  on  cast  alloys  and  sintered 
magnets  to  understand  the  effects  of  composition  (z,  x,  y,  v)  and  processing  on  their  magnetic 
hardening  behavior,  particularly  on  Hci  and  its  temperature  dependence.  These  studies  led  to  the 
development  of  new  high  temperature  magnets  with  controlled  temperature  dependence  of  Hd 
(including  an  abnormal  temperature  dependence  of  coercivity  Hc(T)  in  some  magnets)  [8-10] 
having  a  record  value  of  10  kOe  at  500°C  [11].  From  these  studies,  we  are  able  to  finely  tune  the 
microstructurc  and  inicrochemistry  of  the  Sm-Co  magnets  through  adjustments  in  the 
composition  and  processing  parameters,  and  design  magnets  for  various  applications.  In  addition, 
the  discovery  of  the  abnormal  temperature  behavior  has  posed  a  new  challenge  about  how  to 
explain  their  magnetization  reversal  mechanism.  This  paper  summarizes  our  studies  on  the  effect 
of  composition  and  processing  on  the  microstructure  and  magnetic  properties,  and  discuss  the 
magnetization  reversal  mechanism  with  respect  to  the  Hc(T)  of  SmCCobdFevCuyZrx)/  magnets. 


EXPERIMENTAL  PROCEDURES 

Cast  samples  with  nominal  composition  Sm(CobaiFevCuyZrx)z  with  x=0-0.1,  y=0.048-0.168, 
v=0-0.3  and  z=7.0-9.0  were  prepared  by  arc-melting.  All  the  samples  were  solutionized 
(homogenized)  at  1 170-1 190°C.  The  aging  heat  treatments  were  carried  at  temperatures  in  the 
range  of  700-900°C.  The  isothermal  aging  time  was  varied  from  0.5  to  24h.  After  isothermal 
aging,  the  samples  were  subjected  to  either  a  quenching  to  room  temperature  or  to  a  slow  cooling 
to  400°C.  In  addition,  some  samples  were  cooled  to  intermediate  temperatures  and  then  quenched 
to  room  temperature.  The  room  temperature  magnetic  properties  were  measured  using  an  Oxford 
vibrating  sample  magnetometer  (VSM)  with  a  maximum  applied  field  of  5  T.  The  high 
temperature  magnetic  properties  were  measured  using  a  high  temperature  VSM  with  an  applied 
field  of  20  kOe.  Microstruclure  analysis  was  earned  out  using  a  JEOL  JEM-2000  FX 
transmission  electron  micro.scope  (TEM).  Nanoprobe  chemical  analysis  was  carried  out  using 
JEOL  2010  FEG  with  Inm  resolution. 


RESULTS  AND  DISCUSSION 


Compositions  required  for  the  formation  of  cellular/lameUar  microstructure 

Binary  Sm-Co  alloys  with  composition  close  to  that  of  2:17  magnets  do  not  show  the 
cellar/lamellar  microstructure.  Figure  1  shows  the  micro.structure  of  the  stoichiometric  SmiiCos9 
and  Smi4Cos6  samples  without  Cu  and  Zr  addition.  The  microstructure  of  SninCo^  sample 
mainly  consists  of  the  2:17  phase  with  many  dislocations  present  [see  Fig.  1  (a)].  With  increasing 
Sm  content  (i.  c.  decreasing  ratio  z)  in  the  alloys,  a  certain  amount  of  1:5  phase  is  observed 
besides  the  2:17  phase  as  seen  in  Fig.  1(b).  However,  the  cellular  microstructure  is  not  yet 
formed.  When  x=2.5  at.%  Zr  is  added,  the  lamellar  structure  is  observed  with  an  incomplete 
cellular  microstructurc  (see  Fig.  2).  However,  the  coercivity  of  the  sample  is  almost  zero  due  to 
the  lack  of  a  large  gradient  in  domain  wall  energy  across  the  1:5  boundaries.  In  Zr  fiee 
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Sm{CObaiFeo.iCuy)8.5  magnets  with  y=0.088,  the  cellular/lamellar  microstructure  is  not  formed.  A 
rod  or  needle-like  1:5  phase  is  distributed  in  the  2:17  matrix  instead  (Fig.  3a).  If  the  Cu  content  y 
is  increased  to  0.168,  a  very  fine  (35  nm)  cellular  microstructure  is  formed  with  a  maximum 
Hci=5.6  kOe  after  aging  (Fig.  3b).  However,  the  cell  size  cannot  be  uniformly  grown  and  finally 
breaks  down  with  further  aging  [9].  As  it  will  be  seen  later,  in  order  to  obtain  a  high  coercivity,  a 
unifonn  cellular  and  lamellar  microstructure  is  required  and  this  is  the  result  when  both  Cu  and 
Zr  are  present  in  Sm-Co  alloys. 


Figure  1.  TEM  micrographs  of  SmuCos^  (a)  and  Smi4Co86  (b)  samples. 


Figure  2.  TEM  micrographs  of  a  SmiiCo86.5Zr2.5  sample,  (a)  perpendicular,  and  (b)  parallel  to  the 
c-axis  of  the  2:17  phase 


Figure  3.  The  TEM  cellular  microstructures  for  the  Sm(CobaiFeo.iCUy)x.5  magnets  with  (a) 
y=0.088  and  (b)  0.168,  respectively. 

Effect  of  ratio  z 


Ratio  z  defines  the  ratio  of  TTM/Sm  (TTM=total  transition  metal).  According  to  the  phase 
diagram  [12],  magnets  with  a  low  ratio  z  (i.e.  high  Sm  content)  would  be  expected  to  have  more 
of  the  Sm(Co,Cu)5  cell  boundary  phase.  Figure  4  shows  the  cellular  microstructure  of 
Sm(Cob;,iFe().224Cu().osZr().o33)/  magnets  with  z=7.0,  8.5  and  9.1  obtained  by  TEM  (magnets  with 
z>8.5  have  a  small  amount  of  Co  present).  It  is  clear  that  when  the  ratio  z  increases  from  7.0  to 
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8.5  and  9.0,  the  average  cell  size  increases  to  88,  108  and  Til  nni,  respectively.  For  a  fixed  Cu 
content,  a  larger  cell  size  results  in  a  larger  amount  of  Cu  in  the  1 :5  cell  boundaries.  This  leads  to 
a  larger  gradient  in  domain  wall  energy  across  the  cell  boundaries  resulting  in  a  stronger  domain 
wall  pinning,  and  gives  rise  to  a  higher  coercivity.  For  high  z  the  cellular  microstructure  is  not 
complete  and  the  coercivity  deteriorates.  Figure  5  shows  the  temperature  dependence  of  intrinsic 
coercivity  of  Sm(CobaiFe().iCu().n8sZr,).o4)/  magnets  with  different  ratio  z.  It  is  seen  that  the  magnets 
with  lower  z  have  better  Hc(T).  In  addition,  an  abnormal  Hc(T)  is  observed  in  the  magnets  with 
7-1. a.  Both  of  these  effects  will  be  discussed  later. 


Figure  4.  The  cellular  microstructure  of  Sm(CobaiFe<).224Cu(>.()sZr().()33)z  magnets  with  (a)  z-7.0, 
Hd=15  kOe,  (b)  z=8.5,  Hci=35  kOe  and  z=9.1,  Hci=8  kOe. 


Figure  5.  The  temperature  dependence  of  intrinsic  coercivity  of  Sm(CObaiFeo,|Cuo.o88Zr().o4)/, 
magnets  with  different  ratio  z. 


Effect  of  Cu 


Cu  content  has  the  most  important  effect  on  the  microstructure  and  magnetic  properties  of 
the  magnets.  Figure  6  shows  the  dependence  of  intrinsic  coercivity  Hci  and  saturation 
magnetization  Ms  of  Sm(CobaiFeo.iCuyZro.n4)/  magnets  (y=0.048-0.168,  z=7.5  and  8.5)  on  the  Cu 
content.  Ms  decreases  while  Hd  increases  with  increasing  Cu  content.  It  is  noted  that  the  Hd  of 
the  magnets  with  z=8.5  reaches  a  maximum  of  about  40  kOe  when  the  Cu  content  x  is  0.088. 
However,  for  the  magnets  with  z=7.5,  Hci  continues  to  increase  with  increasing  the  Cu  content  y 
up  to  0.168.  The  TEM  microstructure  of  Sm(CobaiFeo.iCuyZro.o4)/,  magnets  [11]  shows  that  the 
cell  size  decreases  slightly  with  increasing  Cu  content  with  a  stronger  dependence  in  the  case  of 
high  ratio  z.  The  average  cell  size  decreases  from  120  to  75  nm  with  increasing  the  Cu  content 
from  0.048  to  0.168.  Our  nanoprobe  chemical  analysis  results  (see  Fig.  16  in  the  section  of 
magnetic  hardening)  show  that  Cu  is  concentrated  at  the  cell  boundaries  and  Cu  content  increases 
with  increasing  the  Cu  content  of  the  magnets.  Because  the  magnet  with  low  ratio  z  has  a  smaller 
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cell  size,  the  proportion  of  the  cell  boundaries  is  larger.  More  Cu  is  needed  to  obtain  a  large 
domain  wall  gradient  across  the  cell  boundaries.  Even  when  the  Cu  content  is  up  to  0,168,  the 
coercivity  has  not  yet  reached  its  maximum.  The  temperature  dependence  of 
Sm(CobaiFeo.tCuyZro.o4)7.5  magnets  with  different  Cu  content  y  is  shown  in  Fig.  7.  The  magnets 
with  lower  Cu  content  have  lower  room  temperature  coercivity  but  exhibit  a  better  Hc(T). 


Cu  content  (y) 

Figure  6.  The  dependence  of  saturation 
magnetization  Mg  and  intrinsic  coercivity  Hci 
on  the  Cu  content  in  Sm(CobaiFeo,iCuyZro.o4)/. 
magnets  (y=0.048-0.168,  z=7.5  and  8.5). 


300  350  400  450  500 


Temperature  {°C) 

Figure  7.  The  temperature  dependence  of 
intrinsic  coercivity  Hci  of 
Sm(CobaiFeo.iCuyZro.o4)7.5  magnets  with 
different  Cu  content. 


Effect  of  Zr 


Although  many  studies  in  the  past  have  examined  the  role  of  Zr  [3,  7,  13,  14],  yet  its  effect  is 
not  fully  imderstood.  Figure  8  shows  the  optimized  intrinsic  coercivity  Hci  as  a  iunction  of  Zr 
content  in  Sm(CobniFeo.iCuo.o88Zrx)8.5  magnets  at  25  and  500°C,  respectively.  At  room 
temperature,  the  coercivity  is  below  2  kOe  for  the  sample  without  Zr.  However,  with  increasing 
Zr  content,  the  coercivity  dramatically  increases  and  reaches  a  value  of  around  40  kOe  for  x  in 
the  range  from  0.015  to  0.06.  When  x>0.06,  the  coercivity  begins  to  decrease.  At  500°C, 
although  the  coercivity  is  below  10  kOe  for  all  magnets,  it  still  gradually  increases  with 
increasing  x  up  to  0.06  and  then  it  decreases  significantly. 


Zr  content  (x) 

Figure  8.  Effect  of  Zr  on  the  coercivity  of  Sm(CobaiFeo.iCuo.o88Zrx)8.5  magnets  at  25  and  500°C 
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Figure  9  shows  TEM  cellular  microstructures  for  the  Sm(Cob;,iFe().iCuo.os8Zrx)8.5  magnets 
with  (a)  x=0.005,  (b)  0.04  and  (c)  0.08,  respectively.  With  increasing  x  from  0  to  0.08,  the 
microstructure  gradually  changes  from  the  2:17  matrix  along  with  a  needle-like  1:5  phase  [Fig. 
3(a)]  to  an  incomplete  cellular  [Fig.  9(a)],  and  finally  a  uniform  cellular,  while  the  cell  size 
decreases,  first  slightly  and  then  quickly,  from  120  to  35  nm.  On  the  other  hand,  the  density  of 
lamella  phase  increases,  first  quickly  and  then  slightly,  from  0.024  to  0.062  nm  '  [15,  16].  When 
the  Zr  content  is  further  increased  to  over  0.08,  a  2:7  phase  is  formed  leading  to  a  decrease  in 
cocrcivity  [17]. 


Figure  9.  The  TEM  cellular  microstructures  for  the  Sm(CobaiFe(uCu().()8xZrx)«.5  magnets  with  (a) 
x=0.005,  (b)  0.04  and  (c)  0.08,  respectively. 

Figure  10  shows  the  effect  of  isothermal  aging  time  on  the  coercivity  of 
Sm(CobaiFC(uCuo.()88Zrx)x.5  magnets  with  different  Zr  content.  Because  Zr  helps  the  redistribution 
of  Cu  at  the  cell  boundaries,  the  development  of  high  coercivity  with  the  isothermal  aging  time 
strongly  depends  on  the  Zr  content  in  magnets. 

As  mentioned  before  in  Zr-free  magnets  with  higher  Cu  content,  a  fine  cellular 
microstructurc  is  observed  which  becomes  highly  non-unifono  with  aging.  After  the  addition  of 
Zr  and  Cu  in  the  magnets,  a  normal  microstructure  consisting  of  rhombohedral  Sm2(Co,Fe)i7 
cells  surrounded  by  a  Cu-rich  hexagonal  Sm(Co,Cu)s  cell  boundary  phase  is  always  formed. 
These  results  indicate  that  the  lamellar  phase  formed  by  adding  Zr  stabilizes  a  uniform  cellular 
microstructure  with  the  right  microchemistry  for  high  coercivity  [9]. 


Figure  10.  The  coercivity  as  a  function  of  aging  time  for  Sm(CobaiFe().|Cu().o88Zrx)K.5  magnets 
with  different  Zr  content. 
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Effect  of  Fe 

Iron  has  a  significant  effect  on  the  high  temperature  magnetic  properties  of 
Sm(Co,Fe,Cu,Zr)z  magnets.  Some  studies  [17,  18]  suggested  that  the  high  temperature 
performance  of  SmCo  2:17  magnets  can  be  improved  by  decreasing  the  Fe  content.  Our  results 
show  that  for  some  compositions  the  addition  of  a  certain  amount  of  Fe  is  necessary  to  develop  a 
uniform  cellular  microstructure  with  a  larger  cell  size  and  thus  a  high  coercivity.  The  TEM 
studies  for  Sm(CobaiFevCu().i28Zro.o2)7.o  magnets  with  different  v  (see  Fig.  11)  show  that  the 
magnet  with  low  Fe  content  has  a  smaller  but  non-uniform  cell  size  (The  average  cell  size  is  48 
nm).  With  increasing  the  Fe  content  v  up  to  0.2,  the  cell  size  increases  to  120  nm  but  becomes 
uniform  because  Fe  substitutes  in  the  2:17  phase.  As  explained  earlier,  for  a  fixed  Cu,  this  leads 
to  a  larger  Cu  content  in  the  1:5  cell  boundaries  and  therefore,  to  a  higher  coercivity.  When  the 
Fe  content  is  further  increased  up  to  0.25,  the  cell  size  continuously  increases  up  to  180  nm  and 
becomes  inhomogeneous.  The  cellular  structure  starts  deteriorating  and  this  leads  to  the  decrease 
of  coercivity.  In  the  Sm(CobaiFevCu(),o78Zr().()33)8.3  magnet  with  higher  ratio  z  [19],  because  the 
original  cell  size  is  large,  the  addition  of  Fe  does  not  have  a  significant  effect  on  the 
microstructure  and  coercivity. 


Figure  11:  TEM  micrographs  of  Sm(CobaiFevCuo.i2«Zro.o2)7.o  magnets  (a)  v=0,  (b)  v=0.02  and  (c) 
v=0.25. 


Fe  content  (v) 

Figure  12.  The  effect  of  Fe  content  on  the 
intrinsic  coercivity  Hci  of  magnets  with 
different  compositions. 


Figure  13.  The  temperature  dependence 
of  intrinsic  coercivity  Hci  of 
Sm(CObiiiFe().iCu().i2HZr().()2)7.o  magnets  with 
different  Fe. 
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Figure  12  shows  the  effect  of  Fe  content  on  the  magnetic  properties  of  magnets  with 
different  compositions.  Although  a  maximum  of  coercivity  exists  with  Fe  content,  the  coercivity 
of  Sm(CobatFevCu().i2«Zr(),()2)7.()  magnet  with  a  low  ratio  z  is  more  sensitive  to  the  Fe  content.  More 
Fe  is  needed  to  develop  a  high  coercivity.  The  Hc(T)  of  Sm(Coba!FevCuo.i28Zro.o2)7.o  magnets  with 
different  Fe  content  (see  Fig.  13)  show  that  the  coercivity  of  all  magnets  always  decreases  with 
increasing  temperature.  However,  the  Hci(T)  curves  for  the  magnets  with  higher  Fe  content  are 
steeper.  This  is  probably  due  to  the  lower  anisotropy  K  of  the  2:17  matrix  phase  and  its  stronger 
temperature  dependence  /fCT),  because  of  the  lower  Curie  temperature  of  the  2: 17  matrix  phase. 


Effect  of  aging  temperature  and  time 


Figure  14  shows  the  dependence  of  coercivity  on  the  aging  temperature  Tag  in  a 
Sm(Coi,aiFe().iCu().()8KZr().()4)«.5  magnet.  It  can  be  seen  that  the  magnet  aged  at  850®C  has  an  optimal 
coercivity.  The  TEM  image  shows  that  the  magnet  aged  at  750°C  has  a  .smaller  cell  size  (70  nm). 
Additional  data  about  the  microstructure  and  coercivity  of  sintered  Sm(Co,Fe,Cu,Zr)6.4  magnets 
with  different  aging  temperature  is  listed  in  Table  1.  Although  the  Cu  concentration  at  the  cell 
boundaries  is  almost  the  same  with  different  aging  temperature,  the  difference  of  microstructure 
parameters,  especially  the  thickness  of  cell  boundaries,  results  in  a  different  coercivity.  A  higher 
T;,g  leads  to  larger  cells  and  thicker  cell  boundaries  and  thus  leads  to  higher  coercivity.  It  is 
reasonable  to  assume  that  an  increase  of  T;,g  over  850°C  leads  to  a  further  increase  and  final 
deterioration  of  the  cell  size,  and  thus  it  leads  to  a  reduction  in  coercivity. 


Figure  14:  Dependence  of  coercivity  Hei  on 
the  aging  temperature  in  a 

Sm(Coi,aiFe().  i  Cuo.oKsZr,)., 14)8.5  magnet. 


Figure  15.  The  dependence  of  intrinsic 
coercivity  Hci  on  the  aging  time  for 
Sm(CObaiFe().|CuyZrx)8.5  magnets  with 
different  Cu  and  Zr  content. 


Figure  ]5  shows  the  dependence  of  coercivity  on  the  aging  time  for  Sm(CobaiFe().]CuyZrx)8.5 
magnets  with  different  Cu  and  Zr  content.  For  the  magnet  with  low  Cu  and  Zr  content,  an  optimal 
coercivity  is  developed  only  after  aging  at  850°C  for  over  9h,  followed  by  the  slow  cooling. 
However,  the  development  of  coercivity  for  the  Sm(CobaiFe().iCu<).i68Zr(),()4)8.5  magnet  is  not 
sensitive  to  the  isothermal  aging  time  at  850°C.  The  magnet  develops  a  coercivity  of  over  21  kOe 
even  after  aging  at  850°C  for  0.5h,  followed  by  a  slow  cooling  to  400'^C.  This  suggests  that 
higher  Cu  content  along  with  a  certain  amount  of  Zr  permits  the  rapid  formation  of  the  right 
microstructure  and  microchemistry  during  aging  and  thus  it  leads  to  the  observed  high  coercivity 
[10].  These  results  are  also  consistent  with  the  .studies  on  the  evolution  of  microstructure  and 
nanoscale  composition  [21],  which  shows  that  a  perfect  cellular/lamellar  microstructure  is  formed 
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after  aging  for  2h  at  850°C,  while  Cu  diffusion  at  the  cell  boundaries  mainly  occurs  during  a  slow 
cooling  stage. 


Table  I.  Effect  of  aging  temperature  on  the  microstructure  parameters  and  coercivity  of  a  sintered 
Sm(Co,Fe,Cu,Zr)6,4  magnet. 


Recently  our  extensive  studies  show  that  the  distribution  and  amount  of  Cu  at  the  1:5  cell 
boundaries  is  the  predominant  factor  in  controlling  the  pinning  strength  or  magnetization  reversal 
and  therefore  the  coercivity  and  its  temperature  dependence.  Figure  1 6  shows  a  typical  element 
profile  along  the  cell  boundary  obtained  by  nanoprobe  chemical  analysis  for  the 
Sm(CobaiFeo.iCu().i28Zro.o2)7.5  magnet.  Cu  mainly  concentrates  at  the  1:5  cell  boundaries  and 
increases  from  13.8  to  33.8  at.  %  with  Cu  increasing  from  0.068  to  0.128. 


Distance  from  Center  of  Celt  Boundary  (nm)  Agingtimeth)  Quenching  temperature  (“C) 


Figure  16.  An  element  profile  along  the  cell  Figure  17:  The  evolution  of  Cu  at  cell 

boundary  for  Sm(CobaiFeo.|Cuo.i28Zirfl.o2)7.5  boundaries  and  coercivity  with  heat 

magnet.  treatment. 

Figure  17  shows  the  evolution  of  Cu  at  the  cell  boundaries  and  coercivity  with  heat 
treatment.  It  can  be  seen  that  the  development  of  coercivity  clo.sely  follows  the  changes  of  Cu 
content  at  the  cell  boundaries.  A  large  Cu  gradient  at  the  cell  boundaries  is  obtained  by  the  low 
temperature  slow  cooling  close  to  400°C,  which  then  leads  to  large  coercivities.  These  results 
further  confirm  that  the  Cu  content  plays  an  important  role  in  the  development  of  coercivity.  In 
addition,  the  He(T)  study  on  Cu-free  SmiiCos6.5Zr2.5  sample  shows  that  an  abnormal  Hc(T)  exits, 
and  is  reversible  with  temperature.  Because  the  sample  is  Cu-free,  the  abnormal  Hc(T)  should  be 
caused  due  to  the  presence  of  cellular  microstructure.  Therefore,  the  abnormal  Hc(T)  is  related  to 
both  the  presence  of  cellular  microstructure  and  distribution  of  Cu  at  cell  boundaries. 

Figure  18  show  the  Hc(T)  for  Sm(CobaiFeo.iCuyZro.o4)7.o  magnets  with  different  Cu  content. 
These  magnets  have  the  cellular/lamellar  structure.  It  can  be  seen  that  the  room  temperature 
coercivity  increases  with  increasing  Cu  content.  The  abnormal  Hc(T)  is  observed  in  the  magnets 
with  lower  Cu  content.  Additionally,  it  is  noted  that  the  temperature  of  the  peak  coercivity  at  high 
temperature  decreases  with  increasing  Cu  content.  Figure  19  shows  the  temperature  dependence 
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of  anisotropy  constant  K;  for  some  1:5  and  2:17  compounds  (after  [22-24]).  Because  Cu  mainly 
goes  into  the  1:5  boundary  phase,  it  is  assumed  the  Kj  of  2:17  phase  remains  constant  with 
increasing  Cu  content.  It  has  been  shown  that  the  Ki  of  the  1:5  phase  gradually  decreases  with 
increasing  Cu  content,  leading  to  the  gradual  reduction  of  the  critical  temperature  Ter ,  where  Kj 
(1:5)=A'/  (2:17).  The  abnormal  He(T)  behavior  can  be  explained  by  using  both  the  pinning  and 
nucleation  models. 


Figure  18.  Temperature  dependence  of  coercivity  for  Sm(CobaiFe().iCuyZro,o4)7.{)  magnets  with 
different  Cu  content. 


Figure  19.  Temperature  dependence  of  anisotropy  K  for  1:5  and  2:17  compounds  [22-24]. 

According  to  the  two-phase  pinning  mechanism  [25],  the  coercivity  is  proportional  to  the  A/ 
between  the  domain-wall  energies  iov  the  two  phases,  where  17-71:5,  A  is  the 

exchange  stiffness.  If  the  Cu  content  is  low,  below  a  critical  temperature  T^r,  the  higher 

than  7(2:17)  leading  to  a  relatively  weak  repulsive  pinning.  Above  Ter,  the  7(1:5)  is  lower  than  7 
(2:17)  leading  to  an  attractive  pinning  with  an  increase  in  coercivity.  Moreover,  with  increasing 
Cu  content,  T^r  moves  in  the  direction  of  low  temperature,  which  leads  to  the  shift  of  peak 
coercivity  to  lower  temperature  (see  Fig.  18).  If  the  Cu  content  is  sufficiently  high,  the  7(1:5)  is 
lower  than  7(2:17)  at  any  temperature  range.  Therefore,  the  abnonual  Hc(T)  disappears  and  the 
coercivity  monotonically  decreases  with  increasing  temperature.  However,  this  model  predicts  a 
minimum  value  of  coercivity  at  Ter  (There  rnay  be  a  distribution  of  Ter  due  to  the  inhomogeneous 
microchcmisiry  at  cell  boundaries.).  This,  however,  could  not  be  observed  in  our  experimental 
data.  Our  results  show  that  the  abnormal  Hc(T)  behavior  is  observed  in  magnets  with  a  wide 
range  of  Cu  content  (0-0.12).  These  results  suggest  that  the  coercivity  is  controlled  by 
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magnetization  reversal  in  magnetically  isolated  2:17  cells  at  Tc(l:5)<T<Tc(2:17),  where  Tc  is  the 
Curie  temperature. 

In  the  Sm-Co  magnets,  each  2:17  cell  is  partially  or  totally  surrounded  by  the  1:5  boundary 
phase.  In  this  case,  the  coercivity  and  its  temperature  dependence  are  mainly  determined  by  the 
anisotropy  of  the  2:17  phase  and  its  temperature  dependence.  The  1:5  cell  boundary  controls  the 
strength  of  magnetization  reversal  nucleation  with  different  Cu  content  or  temperature.  Figure  20 
shows  a  schematic  representation  of  a  single  cell  under  different  conditions.  When  the  Cu  content 
is  very  low,  the  2:17  cells  are  not  entirely  surrounded  by  1:5  boundaries  and  thus  are  not 
completely  isolated  by  the  1:5  cell  boundaries  [Fig.20(a)],  leading  to  a  low  coercivity.  With 
increasing  Cu  content,  a  uniform  cellular  microstructure  is  observed  and  the  1:5  boundary 
becomes  close  to  nonmagnetic,  resulting  in  complete  magnetic  isolation  of  the  2:17  cells  [Fig. 
20(b)]  and  thus  a  high  room  temperature  coercivity.  On  the  other  hand,  the  magnetic 
transformation  of  the  1:5  boundaries  caused  by  increasing  temperature  is  similar  to  that  by 
increasing  Cu  content.  At  T>Tc  (1:5),  the  2:17  cells  are  completely  isolated  and  this  results  in  an 
increase  of  coercivity.  Because  the  increase  of  Cu  content  leads  to  the  reduction  of  Tc  (1:5),  the 
temperature  of  the  peak  coercivity  at  high  temperature  decreases  with  increasing  Cu  content  (see 
Fig.  18).  After  the  2:17  phase  has  been  isolated  at  room  temperature,  the  abnormal  behavior 
disappears  and  the  coercivity  monotonically  decreases  with  increasing  temperature  because  of 
thermal  activation  and  K{J)  dependence. 


boundary  paramagnelic  1:5 

boundary 

(a)  T<Tc  1 5  01  loii  ei  Cu  (b)  T>Tt  i ;  or  lujiher  Cu 

Figure  20.  Schematic  representation  of  the  1 :5  cell  boundaries  under  different  conditions. 


CONCLUSIONS 

The  coercivity  and  its  temperature  dependence  in  Sm(Coba]FevCuyZrx)z  magnets  are  very 
sensitive  to  the  composition  and  processing  parameters,  which  in  turn  affect  the  microstructure 
and  microchemistry  of  the  magnets.  All  of  these  effects  lead  to  a  change  of  the  cell  size,  which  in 
turn  leads  to  a  variation  of  the  amount  of  Cu  concentration  in  the  Sm(Co,Cu)5  cell  boundaries. 
The  distribution  and  amount  of  Cu  at  the  1:5  cell  boundaries  is  the  predominant  factor  in 
controlling  the  magnetization  reversal  and  therefore  the  coercivity  and  its  temperature 
dependence.  The  addition  of  Zr  stabilizes  a  uniform  cellular  microstructure  with  the  right 
microchemistry  for  high  coercivity.  The  addition  of  a  certain  amount  of  Fe  is  necessary  to 
develop  a  uniform  cellular  microstructure  with  a  larger  cell  size  and  thus  a  high  coercivity.  The 
isothermal  aging  temperature  and  time  mainly  change  the  microstructure  parameters,  including 
the  cell  size,  boundary  thickness,  and  density  of  lamella.  The  increase  of  the  Cu  and  Zr  content 
assists  in  the  development  of  the  right  microstructure  and  microchemistry  with  high  coercivity. 
The  temperature  dependence  of  coercivity  of  magnets  with  different  Cu  content  cannot  be 
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completely  explained  by  the  traditional  domain-wall  pinning  models  based  on  the  difference  in 
domain  wall  energy  between  the  Cu  substituted  1:5  and  the  2:17  phases.  The  coercivity  and  its 
temperature  dependence  may  also  be  explained  by  the  nucleation  of  reversed  domains  in 
magnetically  isolated  Sm2Coi7  cells. 

ACKNOWLEDGEMENTS 

The  authors  gratefully  acknowledge  the  support  of  the  Air  Force  Office  of  Scientific 
Rc.scarch  (AFOSR)  under  the  “MURI  96”  program,  award  #F49620-96-0434.  The  authors  would 
also  like  to  thank  Dr.  J.  F.  Liu  for  his  contributions  on  this  work. 


REFERENCES 

1.  A.  E.  Ray  and  S.  Liu,  .7.  Mater.  Eng.  Perform,  1,  183(1992). 

2.  G.  C.  Hadjipanayis,  in  Rare  earth  iron  permanent  magnets,  edited  by  J.  M.  D,  Coey  (Oxford 
University  Press,  Inc.,  New  York,  1996). 

3.  A.  E.  Ray, AppJ.  Phys.,  55,  2094(1984). 

4.  K.  Kumar, Appl.  Phys.,  63,  R  13(1 988). 

5.  J.  Fidler  and  P.  Skalicky, ,/.  Magn.  Magn.  Mater.,  30,  58(1982). 

6.  R.  K.  Mishra,  G.  Thomas,  T.  Yoneyama,  A.  Fukino,  and  T.  Ojima,  J.  Appl.  Phys.Sl, 
2517(1981). 

7.  L.  Rabenbcrg,  R.  K.  Mishra,  and  G.  Thomas, Appl.  Phys.,  53,  2389(1982). 

8.  J.  F.  Liu,  T.  Chui,  D.  Dimitar,  and  G.  C.  Hadjipanayis,  Appl.  Phys.  Lett.  73,  3007(1998). 

9.  W.  Tang,  Y.  Zhang,  and  G.  C.  Hadjipanayis,  J.  Appl.  Phys.,  87,  5308(2000). 

10.  W.  Tang,  Y.  Zhang,  and  G.  C.  Hadjipanayis,  Appl.  Phys.  Letter.,  77,  421(2001). 

11.  J.  F.  Liu,  Y.  Ding,  Y.  Zhang,  D.  Dimitar,  F.  Zhang,  and  G.  C.  Hadjipanayis,  J.  Appl.  Phys., 
85,5660(1999). 

12.  L.  Cataldo,  A,  Lefevre,  F,  Ducrct,  M.-Th.  Cohen-Adad,  C.  Allibert,  and  N.  Valignat,  J. 
Alloys  Compd.,  241,2 1 6(  1 996). 

13.  M.  Katter,  J.  Weber,  W,  Assmus,  P.  Schrey,  and  W.  Rodewald,  IEEE  Trans.  Magn.  32, 
481.5(1996). 

14.  M.  V,  Satyanarayana,  H.  Fujii,  and  E.  Wallace,  J.  Appl.  Phys.  53,  2374(1982). 

15.  W.  Tang,  Y.  Zhang,  and  G.  C.  Hadjipanayis,  J.  Magn.  Magn.  Mater.  212,  138(2000). 

16.  W.  Tang,  Y.  Zhang,  and  G.  C.  Hadjipanayis,  J.  Appl.  Phys.,  87,  399(2000). 

17.  S.  Liu  and  E.  P.  Hoffman,  IEEE  Trans.  Magn.,  32,  5091(1996). 

18.  C.  Chen,  M.  S.  Walmer,  and  M.  H.  Walmer, Appl.  Phys.,  83,  6706(1998). 

19.  J.  F.  Liu,  Y.  Ding,  and  G.  C.  Hadjipanayis,  J.  Appl.  Phys.,S5,  1670(1999). 

20.  H.  Kronmuller,  in  Magnetic  hysteresis  in  novel  magnetic  materials,  NATO  ASI  Series, 
338(1997). 

21.  Y.  Zhang,  W.  Tang,  and  G.  C.  Hadjipanayis,  Proceedings  of  the  sixteenth  international 
workshop  on  rare  earth  magnets.  ppl67-177,  Sept.  14,  2000,  Sendai,  Japan. 

22.  B.  Barbara  and  M.  Uehara,  IEEE  Trans.  Magn.,  12,  997(1976). 

23.  A.  V.  Deryagin,  J.  Physique,  40,  165(1979). 

24.  A.  S.  Ermolenko,  IEEE  Trans.  Magn.,  12,  992(1976). 

25.  J.  D.  Livingston,  .f.  Appl.  Phys.,  46,  5259(1975). 


U2.1.12 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  674  ©  2001  Materials  Research  Society 


Effect  of  Iron  Substitution  on  the  High-temperature  Properties  of  Sm(Co,Cu,Ti)z 

Permanent  Magnets 

Jian  Zhou,  Ralph  Skomski,  and  David  J.  Sellmyer 

Department  of  Physics  and  Astronomy  and  Center  for  Materials  Research  and  Analysis 
University  of  Nebraska,  Lincoln,  NE  68588 
Wei  Tang  and  George  C.  Hadjipanayis 

Department  of  Physics  and  Astronomy,  University  of  Delaware,  Newark,  DE  19716 


ABSTRACT 

Recently,  Ti-substituted  Sm-Co  permanent  magnets  have  attracted  renewed  attention  due  to 
their  interesting  high-temperature  coercivity.  Our  presentation  deals  with  the  effect  of  iron 
substitutions  on  the  magnetic  properties  of  the  materials.  X-ray  diffraction  shows  that  the 
investigated  Sm(Co,Fe,Cu,Ti)z  materials  (z  =  7,0  -  7.6)  are  two-phase  magnets,  consisting  of  1:5 
and  2:17  regions.  The  iron  content  affects  both  the  coercivity  and  the  magnetization.  Depending 
on  composition  and  heat  treatment,  some  samples  show  a  positive  temperature  coefficient  of  the 
coercivity  in  the  temperature  range  from  22  ”C  to  550  -C.  Moderate  amounts  of  iron  enhance  the 
room-temperature  coercivity.  For  example,  the  room-temperature  coercivity  of 
Sm(Co6.oFeo.4Cu().6Tio.3)  is  9.6  kOe,  as  compared  to  7.6  kOe  for  Sm(Co6.4Cu().6Tio.3).  At  high 
temperatures,  the  addition  of  Fe  has  a  deteriorating  effect  on  the  coercivity,  which  is  as  high  as 
10.0  kOe  at  500  -C  for  Sm(Co6.4Cuo.6Tio.3).  The  room-temperature  magnetization  increases  on 
iron  substitution,  from  73  emu/g  for  Sm(Co6.4Cu().6Tio,3)  to  78  emu/g  for  Sm(Co6.()Feo.4Cuo.6Tio.3). 
The  observed  temperature  dependence  is  ascribed  to  the  preferential  dumbbell-site  occupancy  of 
the  Fe  atoms. 

INTRODUCTION 

The  demand  for  permanent  magnets  with  high-temperature  applications  above  450  -C  has 
attracted  much  attention  in  recent  years.  Usually,  the  best  room-  temperature  permanent  magnets 
are  made  by  Nd-Fe-B  since  it  has  a  relatively  high  saturation  magnetization  and  moderate 
intrinsic  coercivity.  These  two  properties  lead  to  a  high  energy  product  (BH)niax,  which  is  a  key 
figure  of  merit  for  a  hard  magnet.  However  Nd-Fe-B  has  large  temperature  coefficients  of  He 
and  Br.  Therefore,  (BH)iTmx  drops  below  10  MGOe  when  T  >  200  -C,  and  even  more  for  higher 
temperatures,  which  makes  it  unsuitable  for  high-temperature  applications.  Another  type  of 
commercially  available  permanent  magnets  is  2: 17-type  Sm-Co  magnets.  The  complicated  heat- 
treatment  of  Sm(Co,  Fe,  Cu,  Zr)z  leads  to  a  cellular  microstructure  that  is  Fe-containing  SmCo- 
2:17  phases  surrounded  by  Cu-rich  SmCos  grain  boundaries.  Zr  plays  a  key  role  in  the  formation 
of  this  type  of  structure  by  helping  the  precipitation  of  the  Cu-rich  phase.  Although  the 
maximum  energy  product  of  Sm2Coi7  is  not  as  high  as  that  of  the  Nd-Fe-B  at  room  temperature, 
the  low  temperature  coefficients  of  He  and  Br  make  the  energy  product  larger  at  elevated 
temperature,  which  makes  the  2:17  type  Sm-Co  based  magnets  a  good  choice  for  high- 
temperature  applications  [1,2]. 

Our  previous  studies  have  been  focused  on  SmCo-based  alloys  with  Ti-substitution  and  their 
possible  use  as  high  temperature  permanent  magnets  [3,  4].  An  abnormal  temperature 
dependence  of  coercivity  has  been  found  and  an  explanation  for  that  has  been  given.  An  He  of 
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12.3  kOc  at  500  has  been  obtained.  However,  the  relatively  low  magnetization  limits  the 
attainable  energy  product  of  these  alloys.  This  paper  reports  on  the  Fe  effects  of  substitution  for 
Co  on  both  cocrcivity  and  magnetization. 

EXPERIMENTAL  METHODS 

Sm(Co,  Fc,  Cu,  Ti)z  (Z=  7.0-7.6)  are  prepared  by  arc  melting  the  starting  element  materials 
under  flowing  argon.  The  composition  is  represented  in  the  form  of  Sm(Coz-x-y-vP'^xCuyTiv) 
where  x=  0  -  1.0,  y  =  0.4-0.9,  and  v  =  0.25,  0.3.  The  as-melted  samples  are  heat  treated 
following  a  proeedure  similar  to  that  of  the  Sm2TMi7  magnets:  homogenization  at  1 165  -C  for  3 
hours,  annealing  at  825  ''C  for  8  hours,  slow  cooling  under  a  rate  of  1  ^C/min  till  550  -C,  and 
holding  there  for  another  8  hours.  Aligned  samples  are  made  by  mixing  ground  powders  with 
high-temperature  cement  in  a  1.4  T  field  until  solidification.  X-ray  diffraction  is  used  for  the 
determination  of  the  crystal  structure.  SQUID  magnetometer  and  high-temperature  VSM  are 
used  to  obtain  magnetization  data. 

RESULTS  AND  DISCUSSION 

The  as-melted  samples  show  the  disordered  1:5  structure  and  after  annealing  the  cellular-like 
microstructure  forms,  which  contains  a  5-10  nrn  thick  grain-boundary  Cu-rich  1:5  phase  and  a 
main  phase  with  the  2:17  structure  and  with  an  average  grain  size  of  around  70  nm.  This  was 
shown  in  our  previous  work  [3]. 

Table  I  shows  the  room  temperature  Ms,  Mr,  and  He  values  for  different  Cu  and  Fe  contents 
(TM/Sm  ratio  z  =  7.6).  All  data  show  that  additional  Fe  helps  to  increase  Ms.  For  low  Cu  content 
(Cu  =  0.6),  more  Fc  decreases  He.  For  high  Cu  content  value,  large  coercivities  are  obtained  and 
some  samples  are  not  saturated  in  a  field  of  55  kOe. 


Z=7.6 

Ms  (eniu/g) 

Mr  (emu/g) 

I 

-Ic  (kOe) 

0.6 

0.7 

0.8 

0.6 

0.7 

0.8 

0.6 

0.7 

0.8 

0 

70 

66 

63 

48 

41 

43 

10.6 

7 

30 

0.4 

78 

77 

68 

60 

64 

45 

8.7 

18.2 

23 

0.7 

82 

N/s 

N/s 

39 

N/s 

N/s 

4.5 

N/s 

N/s 

1.0 

89 

58 

3.8 

Table  I.  Room  temperature  Ms,  Mr  and  He  of  SmCoTj-x-yFcxCuyTioj.  (N/s  means  not  saturated  at 
55  kOe) 

For  some  particular  compositions,  a  certain  amount  of  Fe  can  increa.se  both  He  and  Ms. 
Figure  1  shows  the  temperature  dependence  of  coercivity  for  the  series  of  SmCo6.4-xFexCuo.6Ti(),3. 
For  X  <  0.7,  the  samples  show  a  positive  temperature  coefficient  of  coercivity  (TCC).  We  see 
that  on  Fc  substitution  for  Co  the  room  temperature  coercivity  reaches  a  maximum  at  a  certain  Fe 
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Figure  2.  Typical  loops  for  a  sample  with  positive  TCC  at  room  temperature  and  400  ®C. 

amount,  then  decreases  while  the  TCC  remains  positive.  On  further  addition  of  Fe,  the  TCC 
becomes  negative  and  also  the  coercivity  drops  to  a  relatively  low  level.  The  positive  TCC  has 
been  explained  by  a  model  in  terms  of  domain-wall-pinning  mechanism  in  a  two-phase  magnet 
[4]. 

As  in  the  case  of  conventional  SmCo  2:17  magnets,  Fe  substitutes  for  Co  and  most  likely 
enters  the  main  2:17  phase  in  the  cellular  structure,  and  also  stabilizes  the  2:17  phase  at  the 
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Figure  3(a).  Hysteresis  loop  of  SmCo6.2Fe().4Cuo.7Ti().3  at  room-temperature. 
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Figure  3(b).  Hysteresis  loop  of  aligned  SmCo6.2Fe().4Cuo.7Ti().3  sample  at  room-temperature. 

presence  of  Cu  [5].  The  increase  of  the  room-temperature  coercivity  due  to  Fe  is  explained  by 
the  preferential  dumbbell-site  occupation  of  Fe  in  the  2:17  structure  [6].  This  enhances  the 
anisotropy  of  the  2: 1 7  phase  and  results  in  a  higher  coercivity  as  compared  to  the  Fe-free  sample. 
Figure  2  shows  typical  loops  for  a  sample  with  positive  TCC  at  room  temperature  and  400  -C. 
Even  though  at  400  -C  the  sample  is  not  saturated,  it  is  obvious  that  the  coercivity  increases  with 
increasing  temperature.  This  is  due  to  the  different  temperature  dependence  of  the  two  phases 
(1:5  and  2:17).  A  detailed  explanation  of  this  mechanism  has  been  given  elsewhere  [4]. 

Figure  3(a)  shows  the  room-temperature  loop  of  a  sample,  whereas  3(b)  shows  the  same 
sample  after  alignment.  The  energy  product  has  been  improved  by  alignment  froml  1.2  MGOe  to 
15.2  MGOe.  The  demagnetization  curve  of  the  SmCo6.2Fe().4Cuo.7Tio,3  bulk  sample  at  room 
temperature  and  5(X)  C  is  shown  in  Fig.  4.  A  coercivity  of  7.3  kOe  and  an  energy  product  of  5.3 
MGOe  is  obtained.  Noticing  that  the  grains  in  the  sample  are  randomly  oriented,  a  higher  energy 
product  is  anticipated  in  aligned  or  sintered  magnets.  Because  we  do  not  have  a  high  temperature 
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Figure  4.  Demagnetization  curves  for  SmCo6.2Fe(),4Cu().7Tio.3  bulk  sample. 

epoxy  that  can  withstand  500  -C,  no  results  for  aligned  samples  have  been  obtained  at  this 
temperature  until  now.  Further  investigations  on  sample  alignment  are  still  under  way,  but  the 
good  property  shown  in  bulk  sample  makes  the  material  promising  for  high -temperature 
application  as  a  permanent  magnet. 

Figure  5  shows  the  change  of  coercivity  at  room  temperature  and  500  -C.  We  can  see  that  for 
Fe  =  0.7,  the  high-temperature  coercivity  remains  around  8.5  kOe.  This  makes  it  possible  to 
increase  remanence  by  introducing  certain  amount  of  Fe  without  losing  too  much  coercivity. 
That  will  lead  to  obtain  an  energy  product  value  around  10  MGOe  at  500  -C. 

Figure  6  shows  the  demagnetization  curves  for  SmCo6.oFeo.4Cuo.6Tio.3  at  different 
temperatures.  The  increase  in  He  is  obvious  and  an  He  of  9  kOe  is  obtained  at  500  °C. 

CONCLUSIONS 

Fe  substitution  for  Co  enhances  the  magnetization  of  Sm-Co-Cu-Ti  and,  for  some 
compositions,  the  coercivity.  The  latter  is  due  to  the  preference  of  the  Fe  occupation  of  dumbbell 
site  in  the  2:17  phase.  The  room-temperature  coercivity  of  Sm(Co6.()Fe().4Cuo.6Tio.3)  is  9.6  kOe,  as 
compared  to  7.6  kOe  for  Sm(Co6.4Cuo.6Tio.3).  However,  larger  Fe  amounts  (Fe>1.0)  will  decrease 
the  coercivity  at  both  room  temperature  and  elevated  temperature.  An  He  of  9.0  kOe  is  obtained 
at  500  -C.  The  substitution  of  Fe  for  Co  helps  increase  the  magnetization  at  all  the  temperatures, 
which  leads  to  a  higher  energy  product  than  that  of  Fe-free  samples.  A  (BH)max  of  1 1.2  MGOe 
and  5.3  MGOe  in  a  SmCo6.2Fe().4Cuo.7Tio.3  bulk  sample  is  obtained  at  room  temperature  and  500 
-C,  respectively.  A  large  increase  of  (BH)max  is  anticipated  in  aligned  samples.  These  properties 
make  this  material  a  promising  candidate  for  high-temperature  applications. 
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Figure  5.  Coercivities  of  SmCo6.3-xFexCuo.7Tio.3  at  room  temperature  and  500  '"C. 


Figure  6.  Demagnetization  curves  of  SmCo6.()FC().4CU().6Ti().3  at  different  temperatures. 
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ABSTRACT 

The  rather  complex  correlation  between  the  microstructure  and  the  magnetic  properties  is 
demonstrated  for  two  types  of  high-quality  RE-TM  permanent  magnets  (pms),  namely  nanocrys¬ 
talline  RE2Fei4B  (RE  =  Nd,Pr)  and  nanostructured  Sm2(Co,Cu,Fe,Zr)i7  pms.  The  detailed  analysis 
of  this  correlation  for  both  pm  materials  leads  to  a  quantitative  comprehension  of  the  hardening 
mechanism  enabling  the  optimization  of  their  magnetic  properties  and  temperature  dependences. 
In  the  case  of  RE2Fei4B,  isotropic  bonded  pms  are  fabricated  showing  maximum  energy  prod¬ 
ucts  in  the  order  of  90  kJ/m^.  In  the  case  of  Sm2(Co,Cu,Fe,Zr)i7,  magnets  with  excellent  high- 
temperature  magnetic  properties  are  tailored.  Hereby,  the  investigations  in  addition  provide  impor¬ 
tant  clues  to  the  evolution  of  the  characteristic  microstructural  and  magnetic  properties  and  to  the 
role  of  the  involved  elements. 


INTRODUCTION 


Modern  high-quality  permanent  magnets  (pms)  are  based  on  RE-TM  intermetallic  compounds 
of  rare  earth  (RE  =  Nd,Pr,Sm)  and  transition  metals  (TM  =  Fe,Co)  [1-4].  With  these  compounds 
outstanding  intrinsic  magnetic  properties,  large  magnetocrystalline  anisotropy  constants  K\  > 
10®  J/m^,  large  spontaneous  polarizations  Js  >  1.2  T  and  Curie  temperatures  I'c  >  250°C  as 
well  as  optimized  microstructures  can  be  realized.  A  large  spontaneous  polarization  is  a  pre¬ 
requisite  for  high  remanences  Jr,  whereas  a  large  magnetocrystalline  anisotropy  constant  may 
result  in  large  coercivities  both  ensuring  high  maximum  energy  products  (H//)n,ax  <  ^r/(4/vo) 
{fjQ  =  47r  ■  10“^  Vs/Am)  as  long  as  the  condition  fioHc  >  0.5 Jr  holds,  The  ternary  systems 
RE2Fei4B  (RE  =  Nd,Pr)  [5]  are  currently  considered  to  be  the  highest  performance  pm  materials 
at  all  because  of  their  very  large  spontaneous  polarization  of  1.6  T  resulting  in  maximum  energy 
products  (/?ff)max  up  to  15  times  larger  than  for  ferrites.  The  only  disadvantage  of  such  mag¬ 
nets  are  their  comparatively  low  Curie  temperatures  of  Tc  300°C.  Nevertheless,  nanocrystalline 
magnetic  materials  of  this  system  have  opened  a  new  class  of  pm  materials  which  are  optimally 
suitable  for  high-performance  polymer  bonded  magnets.  Pms  which  supply  the  highest  {BiI)meLX 
values  at  elevated  temperatures  (beyond  which  RE2Fei4B  is  no  longer  viable)  are  based  on  the 
quintary  system  Sm2(Co,Cu,Fe,Zr)i7  [5].,  With  such  magnets  coercivities  as  large  as  1  T  can  be 
realized  even  at  500°C  which  makes  them  suitable  for  high  temperatures  [6,7]. 

For  a  further  improvement  of  the  performance  of  polymer  bonded  magnets  and  the  high- 
temperature  magnetic  properties,  especially  the  temperature  stability  of  the  coercivity,  the  most 
important  prerequisite  for  both  hard  magnetic  materials  is  the  detailed  analysis  of  the  hardening 
mechanisms  and  in  the  case  of  Sm2(Co,Cu,Fe,Zr)i7  additionally  of  its  formation.  It  is  nowadays 
generally  accepted  that  in  I^FenB  based  materials  the  nucleation  mechanism  governs  the  coer¬ 
civity,  whereas  in  Sm2Coi7  based  materials  domain  wall  pinning  processes  are  dominant.  For  both 
hardening  mechanisms  the  coercivity  is  well-described  by  the  following  global  formula  [8]: 


fioHc 


2A'i 


(1) 


with  the  microstructural  parameters  a  and  Agfr  describing  the  effect  of  the  real  microstructure, 
i.e.  all  deviations  from  the  ideal  crystal  structure.  Some  recent  results  concerning  the  interpreta¬ 
tion  of  hardening  mechanisms  in  nanocrystalline  or  nanostructured  pms  will  be  discussed  in  the 
following  sections. 
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EXPERIMENTAL 


There  are  two  principial  processing  routes  for  manufacturing  high-quality  pms  -  sintering  and 
melt-spinning  leading  to  microcrystalline  (anisotropic)  and  nanoci^stalline  (isotropic)  microstruc¬ 
tures,  respectively.  Our  studies  were  performed  on  nanocrystalline  exchange  coupled  Pr2Fei4B 
type  melt-spun  ribbons  and  polymer  bonded  specimens  made  out  of  them  as  well  as  on  sintered 
and  melt-spun  Sm2(Co,Cu,Fe,Zr),7  type  pms.  For  the  melt-spun  ribbons  master  alloys  of  differ¬ 
ent  nominal  compositions  have  been  prepared  by  arc  melting  from  the  constituent  elements  and 
a  FeB  prealloy  in  the  case  of  PrFeB.  By  using  the  melt-spinning  technique  the  ingots  were  di¬ 
rectly  quenched  into  nanocrystalline  ribbon  flakes  whereby  in  all  cases  the  processing  conditions 
were  optimized.  For  the  polymer  bonded  magnets  the  melt-spun  ribbons  were  crushed  into  pow¬ 
der  (powder  particle  size;  1  —40  //m)  and  then  industrially  fabricated  into  isotropic  bonded  magnets 
(density  6.0  g/cm^)  by  mixing  the  powder  with  a  polymer  (4.5wt%  epoxy  resin,  0.5wt%  Zn-stearat) 
followed  by  compression  molding  the  resulting  compound  at  a  pressure  of  7  t/cm  without  a  mag¬ 
netic  field.  For  the  sintered  samples  a  commercial  solution  heat  treated  sintered  magnet  of  the 
nominal  composition  Sm(Coba!Cuo.o7Feo.22Zro.o4)7.4  b^J'  been  taken.  For  the  annealing  procedures 
the  samples  have  been  wrapped  into  Ta  foils  and  sealed  in  quartz  tubes  with  Ar. 

For  the  microstructural  investigations  different  types  of  electron  microscopy  have  been  used: 
1.  (High  resolution)  transmission  electron  microscopy  HRTEM  (Philips  CM200)  for  imaging  the 
morphology  and  crystal  lattices  of  the  microstructure.  2.  Lorentz  microscopy  (Philips  CM200) 
in  the  Fresnel  and  Foucault  mode  for  visualizing  the  domain  wall  pattern.  3.  High  resolution  en¬ 
ergy  dispersive  X-ray  analysis  (EDX)  in  a  dedicated  scanning  TEM  (VG  HB501)  to  determine  the 
chemical  compositions  of  the  three  phases  involved.  Due  to  the  very  high  spatial  resolution  of  1  nm 
the  latter  technique  can  be  also  used  to  measure  compositional  changes  between  different  phases. 
Here,  it  should  be  noticed,  that  such  profiles  are  a  convolution  of  the  real  chemical  profile  and 
the  resolution  function  of  the  probe.  The  magnetic  measurements  were  performed  in  a  vibrating 
sample  magnetometer  (PAR  VSM)  with  a  maximum  field  of  9  T.  The  external  field  was  corrected 
by  the  demagnetization  field  —  //o/^exi  —  with  the  macroscopic  demagnetization  factor 
A  of  the  order  of  0.01  (ribbons)  and  0.33  (bonded/bulk  magnets),  respectively.  The  magnetic  field 
was  applied  parallel  to  the  ribbon  direction  or  to  the  texture  axis. 

NANOCRYSTALLINE  MAGNETS 

Nanocrystalline  hard  magnets  on  the  basis  of  RE2Fei4B  are  suitable  for  tailoring  magnets 
with  definite  properties  of  the  hysteresis  loop.  Based  on  the  ternary  phase  diagram  three  types  of 
nanocrystalline  pms  with  different  microstructures  have  been  developed  (see  figure  1)  -  magnets 
with  RE  excess  (decoupled  magnets),  stoichiometric  magnets  and  magnets  with  overstoichiomet- 
ric  Fe  (composite  magnets)  [9-16]. 

Decoupled  Magnets  Stoichiometric  Magnets  Composite  Magnets 

REgFe^B/RE  RE2Fei4B  RE2Fei4B  /  Fe 


Figure  1.  Schematic  microstructures  (remanent  state)  for  the  three  different  types  of  nanocrys¬ 
talline  RE2Fe]4B  based  magnets  (RE  =  Nd,Pr), 

Exchange  coupled  magnets 

Whereas  in  decoupled  magnets  the  hard  magnetic  grains  are  isolated  by  a  RE-rich  paramag¬ 
netic  intergranular  layer  limiting  the  remanence  to  rather  low  values,  i.e.  Jr  <  0.5  Js,  the  rema- 
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Figure  2.  Room  temperature  hysteresis  loops  of  PrFeB  based  pms:  PrisFeTgBr  (decoupled  grains), 
Pri2Fe82B6  (stoichiometric,  exchange  coupled  grains),  PrsFegyBs  (30.4%  o-Fe)  and  Pr6Fe9oB4 
(46.9%  o-Fe)  (composite,  exchange  coupled  grains)  {left).  Magnetic  properties  of  composite 
PrFeB  pms  measured  at  room  temperature  as  a  function  of  excess  o-Fe  {right). 


nence  and  therefore  are  significantly  increased  in  exchange  coupled  magnets  (stoichio¬ 

metric  and  composite)  due  to  the  effect  of  exchange  coupling  between  the  grains.  In  stoichiometric 
magnets  the  hard  magnetic  grains  are  directly  connected  and  therefore  magnetically  coupled  by  ex¬ 
change  interactions,  i.e.  the  polarization  direction  underlies  a  smooth  transition  from  the  easy  axis 
of  one  hard  magnetic  grain  to  the  easy  axis  of  another  one  on  the  scale  of  the  so-called  Bloch  wall 
width  <5b  =  7r(.4/A'i)°-®  =  ttIk  {A\  exchange  constant,  Ik',  exchange  length)  which  is  in  the  order 
of  4nm  for  RE2Fei4B.  Or,  in  other  words,  within  the  wall  width  <)b  a  magnetic  texture  is  induced 
with  the  texture  axis  parallel  to  the  original  saturation  polarization  (i.e.  the  direction  of  the  initially 
applied  field).  Since  only  this  exchange  coupled  volume  fraction  causes  the  remanence  enhance¬ 
ment  the  grain  size  should  be  smaller  than  four  times  the  exchange  length  Ik  in  order  to  notice  an 
efficient  remanence  enhancing  effect  macroscopically  [17].  In  composite  magnets  beside  the  hard 
magnetic  RE2Fei4B  grains  nanocrystalline  soft  magnetic  o-Fe  grains  occur  as  a  consequence  of 
the  overstoichiometric  a-Fe  leading  to  a  further  significant  increase  of  the  remanence.  In  this  case, 
remanence  enhancing  is  due  to  exchange  coupling  among  the  grains  and  to  the  large  spontaneous 
polarization  of  a-Fe  (Js  =  2.15  T)  which  drastically  intensifies  the  magnetic  texturing  effect.  For 
a  complete  exchange  hardening  and  therefore  excellent  hard  magnetic  properties  it  is  imperative 
that  the  grain  size  of  the  soft  magnetic  grains  is  in  the  order  of  the  Bloch  wall  width  (5b  of  the  hard 
magnetic  phase. 

Figure  2  illustrates  the  enormous  effect  of  exchange  coupling  by  comparing  the  room  tem¬ 
perature  hysteresis  loops  of  the  different  types  of  nanocrystalline  PrFeB  based  magnets  with  each 
other.  Additionally,  figure  2  summarizes  the  changes  of  the  room  temperature  magnetic  properties 
with  varying  a-Fe  content.  For  an  iron  excess  of  30.4%  the  observed  Jr  is  I.17T,  i.e.,  an  in¬ 
crease  of  5 1  %  as  compared  to  the  isotropic  value  of  0,78  T  and  {BH)ma.x  amounts  to  1 80.7  kJ/m^. 
With  increasing  a-Fe  concentration  besides  the  remanence  enhancement  the  coercivity  decreases 
continuously.  However,  as  long  as  the  condition  /.loHc  >  0.5Jr  is  fulfilled,  (7?i/)max  increases. 
Otherwise,  {BH)^^^  is  restricted  by  irreversible  demagnetization  processes.  For  stoichiometric 
Pri2Fe82B6  the  average  grain  size  amounts  to  20  nm  whereas  in  the  case  of  the  PrsFcsTBs  compos¬ 
ite  magnet  a  mixture  of  hard  magnetic  Pr2Fei4B  grains  (grain  size  20-30  nm)  and  soft  magnetic 
a-Fe  grains  (grain  size  ps:  15  nm)  is  found  [11]. 

Polymer  bonded  magnets 

Exchange  coupled  grain  structures  are  optimally  suitable  for  the  industrial  fabrication  of  poly¬ 
mer  bonded  magnets  because  of  their  high  (  /?i7)niax  values  and  their  low  RE  content  compared  to 


U2.4.3 


conventional  magnets  which  reduces  the  cost  of  the  raw  materials  and  improves  the  corrosion  resis¬ 
tance.  With  bonded  magnets  which  are  characterized  by  low  brittleness,  low  electric  conductivity 
and  their  isotropy  any  desired  shape  can  be  prepared  directly.  In  figure  3  the  room  temperature 
hysteresis  loops  of  polymer  bonded  pms  can  be  seen  in  comparison  with  the  loops  of  the  corre¬ 
sponding  ribbon  material  using  a  stoichiometric  and  a  composite  alloy.  It  is  obvious  from  this,  that 
the  rectangularity  or  squareness  of  the  hysteresis  loops  is  reduced  for  bonded  magnets  which  rnay 
be  due  to  the  large  number  of  ribbons  used  for  powderizing  with  their  magnetic  properties  varying 
slightly.  Nevertheless,  in  both  cases  the  coercive  field  corresponds  approximately  to  that  of  the 
as  melt-spun  ribbons.  Despite  the  reduction  of  the  remanence  for  bonded  pms  due  to  the  diluting 
effect  of  the  polymer  (/?//)„, ax  values  up  to  90kJ/m3  can  be  received. 


MoH  [T]  MoH  [T] 

Figure  3.  Room  temperature  hysteresis  loops  of  polymer  bonded  powders  compared  to  the  cor¬ 
responding  ribbon  material:  (a)  Pr^Fe^B  (stoichiometric  pm)  and  (b)  Pr2Fei4B/30.4voI%  a-Fe 
(composite  pm). 

Coercivity  mechanism 

As  .shown  in  figure  4  (left),  the  temperature  stability  of  the  coercivity  is  better  for  the  ex¬ 
change  coupled  magnets  (including  polymer  bonded  magnets)  than  for  the  decoupled  magnet.  Us¬ 
ing  eq.  (1)  the  temperature  dependence  of  the  coercivity  can  be  analyzed  quantitatively  within  the 
framework  of  the  theory  of  micromagnetism.  For  nanocrystalline  (nucleation  hardened)  magnets, 
the  microstruclural  parameter  o  in  general  is  composed  of  three  subparameters  (o  =  [8, 

18],  namely  ok  which  describes  the  effect  of  the  grain  boundaries  where  the  magnetocrystalline 
anisotropy  is  reduced  (ok  «  0.8)  and  Oex  taking  into  account  the  effect  of  the  exchange  coupling 
between  neighbouring  grains  (oex  =  1  for  decoupled  magnets).  The  parameter  o\i,  denotes  the 
effect  of  misaligned  grains  and  can  be  substituted  in  the  case  of  isotropic  magnets  by  the  minimum 
nucleation  field  =  n^;2h\IJs,  since  the  most  unfavourably  oriented  grains  (misorientation 
angle  </'  ~  '^0°)  govern  the  whole  demagnetization  process.  is  determined  by  the  intrinsic 
material  parameters  ,/s,  A'l  and  which  are  well-known  from  single  crystals.  If  the  nucleation 
model  is  valid,  plotting  the  experimental  data  [(oPcI-h  versus  the  theoretical  values  should  yield 
a  straight  line  with  slope  okOcx  and  ordinate  intersection  (—AW)  in  the  case  of  tempeiature  inde¬ 
pendent  microstructural  parameters.  In  figure  4  (right)  the  results  of  this  evaluation  are  represented 
for  the  three  different  types  of  nanocrystalline  PrFeB  magnets  and  in  addition  for  the  bonded  mag¬ 
nets  made  from  stoichiometric  and  30.4%  excess  iron  ribbons,  respectively.  In  fact,  in  all  cases 
an  approximately  linear  behaviour  is  observed,  i.c.,  the  dominant  process  for  the  magnetization 
reversal  is  the  nucleation  of  reversed  domains. 

In  general,  the  orOcx  and  AW  values  of  the  composite  magnets  are  significantly  smaller  than 
for  the  decoupled  magnet.  The  decrease  of  OK^iex  reflects  the  decrease  in  the  coercivity  and  can 
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be  attributed  to  the  low  anisotropy  constant  of  o-Fe  and  to  the  exchange  coupling  between  the 
grains  inducing  cooperative  demagnetization  processes  of  clusters  of  grains.  On  the  other  hand, 
the  decrease  in  A'eff  is  caused  by  a  more  spherical  grain  shape  and  by  a  reduction  of  local  stray 
fields  at  the  edges  and  comers  of  the  grains  due  to  the  smoothing  effect  of  the  exchange  interaction 
at  the  grain  boundaries.  It  is  of  interest  to  note  that  the  microstructural  parameters  OK^ex  and  Neff 
for  the  bonded  magnets  are  nearly  the  same  as  for  their  fully  dense  counterpart. 


Figure  4.  {Left)  Temperature  dependence  of  the  coercivity.  (Right)  i.ioHcl<h  versus 
plot  to  determine  the  microstructural  parameters  for  different  nanocrystalline  PrFeB  pms.  Decou¬ 
pled:  aKOex  =  0,8,  A'eff  =  0.74,  stoichiometric:  aKOex  =  0.32,  Nefr  =  0.09,  stoichiometricd3onded: 
OKOex  =  0-29,  yVefr  =  0-09,  composite  (30.4%  Fe):  cvK<'.Vex  =  0.18,  Nefr  =  0-12,  composite  (30.4% 
Fe)/bonded:  OKOex  =  0.16,  Aefr  =  0.12,  composite  (46.9%  Fe):  OKOex  =  0.06,  A'efF  =  0.00. 


NANOSTRUCTURED  PERMANENT  MAGNETS 

Sm2(Co,Cu,Fe,Zr)i7  magnets  owe  their  outstanding  magnetic  properties  exclusively  to  their 
complicated  nanostructure  (figure  5)  consisting  of  three  different  phases:  1.  Fe-rich  pyramidal 
cells  of  the  rhombohedral  (R)  2:17  structure.  2.  Cu-rich  cell  boundaries  of  the  hexagonal  (H)  1:5 
structure.  3.  Zr-rich  lamellar  platelets  of  the  hexagonal  2:17  structure.  The  nanostructure  devel¬ 
ops  in  a  self-organized  process  inside  the  //m-scaled  grains  during  a  complex  three-step  annealing 


Figure  5.  TEM  micrographs  of  the  nanostructure  of  a  Sm2(Co,Cu,Fe,Zr)i7  based  sintered  magnet. 
(Left)  Rhombic  structure  observed  parallel  to  the  c-axis.  (Right)  Hexagonal  network  observed 
perpendicular  to  the  c-axis. 
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procedure  composed  of  homogenization,  isothermal  aging  and  slow  cooling  and  causes  a  pinning 
type  hardening  mechanism,  i.e.,  repulsive  (or  attractive)  pinning  of  domain  walls  at  (in)  the  1:5 
cel!  walls. 

Evolution  mechanism 

It  is  generally  agreed,  that  homogenization  is  required  to  obtain  a  single-phase  1:7  precursor 
alloy,  i.e.  a  partly  disordered  R2:17  structure.  This  first  step  of  the  annealing  procedure  has  been 
performed  commercially  at  about  1200°C  and  will  not  be  subject  of  the  paper.  During  isothermal 
aging  at  800°C  the  morphology  of  the  nanostructure  develops  completely.  As  illustrated  in  figure 
6  (left),  this  second  step  of  the  heat  treatment  is  characterized  by  a  continuous  increase  of  the  cell 
size  and  the  lamellae  density  up  to  1 10  nm  and  0.043/nm  after  aging  for  1 6  h,  respectively,  whereas 
the  subsequent  slow  cooling  procedure  down  to  400°C  (cooling  rate  l°C/min)  followed  by  quench¬ 
ing  to  room  temperature  does  not  affect  the  morphology  any  more.  It  should  be  mentioned  that  the 
higher  the  aging  temperature  is  chosen,  the  larger  the  cell  size  is,  however,  the  density  of  the 
lamellae  increases  only  slightly.  Our  systematic  study  could  solve  the  long  lasting  debate  concern¬ 
ing  the  exact  sequence  of  transformations  by  means  of  which  the  precursor  alloy  separates  into  the 
three  phases  present  in  the  microstructure  of  the  aged  alloy.  As  proposed  by  Maury  et  al.  [19]  the 
ordering  of  the  R2:17  phase  induces  the  formation  of  the  cell  boundary  phase  whereas  the  platelet 
phase  is  generated  less  rapidly  leading  to  a  further  ordering  of  the  R2:17  phase.  Hence,  the  results 
of  Ray  and  Liu  [20]  according  to  which  the  lamellar  Z-phase  is  created  before  the  cell  boundary 
phase  could  not  be  confirmed. 

One  of  the  most  striking  phenomena  of  the  2: 1 7  based  pms  is  the  fact  that  after  the  isothermal 
aging  the  coercive  field  is  only  of  the  order  of  0.1  T  although  the  morphology  of  the  three  phases 
is  fully  developed.  For  receiving  significant  coercivity  values  slow  cooling  to  lower  temperatures 
(<  650°C)  is  absolutely  necessary.  In  figure  6  (right)  the  annealing  procedure  is  correlated  with  the 
coercive  field  and  the  (effective)  magnetocrystalline  anisotropy  constant  measured  at  room  temper¬ 
ature.  As  will  be  shown  in  the  following,  the  development  of  the  typical  hard  magnetic  properties 
has  both  chemical  and  structural  reasons.  The  microchemical  changes  determined  by  using  EDX 
which  occur  during  aging  are  summarized  in  figure  7  for  the  matrix  phase,  the  cell  boundary  phase 
and  the  lamellar  Z-phase.  It  is  obvious  from  this,  that  the  lamellae  are  formed  during  the  isother¬ 
mal  annealing  at  SOOX  where  they  even  develop  their  final  chemical  composition.  Consequently, 
the  evolution  of  the  typical  hard  magnetic  properties  cannot  be  attributed  to  the  lamellae  as  Katter 
[21]  mistakenly  presumed.  In  contrary,  the  chemical  composition  of  the  1 :5  cell  boundary  phase  is 
mainly  developed  during  the  cooling  procedure.  Actually,  during  isothermal  aging  there  is  only  a 
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Figure  6.  Evolution  of  the  micro.structural  and  hard  magnetic  properties  for  a  sintered 
Sm(CobaiCuo.o7Feo.22Zro.o4)7.4  pm  during  the  aging  program:  {Left)  Morphology  of  the  microstruc¬ 
ture.  {Right)  Coercivity  ^iqUc  and  (effective)  magnetocrystalline  anisotropy  constant  Kf. 
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Figure  7.  Chemical  compositions  (absolute  accuracy  ±(0.5-  1.5)at%)  of  the  cells,  cell  bound¬ 
aries  and  lamellae  determined  by  EDX  for  the  Sm(CObaiCuo.o7Feo.22Zro.o4)7.4  sintered  magnet  in 
different  stages  of  the  complex  heat  treatment:  1:  7a  =  800  =  0.5  h,  2:  74  =  800 °C  1 = 

4h,  3:  Ta  =  800  °C  /  /a  =  16h,  4:  same  as  3  but  cooled  to  600 '’C  and  5:  final  state. 


weak  tendency  for  an  enrichment  of  Cu  or  a  depletion  of  Fe  found,  while  during  cooling  the  amount 
of  Cu  (Fe)  increases  (decreases)  substantially  in  this  phase  by  a  factor  of  3  (2)  compared  to  state 
1.  Simultaneously,  the  Cu  content  decreases  within  the  cells,  whereas  the  Fe  content  increases.  In 
addition,  the  development  of  the  elemental  profiles  within  the  cell  and  the  cell  wall  is  characterized 
by  a  sharpening  of  the  transition  region  between  the  2:17  and  the  1:5  phase  as  can  be  seen  for  Cu 
from  figure  8  (left)  for  the  different  aging  conditions.  The  distribution  of  all  five  elements  after  the 
slow  cooling  procedure  down  to  400'^C  is  represented  in  figure  8  (right).  Hereby,  it  is  noteworthy, 
that  Zr,  Co  and  Fe  are  diluted  within  the  cell  walls.  From  a  structural  point  of  view,  the  slow  cool¬ 
ing  is  also  necessary  for  the  development  of  the  hexagonal  1 :5  crystal  structure  of  the  cell  walls. 
Although  almost  from  the  beginning  of  the  isothermal  aging,  i.e.  as  soon  as  a  cellular-like  structure 
becomes  visible,  a  1 :5  stoichiometry  is  obtained  for  the  cell  boundary  phase,  its  crystal  structure  is 
not  formed  during  isothermal  aging.  This  is  supported  by  X-ray  diffraction  spectra  received  before 
and  after  the  cooling  procedure.  In  order  to  detect  [OOn]  reflexes  of  high  intensity  in  the  diffrac¬ 
tion  spectra  the  samples  were  prepared  perpendicular  to  the  c-axis.  According  to  figure  9  and  table 
I  after  the  isothermal  heat  treatment  the  following  phases  could  be  identified:  rhombohedral  and 
hexagonal  Sm2Coi7,  rhombohedral  Sm2Co7  and  hexagonal  SmsCoig.  However,  the  SmCos  phase 
is  not  present  in  this  state.  After  cooling  down  to  400°C  the  Sm2Co7  and  SmsCoig  phases  have 
nearly  vanished,  but  in  addition  besides  the  Sm2Coi7  phases  (cells  and  lamellae)  the  SmCos  phase 
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Figure  8.  EDX  profiles  in  the  vicinity  of  a  2: 1 7/1 :5  phase  boundary:  {Left)  Cu  profiles  as  a  function 
of  the  annealing  program.  (Right)  Profiles  of  the  elements  Sm,  Co,  Cu,  Fe  and  Zr  for  the  final  state. 
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Figure  9.  X-ray  diffraction  spectrum  (CuKa-radiation,  A  =  1.5406  A)  of  the  Sm(CobaiCuo.o7 
Feo.22Zro.o.,)7.4  sintered  pm  prepared  perpendicular  to  the  c-axis  (before  and  after  the  slow  cooling 
procedure). 


Phase 

[hkl] 

[A] 

[A] 

2f)exp  [oj 

SmCos 

[00  2] 

~Tm 

^1JT3 

45.0 

SmCo3.3Cui.7 

[002] 

2.012 

2.013 

45.0 

Sm2Coi7  (R) 

[006] 

2.029 

2.039 

44.4 

Sm2Coi7  (H) 

[004] 

2.041 

2.039 

44.4 

Sm2Co7  (R) 

[0013] 

2.806 

2.820 

31.7 

SmsCojg  (H) 

[0019] 

1.698 

1.705 

53.7 

Table  I.  The  lattice  parameters  determined  from  the  diffraction  peaks  marked  in  figure 

9  in  comparison  with  the  reference  data  r/thco  [22,23]. 

(cell  walls)  now  appears.  This  behaviour  reflects  the  eutectoid  decomposition  reaction  of  binary 
SmCor,  into  SnisCoia,  SmiCo-  and  Sm2Coi7  at  800°C  [24]  and  the  substantial  decrease  of  this 
decomposition  temperature  to  lower  temperatures  if  some  of  the  Co  in  SmCos  is  substituted  by 
Cu  [25].  Consequently,  according  to  these  results  the  development  of  the  typical  hard  magnetic 
properties  during  the  cooling  procedure  is  a  complex  process  where  by  the  diffusion  of  Cu  into  the 
cell  walls  and  the  decreasing  temperature  the  thermodynamic  phase  equilibrium  is  shifted  to  the 
1 :5  phase. 

Coercivity  mechanism 

According  to  the  above  results,  it  is  the  cell  wall  and  not  the  lamellar  Z-phase  which  is  di¬ 
rectly  involved  in  the  coercivity  mechanism.  Using  Lorentz  microscopy,  the  magnetic  domain  wall 
pattern  (md)  can  be  visualized  (figure  10).  These  studies  deary  show  the  zig-zag  pinning  of  the 
domain  walls  (dw)  along  the  elongated  1 :5  cell  boundaries,  which  is  not  affected  by  the  lamellae 
present.  Nevertheless,  the  lamellae  arc  the  most  important  prerequisite  for  a  good  stability  of  the 
precipitation  structure.  Indeed,  according  to  high-resolution  TEM  studies  the  transition  between 
the  different  phases  is  comparatively  .sharp  and  a  large  coherency  of  the  various  crystal  lattices 
is  observed  despite  their  different  lattice  parameters  (figure  1 1  (left)).  Obviously,  the  occuring 
internal  .stresses  arc  reduced  by  the  lamellar  Z-phase.  This  is  suggested  also  by  the  fact  that  in 
Zr-frcc  samples  the  lamellar  phase  does  not  exist  and  only  Cu-rich  ellipsoidal  precipitations  are 
found  (figure  1 1  (right)),  resulting  in  rather  low  cocrcivities.  The  pinning  type  hardening  mech¬ 
anism  becomes  al.so  evident  from  the  values  for  the  microslructural  parameters  OK.pin  and 
obtained  from  itoIJol-h  versus  2fto!\\/Ji  plots  according  to  eq.  (1)  and  from  the  dependence  of 
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Figure  10.  Lorentz  microscopy  images  of  a  fully  heat  treated  Sm(CobaiCuo.o7Feo.22Zro.o4)7.4  sin¬ 
tered  magnet:  Foucault  mode  (left),  Fresnel  mode  (right). 


the  coercivity  of  the  misalignment  angle  V’  using  Kerr  microscopy,  respectively.  In  fact,  the  pa¬ 
rameter  fVK.pin  which  is  a  measure  for  the  strength  of  the  domain  wall  pinning  centers  amounts 
to  0.1  -0.4  for  fully  heat  treated  samples  depending  on  the  aging  conditions  (figure  12  (left))  and 
for  the  parameter  o^,pin  the  typical  l/coHtp  behaviour  with  increasing  (/’  is  found,  i.e.  f>^,pin  >  1 
(figure  12  (right)). 

From  the  elemental  profiles  of  figure  8  (right)  the  compositions  of  the  pure  phases  are  known. 
Hence,  for  the  pure  phases  the  intrinsic  magnetic  properties  can  be  determined  [26,27].  When  these 
results  are  correlated  as  can  be  seen  in  figure  13  the  schematic  ciystal  energy  profile  proposed  by 
Kronmiiller  [28]  could  be  confirmed  quantitatively.  Accordingly,  in  the  present  case  the  cell  walls 
act  as  repulsive  barriers  for  domain  walls  since  their  domain  wall  energy  is  much  larger  than  that 
of  the  2:17  cells  (7^=^  =  0.032  J/m^,  7^'^^  =  0.020  J/m^).  The  coercivity  of  2:17  based  pms  can 
be  analyzed  quantitatively  on  the  basis  of  micromagnetic  models.  Hereby,  one  takes  advantage  of 
theories  which  has  been  developed  by  several  authors  in  terms  of  the  continuum  model  [29]  and 
of  the  Heisenberg  model  [30]  to  describe  the  pinning  behaviour  of  domain  walls  by  planar  defects. 
According  to  that,  a  first  approximation  of  the  coercive  field  may  be  obtained  from  the  maximum 
change  in  the  domain  wall  energy  with  position.  Supposing  a  linear  increase  of  the  wall  energy 
over  the  range  7-0  the  coercivity  may  be  written  as 


„  1  cIt 


Co:- 


1 


2.4 


(2) 


Within  the  range  ro  ~  2  nm  the  intrinsic  material  parameters  vary  between  the  cells  and  the  cell 
boundaries.  The  sample  under  consideration  yields  a  coercivity  of  (lo^c  —  2.7  T  at  room  tem- 


Figure  11.  (Leff)  High-resolution  TEM  micrograph  of  the  phase  boundary  between  the 
cell  (2:17)  and  the  cell  wall  (1:5).  (Right)  Microstructure  of  a  fully  heat  treated  Zr-free 
Sm(CobaiCuo.o8Feo.i)8.5  alloy. 
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Figure  12.  Microstructural  parameters  of  a  fully  heat  treated  Sm(CobaiCuo.o7Feo.22Zro.o4)7.4  sin¬ 
tered  pm.  {Left)  Pinning  strength  o  =  ok, pin  as  function  of  the  aging  temperature  T^.  (Right) 

0't/-,pin* 


-20  0  20 
d  [nm] 


Figure  13.  Calculated  profile  of  the  magnetocrystalline  anisotropy  constant  A'l  in  the  vicinity  of  a 
2:17/1 :5  phase  boundary  using  the  results  of  the  (deconvoluted)  EDX  Cu-profile. 


perature  and  of  1. 1  T  at  200°C  agreeing  rather  well  with  the  measured  temperature  dependence  of 
the  coercivity.  In  a  second  approximation  which  is  closely  related  to  the  first  one  the  transition 
region  between  the  2:17  and  the  1:5  phase  is  described  by  n  individual  lattice  planes  of  distance 
r/  =  0.2nm.  Each  plane  i  is  characterized  by  a  local  anisotropy  constant  A]  and  an  exchange  con¬ 
stant  between  neighbouring  planes.  Minimizing  the  total  energy  of  this  planar  configuration 
results  in: 


3\/3  Js  cosV’of^B 


n-l  A 

y  ^ . 


(3) 


where  the  material  parameters  A  and  Ai  and  the  domain  wall  width  refer  to  the  matrix  phase. 
From  eq.  (3)  we  derive  the  microstructural  parameter 


TT  (I  A 


(4) 


For  a  numerical  evaluation  of  OK,pm  we  assume  «  A  because  both  phases  have  similar 

Curie  temperatures.  An  approxirnate  value  of  OK.pin  can  be  estimated  under  the  assumption  of 
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a  linear  increase  of  A'j  from  I\\  to  'Sh\  which  extends  over  n  =  10  layers.  For  the  wall  width 
=  we  receive  with  =  10“^^  J/m  and  A7'^^  =  2.91  MJ/m^  (^B  =  5.7nm. 

From  eq.(4)  we  then  obtain  qk, pin  =  0.35  in  agreement  with  the  experimental  value  of  p;i0.4.  Ac¬ 
cordingly,  the  two  expressions  for  estimating  the  coercivity  lead  to  a  rather  accessible  explanation 
of  the  temperature  coefficients  of  the  coercivity.  In  general,  the  temperature  stability  of  the  coer¬ 
cive  field  is  better  for  Cu-poor  cell  walls  than  for  Cu-rich  ones  [6, 1 6].  This  is  due  to  the  fact  that  in 
the  Cu-poor  case  the  equilibrium  of  the  decomposition  reaction  mentioned  above  is  not  completely 
shifted  to  the  left  so  that  the  1 :5  phase  is  diluted  by  the  remaining  phases  resulting  in  a  reduction 
of  its  intrinsic  magnetic  parameters  and  therefore  showing  over  a  large  temperature  range  a  similar 
A'l  (and  therefore  7)  behaviour  as  the  2:17  cell  phase  (figure  14  (left)).  The  Cu  content  of  the  cell 
walls  is  influenced  by  both  the  Cu  content  of  the  sample  itself  and  the  cell  size.  Usually,  if  the  cell 
size  is  small  which  can  be  realized  by  a  low  Fe  content,  a  high  Zr  content  and  a  smaller  TM:RE 
ratio  ^  (^  <  7.0)  the  Cu  content  of  the  cell  walls  is  also  small.  Similarly,  magnets  which  have  not 
been  heat  treated  optimally  (Ta  too  low,  too  short)  also  show  smaller  cell  sizes  and  therefore 
less  Cu  in  the  cell  walls.  In  contrast,  in  the  Cu-rich  case  the  equilibrium  is  completely  shifted  to 
the  left  leading  to  a  entirely  different  temperature  behaviour  of  the  wall  energies  7^'^  and  7^'^’^  and 
therefore  to  a  strongly  negative  temperature  coefficient  of  the  coercivity  according  to  eq.(2)  and 
eq.(3).  In  any  case,  at  low  temperatures  the  pinning  is  repulsive  and  changes  to  an  attractive  one  at 
temperatures  between  400  K  and  700  K  depending  on  the  Cu  content.  The  smaller  the  Cu  content 
of  the  cell  walls  the  higher  the  temperature  of  the  cross-over  and  the  Curie  temperature  of  the  1 :5 
phase.  Although  the  coercivity  is  determined  by  the  difference  in  the  domain  wall  energies,  iiqHc 
never  becomes  zero  at  the  temperature  of  the  cross-over.  This  is  because  A7  does  not  become 
equal  zero  everywhere  in  the  cell  walls  at  the  same  temperature  due  to  local  fluctuations  of  the 
1:5  composition.  Consequently,  as  the  crossing  angle  /?  is  larger  for  Cu-rich  samples,  fioHc{T) 
is  not  influenced  by  the  cross-over.  However,  as  in  Cu-poor  samples  fi  is  very  small  the  crossing 
manifests  in  an  anomalous  (positive)  temperature  coefficient.  As  soon  as  the  1:5  phase  reaches  its 
Curie  temperature  (which  is  always  smaller  than  that  of  the  2:17  phase)  it  seems  to  be  possible 
that  the  pinning  behaviour  changes  to  a  nucleation  behaviour  with  the  cells  magnetically  isolated 
by  the  paramagnetic  1:5  boundaries.  This  behaviour  was  observed  by  Tellez-Bianco  et  al.  [31]. 
In  figure  14  (right)  the  temperature  dependence  of  the  coercivity  is  presented  for  some  fully  heat 
treated  melt-spun  pms  for  which  a  very  similar  behaviour  concerning  microstructure  and  magnetic 
properties  can  be  realized  after  applying  an  appropriate  annealing  procedure  [32].  To  illustrate 
impressively  the  suitability  of  2:17  type  Sm-Co  based  pms  for  high  temperature  applications  the 
temperature  behaviour  is  compared  to  three  other  common  pm  materials,  namely  Nd2Fei4B,  a  Sr 
ferrite  and  AlNiCo. 


Figure  14.  Temperature  dependence  of  the  magnetocrystalline  anisotropy  constant  schematically 
(left)  and  of  the  coercivity  of  different  fully  heat  treated  melt-.spun  pms  compared  to  other  common 
pm  materials  (right). 
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ABSTRACT 

The  ferromagnetic  bulk  metallic  glass  (BMG)  Nd6oFe3()Alio  system  exhibits  extremely  large 
coercivities  at  low  temperature  and  moderate  coercivities  near  room  temperature.  The  magnetic 
hardness,  as  best  evidenced  by  the  onset  of  magnetic  irreversibility,  was  studied  in  bulk  suction- 
cast  and  melt-spun  alloys  with  the  nominal  composition  Nd6()Fe3oAlin.  Systematic  x-ray 
diffraction  studies  of  the  degree  of  crystallinity  performed  as  a  function  of  position  within  the 
bulk  suction-cast  samples  is  found  to  correlate  with  the  variation  in  the  room -temperature 
magnetic  hysteresis  character.  X-ray  diffraction  data  clearly  shows  the  presence  of  both 
crystallites  and  amorphous  material  on  the  samples’  outmost  surfaces;  the  amorphous  phase 
content  increases  with  distance  into  the  cast  sample.  These  results  underscore  the  importance  of 
solidification  conditions  and  attendant  nanophase  selection,  on  the  resultant  magnetic  properties 
of  this  class  of  alloys. 


INTRODUCTION 

The  ferromagnetic  bulk  metallic  glass  composition  RE6oFe3oAli()  (RE=Nd  or  Pr)  has 
generated  considerable  interest  of  both  applied  and  fundamental  nature  by  virtue  of  its 
appreciable  coercivity  at  room  temperature  [1  ].  The  presence  and  magnitude  of  this  reported 
coercivity,  up  to  0.4  T  at  room  temperature,  is  an  apparent  contradiction  to  the  conventional 
understanding  of  the  relationship  between  nanostructure  and  coercivity  in  nominally  amorphous 
materials.  An  additional  challenge  associated  with  study  of  this  class  of  materials  is  the 
difficulty  of  reproducing  the  results  reported  in  various  laboratories  around  the  world  [2-6].  This 
latter  challenge  indicates  that  the  material  preparation  conditions,  such  as  the  purity  of  the 
starting  materials,  the  prealloy  state  [7]  and  the  solidification  condition,  all  influence  the 
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resultant  magnetic  properties.  To  further  clarify  the  relationship  between  microstructure  and 
magnetic  properties  in  this  class  of  materials,  systematic  studies  of  the  position-dependent  degree 
of  crystallinity  with  the  suction-cast  rods  were  correlated  with  the  room-temperature  magnetic 
response.  The  considerable  variation  in  magnetic  response  with  degree  of  crystallinity 
underscores  the  importance  of  solidification  conditions,  and  attendant  nanophase  selection,  on 
the  resultant  magnetic  properties  of  this  class  of  alloys. 


EXPERIMENTAL  DETAILS 

Investigations  into  both  the  temperature-  and  field-dependent  character  of  the  coercivity  and 
into  the  relationships  between  the  microstructure  and  the  room-temperature  coercivity  were  car¬ 
ried  out  on  bulk  suction-cast  and  melt-spun  forms  of  Nd6()Fe3()Al|omade  from  the  elements  Nd  (2- 
9’s  purity),  Fe  (4-9’s  purity)  and  A!  (4-9’s  purity).  The  alloy  ingots  were  used  to  prepare  two 
fonns  of  the  samples:  melt-spun  ribbons  were  formed  on  a  copper  single-wheel  roller  operated  at 
various  circumferential  speed  and  hence  with  with  various  quenching  rates,  and  rods  that  were 
suction-cast  into  copper  molds  of  various  rectangular  cross-sections.  The  dimensions  of  the  rod 
samples  were  height  z,,  =  60  mm,  width  yo  ==  10  mm  and  thicknesses  xo  1,  1.5  or  3  mm.  All 
rods  were  sectioned  and  polished  parallel  to  the  (yo.zo)  sample  plane.  The  phase  constitution  and 
degree  of  crystallinity  of  both  forms  of  sample  were  assessed  with  room-temperature  Cu-Ka  x- 
ray  diffraction  (XRD).  While  materials  melt-spun  at  high  circumferential  wheel  speeds  proved 
to  be  x-ray  amorphous,  the  most  meaningful  data  was  obtained  from  partially-crystalline  samples 
quenched  at  lower  wheel  speeds.  The  results  obtained  from  the  partially-crystalline  samples 
were  extrapolated  to  explain  the  results  manifest  in  more  amorphous  samples. 

The  magnetic  characterization  was  performed  in  an  Ar  atmosphere  with  a  vibrating  sample 
magnetometer  both  on  the  melt-spun  ribbons  and  on  1  mm^  cubic-shaped  specimens  taken  from 
the  center  of  the  thickest  cast  rod.  The  applied  field  was  in  the  range  -15  kG  <  H^ppi  <  +15  kG 
and  was  applied  parallel  to  the  long  axis  of  the  ribbons;  the  temperature  range  of  measurement 
varied  from  100  K  -  600  K.  The  magnetic  response  of  the  bulk  cube  specimen  showed  no 
dependence  on  orientation  with  respect  to  the  magnetic  field.  After  raising  the  temperature  well 
above  the  temperature  range  where  the  materials  exhibit  hysteresis,  magnetization  versus 
temperature  measurements  were  made  using  both  zero-field-cooled  (ZFC)  and  field-cooled  (FC) 
measurements  which  diverge  at  a  temperature  Tn-  marking  the  appearance  of  irreversible 
magnetic  behavior,  Fig.  1 .  The  divergence  of  the  ZFC  and  FC  measurements  at  T^r  is  most 
easily  understood  in  terms  of  the  normalized  field,  Hn=Happi/Hc(T)  where  Happi  is  the  applied  field 
and  Hc(T)  is  the  temperate-dependent  coercivity  of  the  magnetically  hardest  phase  present  in  the 
sample.  In  the  ZFC  measurement,  the  field  is  applied  at  the  lowest  temperature  and  the  sample 
magnetization  follows  the  initial  magnetization  curve.  As  the  temperature  is  increased  at  fixed 
applied  filed  Happ,  the  normalized  field  Hn  increases  as  Hc(T)  decreases  so  that  the  magnetization 
response  moves  to  a  higher  value  along  the  temperature-dependent  initial  magnetization  curve. 
For  the  FC  measurement,  Hn  starts  at  a  value  which  effectively  saturates  the  sample  and  then  H,, 
decreases  as  Hc(T)  increases  with  decreasing  temperature  so  that  the  magnetization  moves  down 
the  first-quadrant  demagnetization  curve.  Thus  the  difference  between  the  ZFC  and  FC  curves 
represents  the  difference  between  the  initial  magnetization  curve  and  the  demagnetization  curve 
for  the  applied  field  and  temperature.  In  other  words  Tirr,  the  temperature  at  which  Mzfc=  Mfc, 
corresponds  to  the  temperature  where  the  width  of  the  hysteresis  loop  closes  at  Happi.  For  a 
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hypothetical  sample  consisting  of  a  paramagnetic  phase  combined  with  a  hard  magnetic  phase 
with  coercivity  Hc(Hard)  that  is  independent  of  temperature,  Hirr  is  also  independent  of  temperature 
while  it  is  clear  that  He  of  the  sample  is  strongly  dependent  on  temperature  do  to  the  temperature 
dependence  of  the  paramagnetic  fraction.  Thus,  due  to  the  multiple  magnetic  phase  behavior  of 
the  samples  studied,  Tm  is  considered  to  be  a  more  consistent  measure  of  magnetic  hysteresis 
than  the  value  of  the  coercivity.  Tin-  was  followed  as  a  function  of  applied  field  for  a  melt-spun 
ribbon  sample  quenched  at  30  m/sec  and  for  a  sample  of  the  drop-cast  material  of  1  mm 
thickness,  Fig.  1  inset. 


RESULTS  AND  DISCUSSION: 

The  ZFC  and  FC  magnetization  measurements  were  performed  on  both  melt-spun  and  bulk  cast 
rod  specimens  of  NdeoFcjoAlu);  representative  results  obtained  at  an  applied  field  of  0.5  kG  are 
displayed  in  Fig.  1 .  Strictly  speaking  the  measurement  fields  are  not  equivalent  due  to  the  large 
differnce  in  demagnetization  factor  between  the  two  samples.  However  this  effect  should  lower 
Tin-  in  the  bulk  sample  so  that  the  actual  difference  in  curves  is  enhanced  over  that  which  is 
measured.  The  departure  from  magnetic  reversibility  occurs  at  approximately  450  K  for  the  bulk 
cast  sample  and  around  325  K  for  the  melt-spun  ribbon  at  the  measuring  field  of  0.5  kG.  The 
difference  in  the  onset  of  the  magnetic  irreversibility  temperature  in  the  two  samples  must  be  due 
to  microstructural  differences  (including  significant  fluctuations  in  chemical  composition  in  the 
disordered  matrix)  originating  from  the  two  solidification  methods,  as  the  nominal  compositions 
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Figure  1.  Magnetization  data  obtained  at  0.5  kG  in  the  zero-field-cooled  (Mzfc)  and  the  field- 
cooled  (Mpc)  states  from  samples  of  the  Nd6()Fe3()Alioin  the  form  of  ribbons  melt-spun  at  30 
m/sec  and  cast  rods  of  1  mm  diameter.  The  inset  shows  the  field  dependence  of  the  onset 
temperature  (Tin-)  of  the  magnetic  irreversibility  temperature. 
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are  the  same.  The  origins  of  the  differences 
in  the  onset  of  magnetic  irrevsibilily  noted 
in  the  two  different  forms  of  the 
composition  NdfioFe.mAlio,  Fig.  1,  were 
pursued  with  systematic  studies  of  the 
variation  of  the  microstructure  and  magnetic 
properties  in  the  bulk  rods.  Representative 
x-ray  diffraction  results  arc  presented  in 
Figs.  2  and  3.  Significant  varia-  tion  the  of 
microstruclure  with  position  within  the 
sample  appears  in  ribbon  melt-spun  at  25 
m/s  with  thickness  ~  40  pm.  The  surfaces 
of  the  ribbons  were  investigated  separately: 
the  “wheel  side”  surface,  which  describes 
the  ribbon  surface  that  was  in  direct  contact 


26  (  ) 

Figure  2.  XRD  patterns  of  Nd-Fe-Al  ribbon 
melt-spun  at  25  m/s.  ' 


with  the  quenching  wheel  and  the  “free 

side”  ribbon  surface  that  was  exposed  to  the  quenching  atmosphere.  As  shown  in  Fig  2,  the 
broad  diffraction  peak  observed  for  the  wheel-side  surface  at  20  ~  30”  is  sharper  than  the 
corresponding  peak  for  the  ribbon  free-side  surface.  This  observation  motivated  study  of  the 
position-dependent  microstructurc  and  corresponding  magnetic  properties  for  samples  of 
millimeter-scale  thickness. 
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Figure  3.  XRD  patterns  taken  from  cast  rod  of  diameter  1  mm  at  depths  x  =  0  (cast  surface),  x  = 
0.2  mm  and  x  =  0.5  mm.  Note  that  the  sample  assumes  a  more  amorphous  character  with 
increasing  depth  in  the  rod. 
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Figure  4a).  Room-temperature  hysteresis 
loops  of  1-mm  thick  cast  rod  sample  for 
specimens  sectioned  at  various  height  z 
positions. 


Figure  4b).  Room-temperature  hysteresis 
loops  for  specimens  sectioned  from  the 
outermost  (xi)  and  innermost  (X2)  position  of 
3-mm-thick  cast  rod. 


XRD  scans  reveal  a  variation  of  crystallinity  with  respect  to  position  within  the  suction-cast 
samples.  Figure  3.  The  original  cast  surfaces  of  all  rods  are  revealed  to  be  partially  crystalline. 
Systematic  magnetic  investigation  from  samples  taken  from  at  a  variety  of  depths  within  the  cast 
samples  show  a  variation  of  hysteretic  character  that  reflects  the  variation  of  crystallinity,  as 
discussed  above.  The  magnetic  data  of  Fig.  4a)  contradict  the  XRD  data  of  Fig.  3  by 
demonstrating  the  existence  of  small  but  signficant  differences  in  the  microstructure  along  the 
length  (z-direction)  of  the  cast  rod.  More  pronounced  differences  in  the  magnetic  properties  are 
found  along  the  sample  thickness  (Fig.  4b))  as  expected  from  the  XRD  data.  An  interesting 
question  is  why  the  outer  sections  of  the  cast  specimen  exhibit  a  larger  coercivity  than  do  inner 
sections  (Fig.  4b)).  Clearly  the  data  presented  above  concerning  different  forms  (/.<?,,  melt-spun 
ribbons  v.v.  cast  rods)  of  the  BMG  composition  Nd6oFe3t)Alio  suggest  that  the  solidification 
conditions,  and  attendant  nanophase  selection,  greatly  influence  the  magnetic  properties.  Heat 
flow  patterns  are  quite  different  in  the  various  casting  techniques  investigated  during  the  course 
of  this  study.  The  presence  of  significant  crystallization  on  the  free  surface  of  the  single-roller 
melt-spun  ribbons  (Fig.2)  indicates  that  the  cooling  rate  at  this  surface  is  suffciently  slow  to 
allow  nucleation  and  growth  of  the  pre-existing  nanoscale  clusters  [7].  Analogously,  the  initial 
cooling  rate  near  the  mold  wall  is  insufficient  to  prevent  nucleation  and  growth  at  the  starting 
composition.  In  the  bulk  samples  there  is  an  apparent  contradiction  to  conventional 
understanding  of  solidification  behavior  because  the  interior  of  the  sample  contains  less 
crystalline  material  than  the  exterior.  However  the  cooling  rate  is  sufficently  slow  in  during  the 
casting  process  to  allow  for  bulk  diffusion  to  occur  during  cooling.  This  effect  causes  the 
exterior  of  the  sample  to  become  partially  crystalline  and  causes  the  composition  of  the 
remaining  liquid  becomes  more  Nd-rich  as  is  required  by  mass  balance.  It  appears  that  the  glass- 
forming  ability  of  the  remaining  liquid  composition  is  greater  than  that  of  the  initial  composition. 
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The  origin  of  this  behavior  is  related  to  the  equilibrium  ternary  phase  diagram  and  will  be 
discussed  in  another  paper. 

In  summary,  we  have  shown  that  the  use  of  x-ray  diffraction  analyses  can  reveal  clearly  the 
presence  of  microsized  crystallites  in  the  outemiost  and  innemiost  regions  of  the  suction-cast 
rods  of  Nd6(iFc3()Al|()  BMG-type  alloy.  The  effects  of  solidification-related  changes  in  the  liquid 
composition  are  demonstrated  to  significantly  alter  the  glass-forming  ability  of  the  melt.  The 
attendant  magnetic  measurements  demonstrate  that  the  cast  samples  are  inhomogenous  not  only 
along  their  thickness  but  also  along  their  height,  /.<?.,  along  the  distance  from  the  bottom  of  the 
mold  to  the  top.  The  differences  in  the  degrees  of  crystallinity  and  phase  proportions  found  in 
the  samples  of  identical  composition  but  processed  by  the  two  different  solidification  methods 
melt-spinning  and  suction  casting  —  lie  in  the  time  scale  over  which  diffusion  is  possible  during 
solidification. 
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ABSTRACT 

Bulk  rods  with  diameters  up  to  3  mm  prepared  by  suction  casting  and  respectively  mould 
casting  and  melt-spun  amorphous  ribbons  with  thicknesses  in  the  range  25-150  pm  with 
compositions  Ndyo-xPCxAlio  (x  =  35;  40;  45;  50)  were  investigated  by  XRD,  DSC  and  magnetic 
measurements  in  the  temperature  range  5  -  600  K.  The  microstructure  and  magnetic  properties 
are  strongly  dependent  on  the  cooling  rate,  preparation  process  and  Fe  content.  The  large  values 
of  the  coercive  field,  which  amount  to  320  kA/m  in  the  as-cast  state  as  well  as  the  increase  with 
decrease  of  the  temperature  and  cooling  rate  result  from  the  formation  of  very  small  metastable 
or  nonequilibrium  magnetic  clusters. 


INTRODUCTION 

The  interest  in  glass-forming  alloys,  which  vitrify  at  relatively  low  cooling  rates  from  the 
molten  state,  compared  with  conventional  rapidly  quenched  metallic  glasses  has  grown  in  the  last 
years.  Owing  to  their  resistance  to  crystallization,  these  easy-glass  foiming  alloys  can  be  cast  in 
bulk  shape  with  dimensions  of  millimeters.  However,  no  results  on  bulk  amorphous  alloys  with 
ferromagnetic  properties  at  room  temperature  have  been  reported  earlier  than  1995  [1]. 

Recently,  it  has  been  found  that  Nd-Fe-(Al,Si)  ternary  amorphous  alloys  are  fomied  in  a 
wide  range  of  compositions  by  melt  spinning  and  mould  casting  technique  and  exhibit  large 
coercive  fields  at  room  temperature  [2,3].  Their  magnetic  behavior  indicates  that  they  are 
structurally  glasses  but  magnetically  granular  with  coercive  fields  as  high  as  8.4  T  at  low 
temperatures  in  an  applied  field  of  30  T  [4].  These  results  are  in  contradiction  to  those  found  in 
conventional  Nd2Fei4B  ternary  amorphous  alloys,  in  which  the  amorphous  microstructure  gives 
rise  to  soft  magnetic  characteristics  with  negligible  coercivities,  but  they  are  in  agreement  with 
the  high  coercivities  obtained  in  the  past  for  Nd-Fe  binary  amorphous  alloys. 

We  performed  investigations  on  the  glass  formability,  thermal  stability  and  magnetic 
properties  of  Ndgo-xFcxAlio  melt-spun  amorphous  ribbons  with  thicknesses  between  25  and  150 
pm  and  cast  amorphous  rods  up  to  3  mm  in  diameter  produced  by  mould  casting  and  suction 
casting  techniques,  respectively,  in  order  to  clarify  the  relationship  between  microstructure  and 
coercivity  in  these  bulk  amorphous  alloys. 
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EXPERIMENTAL  DETAILS 

Ndy„.xFexA1|()  master  alloys  with  x  =  35;  40;  45;  50  were  prepared  from  Fe  (99.99  %),  Nd 
(99.9  %)  and  A1  (99.99%)  in  an  arc  furnace  under  Ar  atmosphere,  and  re-melted  several  times 
for  homogenisation.  Ribbons  with  thicknesses  between  25  and  150  pm  and  widths  of  3  to  5  mm 
were  obtained  by  single  roller  melt-spinning  method  in  vacuum  or  in  Ar  atmosphere,  at  surface 
velocities  of  the  Cu  wheel  ranging  from  30  to  2.5  m/s.  Bulk  amorphous  alloys  with  diameters  up 
to  3  mm  were  formed  in  a  wide  composition  range  of  35  to  50  at.  %  Fe  by  mould  casting  and 
suction  casting  techniques. 

The  structure  of  the  samples  was  checked  by  X-ray  diffraction  (XRD)  using  Cu-Ka 
radiation.  For  the  ribbons,  the  structure  was  checked  on  both  sides  as  well  as  on  powders 
obtained  by  milling  the  ribbons,  while  structural  investigations  on  cast  rods  were  performed 
using  powders  obtained  after  crushing  the  rod  in  small  pieces  and  then  milling. 

Magnetisation  measurements  above  room  temperature,  at  applied  magnetic  fields  limited  to 
1.6  T,  Were  carried  out  using  a  Vibrating  Sample  Magnetometer  (VSM).  The  magnetisation  and 
coercive  field  below  room  temperature  (5  -  300  K)  were  studied  using  a  Superconducting 
Quantum  Interference  Device  (SQUID)  Magnetometer  in  external  magnetic  fields  not  exceeding 
1  T.  Each  sample  was  thermally  demagnetised  prior  to  recording  each  measurement. 


RESULTS  AND  DISCUSSION 

The  largest  diameter  obtained  for  an  amorphous  rod  is  3  mm  for  nominal  composition 
Nds5Fe35Alio,  and  glass  forming  ability  decreases  by  increasing  the  Fe  content.  XRD  patterns 
indicate  also  fully  amorphous  structures  for  ribbons  with  thicknesses  below  100  pm  and  for  rods 
with  diameters  less  than  1  mm,  regardless  of  their  Fe  content.  The  increase  of  the  Fe  content  over 
45  at.  %  results  in  the  on-set  of  crystallization  in  melt-spun  ribbons  thicker  than  100  pm. 

These  alloys  crystallize  through  a  single  exothermic  reaction  and  exhibit  very  large  values 
for  the  reduced  crystallization  temperature  (Tx/Tm)  of  0.87  to  0.92,  as  it  can  be  seen  in  figure  1 
(Tx  and  Tm  are  the  crystallization  and  eutectic  melting  temperatures,  re.spectively).  The  amount 
of  the  crystallization  energy  (the  area  under  the  exothermic  peak)  is  higher  for  melt-spun  ribbons 
in  comparison  with  the  rods  that  contain  a  higher  amount  of  Fe  due  to  the  more  disordered 
amorphous  structure  developed  in  the  first  ones.  It  is  worth  to  note  that  in  contradiction  with  the 
results  obtained  for  other  amorphous  alloys,  neither  endothermic  peak  nor  glass  transition 
temperatures  are  evidenced  for  Nd-Fe-based  amorphous  alloys.  The  crystallization  energy 
doesn’t  change  significantly  as  a  function  of  the  Fe  content  for  Ndyo-xPcxAlio  thin  ribbons  30  pm 
thickness,  whereas  for  cast  rods  it  strongly  decreases  with  the  increase  of  the  Fe  content  as  a 
consequence  of  the  decrease  of  the  glass-forming  ability.  This  behavior  is  explained  by  the 
insufficient  cooling  rates  assured  by  the  casting  techniques  for  the  alloys  with  larger  contents  of 
Fe  and  indicates  a  strong  correlation  between  the  composition,  the  cooling  rate  and  the  glass¬ 
forming  ability  for  Nd-Fe-based  ternary  amorphous  alloys. 
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Figure  1.  DSC  curves  plotted  for  Ndw.xFcxAlio  melt-spun  ribbons  and  cast  rods  as  a  function  of 
Fe  content 

Ndw-xFexAlio  (x  =  35  -  50)  amorphous  alloys  exhibit  large  coercive  fields  at  room 
temperature,  even  for  low  applied  fields,  regardless  of  their  thickness  and  preparation  techniques. 
In  figure  2  are  presented  comparatively  the  hysteresis  loops  as  a  function  of  the  Fe  content  for  3 
different  kinds  of  Nd9o-xFexAl lo  samples:  fully  amorphous  thin  ribbons  25  pm  in  thickness  (a), 
fully  amorphous  (x  =  35;  40)  and  for  comparison,  partially  vitrified  (x  =  50)  thick  ribbons  with  a 
thickness  of  about  120  pm  (b)  and  fully  amorphous  cast  rods  1  mm  in  diameter  (c).  The 
magnetization  increases  about  2  times  by  increasing  the  Fe  content  from  35  to  50  at.  %, 
regardless  of  the  amorphous  samples  shape,  the  same  behavior  being  observed  for  high  fields  (up 
to  10  T).  The  coercive  field  presents  a  strong  dependence  on  the  composition.  One  observes  that 
the  on-set  of  crystallization  in  the  Nd4(iFe5(jAli()  thick  ribbon  results  in  the  decrease  of  the 
magnetization,  while  the  coercive  field  has  almo.st  the  same  value  as  those  obtained  for  fully 
amorphous  thick  ribbons  with  a  less  content  of  Fe  because  of  the  existence  of  the  amorphous 
residual  phase.  Thus,  the  large  coercive  fields  of  Nd-Fe-based  ternary  bulk  amoiphous  alloys  are 
related  to  the  existence  of  the  amorphous  phase,  its  disappearance  leading  to  the  drastically 
decrease  of  the  coercive  field  and  moreover,  to  the  disappearance  of  the  ferromagnetic  properties 
[5].  The  decrease  of  the  Fe  content  results  in  the  decrease  of  the  coercive  field  of  about  2  times 
for  thin  amorphous  ribbons  and  in  its  increase  of  about  2  times  for  amorphous  cast  rods.  For 
thick  amorphous  ribbons  the  coercive  field  is  almost  the  same,  regardless  of  the  Fe  content.  For 
higher  external  fields  (larger  than  3  T)  the  coercive  field  doesn’t  change  significantly  with  the  Fe 
content  for  each  different  type  of  ribbon  or  for  cast  rods. 

The  large  values  of  the  coercive  field  can  be  explained  by  assuming  the  existence  of  very 
small  Fe-Nd  magnetic  clusters  dispersed  in  the  amorphous  matrix,  whose  size  approaches  a 
single  magnetic  domain,  in  agreement  with  the  previous  results  obtained  for  melt  spun  Nd-Fe 
amorphous  alloys  [6].  The  high  values  obtained  for  coercive  fields  of  the  thick  amorphous 
ribbons  comparatively  with  thin  ones  are  related  to  the  more  relaxed  microstructure  developed  in 
the  first  ones.  The  microstructure  is  more  homogenous  in  amorphous  rods  due  to  their 
dimensions  and  lower  cooling  rates  and  consequently  the  values  obtained  for  coercive  field  are 
smaller  than  for  the  thick  ribbons.  The  difference  in  the  absolute  value  of  the  coercive  field  as  a 
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function  of  the  amorphous  samples’ thickness  results  from  the  volume  rate  between  Fe-Nd 
magnetic  clusters  and  the  homogenous  Nd-rich  matrix  through  the  cooling  rate. 
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Figure  2.  M-H  hysteresis  loops  of  Ndw-xFOxAlio  melt-spun  ribbons  25  and  respectively  120  |im 
in  thickness  and  cast  rods  1  mm  in  diameter,  at  room  temperature 

In  order  to  obtain  more  information  on  the  magnetic  coupling  in  short  range  ordered 
magnetic  structures  existent  in  Nd9().xFexAli(),  the  type  of  interactions  as  well  as  their  influence 
on  the  coercive  fields,  the  dependence  of  the  magnetisation  and  coercive  field  was  carried  out  at 
low  temperatures  (between  5  and  300  K).  Figure  3  presents  the  dependence  on  temperature  of  the 
magnetization  and  coercive  field  for  Ndyo-xF^x^lio  thin  amorphous  ribbons,  thick  amorphous  or 
partially  vitrified  ribbons,  and  amorphous  cast  rods.  The  humps  appearing  in  the  coercive  field 
over  a  narrow  range  (150-220  K)  for  amorphous  ribbons  containing  a  large  amount  of  Nd  (over 
50  at,  %)  and  for  cast  rods  in  the  entire  range  of  compositions  suggest  the  existence  of  one 
pronounced  anisotropy  of  the  magnetic  clusters.  The  decrease  of  the  coercive  field  with  the 
temperature  is  similar  to  that  obtained  for  similar  crystalline  compounds  and  is  believed  due  to  a 
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change  of  the  size  of  the  magnetic  clusters  domains,  which  probably  approach  to  the 
superparamagnetic  regime. 
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Figure  3.  Temperature  dependence  of  the  magnetization  at  1  T  and  coercive  field  for  Ndyo 
xFOxAljo  amorphous  ribbons  and  cast  rods  as  a  function  of  the  Fe  content 


Due  to  the  more  homogenous  structure  existent  in  the  thin  ribbons  the  clusters  size  is  smaller 
and  consequently  the  interactions  between  them  are  not  so  stronger.  The  behaviour  is  typical  for 
a  spin-glass  system  with  random  configuration  of  the  magnetic  spins,  in  which  thermal  activation 
energy  is  enough  to  destroy  the  magnetic  order.  The  coexistence  of  two  types  of  magnetic  order: 
long-range  ferromagnetic  order  which  gives  the  macro.scopic  behaviour,  and  short  range  ordered 
structures  which  determines  the  large  values  of  the  coercive  fields  in  Nd-Fe-based  bulk 
amorphous  alloys  is  proved  by  the  differences  between  zero-field-cooled  and  field-cooled 
magnetization  curves  and  was  reported  elsewhere  [7].  From  the  temperature  dependence  of  the 
coercive  field  for  Nd4oFe5()Al|o  thin  amorphous  ribbon  25  pm  in  thickness  one  observes  the 
existence  of  two  maximum  for  the  coercive  field:  one  around  200  K  which  is  similar  to  that 
obtained  for  the  other  bulk  amorphous  samples  and  the  new  one  around  25  K,  whose  origin  is 
unknown,  but  probably  is  caused  by  the  larger  amount  of  Fe  which  determines  a  more 
homogenous  topological  and  magnetic  structure.  It  is  worth  to  note  that  the  coercive  field  for  this 
ribbons  in  the  as  cast  state  is  the  smallest  one  measured  for  Ndw-xF^xAlio  amorphous  alloys  with 
x=35~50.  The  magnetization  increases  with  the  temperature  increase,  this  increase  being  more 
pronounced  for  thin  ribbons  25  pm  in  thickness  containing  the  largest  amount  of  Fe  in 
composition. 

From  the  data  presented  here,  it  can  be  seen  that  the  high  coercivities  obtained  for  Ndyo- 
xFexAlio  amorphous  alloys  at  room  temperature  and  their  dependence  on  cooling  rate  and  the 
preparation  technique  result  from  the  formation  of  very  small  metastable  or  nonequilibrium 
magnetic  clusters.  The  magnetic  response  of  the  Nd-rich  matrix  and  Fe-Nd  clusters  phase  are 
very  different  and  very  sensitive  to  any  change  in  temperature  and  external  field.  Although  these 
materials  are  currently  below  those  considered  necessary  for  economic  viability,  the  mechanism 
that  governs  their  unusual  magnetic  properties  may  be  very  interesting  for  basic  research  and 
consequently  for  finding  new  magnetic  materials  with  granular  structures  for  applications. 
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ABSTRACT 

A  room  temperature  scanning  micro-Hall  probe  microscope  (RT-SHPM)  was  used  for  imaging 
stray  magnetic  field  fluctuations  at  the  surfaces  of  strontium  ferrite  permanent  magnets  (SFM)  in 
the  presence  of  external  bias  fields.  The  RT-SHPM  enables  the  extremely  fast,  non-in vasive,  and 
quantitative  measurement  of  localized  surface  magnetic  fields  on  the  sub-micron-scale.  A  0.8  x 
0.8  pm^  GaAs/AlGaAs  micro-Hall  probe  (300K  Hall  coefficient  =0.3Q/G;  field  sensitivity=0.04 
G/VHz  )  with  an  integrated  STM  tip  for  precise  vertical  positioning  was  used  as  a  magnetic  field 
sensor.  External  bias  fields  (Hex)  of  up  to  2700  Oe  were  applied  parallel  to  the  easy  and  hard  axes 
of  thermally  demagnetized  SFMs.  Sample  areas  of  up  to  50x50  pm  were  imaged  at  a  height  of 
0.3  pm  above  the  SFM  surface  for  each  Hex,  with  scan  speeds  of  approximately  one 
frame/second  (128x128  pixels)  enabling  quasi-real  time  imaging  in  synchronization  with  bias 
field  changes.  RT-SHPM  images  of  surfaces  normal  to  the  easy  axis  of  demagnetized  samples  at 
Hex=0,  clearly  showed  the  presence  of  8-15  pm  sized  domains  and  stray  magnetic  field 
fluctuations  of  ±200G;  images  of  surfaces  normal  to  the  hard  axis  showed  20  pm  sized  domains 
with  magnetic  field  fluctuations  of  ±100G.  Pronounced  domain  movement  and  rotation  was 
observed  for  surfaces  normal  to  the  easy  axis  at  bias  fields  above  700  Oe  applied  along  the  easy 
axis.  A  good  correlation  was  found  between  domain  movement  and  vibrating  sample 
magnetometer  hysteresis  measurements.  The  RT-SHPM  system  was  demonstrated  to  be  a 
valuable  tool  for  the  direct  and  non-invasive  study  of  micro-magnetic  phenomena  in 
ferromagnetic  materials. 

INTRODUCTION 

The  development  of  ferromagnetic  materials  for  high  performance  permanent  magnets 
requires  a  fundamental  understanding  of  the  behavior  magnetic  domains  in  external  bias  fields. 
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To-dale,  magnetic  force  microscopy  (MFM)  has  been  extensively  used  for  imaging  magnetic 
domains  of  a  wide  range  of  materials  [1].  However,  it  has  been  found  that  the  interpretation  of 
MFM  images  can  be  complicated  due  to  artifacts  arising  from  the  MFM  tip  field  [2].  The 
situation  is  even  more  complex  when  the  MFM  imaging  is  carried  out  in  the  presence  of  external 
bias  fields  [3]. 

In  this  paper  we  describe  the  unique  features  of  a  new  versatile  room  temperature  scanning 
Hall  probe  microscope  (RT-SHPM)  system  used  for  the  direct,  non-invasive,  and  quantitative 
imaging  of  domains  at  the  surface  of  strontium  ferrite  permanent  magnets  in  the  presence  of 
large  external  magnetic  fields. 

EXPERIMENTAL 

Figure  1  is  a  schematic  diagram  of  the  RT-SHPM  system  used  in  this  study  [4].  It  consists  of  a 
GaAs/AlGaAs  micro-Hall  probe  (HP)  mounted  onto  a  piezoelectric  scanning  tube  (PZT)  at  a  tilt 
angle  of  1.5"  with  respect  to  the  sample  surface.  A  scanning  tunnelling  microscope  (STM)  tip  is 
integrated  adjacent  to  the  HP  for  precise  vertical  positioning.  The  coil  is  used  for  calibrating  the 


Figure  1.  Schematic  of  the  main  components  of  the  Room  Temperature  Scanning  Hall  Probe 
System 
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Hall  probe.  Magnetic  imaging  was  carried  out  by  scanning  the  HP  over  the  surface  of  the  sample 
while  simultaneously  measuring  changes  in  Hall  voltage  that  are  proportional  to  fluctuations  of 
the  perpendicular  component  of  the  stray  magnetic  field  emanating  from  the  surface.  All 
measurements  were  made  at  a  height  of  0.3)LLm  above  the  sample  surface. 

The  unique  features  of  the  RT-SHPM  include:  (i)  the  tilt  angle  between  the  HP  and  sample 
surface  is  precisely  adjusted  using  an  electronic  angle  sensor  coupled  to  the  PC  control  software; 
(ii)  coarse  sample  approach  is  achieved  by  a  high  resolution  motorized  z-stage  with  a  25  mm 
range;  (iii)  scan  range  up  to  50x50  pm^;  (iv)  the  use  of  electrodes  on  the  reverse-side  of  the  Hall 
probe  chip  carrier  for  electrical  connection  of  the  Hall  bar  and  STM  tip  to  the  control  and  biasing 
electronics;  (v)  data  acquisition  with  a  choice  of  3  modes  including  the  STMISHPM  mode  where 
scanning  is  carried  out  while  simultaneously  monitoring  STM  tip  tunnel  current  thus  enabling 
topographic  imaging  and  the  real  time  mode,  where  a  128  x  128  pixel  scan  is  possible  in  about  1 
second.  The  HP  was  fabricated  by  photolithography  using  a  GaAs/AlGaAs  heterostructure  grown 
by  MBE  with  a  two  dimensional  electron  gas  density  of  2  x  lO”  cm‘^  and  mobility  of  400,000 
cm^/Vs,  at  4.2K.  The  Hall  probe  was  located  1 3  micrometers  away  from  the  chip  corner  that  was 
coated  with  a  thin  gold  layer  to  act  as  the  STM  tip.  The  Hall  probe  had  an  active  area  of  ~  0.8  x 
0.8  pm^,  a  room  temperature  Hall  coefficient  of  the  HP  was  0.3Q/G  and  a  field  sensitivity  of 
0.04  G/VHz.  The  STM  tip  was  not  coupled  to  the  Hall  bar  thus  reducing  noise  during 
measurement.  A  Hall  drive  current  of  3  pA  was  used  for  all  the  measurements.  A  unique  set  of 
program  routines  were  developed  for  the  static  and  animated  3D  visualization  of  SHPM  data 
using  Interactive  Data  Language  [5]. 

The  samples  studied  were  cut  from  a  strontium  ferrite  permanent  magnet  (SFM)  and  surfaces 
normal  to  the  easy  and  hard  axes  polished  until  the  undulations  were  less  than  0.2  pm  as 
measured  by  the  STM  tip  integrated  with  the  HP.  Typical  dimensions  of  the  resulting  samples 
were  5x5mm  with  a  thickness  of  400  pm.  The  external  stepped  bias  fields  (Hex)  were  applied 
using  a  neodymium  iron  boride  permanent  magnet  incorporated  into  the  RT-SHPM  system 
enabling  bias  fields  of  up  to  2700  Oe  to  be  applied  perpendicular  to  the  polished  surfaces.  The 
use  of  a  permanent  magnet  for  applying  external  bias  fields  eliminates  sample  heating  problems 
associated  with  electromagnets.  The  external  fields  were  applied  in  regular  steps  and  the 
RT-SHPM  scan  carried  out  in  synchronization  at  one  frame/second  (128x128  pixels).  The  SF 
samples  were  also  characterized  using  a  vibrating  sample  magnetometer  (VSM)  to  compare  the 
RT-SHPM  results  with  conventional  macroscopic  measurements  methods. 

RESULTS  AND  DISCUSSION 

There  was  no  observable  correlation  between  the  STM  topography  and  magnetic  images  for  any 
of  the  samples  studied.  Figure  2  shows  representative  50x  50  |im  scans  (surface  normal  to  the 
easy  axis)  of  the  variation  of  surface  magnetic  field  fluctuations  with  increasing  Hex  along  the 
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Figure  2.  External  bias  field  (Oe)  dependence  of  RT-SHPM  images  (50x50|im)  for 
SFM  initially  in  the  demagnetized  state.  Image  surface  is  normal  to  the  easy  axis 


Figure  3.  External  bias  field  (Oe)  dependence  of  RT-SHPM  images  (50x50pm)  for  SFM 
initially  in  the  remanent  state.  Image  surface  is  normal  to  the  easy  axis. 


-ISOftO  -1 0000  -5000  0  5000  10000  15000 


APPLIH)  HKLD  (Oe) 


Figure  4.  VSM  magnetization  curve  along  the  easy  axis  of  the  SFM 


easy  axis  of  a  SFM  initially  in  a  demagnetized  state.  Figure  3  shows  the  images  for  a  sample 
initially  at  the  remanent  state  as  Hex  was  increa.sed  to  -2700  Oe  along  the  easy  axis.  The  black 
and  white  regions  in  the  RT-SHPM  images  represent  domains  with  magnetizations  into  and  out 
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Figure  5.  External  bias  field  (Oe)  dependence  of  RT-SHPM  images  (50x50pm)  for  SFM 
initially  in  the  demagnetized  state. .  Image  surface  is  normal  to  the  hard  axis. 


Figure  6.  External  bias  field  (Oe)  dependence  of  RT-SHPM  images  (50x50jim)  for  SFM 
initially  in  the  remanent  state.  Image  surface  is  normal  to  the  hard  axis. 
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Figure  7.  VSM  magnetization  curve  along  the  hard  axis  of  the  SFM 


of  the  plane  of  the  paper.  The  corresponding  VSM  hysteresis  loop  is  shown  in  figure  4.  Figures  5 
and  6  show  the  Hex  dependence  of  RT-SHPM  images  of  surfaces  normal  to  the  hard  axis  starting 
at  the  demagnetized  and  remanent  states,  respectively.  Figure  7  is  the  VSM  loop  along  the  hard 
axis. 
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The  RT-SHPM  images  show  magnetic  regions  on  the  sample  with  magnetization  perpendicular 
to  its  surface  due  to  the  existence  of  clusters  of  multi-domain  grains.  The  SFM  samples  used  in 
this  study  were  produced  by  a  process  involving  sintering  and  had  grain  sizes  ranging  between 
2-10  micrometers  [6,7].  A  comparison  of  the  RT-SHPM  images  in  figures  2  and  5  at  Hex  =  300 
Oe  shows  the  domains  of  samples  along  the  easy  axis  to  be  smaller  (5~10  \in\)  than  those  along 
the  hard  axis  (~20  jam).  These  differences  can  be  attributed  to  differences  in  the  size  of  grains 
along  these  two  orthogonal  directions  as  has  also  been  observed  in  other  materials  used  for 
fabricating  permanent  magnets  [8].  The  RT-SHPM  images  also  reveal  the  size  of  domains  to  vary 
with  Hex.  An  example  of  domain  movement  followed  by  rotation  can  be  seen  in  the  regions 
marked  by  broken  circles  in  figures  2  and  3.  The  changes  in  the  gray  scale  contrast  indicate 
changes  in  direction  of  the  magnetization  of  the  domains  due  to  the  external  bias.  The  movement 
and  rotation  of  the  domains  was  particularly  pronounced  in  the  case  of  SFM  surfaces  normal  to 
the  easy  axis.  These  microscopic  observations  correlate  with  VSM  measurements,  where  a  rapid 
change  in  magnetization  is  observed  along  the  easy  direction  (figure  4)  but  the  contrary  when  Hex 
was  applied  along  the  bard  axis  (figure  7).  The  surface  stray  magnetic  fields  measured  by  the 
RT-SHPM  (shown  by  the  gray  scale  above  the  images)  were  greater  along  the  easy  axis  than  the 
hard  axis  in  both  the  demagnetized  and  remanent  states.  A  detailed  micro-magnetic  evaluation  of 
these  results  is  in  progress  and  the  results  will  be  reported  elsewhere. 

CONCLUSION 

The  RT-SHPM  system  was  demonstrated  to  be  a  valuable  tool  for  the  direct,  quantitative  and 
non-invasive  observation  of  localized  stray  magnetic  field  fluctuations  at  the  surface  of 
ferromagnetic  materials  in  the  presence  large  external  bias  fields.  In  order  to  further  improve  the 
range  of  applications  and  performance  of  the  RT-SHPM,  we  are  currently  working  on  the 
fabrication  of  Hall  probes  with  a  higher  spatial  resolution  and  the  incorporation  of  magnets  for 
applying  external  fields  greater  than  one  Tesla. 
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ABSTRACT 

Perovskite  oxides  of  formula  Lai.xSrxMn03  have  been  obtained  by  the  thermal 
decomposition  of  precursor  powders.  Two  different  kinds  of  precursors,  carbonates  and  citrates 
have  been  prepared  by  low  temperature,  i.e.,  “chimie  douce”  technique.  The  careful  control  of  the 
chemical  and  the  hydrodynamic  parameters  during  the  synthesis  process  allows  obtaining  nice 
homogeneous  and  small  size  particles  (80  nm  for  the  ex-carbonates  and  30  nm  for  ex -citrates). 
Pure  perovskite  phase  is  observed  after  a  low  temperature  thermal  treatment,  from  550  °C.  The 
structure  of  these  oxides  is  either  rhombohedral  or  cubic  and  depends  on  the  strontium  content, 
the  temperature  and  the  partial  pressure  of  oxygen  during  the  thermal  treatment.  The  Mn-O 
distances  and  the  Mn-O-Mn  angles  are  directly  related  to  the  amount  of  Mn'*'^  content, 

INTRODUCTION 

In  recent  years,  the  doped  perovskite  manganites  such  as  Lai-xSrxMn03  have  attracted 
growing  attention  due  to  the  colossal  magnetoresistance  (CMR)  properties.  Several  studies  have 
shown  that  the  microstructure,  such  as  grain  size,  plays  a  very  significant  role  in  the  intrinsic 
properties  [1,2].  The  synthesis  methods  are  very  important  to  obtain  polycrystalline  materials 
with  specific  microstructure. 

Traditional  way  of  processing  is  usually  the  mixing  of  oxides,  hydroxides  or  carbonates, 
followed  by  high  temperature  (T  >  1000  °C)  processing.  Consequently,  the  materials  obtained 
with  these  methods  are  constituted  of  large  particles  with  low  surface  area.  “Soft  chemistry” 
techniques  have  been  developed  in  order  to  obtain  -  at  lower  temperature  -  the  same  materials  as 
the  one  observed  at  high  temperature  with  the  ability  to  control  the  particle  size,  the  surface  area 
and  the  stoichiometry  of  the  powders  [3].  The  advantages  of  using  powders  of  reduced  grain  size 
to  prepare  ceramics  or  thick  films  is  the  increase  of  the  reactivity  and  the  possibility  of  lowering 
the  sintering  temperature.  The  homogeneity  is  a  very  important  parameter  for  having 
reproducible  properties.  Our  previous  studies  performed  on  spinel  manganites  have  evidenced  the 
influence  of  the  powder  quality  on  the  final  material  properties  [4,  5], 

The  electronie  properties  are  related  to  the  mixed  valence  state  Mn^'^/Mn'^'*^  that  leads  to 
mobile  charge  carriers.  Low  temperature  synthesis  allows  moreover  a  larger  oxidation  state  [6].  It 
was  also  observed  that  high  oxygen  ionic  conductivity  correlates  with  a  cubic  or  an  orthorhombic 
structure  [7,8].  The  coefficient  of  non  stoichiometry  6  depends  on  the  temperature  of  thermal 
treatment  and  on  the  oxygen  partial  pressure  [9].  The  highest  values  of  5  have  been  obtained  for 
low  temperature  synthesis  technique  [10].  Many  recent  studies  indicate  that  the  LaMnOs+g 
compounds  exhibit  different  stmctural  types  as  orthorhombic  Pnma ,  rhombohedral  R3c, 
monoclinic  or  cubic  Pm3m  phases  [10-15],  These  phase  transitions  continue  to  exist  when 
the  pure  LaMn03+5  is  doped  with  divalent  Sr^'^  cations  [16,17]. 
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The  aim  of  this  work  is  to  synthesize,  by  “chimie  douce”  technique,  lanthanum  strontium 
manganite  powders  of  controlled  characteristics  (size,  composition,  homogeneity,  surface  area). 
These  oxides  arc  obtained  from  thermal  decomposition  of  precursors  (carbonates  and  citrates) 
powders.  The  structural  evolution  of  Lai.xSrxMn03+8  is  studied  for  various  compositions 
(x  =  0. 10, 0.30  and  0.50),  temperature  and  atmosphere  of  the  thermal  treatment  of  decomposition 
(T  =  600,  900  and  1250°C  under  air  or  O2  flow). 

EXPERIMENT 

The  powder  morphology  was  observed  with  a  JEOL  2010  transmission  electron 
microscope.  The  thermal  decomposition  of  the  precursors  was  examined  by  thermogravimetric 
analyses  (TGA)  (setaram  TAG  24  apparatus,  accuracy  <  10'^  g).  The  structure  was  determined 
by  X-ray  diffraction  analysis  :  the  powder  X-ray  diffraction  (PXRD)  data  was  collected  with  a 
SEIFERT  XRD-3003-TT  diffractometer  using  Cu-Ka  radiation  (in  the  range  10°  <  20  <  140°  in 
increments  of  0.02°).  The  Rietvcld  method  implemented  in  the  program  FULLPROF  [18]  has 
been  used  for  nuclear  structure  refinement.  Plasma  emission  spectrometry  was  used  to  determine 
the  chemical  composition  of  the  oxides.  The  specific  surface  area  was  determined  using  a 
Micrometries  Accusorb  2100^,  defined  by  the  Brunauer,  Emmet  and  Teller  (BET)  method. 

Temperature  programmed  desorption  analyses  (TPD)  were  studied  by  thermogravimetry, 
gas  chromatography  and  mass  spectroscopy.  The  sample  was  first  degassed  (1  Pa)^at  room 
temperature  for  1  h,  and  then  the  system  was  filled  with  Ar.  A  flow  of  15  cm^min"  was  allowed 
to  pass  through  the  reactor.  During  the  experiment,  the  temperature  was  linearly  increased  (with  a 
heating  rate  of  5°Cmin’').  Every  120  s,  the  gas  flowing  out  of  the  reactor  was  sampled  and 
analyzed  by  gas  chromatography  (shimadzu  GC-8a  chromatograph  fitted  with  a  molecular  sieve 
13x  column  and  a  thermal  conductivity  detector).  These  analyses  provided  the  oxygen 
concentration  in  the  flowing  gas,  and  the  integration  of  these  data  over  time  gave  the  total  amount 
of  oxygen  released  during  the  experiment. 

RESULTS 

Carbonate  route 

Carbonates  arc  obtained  by  the  co-precipitation  of  an  aqueous  solution  of  the  metallic 
salts  (lanthanum  nitrate  La(N03)2,  6H2O  ,  strontium  nitrate  Sr(N03)2  and  manganese  nitrate 
Mn(N03)2,  6H2O)  with  ammonium  carbonate.  The  concentrations  of  the  salts  and  of  the 
precipitating  agent  are  respectively  3  mol.l  *  and  0.4  mole.l  .  The  salts  and  the  ammonium 
carbonate  are  dissolved  in  distilled  water.  The  solution  containing  the  ammonium  carbonate  is 
poured  in  the  solution  containing  the  metallic  salts.  The  aging  time  is  30  minutes.  The  so 
obtained  particles  are  carefully  washed  and  dried.  The  thermal  decomposition  was  then  followed 
by  TGA  (Figure  1)  and  by  mass  spectrometry.  Four  phenomena  can  be  observed.  The  first 
reaction  (I)  is  an  endothermic  one  and  corresponds  to  the  departure  of  water  molecules.  The  next 
3  steps  respectively  noticed  at  420  °C,  720  °C  and  880  °C  are  exothermic  and  were  identified  as 
the  decomposition  (departure  of  CO2  and  CO)  of  the  simple  carbonates  (La  and  Mn).  The  initial 
powder  is  probably  constituted  of  an  intimate  mixture  of  lanthanum  carbonate  and  manganese 
carbonate.  The  strontium  is  substituted  either  in  one  or  the  other  carbonate.  TGA  analyses  show 
that  the  single  phase  oxide  should  be  obtained  from  880  °C. 
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Figure  1.  TGA  and  DTA  curves  of  La-Sr-Mn 
carbonate  decomposition 


Figure  2.  TEM  micrograph  of  ex¬ 
carbonate  Lai-xSrxMnOs  obtained  at 
1000  °C. 


TEM  observations  (Figure  2)  of  an  oxide  of  composition  La().6sSia2HMn  1,0404  prepared  at 
1000  °C  show  that  the  oxide  particles  have  a  nice  regular  shape.  The  crystallite  size  determined 
from  the  broadening  of  the  X-Ray  diffraction  patterns  is  approximately  80  nm.  It  does  not  vary  as 
a  function  of  the  strontium  content. 


Citrate  route 

This  method  of  synthesis  has  been  developed  by  Szabo  [19].  It  allows  obtaining  oxides 
with  the  perovskite  structure  at  moderate  temperature.  The  synthesis  of  the  mixed  citrate  needs 
first  to  synthesis  the  simple  citrates,  La  citrate,  Sr  citrate  and  Mn  citrate.  Lanthanum  and 
strontium  citrates  are  prepared  by  the  following  procedure.  0,2  moles  of  lanthanum  (strontium) 
nitrate  are  dissolved  in  600  ml  of  water.  The  solution  is  poured  in  a  solution  of  dihydrogeno- 
citrate  dissolved  in  water.  The  solution  is  mixed  during  1  hour  and  then  passed  through  a 
centrifuge  for  10  minutes.  Thermogravimetric  analyses  show  that  the  2  citrates  have  the 
respective  formula  :  La(C6H507),  3.5  H2O  and  Sr3(C6H507)2,  3.5  H2O.  A  different  procedure  is 
used  for  the  synthesis  of  manganese  citrate.  0.5  moles  of  Mn02  are  poured  in  an  aqueous  solution 
containing  an  excess  of  0.5  moles  of  citric  acid  C6H8O7,  6  H2O.  According  to  Szabo  [19],  there  is 
a  formation  of  intermediate  able  to  oxidize  citric  acid  into  acetone.  The  manganese  ion 
resulting  from  this  reaction  reacts  with  the  excess  of  citric  acid  to  form  the  insoluble 
Mn(C6H507),  H2O  citrate.  Then,  the  mixed  La-Sr-Mn  citrate  is  obtained  after  the  dissolution  of 
the  simple  citrates  in  hot  ammoniacal  solution.  The  solution  is  then  evaporated  and  grounded. 
TGA  and  TPR  analyses  show  that  the  heating  of  citrates  leads  to  dehydration  (noted  I  and  II)  and 
to  a  release  of  CO  and  CO2  (III)  (Figure  3).  The  decomposition  is  over  at  530  °C.  The  oxide 
powder  is  constituted  of  particles  of  approximately  30  nm  (Figure  4). 

The  specific  surface  area  was  determined  as  a  function  of  the  thermal  treatment 
temperature.  This  method  of  synthesis  allows  obtaining  a  specific  surface  area  varying  from  30  to 
2  XXV Ig  as  the  temperature  increases  from  550  °C  to  1000  ®C.  The  values  obtained  in  this  work  are 
50  %  higher  than  the  one  reported  after  firing  precursors  prepared  using  the  Pechini  process  [20], 
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Figure  3.  TGA  and  DTA  curves  of  La-Sr-Mn  citrate 
decomposition 


Figure  4.  TEM  micrograph  of  an 
ex-citrate  Lai.xSrxMn03  oxide 
obtained  at  800  °C 


The  structural  evolution  of  the  ex-citrates  Lai.xSrxMn03+6  oxides  with  x  -  0,10,  0.30  and 
0.50  has  been  studied  for  various  temperature  and  atmospheres  (T  -  600,  900  and  1250°C  under 
air  or  O2  flow).  0-20  PXRD  diffractograms  are  registered  for  all  the  samples.  The  results  of  the 
structural  refinements  are  systematically  connected  to  the  content  in  the  samples. 

Additional  samples  of  different  composition  and  prepared  at  various  temperature  and  atmosphere 
need  to  be  done  to  complete  this  study  and  correspond  to  the  on  going  research  work. 

For  these  compounds,  all  the  structures  exhibit  rhombohedral  or  cubic  symmetries  with 
the  RJc  and  PmJm  space  groups  respectively  :  no  distorted  perovskite  phase  due  to  a  Jahn- 
Teller  effect  is  observed.  Lattice  parameters,  Mn-O  distances  and  Mn-O-Mn  angles  are  resumed 
in  Table  I.  In  these  symmetries,  Mn06  octahedra  are  always  regular  with  6  equal  Mn-0 
distances.  Therefore,  Mn-O  distances  are  an  appropriate  parameter  to  characterize  the  structural 
evolution  of  this  series  as  shown  in  the  Figure  5  where  the  Mn-O  distances  obtained  by  PXRD 
structural  refinements  are  plotted  versus  the  Mn'^^  content  determined  by  TPD.  The  Mn-O-Mn 
angles  are  also  presented  in  order  to  confirm  the  decrease  of  the  distortion  from  a  rhombohedral 
(a'aa)  lilted  structure  with  Mn-O-Mn  <  165°  to  a  cubic  (a\Pa)  one  where  Mn-O-Mn  =  180°, 
according  to  the  Glazer  lilt  system  notation  [21].  This  results  confirm  that  the  lattice  parameters 
arc  very  sensitive  to  changes  in  the  oxygen  content  in  these  pseudo-cubic  perovskite  compounds  : 
for  the  same  Sr  doping  ratio  La(,.9oSr,).i„Mn03+5,  we  can  stabilize  with  the  1250°C/air 
decomposition  conditions  a  really  highly  tilted  structure  with  Mn-O-Mn  equal  to  163°  and  a 
nearly  cubic  cell  with  the  700°C/02  conditions. 

•  The  1250°C/air  compound  corresponds  to  the  limit  of  the  tilt  angle  of  the  rhombohedral  phase 
:  no  oxide  presenting  a  rhombohedral  symmetry  with  a  more  tilted  Mn-O-Mn  angle  has  been 
reported  in  the  literature.  Systematically,  for  more  tilted  Mn-O-Mn  angle,  a  distortion,  due  to 
Jahn-Tellcr  effect,  appears  and  generates  a  structural  transition  to  orthorhombic  symmetry.  The 
lattice  parameter  of  the  1 250°C/air  compound  reduced  to  the  primary  ap  cubic  perovskite  is  very 
close  to  the  x  =  0. 10  single  crystal  synthesized  at  1200°C  by  A.  Urushibara  et  al.  [22]  which  is 
orthorhombic.  A  less  oxidizing  atmosphere  during  the  precursors  decomposition  (i.e.  a  lower 
Mn"*^  content  in  the  sample)  can  also  lend  to  the  orthorhombic  phase.  This  rhombohedral  to 
orthorhombic  transition  has  been  reached  for  an  oxide  obtained  at  700°C  in  N2  atmosphere. 
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Synthesis 

conditions 

Chemical 

Composition 

Oxygen 

Content 

3  +  6 

% 

Mn^" 

Space 

Group 

Lattice 

Parameters 

(A) 

Mn-O 

distance 

(A) 

Mn-O-Mn 

angle 

(") 

1250°C/air 

Lao.sfiSrn.oqMn  1 ,05 

3.04 

16 

R3c 

3  =  5.529(1) 
c=  13.352(1) 

1.966(3) 

163(1) 

900°C/air 

LaoxftSro  oyMii  1 05 

3.07 

22 

R3c 

3  =  5.5171(2) 
c=  13.3598(6) 

1.960(3) 

165(1) 

600°C/air 

La<,  xftSio  (wMn  1 .05 

3.10 

28 

R3c 

a  =5.4993(4) 
c=  13.3552(6) 

1.952(2) 

167(1) 

900°C/air 

Lao.69Sro,28Mni,o3 

3.02 

31 

R3c 

a  =  5.4967(6) 
c=  13.3602(9) 

1.947(2) 

169(1) 

600°C/air 

Ltio/i9Srn  2sMii|  03 

3.03 

33 

R3c 

a  =  5.4932(6) 
c=  13.351(1) 

1.946(3) 

169(1) 

600°C/02 

Lao.sfiSfo  (loMn  1 05 

3.14 

35 

R3c 

3  =  5.487(1) 
c=  13.323(3) 

1.940(3) 

171(1) 

900“C/air 

Lao.,(9Srj).4 1  Mni  no 

3.01 

42 

Pm3m 

a  =  3.8643(2) 

1.932(1) 

180 

600''C/air 

Lao.4ySrn,4iMni,n9 

3.03 

46 

Pm3m 

a  =  3.8641(3) 

1.932(1) 

180 

Table  I.  Lattice  parameters  for  the  ex-citrates  Lai.xSrxMn03+8  oxides.  The  rhombohedral 
parameters  are  indicated  with  hexagonal  axes.  Estimated  standard  deviations  are  in  parentheses. 


Figure  5.  Mn-0  distances  and  Mn-O-Mn  angles  as  a  function  of  Mn'^'^  content  for  ex-citrates 
Lai.xSrxMnOs+s  (with  x  =  0.10,  0.30  and  0.50)  and  for  T  =  { l250°C/air,  900°C/air,  600°C/air  and 
600°C/02}.  The  white  points  correspond  to  this  work  and  the  black  points  correspond  to  the 
references  [10,15,20]. 

•  For  the  900°C/air,  600°C/air,  600°C/02  compounds,  we  can  observe  a  decrease  of  the  Mn-0 
distances  coupled  with  an  increase  of  the  Mn-O-Mn  angle  leading  to  a  less  tilted  phase  as  the 
Mn'^'^  increases.  The  symmetry  is  always  rhombohedral  even  in  the  600°C/02  compound.  The 
constant  decrease  of  the  distortion  is  strongly  correlated  to  the  Mn'*'"  content :  for  the  same  Sr 
doping  ratio,  the  Mn'^'^  content  can  be  simply  reduced  to  the  oxygen  non-stoichiometry  5  in 
Lai),9nSro.ioMn03+5  foimula  :  the  MnO^  tilt  system  tends  to  decrease  with  the  increase  of  Mn'^'*^  and 
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finally  attempts  the  perfect  cubic  cell  for  >  45%.  The  Mn-O  distances  also  decrease  and 
tend  to  1 .93A.  This  value  corresponds  to  the  ideal  cubic  perovskite  cell  (ap  =  3.86A)  and  also  to 
the  sum  of  the  ionic  radii  of  Mn'*^  (rMi4t=0.53A  )  and  0(T1)  ( r0^i=l  .40A )  [23]. 

•  The  two  others  oxides  (x  =  0.30  and  x  =  0.50)  confirm  this  Mn'’^  dependence.  In  these  cases, 
the  total  Mn"*^  content  is  mostly  due  to  the  initial  Sr  doping  ratio  rather  than  the  non- 
stoichiometry  in  oxygen  :  8  value  decreases  and  tends  to  0  when  x  increases.  The  two  compounds 
La().49Sr(),4iMni.<)(>03+5  arc  cubic. 

CONCLUSION 

Lanthanum  strontium  manganite  powders  have  been  prepared  by  a  “Chimie  douce” 
process.  Homogeneous  particles  of  controlled  size,  size  distribution  and  morphology  have  been 
obtained.  Both  the  surface  area  and  the  oxygen  content  can  be  adjusted.  The  structure  (symmetry, 
Mn-O  distances,  Mn-O-Mn  angles)  strongly  depends  on  the  Mn'^'^  content  in  the  sample. 
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ABSTRACT 

The  magnetic  critical  behaviors  in  the  perovskite-like  (Lai-xPbx)Mn03  series  with  3C  =  0.0  ~ 
0.5  are  studied  by  means  of  dc  magnetic  measurements.  All  the  samples  crystallize  in  the 
rhombohedral  unit  cell  with  a  r3C  space  group  {a  ~  0.54  nm  and  c  ~  1.33  nm).  The 
detailed  crystallographic  parameters  of  all  the  samples  are  obtained  by  the  refinements  of  the 
powder  x-ray  diffraction  data  using  the  Rietveld  method.  The  substitution  effect  of  Pb^"^  ions  on 
La^”*^  sites  induces  a  mixed-valence  state  of  Mn^VMn^^  and  enhances  magnetic  transition 
temperature  in  the  (La|.xPbx)Mn03  system.  The  transition  temperature  Tc  increases  with  the  Pb 
content  from  225  K  as  A'  =  0  to  355  K  as  a:  =  0.5.  The  canonical  spin-glass  behaviors  in  low  fields 
and  the  scaling  behaviors  of  magnetic  physical  quantities  are  clearly  observed  in  all  our  samples. 
The  values  of  the  related  critical  exponents  and  the  scaling  functions  of  magnetic  data  are  close 
to  those  of  the  conventional  spin  glass  systems. 


INTRODUCTION 

The  rich  physical  properties  in  the  perovskite-like  (Lni.xAx)Mn03  series  (Ln  =  tri valent  rare 
earths,  A  =  divalent  alkali  metals,  e.g.  Ca,  Sr,  Ba,  and  Pb)  have  attracted  many  interests  since  the 
discoveries  of  the  colossal  magnetoresi.stance  (CMR)  effect  [1,2].  Many  anomalous  phenomena, 
including  high  negative  magnetoresistance  ratio,  metal-insulator  transitions  and  anomalous 
lattice  expansions  etc.^  are  found  in  the  vicinity  of  the  critical  point.  Despite  much  efforts  made, 
the  nature  of  this  magnetic  critical  behavior  is  still  not  clear.  An  extensive  study  of  flux-growth 
single  crystals  of  (Lai.xPbx)Mn03  series  with  0.2  <  x  <  0.4  has  been  carried  out  by  some  groups 
[1,3-5].  The  metallic  conductivity  was  observed  below  the  Curie  transition  point  Tc  and  a 
negative  magnetoresistance  effect  of  ~  20  %  at  //  =  1  T  was  found  in  the  vicinity  of  Tc.  C.  W. 
Serale  et  al.  [3-5]  sugge.sted  that  a  fully  spin -polarized  d  band  is  involved  in  the  ferromagnetic 
ordering  process  of  the  Pb-doping  manganese.  Very  few  researches  have  been  working  out  on 
this  system  since  1970.  In  this  paper  we  report  the  detailed  studies  of  the  crystal  structure, 
magnetic  properties  and  scaling  behaviors  of  the  perovskite-like  (Lai.xPbx)Mn03  manganese. 


EXPERIMENTAL  DETAILS 

Samples  (Lai.xPbx)Mn03  with  a-  =  0  -  0.5  were  prepared  using  a  conventional  powder 
solid-state  reaction  method.  Stoichoimetric  amounts  of  high-purity  La203,  Pb304,  and  Mn02  raw 
powders  were  homogenously  mixed  and  completely  ground,  thus  the  mixed  samples  were  fired 
to  1000  -  1300°C  and  hold  at  the  same  temperature  for  12  hours.  The  heated  samples  were 
cooled  to  low  temperature  and  removed,  reground,  and  reheated  at  the  same  temperature  for  an 
addition  24  h.  The  processes  were  repeated  at  least  three  times  until  the  samples  are  of  a  single 
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Table  I.  Selected  crystallographic  and  magnetic  parameters  of  (Lai.xPbx)Mn03  samples  with  x 
=  0  -  0.5.  Numbers  in  the  parenthesis  are  errors  of  the  least  significant  digit. 


Pb  content  .v 

Crystal  System;  Trigonal,  a  hexagonal  axes 
Space  group:  R3t\  a  =  13-  OO'’,  j  =  120'’ 

Volume  of 
unit  cell 

Magnetic 
transition  point 

Effective 
moment  (gu) 

a  (A) 

c  (A) 

(g/cnr’) 

/?wp  (%) 

Kd.  (A') 

7'c(K) 

^p(K) 

PlM 

gPM 

0.0 

5.5008(5) 

13.276(6) 

5.35 

10.47 

347.90(8) 

225 

240 

3.35 

4.59 

0.1 

5.5033(3) 

13.293(4) 

5.54 

12.47 

348.66(2) 

271 

293 

3.48 

5.65 

0.2 

5.5019(9) 

13.293(3) 

5.74 

13.10 

348.49(0) 

275 

270 

3.44 

4.78 

0.3 

5.5037(1) 

13.3.34(6) 

5.91 

12.02 

349.79(1) 

350 

.341 

3.19 

5.17 

0.4 

5..52I7(3) 

13.404(3) 

6.03 

12.27 

353.92(6) 

358 

347 

3.20 

5.43 

0.5 

5.4842(2) 

13.383(0) 

6.32 

1.3.14 

348..57(9) 

355 

353 

3.15 

5.41 

phase.  The  thoroughly  reacted  powders  were  pressed  into  pellets  during  the  last  sintered  process. 
All  heated  processes  were  progressed  at  ambient  atmosphere  and  used  warm-up  and  cooling 
rates  of  300°C/h. 

X-ray  powder  diffraction  (XRD)  data  were  collected  with  a  Rigaku  Rotaflex  RTP500RC 
powder  X-ray  diffractometer  using  Cu  K a  radiation  and  a  secondary  graphite  monochromator 
from  20°  to  100°  with  a  step  size  of  0.02°  in  2616  scanning  mode  and  a  counting  rate  of  5 
sec/step.  The  XRD  patterns  were  refined  by  a  Riqas  program  based  on  the  Rietveld  analysis 
technique.  Magnetic  measurements  were  performed  on  using  an  Oxford  MagLab  magnetometer 
and  a  Bruck  Vibrating  Sample  magnetometer  (VSM)  systems  for  T  <  300  K  and  T  >  300  K, 
respectively.  The  zero-field  cooling  (ZFC)  and  field  cooling  (FC)  magnetization  curves  were 
carried  out  under  various  dc  external  fields  H  from  0  -  5  T.  Isothemial  magnetic  hysteresis  loops 
at  various  temperatures  were  also  obtained  in  applied  fields  up  to  5  T. 


RESULTS  AND  DISCUSSION 

XRD  data  of  all  the  samples  showed  single-phase  patterns,  which  are  described  well  by  an 
rhombohedral  (trigonal)  unit  cell  with  space  group  /?3c  rather  than  an  orthorhombic  unit  cell 
with  space  group  Ph)im.  Detailed  crystallographic  data  extracted  from  the  refinement  results  of 
XRD  data  were  listed  in  tables  I  -  III.  The  results  show  that  there  was  almost  no  Pb  lossing 
during  the  sample  preparation  procedures  and  the  compositions  of  all  atoms  were  consistent  with 
the  original  stoichoimetries.  Lattice  parameters,  Mn-O  bond  length  and  Mn-O-Mn  bond  angle  as 
a  function  of  the  Pb  content  are  drawn  in  figure  1.  Lattice  parameters  a  and  c  slightly  vary  as  .v  < 
0.3,  then  suddenly  increas  at  .v  ~  0.4,  but  slightly  decrease  again  as  .v  =  0.5,  as  shown  in  Figure 
1(a).  The  bond  length  between  Mn  and  O  ions  is  found  a  small  o.scillating  variation  as  x  <  0.4, 
then  abruptly  becomes  short  as  x  —  0.5.  The  dependence  of  the  bond  angle  of  Mn-O-Mn  on  x  is 
found  an  inverse  variation.  The  change  of  the  La/Pb  ratio  is  not  only  to  change  the  average  ion 
radius  <;  a>  in  the  La/Pb  sites,  but  also  to  affect  the  average  radius  of  the  transition  metal  ions 
<rMn>  in  the  Mir^VMn'*^  site.  In  perovskite-structure  oxides,  the  ionic  radius  of  Pb^"^  (1.49  A)  is 
larger  smaller  than  that  of  La’^^  ( 1 .36A),  but  the  ionic  radius  of  Mn^^  is  0.53  A  is  smaller  than  that 


U3.4.2 


of  (0.645  A).  So  it  is  possible  that  both  the  <rA>  and  the  ratio  of  increases  with 

increasing  x,  however,  <rMn>  decreases.  As  a  result  that  the  variation  of  the  lattice  constants  a 
and  c  with  the  Pb  content  does  not  obey  a  simple  linear  relation  of  the  Vegard’s  law.  In  addition, 
the  chemical  order  or  charge  order  may  occur  for  certain  special  compositions  such  that  allow  to 
have  very  complex  relations  between  the  crystallographic  parameters  and  the  Pb  content. 


Table  II.  Summary  of  the  room-temperature  XRD  refinements  of  (Lai-xPbx)Mn03  samples  with 
A'  =  0-0.5  using  a  Riqas  program  based  on  the  Rietveld  analysis  technique.  Numbers  in  the 
parenthesis  are  errors  of  the  least  significant  digit. 

Crystal  System:  Trigonal,  hexagonal  axes 
Space  group 3  r  (NO.  167),  a  =  yS  =  90°,  r=120°,Z  =  6 
Atomic  positions:  La/Pb  (6a),  Mn'^VMif^  (6b),  O  (1 8e) 

La/Pb  (0.00,  0.00,  0.75),  Mn^"/Mn^^  (0,  0, 0),  0  (.v,  0.00,  0.25) 


Pb  content 

Ion 

X 

Y 

z 

B 

N 

La^" 

0 

0 

0.75 

1.14 

1.00 

A-  -  0.0 

Mn^^ 

0 

0 

0 

0.20 

1.00 

o'- 

0.5567(1) 

0 

0.25 

2.93 

1.10 

La-^^ 

0 

0 

0.75 

0.08 

0.88 

Pb'^ 

0 

0 

0.75 

0.10 

0.10 

.V  =  0. 1 

Mn^^ 

0 

0 

0 

0.13 

0.98 

Mn"^ 

0 

0 

0 

0.20 

0.10 

o'- 

0.5512(4) 

0 

0.25 

.1.69 

1.00 

La'^ 

0 

0 

0.75 

0.06 

0.78 

Pb'^ 

0 

0 

0.75 

0.10 

0.20 

A-  =  0.2 

Mn-'^ 

0 

0 

0 

0.30 

0.97 

Mn"" 

0 

0 

0 

0.06 

0.20 

O'- 

0.5540(5) 

0 

0.25 

1.98 

1.19 

0 

0 

0.75 

0.67 

0.69 

Pb'^ 

0 

0 

0.75 

0.65 

0.30 

A- -0.3 

Miv'" 

0 

0 

0 

0.40 

0.75 

Mn"" 

0 

0 

0 

0.20 

0.30 

O'- 

0.4552(4) 

0 

0.25 

1.22 

1.07 

0 

0 

0.75 

0.59 

0.52 

Pb'^ 

0 

0 

0.75 

0.64 

0.41 

A-  =  0.4 

Mn^^ 

0 

0 

0 

0.99 

0.70 

Mn'*^ 

0 

0 

0 

0.20 

0.40 

o'- 

0.4618(7) 

0 

0.25 

2.06 

1.04 

La 

0 

0 

0.75 

0.26 

0.49 

Pb 

0 

0 

0.75 

0.30 

0.50 

A-  =  0,5 

MtP^ 

0 

0 

0 

0.29 

0.57 

0 

0 

0 

0.20 

0.50 

O'- 

0.5355(4) 

0 

0.25 

1.30 

1.07 
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Table  III.  Bond  angles  of  both  Mn-O-Mn  and  O-Mn-O  bonds  and  bond  lengthsof  Mn-O  bond 
of  (La].xPbx)Mn03  samples  with  ,v  =  0  -  0.5. 


Sample 

Mn-O-Mn  Bond 
Angle  (degrees) 

O-Mn-O  Bond  Angle 
(degrees) 

Mn-O  Bond  Length 

(A) 

LaMnOi 

161.77° 

180°  (91.27°) 

1.9601 

Lu((  (>Pb(i  |Mrt03 

163.43° 

180°  (91.11°) 

1.9573 

Lao.xPbn.iMnO, 

162.54° 

180°  (91.17°) 

1.9591 

L<i((  7Pb() 

167.65° 

1 80°  (90.86°) 

1.9544 

Laof.PLuMnO., 

168.51° 

180°  (90.67°) 

1.9578 

LiJo.sPbo.sMnO., 

168.47° 

180°  (90.43°) 

1.9463 

Content  of  Pb,  x  content  of  Pb,  x 


Figure  1.  Lattice  parameters  a  and  c  as  a  function  of  Pb  contration  x.  (b)  Dependence  of  Mn-0 
bond  length  and  Mn-O-Mn  Pb  content.  All  lines  are  drawn  to  guide  the  eyes. 

Some  magnetic  parameters  of  (Lai.xPbx)Mn03  samples,  including  the  ferromagnetic  critical 
point  Tc  and  Curie-Wciss  transition  temperature  6p  and  effective  magnetic  moment  per  Mn  site 
in  FM  and  PM  states,  //fm  and  jUp^,  were  determined  from  dc  magnetization  and  inverse 
susceptibility  versus  temperature  in  an  exlenial  field.  These  parameters  are  listed  in  table  I.  The 
substitution  effect  of  Pb^"'  ion  on  La^^  site  in  this  system  induces  a  mixed-valence  state  of 
Mn’^VMn'*'^  and  enhances  the  ferromagnetic  transition  temperature.  Although  the  dependence  of 
transition  temperature  with  x  presents  an  oscillating  variation,  both  Tq  and  Op  trend  to  linearly 
increase  with  .v,  as  shown  in  the  inset  plot  of  figure  2(a).  The  transition  temperature  Tc  increases 
with  the  Pb  content  from  225  K  as  x  =  0  to  355  K  as  x  =  0.5,  but  an  anomalous  reduce  at  x  =  0.3 
Both  curves  arc  similar  to  the  variation  trend  of  Mn-O-Mn  bond  angle  in  figure  1(b).  The 
effective  magnetic  moments  per  Mn  site  in  both  FM  and  PM  states  vary  in  the  ranges  of  3.3  ±  0.3 
|a,B  and  5.5  ±  0.5  jiB,  respectively.  Based  on  the  comparison  between  crystal  parameters  and 
magnetic  parameters  shown  in  figures  1  and  2,  the  variation  trends  of  those  magnetic  quantities 
with  the  Pb  doping  apparently  depends  upon  the  results  of  the  crystallographic  variation. 
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Figure  2.  (a)  Ferromagnetic  and  paramagnetic  transition  temperatures  as  a  function  of  Pb 
content,  Tc{x)  and  0p(x).  (b)  Saturation  and  effective  magnetic  moments  per  Mn  site  v.9  Pb 
content.  All  curves  serve  as  guide  lines  to  the  eyes. 


For  a  well-defined  magnetic  phase  transition  the  scaling  theory  [6-8]  predicts  that  magnetic 
susceptibility  determined  by  the  experimental  MiJ)  data  in  figure  3(a),  exhibits  a  scaling 
relation  as  follows: 


^-^0  = 


C 


C.,  \.\P  j:  ,u2 


(1) 


(2) 

=  f±(H^ (3) 


where  t  is  the  reduced  temperature  t  =  (T-  To)ITo  with  Tq  being  certain  transition  temperature  {Tq 
for  a  FM/PM  transition  or  Fg  for  a  SG  transition),  g  is  the  order  parameter  as  functions  of  T  and 
H  and  the  scaling  functions /+  and/,  apply  for  f  >  0  On  PM  phase)  and  r  <  0  (in  FM  or  SG  phase), 


Figure  3.  (a)  Temperature  dependence  of  FC  magnetization,  and  (b)  temperature  dependence  of 
order  parameter  of  LaMn03  compound  in  10  various  applied  fields:  0.009  -  5  T.  The  inset  plot 
shows  the  normalized  order  parameter  as  a  function  of  temperature. 
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H2|t|-p-7 

Figure  4.  Log-log  plot  of  of  LaMn03  compound  for  data  in  //  =  1,  2,  3,  4  and 

5T.  Inset  plot  shows  the  same  plot  for  data  in  //  =  0.059,  0.105  and  0.15  T.  All  data  obtained  in 
the  ranges  2<T<  305  K  collapse  two  scaling  relation  /+  and  /I  as  Eq.  (3). 


respectively.  For  our  LaMn03  sample,  the  values  of  the  critical  exponents  /?  —  1.05  ±  0.1,  S  — 
5.07  ±  0.3  and  y=  4.3  ±  0.5  are  derived  by  fitting  c/(t)  ~  q(H)  ~  and  1  + 

These  exponents  arc  similar  to  those  found  in  conventional  spin  glasses.  The  P  value  is  very 
clo.se  to  the  predicted  value  of  the  mean  field  theory,  p~  \  .  Using  these  critical  exponents,  C  = 
1.81x10'^  cnvVg  K,  =  0  =  213.3  K  all  data  of  M{T)  in  various  fields  give  a  plot  of 

v.y  /7"1/|'^'^  shown  in  figure  3.  All  of  the  q  data  collapse  onto  two  curves,  that  is,  the  scaling 
functions/+Cv)  for  /  >  0  (T  >  To,  in  the  PM  phase)  and/fx)  for  /  <  0  {T  <To,  in  the  FM  phase).  For 
/  <  0,  q\t\^^  approaches  a  constant  (~  1 )  for  small  I-P\t\  ^  (the  dashed  line  in  figure  4).  The  solid 
line  of  ^  ~  with  6  =  4.68  in  figure  4  demonstrates  the  asymptotic  behavior  for  T  7(i.  The 
shapes  of  botli  the  scaling  functions  are  also  quite  similar  to  tho.se  observed  in  most  conventional 
spin  glasses. 
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ABSTRACT 

We  have  been  able  to  deduce  a  temperature  dependence  of  the  built-in  potential  in 
La2/3Sr]/3Mn03  grain  boundary  junctions.  This  has  been  performed  by  trimming  a  single  grain 
boundary  down  to  1pm  width  with  a  focused  ion-beam.  We  can  thereby  see  the  impact  of 
single  domain  walls  on  the  magnetoresistance  and  the  current-voltage  characteristics.  We 
have  also  demonstrated  the  effect  of  averaging  as  we  increased  the  number  of  junctions. 

INTRODUCTION 

Since  the  discovery  of  colossal  magnetoresistance  (CMR)  [1]  in  perovskite  manganites  the.se 
materials  have  attracted  a  lot  of  scientific  attention.  The  intere.st  is  mainly  due  to  their 
potential  for  technical  applications,  but  also  because  of  the  many  intriguing  and  complex 
properties.  Grain  boundaries  (GBs)  in  manganites  form  magnetic  junctions  giving  a 
tunnelling-like  magnetoresistance  response,  both  in  granular  films  [2]  and  in  bi-crystal  films 
13-7J.  Bi-crystals  have  previously  successfully  been  applied  to  study  the  colossal 
magnetoresistance  of  single  manganite  grain  boundaries  [3-7].  It  has  been  shown  that  the 
Julliere  model  is  not  directly  applicable  to  charge  transport  across  manganite  GBs  [5,6]  since 
the  main  origin  of  charge  transport  perpendicular  to  the  grain  boundary  is  not  a  direct 
tunnelling  [4j.  It  has  also  been  shown  by  magnetic  force  microscope  that  a  grain  boundary 
pins  a  magnetic  domain  wall  [8j. 

The  previous  studies  have  focused  on  large-angle  grain  boundaries  (>24°),  and  the  impact  of 
single  magnetic  domains  has  previously  not  been  thoroughly  studied.  Our  previous  study  of 
noise  in  a  multidomain  structure  [7]  revealed  an  additional  contribution  originating  from  the 
GB  region.  Hence  the  motivation  for  our  present  work  is  to  study  the  influence  of  junction 
width  on  its  tran.sport  properties.  This  is  achieved  by  decreasing  the  .size  of  the  grain  boundary 
junctions  (GBJs)  in  consecutive  steps.  Therefore  we  have  studied  the  magnetoresistance  (MR) 
and  current-voltage  (IV)  dependence  of  a  single  low-angle  GB  as  well  as  a  GB  array,  and  the 
dependences  as  function  of  width  of  the  GBJ.  This  allows  us  to  describe  the 
magnetorcsistance  of  single  domain  magnetic  tunnel  junctions. 

EXPERIMENTAL  DETAILS 

On  a  LaA103  bi-crystal  substrate  with  symmetric  misorientation  angle  of  8.8°  a 
La2/3Sri/3Mn03  film  was  grown  by  pulsed  laser  deposition.  In  this  process  a  stoichiometric 
target  was  ablated  by  an  excimer  la.ser  (KrF,  A.=248nm)  with  an  energy  density  of  ~1 .4J/cm“. 
During  deposition  the  substrate  was  held  at  740°C  in  an  oxygen  pressure  of  0.4mbar.  A  high 
degree  of  epitaxy  of  the  90nm-thick  film  was  verified  by  x-ray  6-20  and  ([i-scans  in  a  Bragg- 
Brentano  diffractometer.  The  film  was  then  patterned  with  photolithography  and  Ar-ion 
milling  into  a  meander  with  101  GB  crossings,  each  6]Lim-wide.  Such  a  layout  allows  us  to 
measure  across  one,  two  and  three  as  well  as  one  hundred  GBJs.  The  MR  properties  were 
measured  in  a  helium-cooled  cryostat  with  a  variable  temperature  insert  and  a 
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superconducting  magnet.  In  all  measurements  the  magnetic  field  was  in  the  plane  of  the  film 
and  the  MR  was  measured  with  a  bias  current  of  lOjiA.  The  high-field  MR  has  been  deduced 
from  the  zero-field  and  field  cooled  resistance  measurements,  while  the  low-field  MR  was 
measured  at  specific  temperatures. 

To  study  the  behaviour  of  junction  width  we  have  trimmed  one  of  the  junctions.  The  trimming 
was  performed  in  a  focused  ion-beam  (FIB)  with  Ga-ion  source.  The  junction  was  trimmed  in 
two  steps,  the  first  FIB-process  left  a  grain  boundary  junction  2jim  wide  and  20  pm  long, 
while  in  the  second  FIB-process  the  junction  was  trimmed  down  to  1pm  width.  The  junction 
geometry  is  shown  in  figure  1. 

RESULTS 

We  estimate  the  temperature  of  the  paramagnetic-ferromagnetic  transition,  the  Tc,  to  be 
around  360K  for  a  single  6pm  wide  grain  boundary  junction  (figure  2).  After  trimming  the 
junction  the  high-field  MR  as  well  as  the  resistance  curves  are  shifted  down  with  about  50K, 
which  indicates  a  Tc  just  above  300K.  This  can  be  related  to  a  heating  or  Ga  contamination 
during  the  FIB-process.  From  figure  2  it  is  also  clear  that  the  onset  of  the  grain  boundary  MR 
decreases  as  the  GBJ  is  narrowed.  As  the  junction  is  trimmed  from  6pm  to  2pm  the  onset 
decreases  from  300K  to  250K.  Further  trimming  to  1pm  results  in  a  slight  further  decrease  of 
the  onset  temperature.  The  temperature  dependence  of  the  grain  boundary  MR  seems  to  be 
similar  regardless  of  the  width  of  the  junction.The  MR  curves  become  smoother,  as  shown  in 
figure  3a,  when  the  number  of  GBs  is  increasing.  The  MR  for  a  single  GB  is  step-like, 
involving  a  few  (5  to  10)  resistance  levels.  Even  though  the  effect  is  weak  with  the  field 
perpendicular  to  the  GB  the  step-like  behaviour  is  clearly  seen  as  the  field  is  applied  parallel 
to  the  GB.  The  effect  of  averaging,  i.e.  smoothing  the  MR  by  measuring  .several  GBs,  is 
therefore  also  most  clear  with  the  magnetic  field  parallel  to  the  grain  boundary.  We  note  that 
the  field  for  the  MR  peak  does  not  change  as  more  GBJs  are  included.  On  the  other  hand  the 
maximum  grain  boundary  magnetoresistance  (MR*)  decreases  when  increasing  the  number  of 
GB  included  in  the  measurements.Trimming  a  grain  boundary  junction  resulted  in  a  decrea.se 
in  the  number  of  resistance-steps  as  illustrated  in  figure  3b.  Roughly  the  average  number  of 
steps  dccrea.sed  from  about  7  for  the  6pm  wide  junction  to  2-3  steps  for  the  2pm  and  1pm 
wide  junctions.  The  experiments  did  not  reveal  any  specific  temperature  dependence  for  the 
number  of  resistance-steps,  it  is  basically  constant  in  the  entire  temperature  range. 


Figure  1.  A  .secondary  electron  image  of  the  trimmed  junction  after  the  second  FIB-process. 
The  grain  boundary  is  indicated  by  the  dashed  line  and  the  electrode  is  marked  ‘LSMO’.  The 
width  at  ‘A’  is  the  original  one-6pm,  the  width  at  ‘B’-2pm  and  ‘C’  marks  the  trimmed  ‘1pm’ 
junction. 
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Figure  2.  Temperature  dependence  of  high-field  (5T,  solid  lines)  and  low  field  (~Hc,  open 
markers)  magnetoresistance  for  a  single  GBJ  with  6pm  (circles),  2pm  (boxes)  and  1pm 
(diamonds)  width.  At  1(X)K  the  magnetoresistance  was  measured  several  limes,  this  is  indicated 
by  several  open  markers.  The  dashed  lines  are  guides  for  the  eye.  The  inset  shows  the 
temperature  dependence  of  the  resistance  for  the  GBJs. 


DISCUSSION 

The  grain  boundary  magnetoresistance  effect  in  perovskite  manganites  is  different  from  the 
colossal  magnetorei stance  ob.served  in  the  same  materials.  In  the  kind  of  devices  studied  here 
both  effects  are  present  but  have  different  temperature  dependences.  The  grain  boundary 
magnetoresistance  has  an  onset  at  temperatures  lower  than  the  bulk  Curie  temperature  and 
increases  as  the  temperature  falls.  The  IV-characteristics  follows  the  same  temperature 
dependence. 

The  resistance-area  product  of  a  manganite  domain  wall  has  previously  been  estimated  to  be 
about  lO'^Clm^  [9].  For  the  1pm  trimmed  junction  the  cross  section  will  be  ~10'^m^,  which 
results  in  a  domain  wall  resistance  of  IQ.  The  latter  is  much  smaller  than  the  resistance 
measured  in  our  experiments  and  hence  the  main  voltage  drop  is  due  to  dislocations  or 
distortions  at  the  GB.  We  believe,  based  on  the  results  from  the  MR  measurements  (figure 
3b),  that  we  have  been  able  to  distinguish  the  influence  of  single  domains  on  the  MR  and 
hence  the  impact  of  single  domains  on  the  IV  characteristics  of  the  junction. 

In  the  IV-characteristics  there  seem  to  be  two  different  regions.  At  low  voltages  the  current 
goes  as  V"  where  a=l-2,  which  is  consistent  with  suggested  quantitative  models  [4,6]  for  the 
current  transport  across  the  GB  region:  Gross  et  al  [6]  suggested  a  Glazman-Matveev  [10] 
based  theory  which  includes  tunnelling  through  the  GB  region  via  localised  states  resulting  in 
a  voltage  dependence  of  a=l  (plus  extra  terms  of  the  order  of  cx=7/3).  On  the  other  hand  Todd 
et  al  [5]  suggested  to  employ  the  Simmons  model  [11]  which  results  in  a=l  (plus  extra  terms 
of  the  order  of  a=3).  In  this  voltage  range  we  have  too  few  data  points  to  distinguish  between 
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Figure  3.  a)  Magnetoresistance  for  1,2,3  and  100  GBJ  (6jim  wide),  the  left  column  was 
measured  with  a  magnetic  field  peipcndicular  to  the  grain  boundary  (H  1  GB)  while  the  right 
column  displays  the  MR  with  a  field  parallel  to  the  grain  boundary  (H  //  GB).  Since 
magnetoresistance  is  symmetric  for  positive  and  negative  magnetic  fields,  only  one  part  of  the 
curve  is  displayed  here.  All  plots  are  in  the  same  scale. 

b)  Single  grain  boundary  magnetoresistance  for  the  trimmed  junction  with  6,  2  and  1pm  width. 
Data  for  both  subfigurcs  arc  taken  at  lOOK. 


the  suggested  models.  None  of  them  is  valid  at  high  bias  voltages  where  the  voltage  becomes 
comparable  to  the  potential  barrier. 

For  high  voltages  the  IV-curve  is  linear  up  to  5V  where  the  Joule  heating  effect  starts  to 
influence  transport  properties.  This  also  suggests  that  the  linear  part  can  be  extrapolated  to 
zero  bias-current  that  would  give  an  estimate  of  the  built-in  potential,  Vbj,  discussed  by  Gross 
et  al  [6].  This  assumption  is  valid  at  least  within  the  error  of  a  pre-factor.  The  measured 
potential  and  hence  Vbi  decreases  down  to  zero  at  about  the  Curie  temperature,  see  figure  4. 
This  strengthens  the  argument  that  the  non-linearity  has  a  magnetic  origin. 

CONCLUSIONS 

By  employing  several  as  well  as  single  grain  boundary  junctions  we  have  been  able  to 
demonstrate  the  effect  of  magnetoresistance  averaging  in  a  granular  manganite  film.  Then  by 
trimming  a  single  grain  boundary  junction  we  have  been  able  to  deduce  the  temperature 
dependence  of  the  magnetic  potential  barrier.  The  latter  differs  from  the  temperature 
dependence  of  the  grain  boundary  MR  ob.served  in  the  same  sample.  Thus,  despite  the  fact 
that  they  both  have  magnetic  origin,  the  non-linearity  of  IV-curves  for  manganite  GBJs  and 
the  grain  boundary  MR  does  not  describe  the  same  physical  effect. 
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Figure  4.  Zero-bias  voltage  drops  linearly  with  temperature  to  become  zero  at  roughly  the  Curie 
temperature.  The  2pm  and  1pm  wide  junctions  are  represented  by  open  circles  and  open  boxes 
respectively,  the  lines  are  guides  for  the  eye.  The  upper  inset  show  the  IV-characteristics  at  lOOK 
for  the  6pm,  2pm  and  1pm  wide  junctions.  The  zero-bias  voltage  is  deduced  from  the  linear  part 
(indicated  by  a  dashed  line  and  a  circle  at  zero  current).  The  influence  of  temperature  on  the  IV- 
characteristics  is  shown  in  the  lower  inset  with  IV-curves  at  2K,  25K,  50K,  75K,  lOOK,  125K, 
150K,  200K,  250K,  300K,  350K,  400K. 
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ABSTRACT 

In  this  study,  we  used  x-ray  diffraetion  patterns  and  dc  magnetic  measurements  to 
investigate  the  crystallographic  structure,  magnetic  properties  and  scaling  behavior  of  the 
distorted  perovskite  La().7(Bai.xPbx)o.3Co03  (0  <  x  <  0.5)  system  with  a  constant  ratio  of 
Co'^VCo^^.  Samples  with  a:  =  0.0  and  0.1  were  crystallized  in  the  cubic  structure  with  a  ~  7.76  A 
whereas  samples  with  x  >  0.2  were  crystallized  in  an  orthorhombic  Pbnm  space  group  with  a~h 
~  5.50  A  and  c  ~  7.85  A.  For  all  our  samples  the  spin-glass-like  behavior  were  observed  in  low 
temperature  and  low  field  ranges.  The  Pb^^  substitution  on  Ba^^  site  does  not  significantly  affect 
the  ferromagnetic  transition  temperature  Tq,  but  does  introduce  large  variation  in  the  magnetic 
strength.  In  both  the  ferromagnetic  and  paramagnetic  states  the  minimum  values  of  the  average 
effective  moments  provided  by  every  Co  ion  occur  at  x  =  0.3.  We  also  observed  the  scaling 
behaviors  of  magnetic  data  in  all  samples.  The  derived  values  of  the  critical  exponents  (/?,  %  S) 
were  consistent  with  those  predicted  by  mean  field  theory  and  a  three-dimensional  Heisenberg 
model. 


INTRODUCTION 

The  discoveries  of  high-7c  superconductivity  in  cuprates  and  great  magnetoresistance  (MR) 
in  manganates  have  initiated  intensive  investigations  of  the  (Lai-xAx)T03  compounds  (A  =  Ca,  Sr, 
Ba,  Pb;  T  =  3d  transition  metal)  [1-3].  In  the  Co-based  perovskite-like  oxides  the  competition 
between  the  crystal-field  splitting  and  the  intra-atomic  Hund’s  coupling  of  Co  ions  lead  to  a 
variety  of  magnetic  and  electronic  phase  transitions  among  the  high-,  intermediate-  and  low-spin 
configurations  of  Co-^""  and  Co'*’"  ions.  The  (Lai.xAx)Co03  system  also  displays  many  new  and 
unusual  behaviors  open  to  study.  Such  as  orbital  and  charge  ordering  phenomena  as  well  as  large 
changes  in  the  electrical,  magnetic,  and  structural  properties,  driven  by  small  variations  of 
composition,  temperature,  magnetic  field,  or  pressure.  However,  many  of  these  properties  are 
still  not  understood  completely. 

In  some  transition-metal  oxides,  such  as  Tl-  and  Bi-based  high-Tc  superconducting  cuprates, 
the  addition  of  a  small  Pb  amount  can  reduce  the  sintering  temperatures  and  the  process  times  as 
well  as  stabilize  the  required  structures  with  special  physical  properties.  In  addition,  because  Pb 
ions  does  not  contribute  significant  magnetic  signal  in  solids  and  have  very  similar  chemical 
properties  to  the  divalent  alkali  earth  ions,  the  substitution  of  Pb  atom  on  the  alkali  earth  atom 
can  be  used  to  study  the  disorder  effects  of  chemical,  orbital,  charge,  or  magnetic  moment.  In 
this  report,  we  investigated  the  substitution  effect  of  Pb^^  ions  for  Ba^^  ions  on  the  structural  and 
magnetic  properties  in  the  distorted  perovskite  Lao.7(Bai.xPbx)o.3Co03  (x  <  0.5)  system  with  a 
fixed  ratio  of  Co'^VCo^'*'.  The  short-range  ferromagnetic  order  and  the  scaling  behavior  have  been 
studied  in  this  series. 
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EXPERIMENTAL  DETAILS 

We  prepared  Lii<i.7(Ba|.xPbx)().3Co03  samples  with  jr  =  0  -  0.5  using  a  standard  powder 
solid-state  reaction  method.  Stoichiometric  amounts  of  high-purity  La203,  BaCOs,  Pb304,  and 
C03O4  raw  powders  were  homogenously  mixed  and  completely  ground.  After  that,  the  samples 
were  fired  to  1150°C  and  hold  at  the  same  temperature  for  12  hours.  The  heated  samples  were 
cooled  to  low  temperature  and  removed,  reground,  and  reheated  at  the  same  temperature  for  an 
addition  24  hours.  The  processes  were  repeated  at  least  three  times  until  the  samples  are  of  a 
single-phase.  The  thoroughly  reacted  powders  were  pressed  into  pellets  during  the  last  sintered 
process.  All  heated  processes  were  progressed  at  ambient  atmosphere  and  used  warm-up  and 
cooling-down  rates  of  300°C/h.  We  collected  X-ray  powder  diffraction  (XRD)  data  with  a  MAC 
MPX^  powder  X-ray  diffractometer  using  Cu  Ka  radiation  and  a  secondary  graphite 
monochromator.  A  step-scan  mode  with  a  step  size  of  A20  =  0,002°  were  selected  in  a  2616 
scanning  from  20°  to  100°  using  a  counting  rate  of  5  sec/step.  We  further  refined  all  XRD 
patterns  by  using  a  Riqas  program  based  on  an  analysis  technique  of  the  Rietveld  method.  Dc 
magnetic  measurements  were  performed  with  an  Oxford  MagLab  magnetometer.  The  zero-field 
cooled  (ZFC)  and  field  cooled  (FC)  magnetization  curves  were  carried  out  under  various  dc 
external  fields  H  from  0  -  5  T.  Isothermal  magnetic  hysteresis  loops  at  various  temperatures  were 
also  obtained  in  applied  fields  of  up  to  5  T. 


RESULTS  AND  DISCUSSION 

We  asscs.sed  the  phases  of  all  the  samples  by  XRD  patterns  and  all  the  samples  were  of  single 
phase.  The  samples  of  x  =  0  and  0.1  were  crystallized  in  a  cubic  unit  cell  with  a  ~  7.76  A, 
whereas  samples  with  x  >  0.2  were  crystallized  in  the  orthorhombic  Pbnm  space  group  with  a  ~ 
5,46  A,  h  ~  5.50  A,  r  ~  7.85  A.  The  refinement  results  appear  that  all  Pb  ions  are  divalent,  not 
tetravalent  and  the  ratios  of  Co'‘VCo‘^^  keep  at  a  constant  value  in  this  series.  When  the  Ba^"^  ions 
are  partially  substituted  by  the  Pb^^  ions,  only  slight  differences  in  lattice  parameters,  distances, 
and  angles  among  the  atoms  induce.  The  results  may  be  contributed  to  a  small  difference  in  the 
ionic  radii  of  Pb^^  and  Ba^"^  ions  as  well  as  very  little  changes  in  compositions.  The 
crystallographic  refinements  of  all  the  XRD  data  have  been  reported  elsewhere  in  details  [5,6]. 

Figure  1  shows  that  the  temperature  dependence  of  FC  and  ZFC  magnetization  in  //  =  I  kOe 
for  all  the  samples.  The  ferromagnetic  transition  temperature  Tc  was  determined  from  the 
inflection  point  of  the  M(7)  curve.  The  remarkable  feature  of  magnetic  properties  of  this  series  is 
the  appearance  of  short-range  ferromagnetic  interactions.  This  is  confirmed  by  observing  a 
spin-glass-like  behavior  in  low  temperature  and  low  field  ranges.  In  the  low  applied  fields  both 
the  ZFC  and  FC  magnetization  curves  split  at  temperatures  below  a  .so-called  irreversibility 
temperature,  (<  Tc),  comparing  those  curves  in  figures  1(a)  and  1(b).  The  irreversibility 
temperature  decreases  with  increasing  external  field  and  the  difference  between  the  ZFC  and  FC 
M  (T)  curves  in  T  <  7,  also  decreases  with  increasing  temperature  and  field.  Both  the  ZFC  and 
FC  M  (T)  resemble  substantially  in  the  range  of  7  >  Tr  and  implying  the  reversibility  of 
magnetization.  In  addition,  the  low-field  ZFC  M{T)  clearly  shows  a  sharp  cusp  at  a  so-called  spin 
freezing  (or  spin-glass  transition)  temperature,  7g,  where  it  attains  a  maximum  magnetization,  as 
demonstrated  in  figure  1(b).  As  the  strength  of  external  magnetic  field  increases,  7g  also  shifts 
to  a  lower  temperature  and  the  cusp  in  the  ZFC  M(T)  is  smeared  out  to  broad  maximum.  These 
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Figure  1.  (a)  Field-cooling  and  (b)  zero-field-cooling  magnetizations  V5  temperature  in  //  =  1  kOe  for 
La„7(Ba,  ^Pb^)„3Co03  compounds  with  a'  =  0  -  0.5. 


phenomena  are  identifying  features  of  a  spin  glass  or  a  glass-cluster  state. 

The  variations  of  Tc,  6^,  Tg,  and  Trin  a  fixed  field  with  the  Pb  content  a  are  displayed  in 
figure  2.  The  limited  changes  in  these  characteristic  temperatures  were  obtained  as  a  varies  from 
0  to  0.5:  Tc  =  206  K  +  2  K,  =  205  K  ±  10  K,  T^(H  =  1  kOe)  =  166  K  +  3  K  and  T,iH  =  1  kOe) 
=  183  K  +  5  K  for  0  <  A  <  0.5.  Although  a  structural  phase  transition  occurring  in  0.1  <  a  <  0.2, 
the  Pb  substitution  on  Ba  does  not  strongly  affect  those  magnetic  related  temperatures.  Thus,  we 
propose  that  the  major  factor  affecting  the  ferromagnetic  transition  temperature  in  this  series  is 
the  ratio  of  Co^’VCo’^^,  not  by  the  ratio  of  Pb/Ba.  The  ratio  of  the  mixed-valence  Co  ions,  which 
is  controlled  by  the  ratio  of  (Ba^"^  +  Pb^^)/La^'",  determines  the  concentration  of  the  hole-type 
carriers  and  further  impinges  on  the  electronic  and  magnetic  properties  in  these  cobaltates. 

The  magnetization  at  temperatures  above  Tc  obeys  well  a  Curie- Weiss  relation  of  x  =  + 

CI(T-9p)  in  our  measuring  fields.  Here,  C  is  the  Curie  constant,  dp  the  paramagnetic  Curie- Weiss 
temperature,  and  Zo  the  temperature-independent  term  of  susceptibility.  In  this  series  the  major 
contribution  to  the  magnetization  arises  from  the  3d  cobalt  ions,  very  few  contributions  from  the 
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Figure  2.  (a)  Ferromagnetic  transition  temperature  and  Curie-Weiss  paramagnetic  temperature  0^ 


versus  Pb  content,  and  (b)  spin-glass  transition  temperature  and  reversible  temperature  versus  PI 


content  for  La,).3(Ba,^Pb^)(,3Co03  sy.stem. 
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Figure  3.  (a)  Magnetic  hysteresis  loops  at  T  =  5  K,  and  (b)  dependence  of  the  average  effective 
moment  per  Co  site  in  a  FM  and  PM  phase  upon  Pb  content  for  La^j  ^CBa,  ,.Pb^)(,  3C0O3  series. 


other  ions,  even  Pb  and  Ba  ions.  So  the  value  of  C  is  used  to  calculate  the  average  effective 
moment  per  Co  ions,  //pm,  in  the  paramagnetic  state. 

Figure  3(a)  displays  the  magnetic  hysteresis  loops,  M{H),  at  F  =  5  K  for  all  our  samples.  The 
saturation  magnetic  moment  in  the  low-temperature  magnetic  ordering  phase,  //fm,  is  estimated 
by  the  saturation  magnetization  in  the  M{H)  loop  at  low  temperature  (F  =  5  K)  or  is  determined 
by  the  low-temperature  magnetization  of  the  FC  M{T)  curve  in  a  high  field  (//  =  4  T).  As  shown 
in  figure  3(b)  both  //pm  and  //fm  for  each  sample  appear  very  slight  difference  and  have  the  same 
dependence  on  Pb  content.  The  //pm  and  //fm  decrease  with  increasing  Pb  content  from  ~1.4  pe  as 
A-  =  0,  follow  by  attaining  a  minimum  value  of  about  0.6  pB  at  a'  =  0.3,  then  increase  as  a'  =  0.4 
and  slightly  decrease  again  as  .v  =  0.5.  We  consider  that  the  addition  of  Pb  ions  may  changes  the 
degree  of  chemical  disorder  and  in  advance  changes  the  ordering  of  magnetic  moments.  As  a 
result  it  may  lead  to  the  average  effective  magnetic  moments  in  both  ferromagnetic  and 
paramagnetic  phases  to  vary  with  the  Pb  concentration.  The  kind  of  the  oscillating  variation  may 
be  attributed  to  the  competition  between  the  size  effect  of  the  ionic  radii  and  the  effect  of 
chemical  and/or  charge  disorder.  The  further  investigation  of  this  variation  is  in  progress. 

In  general,  a  well-defined  equilibrium  phase  transition  is  expected  to  .show  scaling  behavior. 
The  scaling  theories  [1,6-9]  predict  that  magnetic  susceptibility  x  (=  exhibits  a  scaling 
relation  as  follows: 

1  Up  1 

=  f^{H^  (2) 

=  (3) 

In  these  equations  /  is  the  reduced  temperature  t  =  (T  -  Ta)/Tn  with  To  being  a  certain  magnetic 
transition  temperature.  The  To  may  be  Fc  for  a  FM/PM  transition  and  may  be  Fg  for  a  SG 
transition.  The  q  in  equations  (2)  and  (3)  is  as  functions  of  F  and  H.  If  a  well-defined  magnetic 
phase  transition  exits,  these  equations  will  present  two  different  scaling  functions: /+ for  /  >  0  in  a 
PM  state  and  /.  for  /  <  0  in  a  FM/SG  state,  re.spectively.  Since  we  did  not  ob.serve  a  significant 
relaxation  effect,  the  magnetic  data  are  considered  to  be  in  equilibrium  states  for  all  our  samples. 
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Figure  4.  (a)  FC  magnetization  versus  temperature  in  various  applied  fields  for  the  sample  of 
jc  =  0.4.  Inset  plot:  Inverse  susceptibility  versus  temperature  in  //  =  4  T.  (b)  Order  parameter  q 
as  a  function  of  temperature,  T,  in  various  fields  show  linear  relations.  Inset  plot  presents  the 
temperature  dependence  of  the  normalized  order  parameter  in  all  the  external  fields. 


This  behavior  is  observed  mostly  in  high-quality  single  crystals  or  thin  films,  but  scarcely  in 
polycrystalline  samples.  However,  all  our  samples  present  this  scaling  behavior.  In  this  report, 
we  use  the  sample  of  x  =  0.4  as  a  typical  example  for  discussing  the  scaling  behavior  in  detail. 
The  universal  property  of  the  other  samples  in  our  series  has  been  reported  elsewhere  [6]. 

Figure  4(a)  and  4(b)  display  the  temperature  dependencies  of  the  FC  magnetization  and  the 
order  parameter,  M{T)  and  q(T},  in  various  external  fields  ranging  from  0.03  to  4  T.  The  q^f) 
curves  are  extracted  from  the  experimental  data  of  xCO  =  M{T)!H  during  the  FC  measurements 
using  equation  1  and  the  parameters  of  Op  =  205.7  +  0.3  K,  C  =  4.35x10  ^+_3.2xl0  ''*cm‘^-K/g  and 
Xi)  ~  0.  The  used  parameters  are  obtained  by  fitting  the  )^X)  experimental  data  in  //  =  4  T  to  the 
Curie- Weiss  relation  +  C/(T-^p)  as  shown  in  the  inset  plot  of  figure  4(a). 

Obviously,  figure  4(b)  appears  that  q  linearly  decreases  with  increasing  temperature  in  a  wide 
low  temperature  and  field  ranges.  The  inset  plot  in  figure  4(b)  displays  the  normalized  qij),  i.e. 
q\T)  =  ^(T)/^().  where  qo  is  the  extrapolated  value  of  ^  at  T  =  0  K.  For  T  <  To,  the  q\T)  curves 
for  various  fields  all  collapse  to  an  universal  straight  line  of  q'  =  \r  -  Tol.  Here  To  is  considered  as 
a  certain  transition  temperature  as  described  above.  In  general,  we  can  also  say  that  the  order 
parameter  well  obeys  a  power-law  relation  of  qo\tf  with  the  reduced  temperature  t  =  (To  -  T)/To. 
All  q(T)  curves  in  various  applied  fields  give  the  average  fitting  values  of  1.05  +  0.01  ^  1 
and  To  =  208  K  ±  2  K.  The  fitting  value  of  To  is  very  close  to  the  value  of  Tc  as  H  approaches 
zero.  This  result  is  consistent  to  the  prediction  of  the  mean-field  theory  in  which  the  powder-law 
relation  has  an  exponent  of  P=\  and  is  strictly  a  linear  relation.  This  result  clearly  confirms  that 
the  magnetic  behavior  of  this  compound  in  temperatures  below  and  even  close  to  the  critical 
point  can  be  described  well  by  the  mean-field  theory.  The  same  result  is  usually  obseiwed  in 
some  conventional  spin  glass  systems  and  some  strong  ferromagnetic  systems. 

We  are  interested  in  the  magnetic  behavior  near  the  critical  point  Tc.  The  field  dependence  of 
q  can  be  calculated  from  the  experimental  M{H)  curves  using  equation  1.  It  also  shows  a 
power-law  relation  of  ^  in  high  fields.  For  q{H)  at  T  =  5  K  a  fitting  parameter  of  ^  = 

2.80  ±  0.01  was  obtained  as  H  >  0.3  T.  This  lvalue  gives  a  critical  exponent  of  y=  3.87  ±  0.02 


U3.8.5 


102 


10' 


k:  io'> 

D- 

10-' 


10-2 

10°  10'  102  10^10^  105 106  102  108 10810''>10"10'210'610'‘*10'5 

H2[t|-P-Y 

Figure  5.  Log-log  plot  of  //^l/l'^^^of  the  sample  of  a-  =  0.4.  All  magnetic  data  in  the  ranges 

of  2  <  r  <  300  K  and  1  T  <  //  <  4  T  collapse  to  two  curves /+  for  r  >  0  and /-  for  t  <  0,  which  clearly 
demonstrates  the  scaling  relations  in  equation  3. 


based  on  the  relation  of  <?  =  1  +  y/?.  For  demonstrating  the  scaling  behavior,  the  log-log  plots  of 
q\t\'^  versus  //^|r|'^'^in  various  fields  (0.03  T  -  4  T)  as  shown  in  figure  5  are  obtained  by  using  the 
derived  values  of  J3=  1.05,  y=  3.87,  and  To  =  208  K.  All  of  the  q  data  collapse  onto  two  curves. 
One  is  the  scaling  functions/;(A)  for  r  >  0  (7  >  Tc,  in  the  PM  phase)  and  the  other  is/.(A)  for  r  <  0 
(T  <  Tc,  in  the  FM  phase).  For  t  <  0,  q\t\^  approaches  a  constant  (~  1 )  for  small  as 

indicates  in  the  dashed  line  in  figure  5.  The  line  of  ^  ~  with  6  =  2.80  as  the  solid  line  in 
figure  5  demonstrates  the  asymptotic  behavior  for  T  Tq.  The  shapes  of  both  the  scaling 
functions  are  also  quite  similar  to  those  obseiwed  in  the  most  conventional  ferromagnetic 
materials.  These  values  of  critical  exponents  are  between  those  predicted  by  the  mean  field 
theory  and  those  derived  by  a  three-dimensional  Heisenberg  model  [1, 6-9]. 

In  summary  the  scaling  behavior  in  our  compounds  has  some  approximations  as  follows: 

( 1 )  For  high  T>Tc{t>  0),  equation  1  reduces  to  the  Curie- Weiss  relation  [x-  xo  +  CI{T  -  0^)] 
and  q  gradually  approaches  to  zero  with  increasing  temperature.  For  all  our 
La().7(Bai.xPbx)Co03  samples,  the  value  of  x<.)  's  so  small  that  it  can  be  neglected. 

(2)  For  r  ->  Tc  or  a  large  H  ,  i.e„  »  1  (//“  »  a  power  form  of  q //^^^with  S 

-  1  +  ytp  (as  the  dashed  line  in  figure  5)  is  used  to  describes  the  field  dependence  of  the 
order  parameter  near  the  magnetic  transition  point  Tc. 

(3)  As  temperature  is  far  away  the  critical  transition  point  TqOV  H  0,  the  value  of 
becomes  a  relative  small  value.  Thus,  q  ~  |/f  for  r  <  0.  It  means  that  f.{0)  approaches  to  a 
nonzero  constant  as  the  solid  line  in  figure  5.  While  /+(0)  approaches  to  zero  for  r  >  0  as 
de.scribed  in  the  above  situation. 
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CONCLUSIONS 


The  striking  features  of  the  spin  glass  behavior  and  the  scaling  behavior  have  been  studied  in 
the  perovskite-like  Lao.7(Bai.xPbx)Co03  oxides  with  a*  =  0  -  0.5.  The  Pb^"^  substitution  on  Ba^^ 
ions  does  not  significantly  affect  the  ferromagnetic  transition  temperature  Tc,  which  is 
determined  mainly  by  the  ratio  of  Co'^VCo^^.  But  the  addition  of  Pb  ions  leads  to  a  change  in  the 
chemical  and  magnetic  disorder,  and  induces  a  large  variation  in  the  magnetic  strength. 
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ABSTRACT 

The  magnetic  properties  of  multilayer  arrays  of  Fe  nanoparticles  were  compared 
with  those  of  frozen,  dilute  suspensions  of  the  same  particles.  The  array  sample  displayed 
larger  coercivity  in  both  hysteretic  and  remanent  magnetization  measurements.  However, 
the  derivative  of  the  remanent  magnetization  curve  shows  a  much  broader  switching  field 
distribution  for  the  arrays  than  for  the  dilute  sample.  Magnetic  relaxation  measurements 
show  the  convergence  of  the  time  dependent  properties  of  the  samples  at  large  times,  and 
much  more  rapid  relaxation  in  the  arrays  at  short  times. 


INTRODUCTION 

Dipolar  interactions  have  long  been  known  to  affect  the  switching  fields  of 
nanoparticles  [1].  However,  with  a  large  distribution  of  interparticle  distances,  these 
effects  have  been  difficult  to  quantify.  Improved  synthetic  methods  have  made  it  possible 
to  prepare  monodisperse  magnetic  nanoparticles  that  self-assemble  into  arrays  [2,  3]. 
Here  we  reexamine  the  effect  of  dipolar  interactions  in  these  nanoparticle  arrays,  which 
lend  themselves  to  numerical  computation  of  the  dipolar  fields. 

In  this  paper  we  present  experimental  results  showing  how  the  switching  fields  of 
the  arrays  differ  from  those  of  a  dilute  sample  made  from  the  same  nanoparticles.  The 
magnetic  properties  are  measured  at  low  temperatures  so  that  the  particles  do  not  move. 
At  room  temperature  these  particles  are  superparamagnetic,  but  at  low  temperature 
hysteresis  is  observed. 


EXPERIMENTAL 

Monodisperse  Fe  nanoparticles  were  prepared  under  an  argon  atmosphere.  4  mg 
of  platinum  acetyl acetonate  was  dissolved  in  15  mL  of  octyl  ether  in  the  presence  of  150 
mg  of  the  reducing  agent  1,2-hexadecanediol.  The  solution  was  then  warmed  to  100  °C 
and  0.2  mL  of  Fe(CO)5  was  added.  The  heating  continued  until  the  solution  reached  280 
®C,  at  which  point  the  heating  mantle  was  removed  and  the  solution  was  heated  again  to 
260  °C.  While  heating  the  platinum  salt  is  reduced  to  form  platinum  clusters,  onto  which 
iron  atoms  from  the  thermally  decomposed  Fe(CO)5  preferentially  deposit.  The  solution 
was  cooled,  and  an  additional  15  mL  of  octyl  ether  was  added.  At  100  °C  1.5  mL  of 
Fe(CO)5  was  added,  and  the  heating  continued  to  260  °C.  The  amount  of  iron  added 
determines  the  final  size  of  the  particles;  for  these  experiments,  the  average  particle  size 
was  8  nm.  However,  the  large  arrays  were  formed  preferentially  from  particles  6  nm  in 
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diameter;  larger  particles  were  confined  to  the  edges  of  the  arrays.  The  fluid  was  kept 
under  an  inert  atmosphere,  and  0.025  mL  each  of  the  surfactants  oleylamine  and  oleic 
acid  were  added  to  the  cooled  solution.  Ethanol  was  added  to  precipitate  the  iron 
particles,  and  after  decanting  the  supernatant  the  particles  were  redispersed  in  hexane. 
The  concentration  of  surfactant  in  the  solvent  was  kept  constant  throughout  the  washing 
procedure. 

The  structural  properties  of  the  resulting  particles  were  characterized  by 
transmission  electron  microscopy  (TEM).  Here  a  TEM  grid  was  dipped  into  the  solution 
and  suspended  in  an  argon  atmosphere  to  dry.  The  grids  were  then  imaged  in  a  Philips 
EM420  electron  microscope  (120  kV  accelerating  voltage)  to  reveal  the  particle  array 
structures. 

For  magnetic  characterization,  two  types  of  sample  were  prepared.  Dilute 
suspensions  of  the  particles  were  prepared  by  diluting  the  ferrofluid  to  one-tenth  the 
original  concentration.  The  estimated  final  concentration  was  0.8  mg/niL  (0.01%  volume, 
assuming  a  density  of  7.86  g/mL).  The  dilute  fluid  was  placed  into  a  glass  ampoule, 
which  was  scaled  under  argon.  The  array  sample  consisted  of  ten  stacked,  particle-coated 
TEM  grids.  TEM  screening  verified  the  presence  of  arrays  and  uniformity  of  coating  over 
the  grids.  The  plane  of  the  grids  was  perpendicular  to  the  field  direction  within  the 
Quantum  Design  MPMS2  SQUID  magnetometer. 

The  samples  were  magnetically  characterized  by  regular  and  remanent  hysteresis 
loops,  and  by  magnetic  relaxation  measurements.  All  measurements  were  performed  at 
10  K.  For  the  hysteresis  loops,  the  field  was  applied  and  the  magnetic  moment  of  the 
sample  was  measured;  after  each  at-field  measurement,  the  field  was  applied  and  turned 
off,  and  the  remanent  moment  Mr  was  measured.  The  at-field  measurements  form  the 
regular  hysteresis  loop,  and  the  zero  field  measurements  form  the  remanent  hysteresis 
loop.  In  magnetic  viscosity  or  relaxation  measurements,  the  sample  was  first  saturated  at 
50  kOe.  The  field  was  then  reduced  to  zero,  or  a  reverse  field  equal  to  the  coercivity 
was  applied.  The  moment  of  the  sample  was  measured  at  90  -  600  sec  time  intervals  over 
a  ten  hour  period  at  this  field.  For  the  array  sample  it  was  necessary  to  correct  for  the 
large  diamagnetic  signal  arising  from  the  carbon  coated  copper  TEM  grids.  The 
diamagnetic  contribution  was  estimated  by  calculating  the  slope  of  the  straight  line  data 
acquired  at  fields  above  35  kOe.  This  contribution  was  subtracted  prior  to  data  analysis. 


RESULTS  AND  DISCUSSION 

We  assume  that  the  samples  were  identical  except  for  the  effect  of  magnetic 
dipolar  interactions  between  particles.  For  the  array  sample,  the  center-to-center  particle 
spacing  was  approximately  9  nm  as  measured  by  TEM  [4].  The  sample  consisted  of 
mainly  hexagonally  close  packed  structural  domains  of  Fe  nanoparticles,  typically  -^100 
nm  across  and  several  layers  thick.  For  the  dilute  sample,  the  average  particle  spacing 
estimated  from  the  mass  concentration  was  greater  than  500  nm. 

Comparison  of  regular  and  remanent  magnetization  loops  show  higher 
coercivities  for  the  arrays  (760  Oe)  than  the  dilute  sample  (300  Oe).  However,  these 
measurements  include  rotational  effects,  which  are  ab.sent  from  the  remanent 
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magnetization  curves  shown  in  Figure  1 .  Here,  He  was  2760  Oe  for  the  arrays  and  550  Oe 
for  the  dilute  sample. 

The  increased  He  in  the  arrays  sample  suggests  that  the  dipolar  interactions 
stabilize  the  particles  against  magnetization  reversal.  The  fringe  fields  of  the  surrounding 
particles  create  a  local  field  Hioc,  and  the  effective  field  Heff  =  Hioc  +  Happiied- 
Magnetically  isolated,  uniaxial  monodomain  particles  with  their  easy  axes  parallel  to 
Happiied  will  all  switch  at  the  same  field  [5],  This  leads  to  a  perfectly  square  hysteresis 
loop  with  a  delta  function  switching  field  distribution. 

We  can  see  how  the  larger  coercivity  arises  from  dipolar  interactions.  Assume 
that  a  particle  switches  its  magnetization  direction  when  Heff  =  Hsw,  and  that  Heff  depends 
on  the  distribution  of  the  surrounding  particle  moments.  At  saturation  the  particle 
moments  are  aligned  with  the  applied  field,  perpendicular  to  the  plane  of  the  TEM  grid, 
as  shown  in  Figure  2a.  The  fringe  field  of  one  particle  causes  a  destabilizing  local  field  at 
its  neighbors,  but  Hi^c  is  small  compared  with  Happiied.  As  soon  as  the  field  is  removed, 
the  particle  moments  begin  to  reorient.  In  the  absence  of  an  external  field  the  lowest 
energy  configuration  for  a  two-dimensional  lattice  will  have  the  magnetic  moments  in  the 
plane  of  the  lattice  [6],  Within  the  plane  the  dipolar  interactions  favor  the  formation  of 
chains  of  particles,  and  neighboring  chains  have  opposite  moment  directions,  as  shown  in 
Figure  2b.  Once  chains  have  formed  the  local  field  will  be  in-plane.  Near  neighbor 
calculations  estimate  this  field  to  be  on  the  order  of  2500  Oe.  Only  when  the  applied  field 
is  larger  than  this  do  the  particle  moments  switch  to  lie  perpendicular  to  the  TEM  grid. 
The  arrays  studied  here  have  multiple  layers  and  finite  structural  domains,  so  their 
behavior  will  be  somewhat  more  complex  than  that  shown  in  Figure  2.  However,  there  is 
clearly  rapid  relaxation  of  the  magnetization  associated  with  dipolar  interactions  in  the 
arrays. 

The  switching  field  distribution  was  found  from  the  derivative  of  the  remanent 
hysteresis  loop,  dMr/dH,  as  shown  in  Figure  3.  The  dilute  sample  dMr/dH  curve  is 
broadened  with  respect  to  a  delta  function.  The  breadth  could  arise  from  several  sources. 
Our  particles  are  not  uniaxial  and  they  have  randomly  oriented  easy  axes.  Some  particles 
in  the  dilute  sample  may  be  closely  associated,  though  the  average  spacing  is  large.  The 


Fig.  1.  Remanent  magnetization  loops  taken  for  dilute  and  arrays  samples  of  6  nm  Fe 
nanoparticles  at  10  K.  The  magnetizations  are  normalized  to  the  saturation  values. 
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Fig.  2.  a.)  Nearest  neighbor  moments  at  saturation,  with  the  field  normal  to  the  plane  of 
the  TEM  grid,  b.)  Equilibrium  orientation  of  nearest  neighbor  moments  in  zero  field, 
c.)  TEM  image  of  Fe  multilayer,  showing  hexagonal  symmetry.  Dark  spots  represent 
phase  contrast  of  overlapping  particles;  light  spots  are  regions  with  less  particle  overlap. 

arrays  have  an  even  broader  switching  field  distribution,  indicating  a  broader  distribution 
of  energy  barriers  than  in  the  dilute  sample.  Variation  of  the  local  field  over  the  area  of 
the  sample  leads  to  a  range  of  local  fields,  and  therefore  switching  occurs  over  a  range  of 
applied  fields.  Even  though  the  arrays  have  a  larger  coercivity,  they  contain  many 
particles  with  low  barriers  to  switching  of  the  magnetization  direction. 

For  the  arrays,  the  switching  field  distribution  will  depend  not  only  on  the 
distribution  of  easy  axis  orientations,  but  also  on  the  uniformity  of  particle  environments 
and  array  orientations  with  respect  to  the  field.  A  distribution  of  switching  fields  will 
arise  from  the  distribution  of  hexagonal  array  orientations.  In  addition,  the  local  field  will 
be  very  different  for  particles  near  grain  boundaries  than  for  those  located  within  a 
domain.  Greater  structural  uniformity  of  the  arrays  should  narrow  the  switching  field 
distribution,  as  should  ciystallographic  alignment  of  the  particles. 


H(Oe) 


Fig.  3.  Switching  field  distributions  for  dilute  and  arrays  samples  of  Fe. 


A  second  way  to  characterize  the  distribution  of  energy  barriers  is  through 
magnetic  relaxation  measurements  (Figure  4).  This  distribution  causes  the  magnetization 
to  decay  logarithmically  in  time,  so  that  M  =  Mo  -  Sln(t/to)  [7,  8].  Here,  Mo  is  the  initial 
magnetization  at  field,  S  is  the  slope  of  the  line,  and  to  is  the  time  of  the  initial 
measurement.  By  different  choices  of  the  initial  time  to  the  value  of  the  magnetization 
intercept  Mo  is  changed,  but  the  value  of  the  slope  S  is  not. 

Figure  4  shows  the  magnetic  relaxation  of  the  arrays  and  the  dilute  sample  both  at 
zero  field  and  at  the  coercivity  of  the  regular  hysteresis  loop.  The  dilute  samples  show 
logarithmic  decay  at  all  times,  but  the  arrays  have  a  dramatic  drop  in  the  magnetization  at 
early  times,  followed  by  logarithmic  decay.  Figure  5  illustrates  the  magnetic  viscosity  S 
found  from  the  slope  of  the  plots  of  Figure  4.  S  is  larger  at  the  coercivity  than  at  zero 
field,  as  expected  [9].  The  larger  relaxation  rate  in  the  arrays  seems  at  first  to  be 
inconsistent  with  the  greater  coercivity,  relative  to  the  dilute  sample.  We  postulate  that 
the  rapid  initial  relaxation  arises  due  to  chain  formation  like  that  in  Figure  2b.  Once  the 
chains  have  formed,  the  dipolar  local  fields  prevent  further  switching  until  much  greater 


Fig.  4.  M  vs.  In  (t/uO  at  10  K.  Left:  H  =  0;  Right:  arrays,  H  =  760  Oe;  dilute,  H  =  300  Oe. 


Fig.  5.  S  versus  In  (t/to).  Left:  H  =  0;  Right:  arrays,  H  =  760  Oe;  dilute,  H  =  300  Oe. 
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fields  are  applied.  Because  the  particles  are  not  crystallographically  oriented  when  the 
arrays  are  self-assembled,  there  is  a  broad  range  of  switching  fields  for  chain  formation. 
The  long  time  behavior  may  be  dominated  in  both  samples  by  the  distribution  of  energy 
barriers  associated  with  variations  in  the  easy  axis  orientations  of  the  particles  [10]. 


CONCLUSIONS 

The  results  of  magnetic  measurements  on  samples  of  Fe  nanoparticles  in  frozen, 
dilute  suspensions  and  ordered  in  hep  arrays  indicates  the  effect  of  a  local  field  arising 
from  dipole  interactions  between  Fe  particles.  Based  on  simulations  of  TEM  images,  the 
particles  studied  here  had  6  nm  cores  and  a  spacing  of  3  nm  between  the  surfaces  of  the 
iron  cores.  The  self-assembled  iron  nanoparticle  arrays  have  a  larger  coercivity  than  a 
dilute  sample  of  the  same  nanoparticles.  The  enhanced  coercivity  can  be  understood 
qualitatively  in  terms  of  the  average  local  field  due  to  dipolar  interactions  with 
neighboring  particles.  The  arrays  also  have  a  much  broader  distribution  of  switching 
fields  than  the  dilute  sample.  Magnetic  relaxation  measurements  show  comparable 
relaxation  rates  for  the  arrays  and  dilute  samples  at  long  times,  but  much  more  rapid 
relaxation  in  the  arrays  over  a  short  time  period.  This  is  attributed  to  the  rapid  formation 
of  chains  of  dipoles  following  the  application  of  a  reverse  field. 
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ABSTRACT 

The  magnetization  reversal  and  magnetic  anisotropy  of  Fe,  Ni  and  Co  nanowires  is  studied 
at  low  temperatures.  All  nanowires  show  a  strong  shape  anisotropy  with  the  easy  axis  being 
parallel  to  the  long  axis  of  the  wires.  Co  nanowires  additionally  show  a  temperature  dependent 
magnetocrystalline  anisotropy  along  the  hexagonal  c-axis,  which  is  directed  nearly  perpendicular 
to  the  long  axis  of  the  wires,  as  is  confirmed  by  X-Ray  diffraction  measurements  [1]  and 
reported  by  Strijkers  et  al.  who  performed  NMR  measurements  on  samples  prepared  in  a  similar 
way  [2].  Therefore,  at  low  temperatures  and  for  large  wire  diameters  a  competition  between 
magnetocrystalline  and  shape  anisotropies  can  be  observed.  Co  wires  with  a  small  diameter, 
however,  do  not  show  a  significant  magnetocrystalline  anisotropy.  Fcc-Co,  which  is  only  known 
as  a  high-temperature  Co  modification  and  which  does  not  have  a  large  magnetocrystalline 
anisotropy  constant,  becomes  the  predominant  Co  modification  here  [1,3].  Investigations  on  the 
size  dependence  of  the  switching  field  for  Fe  and  Ni  nanowires  provide  information  about  the 
magnetization  reversal  process,  which  takes  place  via  a  nucleation  of  small  magnetic  domains 
probably  at  the  end  of  the  wires,  and  subsequent  propagation  of  the  domain  wall  along  the  wire. 


INTRODUCTION 

Nanostructured  materials  are  of  considerable  interest  because  of  many  new  possible 
applications  in  different  fields  such  as  information  technology,  biotechnology,  medicine  or 
environmental  engineering.  Scientifically  they  are  interesting  because  the  physical  properties  of  a 
material  can  change  significantly  if  its  lateral  dimensions  are  reduced  down  to  the  nanometer 
scale.  These  changes  can  occur  if  the  size  of  at  least  one  dimension  is  reduced  down  to  a  regime 
comparable,  for  example  to  that  of  the  DeBroglie  wavelengths  of  electrons,  the  excitation 
wavelengths  of  phonons  or  magnons,  or  the  domain  wall  width  Dw  as  regards  ferromagnetic 
materials.  A  cylindrical  particle  with  a  diameter  smaller  or  comparable  to  Dw  and  a  length  that  is 
much  larger  than  Dw  can  be  considered  to  be  one-dimensional. 

One-dimensional  nanostructures  can  be  built  by  performing  chemical  or  electrochemical 
reactions  in  the  pores  of  a  suitable  host  or  matrix  material.  As  matrix  material  polycarbonate 
membranes  [4],  zeolites  [5]  or  alumina  membranes  [6]  may  be  used. 

We  cho.se  nanoporous  alumina  membranes  as  the  template  material  because  they  are  easily 
accessible  by  anodic  oxidation  of  high  purity  aluminum  in  polyprotic  acids,  they  are  chemically 
and  physically  stable  and  their  properties  (pore  diameter,  thickness)  can  be  easily  varied.  Metals 
can  be  plated  into  the  pores  using  a  simple  AC  plating  procedure. 
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The  nanowircs  thus  achieved  can  be  considered  as  being  one-dimensional  if  their  diameter  is 
in  the  order  of  10-50  nm.  Since  the  pore  diameter,  and  therefore  the  wire  diameter,  can  be  varied 
between  5  and  250  nm  by  the  above  mentioned  method  the  nanowires  produced  here  fulfill  this 
condition. 

The  magnetization  of  one-dimensional  Fe,  Ni  and  Co  wires  is  investigated  here.  Fe  and  Ni 
show  a  strong  shape  anisotropy  for  all  wire  diameters  and  all  temperatures  investigated.  The  easy 
axis  lies  parallel  to  the  long  axis  of  the  wire.  For  Co,  however,  there  is  a  strong  competition 
between  the  shape  anisotropy  and  a  magnetocrystalline  anisotropy.  This  magnetocrystalline 
anisotropy,  which  is  well-known  for  hep-Co  with  an  easy  axis  perpendicular  to  the  long  axis  of 
the  wire,  can  be  found  in  pores  with  a  rather  large  pore  diameter  at  low  temperatures.  At 
increasing  temperatures  the  magnetocrystalline  anisotropy  becomes  less  important  and  the  shape 
anisotropy  predominates.  In  smaller  pores  hep-Co  is  substituted  bit  by  bit  by  fcc-Co  which  does 
not  show  a  significant  magnetocrystalline  anisotropy.  Therefore,  Co  wires  with  a  small  diameter 
do  not  show  a  competition  between  shape  and  magnetocry.stalline  anisotropy  anymore. 

Magnetization  reversal  in  one-dimensional  feiromagnets  has  been  widely  investigated.  For 

wires  having  a  diameter  D  smaller  than  Dw  rotation  in  unison  was  predicted  to  be  the 
responsible  magnetization  reversal  process,  whereas  wires  having  a  larger  diameter  than  Dw 
should  reverse  via  a  curling  mode  [7,8].  In  both  cases  all  spins  are  reversed  simultaneously. 
Other  reversal  mechanisms  including  the  formation  of  domain  walls  are  also  discussed  [9,10]. 
Investigations  on  the  temperature  dependence  of  the  coercive  field  for  Fe  and  Ni  wires  that  help 
to  identify  the  responsible  magnetization  reversal  process  for  different  wires  diameters  are 
presented  here. 


EXPERIMENTAL  DETAILS 

Nanoporous  alumina  membranes  are  prepared  by  anodizing  aluminum  foils  (99.8  %)  in 
polyprotic  aeids  like  sulfuric  acid,  pho.sphoric  acid  or  oxalic  acid  at  0“C  and  a  constant  anodizing 
voltage.  The  pore  diameter  achieved  depends  nearly  linearly  on  the  anodizing  voltage  applied 
(approx.  1 .2  nm/V).  In  order  to  clean  and  make  a  smooth  surface  the  aluminum  foils  are  treated 
with  chromic  acid  and  electropolished  in  a  mixture  of  concentrated  phosphoric  and  sulfuric  acid 
(11:7  (v/v))  prior  to  the  anodizing.  The  pore  diameters  achieved  here  range  between  6  and  50 
nm. 

Metal  plating  is  perfonned  using  an  AC  plating  procedure.  The  aluminum  that  is  not 
consumed  during  the  anodizing  and  that  is  still  underneath  the  membrane  serves  as, an  electrode 
during  the  metal  plating.  Graphite  may  be  used  as  a  counter  electrode.  The  plating  voltage  u.sed 
for  all  metals  is  16  V  (50  Hz). 

Magnetic  measurements  were  perfonned  using  a  SQUID  magnetometer  at  temperatures 
between  3  and  300  K  and  in  fields  between  —5  and  -i-5  T. 


DISCUSSION 

Figure  1  shows  a  TEM  picture  of  a  cross-sectioned  alumina  membrane  filled  with  Ni.  It  is 
clearly  visible  that  the  Ni  wires  propagate  parallel  to  each  other. 
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Figure  1.  TEM  picture  of  a  20  V  alumina  membrane 
filled  with  Ni  (cross  section) 

The  magnetization  curves  of  Fe  and  Ni  wires  with  an  average  diameter  of  12  nm  are  shown 
in  figure  2.  An  almost  square  shape  of  the  curves  can  be  observed  when  the  magnetic  field  is 
applied  parallel  to  the  long  axes  of  the  wires  whereas  hardly  any  hysteresis  can  be  seen  when  the 
magnetic  field  is  directed  perpendicular  to  the  long  axes.  This  indicates  a  strong  shape  anisotropy 
for  both  Fe  and  Ni  wires,  i.e.  there  are  two  stable  orientations  for  the  magnetic  moments  namely, 
pointing  parallel  and  antiparallel  to  the  long  axis  of  the  wire.  These  orientations  are  separated  by 
an  energy  barrier.  The  shape  anisotropy  can  be  observed  independent  of  the  wire  diameter. 

For  finite  cylinders  the  coercive  field  Bco  at  T  =  0  K  is  predicted  to  be  independent  of  the 
wire  diameter  D  if  the  magnetic  moments  are  reversed  via  rotation  in  unison 

(1) 

where  M^b  is  the  saturation  magnetization  of  the  bulk.  If  the  magnetization  is  reversed  via  a 
curling  mode,  however,  the  coercive  field  Bco  depends  on  D  [7,8] 

(2). 

Figure  3  shows  the  measured  coercive  fields  as  a  function  of  D/(tc^'^^Dw)  with  =  1 1  nm 

and  39  nm  for  Fe  and  Ni  respectively  [3].  For  large  wire  diameters  the  measured  values  follow 
the  predicted  curve  for  the  curling  process.  For  small  wire  diameter  the  value  for  2Bco/|i()Msb 
remains  nearly  constant  as  predicted  for  the  rotation  in  unison  but  is  a  factor  of  3  too  low.  For 
small  wire  diameters  the  magnetization  reversal  mechanism  needs  to  be  modified.  Investigations 
on  the  temperature  dependence  of  the  coercive  field,  the  magnetic  relaxation  and  the  magnetic 
viscosity,  not  presented  here,  [3]  gave  evidence  for  a  mechanism  including  the  nucleation  of  a 
magnetic  domain  and  a  following  propagation  of  the  domain  wall  along  the  wire.  The  domain  is 
likely  to  be  formed  near  structural  defects  or  at  the  ends  of  the  wire. 
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Figure  2.  Magnetization  curves  of  1 2  nm  Fe  and 
Ni  wires  indicating  a  strong  shape  anisotropy 


Figure  3.  Size  dependence  of  the  coercivity  for  Fe  and  Ni  nanowires  (data 
from  Ref  [1 1]  arc  included  for  wire  diameters  larger  than  those  used  in  this  work) 


Apart  from  the  shape  anisotropy  Co  nanowires  show  a  temperature  and  size  dependent 
magnetocrystalline  anisotropy  along  the  hexagonal  c-axis,  which  is  directed  nearly  perpendicular 
to  the  long  axis  of  the  nanowire  [1,2].  Therefore,  at  low  temperatures  wires  with  a  large  pore 
diameter  show  a  hysteresis  in  the  magnetization  curve  for  both  the  magnetic  field  applied  parallel 
and  perpendicular  to  the  long  axes  of  the  wires  (cf.  Fig.  4).  At  room  temperature,  however,  the 
magnetocrystalline  anisotropy  constant  becomes  significantly  smaller  than  at  5  K.  This  causes 
the  loss  of  the  hysteresis  in  the  magnetization  curve  when  the  magnetic  field  is  applied 
perpendicular  to  the  long  axes  of  the  wires.  Furthermore,  the  magnetocrystalline  anisotropy 
becomes  less  important  if  the  wire  diameter  is  decreased.  This  can  be  attributed  to  the  fact  that  in 
all  the  wires  a  mixture  of  fcc-Co  and  hcp-Co  can  be  found.  The  amount  of  fcc-Co  increases  if  the 
pore  diameter  decreases  [1,2].  Fcc-Co,  however,  does  not  show  a  significant  magnetocrystalline 
anisotropy.  This  in  turn  leads  to  a  prevailing  shape  anisotropy  in  Co  wires  with  a  small  diameter 
even  at  low  temperatures.  It  is  not  yet  understood  what  causes  the  amount  of  fcc-Co,  which  in 
the  bulk  is  only  known  as  a  high  temperature  Co  modification,  to  increase  in  small  pores. 
However,  intensive  EXAFS  and  WAXS  studies  on  this  subject  are  in  progress  . 


Figure  4.  Magnetization  curves  for  Co  nanowires  (D  =  50  nm) 
at  two  different  temperatures 


CONCLUSIONS 

Extensive  studies  on  the  magnetization  reversal  process  in  one-dimensional  Fe  and  Co  wires 
have  been  performed  showing  that  for  small  wire  diameters,  i.e.  diameters  in  the  range  of  the 
domain  wall  widths,  the  magnetization  reversal  process  takes  place  including  the  formation  of 
small  domains  at  imperfections  or  at  the  ends  of  the  wires  followed  by  the  propagation  of  the 
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domain  walls  along  the  wire.  In  Fe  and  Ni  wires  the  shape  anisotropy  predominates,  whereas  Co 
wires  show  a  competition  between  this  shape  anisotropy  and  a  magnetocrystalline  anisotropy. 
The  magnctocrystalline  anisotropy  (with  the  easy  axis  nearly  perpendicular  to  the  long  axis  of 
the  wire)  is  temperature  and  size  dependent.  In  small  Co  wires  and  at  elevated  temperatures  the 
shape  anisotropy  predominates,  whereas  in  large  pores  and  at  low  temperatures  the  shape  and 
magnetocrystalline  anisotropy  constants  nearly  equal  each  other.  A  decreasing  amount  of  hep-Co 
in  favor  of  fcc-Co  in  small  pores  is  determined  by  EXAFS  and  WAXS  spectroscopies.  This 
causes  a  reduction  of  the  magnetocrystalline  anisotropy  strength  in  small  pores. 
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ABSTRACT 

The  stability  of  the  individual  elements  of  a  two-dimensional  (2D)  regular  array  of  single 
domain  particles  is  investigated.  The  variance  in  the  statistical  distribution  of  up-  and  down 
switching  fields  of  the  elements  leads  to  premature  switching  for  the  low  coercivity  particles,  and 
incomplete  overwriting  for  the  high  end  of  the  distribution.  The  distribution  of  the  interaction 
fields  from  surrounding  elements  on  a  2D  array  depends  the  saturation  magnetization  of  the 
elements,  their  packing  density,  and  the  recorded  information.  The  non-ellipsoidal  shape  of  the 
elements  leads  to  reduced  switching  fields  as  a  result  of  non-collinear  magnetization  around  the 
comers  and  edges.  The  thermal  stability  of  2D  arrays,  switching  by  (incoherent)  rotation  of  the 
magnetization,  is  enhanced  compared  to  bulk/contiguous  media,  due  to  the  lack  of  low  energy 
barrier  domain  wall  motion  processes.  However  due  to  the  fast  decrease  of  the  anisotropy, 
stability  at  elevated  temperatures  is  still  a  problem.  Experimental  data  for  a  model  2D  square 
array  of  single  crystalline,  strongly  uniaxial,  single  domain  garnet  particles  illustrate  the  effects 
on  stability  of  statistics,  shape,  and  thermal  excitation. 


INTRODUCTION 

The  interest  in  regular  two-dimensional  (2D)  arrays  of  small  magnetic  particles  is  motivated 
by  their  potential  as  the  next  generation  of  high  density  magnetic  recording  media.  The  stability 
of  the  magnetic  states  of  a  2D  patterned  magnetic  system  is  an  important  practical  problem  with 
interesting  fundamental  aspects.  The  stability  of  the  magnetic  state  of  the  individual  elements  and 
the  system,  as  a  whole,  is  determined  by  material  parameters,  the  statistical  distribution  of  the  se 
parameters,  shape  and  size  of  the  elements,  geometry  of  the  array,  and  by  the  reversal  mode. 

The  shape  of  the  elements  depends  on  the  technology  of  preparation,  it  can  be  elliptical  [1]  , 
or  flat  rectangular  [2],  or  even  conical  [3].  The  elements  (bits  in  recording)  should  have  two 
stable  magnetic  states,  separated  by  an  energy  banier,  high  enough  to  prevent  erroneous 
switching,  but  low  enough  to  make  (over)writing  possible.  The  easy  direction  can  be  either  in¬ 
plane,  or  normal  to  the  plane  of  the  array.  Perpendicular  recording  mode  is  preferred  because  of 
higher  packing  density.  The  elements  of  a  2D  array  are  single  domain  particles.  Ideal  single 
domain  particles  would  switch  by  coherent  rotation,  similar  to  the  Stoner-Wohlfarth  mode  [4], 
However,  although  the  elements  on  the  2D  arrays  do  not  have  any  domain  walls,  the 
magnetization  state  is  not  uniform  due  to  the  presence  of  corners  and  edges.  As  a  result,  the 
switching  mode  is  of  incoherent  rotation.  Any  interaction  between  the  elements  will  influence 
the  switching  field.  The  elements  are  separated  by  nonmagnetic  areas,  thus  the  interaction 
between  them  is  purely  magnetostatic,  and  it  depends  on  the  shape,  the  separation  between  the 
elements,  and  the  saturation  magnetization. 
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Figure  1.  Scanning  electron  microscope  (SEM)  photo  of  a  part  of  an  epitaxial  garnet 
wafer  with  the  2D  square  array  of  40  pm  x  40  pm  x  3  pm  particles  (Courtesy  of  Zofia 
Vertesy,  HAS,  Budapest,  Hungary). 

Assuming  a  modest  10  Gb/cm^  recording  density,  the  center-to-center  distance  between 
adjacent  bits  is  about  100  nm,  including  the  separating  “groove”.  A  100  Gb  “disk”  of  this 
medium  has  an  area  of  about  10  cml  For  flawless  operation,  it  is  required  that  all  the  elements 
behave  the  same  way.  The  most  critical  characteristics  of  the  elements  is  the  switching  field  H^w, 
because  it  is  very  sensitive  to  many  parameters  of  the  system,  including  magnetization, 
anisotropy,  array  geometry,  shape,  size,  defects,  stress,  temperature,  etc.  The  major  technological 
challenge  for  recording  on  2D  arrays  of  small  particles  is  how  to  keep  the  switching  field 
distribution  for  lO”  particles  as  narrow  as  it  is  required  by  the  recording  system?  One  of  the 
main  potential  problems  lies  in  the  statistical  distribution  of  the  parameters  of  the  elements  on 
the  array.  The  lowest  switching  fields  will  cause  bit  eiTors,  while  the  high  end  of  the  distribution 
will  prevent  (over)writing. 

In  the  following,  the  role  of  the  statistical  distribution  of  the  properties  of  the  elements, 
geometrical  (shape  and  size)  effects,  interaction  effects  between  the  elements,  switching  modes, 
and  temporal  and  ihennal  effects  on  system  stability  will  be  in  examined.  These  effects  are 
demonstrated  on  a  model  system  of  a  2D  array  of  single  crystal,  single  domain  garnet  particles. 


EXPERIMENTS 

Two-dimensional  square  arrays  of  40  pm  to  60  pm  square,  3  pm  thick  garnet  particles  of 
substituted  Y3Fe50i2  (YIG)  were  etched  from  an  epitaxially  grown  single  crystalline  film  to 
study  the  magnetization  process  of  a  system  of  magnetically  small,  highly  uniaxial,  single 
domain  magnetic  particles.  The  separation  between  particles  is  about  1/3  of  the  lateral 
dimension.  Figure  1 .  shows  a  detail  of  the  photolithographed  and  etched  LPE  garnet  wafer  with 
the  2D  square  array  of  40  pm  x  40  pm  x  3  pm  particles. 
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Figure  2.  Hysteresis  loop  of  an  individual  particle  of  Fig.  1 measured  magnetooptically 
(a),  and  major  hysteresis  loop  of  about  3,000  particles,  measured  at  T=50"  C  in  a  VSM  (b). 

Although  the  physical  size  of  these  garnet  particles  is  relatively  large,  they  satisfy  the 
requirements  of  magnetic  smallness:  they  are  single  domain  due  to  a  very  strong  uniaxial 
anisotropy,  Hk  =  2.2  kOe,  combined  with  a  very  low  magnetization,  47iMs  =160  G,  resulting  in  a 
uniaxiality  of  Q  =  Hu  /  47iMs  >  10.  The  easy  direction  of  the  magnetization  is  perpendicular  to 
the  surface  of  the  particles.  Each  particle  has  only  two  stable  states  of  the  magnetization,  “up” 
and  “down”.  The  hysteresis  loop  of  the  individual  particles  is  rectangular,  and  the  squareness  of 
the  major  hysteresis  loop  of  thousands  of  particles  S  =  Mr/M.s =1 .  The  coercivity  along  the 
major  hysteresis  loop  at  room  temperature  is  He  =  285  Oe, 

The  epitaxial  garnet  films  are  of  extremely  high  quality  single  crystals,  and  as  a  result,  it  is 
expected  that  interactions  with  defects  do  not  influence  the  magnetization  process.  Another 
advantage  of  this  system  is  its  optical  transparency  and  high  magnetooptical  activity.  Individual 
hysteresis  loops  of  hundreds  of  particles,  and  major  and  minor  loops  of  assemblies  of  particles 
were  measured  in  an  optical  magnetometer,  with  optoelectrical  detection  and  simultaneous  visual 
observation.  Statistics  of  the  switching  fields,  coercivities,  and  interaction  fields  were  determined 
from  the  measured  data.  Mean  values  for  over  3,000  particles  (5x5  mm^  samples)  were  measured 
by  a  VSM  [5]. 


DISCUSSION 


Statistical  stability 

C  oej'c  ivi  ty  distri  hut  ion 

For  an  ensemble  of  a  large  number  of  particles,  the  statistical  distribution  of  properties  is 
very  important.  Without  considering  the  standard  deviation,  the  mean  values  for  magnetic 
properties,  geometry,  interactions,  can  be  misleading,  of  these  quantities.  The  weakest  link  of  a 
system  is  determined  not  by  mean  values  of  significant  parameters,  but  their  variance.  The 
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Figure  3.  Measured  distribution  of  the  up-  and  down-switching  fields  and  H  of 
individual  particles  on  the  2D  array. 

statistical  distribution  of  the  magnetic  characteristics  of  individual  particles  was  measured  on 
the  model  system  of  single  domain  garnet  particles.  Figure  2.  shows  a  hysteresis  loop  for  a  single 
particle,  and  the  major  hysteresis  loop  for  thousands  of  particles.  The  up-  and  down  switching 
fields  and  H  )  of  individual  particles  were  determined  from  the  individual  hysteresis  loops 
of  over  200  individual  particles,  resulting  in  the  switching  field  distribution,  shown  in  Figure  3. 

This  2D  system  of  small  particles  can  serve  as  a  nearly  ideal  system  for  Preisach  hysteresis 
models  [5-7].  The  Preisach  model  assumes  that  the  major  hysteresis  loop  is  originating  in  the 
statistics  of  switching  of  individual  particles,  each  characterized  by  a  shifted  rectangular 
hysteresis  loop.  The  width  of  each  individual  loop  is  the  measure  of  the  coercivity  of  the  given 
particle,  while  the  shift  is  due  to  the  interaction  with  the  surrounding  particles.  The  coercivity  of 
individual  particles  is  the  halfwidth  of  the  hysteresis  loop: 

(1) 

The  measured  up-  and  down  switching  field  data  can  be  converted  into  a  coercivity- 
intcraction  field  plot,  where  the  distribution  of  both  can  be  clearly  seen,  as  shown  in  Fig.4.  The 
measured  switching  fields  span  a  surprisingly  broad  range  of  about  600  Oe.  The  distribution  of 
coercivities  is  Gaussian  with  H,  =  (288  ±  112)  Oe.  The  mean  value  corresponds  to  the  major  loop 
coercivity  of  a  large  number  of  particles.  The  standard  deviation  of  He,  Oc  =  1 12  Oe  reflects  the 
range  of  the  strength  of  the  defects,  contributing  to  the  coercivity.  Flowcver,  according  to  the 
Gaussian  distribution,  the  probability  to  find  He  values  at  SGc  is  still  finite.  As  a  result,  there  will 
be  particles  switching  too  early,  at  very  low  fields,  and  particles  at  the  high  end  of  the  He 
distribution,  resisting  switching  within  the  nominal  field  of  the  device  operation. 
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Figure  4.  Distribution  of  coercivities,  He  and  interaction  fields,  Hj  of  individual  particles, 
calculated  from  the  data  of  Fig,  3. 

Interaction  field  distribution 

The  second  contribution  to  switching  field  distribution  originates  in  the  interaction  fields, 

Hi,  between  the  particles,  manifested  in  the  shift  of  the  individual  hysteresis  loops  by  the 
effective  field  from  the  neighbors: 

Hi  =(H^  -  H-}/2.  (2) 

The  shift  of  the  hysteresis  loops  of  individual  particles  is  due  to  the  interaction  with  the 
surrounding  particles.  This  interaction  is  entirely  magnetostatic,  and  it  arises  from  the 
“demagnetizing”  or  “magnetizing”  effects  of  the  neighbors.  The  average  interaction  field  for  the 
data  in  Fig.  3  and  Fig,  4  is  //,  =23,4  Oe,  with  a  standard  deviation  of  Oi=25.2  Oe  [8-10].  For  a 
perpendicular  2D  medium  the  interaction  field  differs  from  the  usual  3D  particulate  material 
case.  Depending  on  the  state  of  the  neighbors  of  the  actual  particle  to  be  switched  (i.e.  a  bit  in 
recording),  the  interactions  can  be  “magnetizing"  or  “demagnetizing”,  causing  switching  at  much 
lower  or  higher  fields  than  the  coercivity  of  the  particle.  For  example,  a  central  particle 
experiences  an  effective  field  of 

H,jf=H,„p,+  Hi,  (3) 

coming  from  the  applied  bias  field  Happi  and  the  interaction  field,  Hi=  UIpThc  interaction 
field,  in  first  approximation,  is  the  vector  sum  of  the  demagnetizing  fields  from  neighbors.  This 
field,  Hj)  =  can  be  very  large  for  a  high  magnetization  medium,  and  for  high  density 

(close)  packing  of  particles.  This  field  has  been  calculated  by  us  prcviou.sly  by  micromagnetic 
methods.  The  interaction  field  at  a  given  particle,  originating  from  all  the  other  particles,  is  given 
by 

(4) 

where 
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Z2D, -A  i,j)  (5) 

summing  up  the  interactions  at  each  point  of  the  2D  system  with  all  other  points.  The  sign  of 
determined  by  the  stale  of  particle/  In  fact,  corresponds  to  the  usual 
demagnetizing  tensor  element.The  measured  up-switching  field  of  a  particle  is  equal  to: 

It  =H,o  -  Hi  (6) 

where  is  the  coercivity  without  interactions  [11,  12].  It  was  shown  that  in  the  calculations  the 
interactions  with  the  surrounding  particles  can  be  truncated  at  the  3rd  coordination  shell.  The 
effect  of  the  state  of  the  neighbors  was  measured,  and  micromagnetically  calculated  for  25 
particles  (embedded  in  a  9x9  array),  showing  that  when  all  the  24  neighbors  are  switched  “up”, 
in  other  words,  no  neighbors  are  in  the  “down”  state,  //,  =  86  Oe  for  -  398  Oe,  resulting  in 
Hco='i\2  Oe  for  that  particle,  in  very  good  agreement  with  experiments.  To  illustrate  the  worst 
case  scenario,  let’s  assume  4  nearest  neighbors  of  a  central  particle,  and  N;;=l .  Then,  in  the 
worst  case,  when  all  the  neighbors  arc  magnetized  in  the  same  direction  as  the  central  particle, 
Heff  can  change  from  to  i.e.  by  |8*4;zM,|  upon  inverting  the 

magnetization  of  the  central  particle.  On  a  square  array,  the  interaction  is  the  strongest  between 
the  corners  of  neighboring  elements.  These  effects  can  lead  in  one  case  to  premature  switching, 
in  the  other,  to  difficulty  of  (over)writing,  thus  significantly  affecting  the  stability  of  digital 
information  in  2D  recording  media.  At  the  same  time,  around  the  comers,  the  magnetization  is 
canted,  and  large  in-plane  interaction  field  component  exists,  acting  on  the  neighbors,  further 
reducing  the  switching  field.  Thus,  the  interaction  field  with  the  neighbors  depends  on  the  shape, 
density,  and  magnetization  state  of  the  elements  i.e.  the  total  magnetization  of  the  array,  what 
leads  to  the  increase  of  the  variance  of  the  interaction  field.  This  field  is  proportional  to  the 
saturation  magnetization  of  the  material.  High  is  preferred  for  a  high  read  signal.  This  taken 
together  with  the  requirement  for  high  packing  density  results  in  a  high  interaction  field.  High 
interaction  field  means  low  stability  of  the  magnetic  state,  i.e.  the  stability  of  the  information  on 
a  2D  array  depends  on  the  information  itself. 

Switching  instability  due  to  shape  effects 


For  perpendicular  recording  the  most  important  demagnetizing  tensor  component  is  N-.-.  For 
finite  aspect  ratio  shapes,  N;.-  ,  i.e.  it  differs  from  the  thin  film  value.  Due  to  the  non- 

ellipsoidal  shape  of  these  particles,  the  local  demagnetizing  tensor  elements,  Nzz(r)  inside  the 
particles  should  be  taken  into  account  and  calculated  numerically  [13-16].  The  resulting  internal 
field  and  magnetization  distribution  M(r}  in  a  rectangular  or  cylindrical  particle  will  be  non- 
uniform.  For  a  1 : 1 :0. 1  aspect  ratio  particle,  even  in  a  large  field,  Happi  =  57iMs ,  the  magnetization 
will  be  canted  at  the  comers  and  at  the  edges  by  an  angle  up  to  about  30°.  The  magnetization  of 
such  a  particle  will  have  a  significant  in-plane  component.  Figure  5  illustrates  how  the  local  N,- 
values,  shown  across  the  centerline  of  a  rectangular  particle,  deviate  from  the  thin  film  value  of  1 
for  different  aspect  ratios.  It  is  clearly  seen  that  even  for  an  aspect  ratio  of  thickness/lateral 
sizc=0.01,  the  decrease  of  N-.-  around  the  comers  is  about  50% ! 
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Figure  5.  Shape  dependence  of  the  N.-.-(r)  local  demagnetizing  tensor  component  along  the 
centerline  for  unit  square  base  columns  of  height  0.01  <h<  2.  The  connecting  lines  serve 
only  to  guide  the  eye. 

For  a  single  domain  particle,  switching  along  the  easy  axis  by  the  Stoner-Wohlfarth  mode, 
the  switching  field  is  expected  to  be  equal  to  the  anisotropy  field,  He  =  //a  [4].  However,  in  the 
case  of  non-ellipsoidal  small  particles  «  Hk,  indicating  that  the  magnetization  switching  is  not 
a  uniform  rotation  process.  Early  micromagnetic  calculations  did  show  that  the  uniform  rotation 
is  always  an  idealization  [17],  later  this  became  a  fact  of  life  [18].  The  switching  mode  of  these 
particles  is  by  incoherent  rotation.  The  switching  field  is  significantly  reduced.  The  dominant 
source  of  reduced  switching  field  is  the  inhomogeneous  internal  field,  resulting  in  a  non-collinear 
magnetic  structure  around  the  comers  and  edges.  Due  to  the  canted  magnetization,  according  to 
the  switching  asteroid,  the  switching  starts  much  earlier,  than  it  would  be  for  a  particle, 
uniformly  magnetized  along  the  particle  normal.  The  canted  moments  are  the  seeds  of  .switching. 
[19,  20].  The  statistics  of  the  interaction  field  with  the  surrounding  particles,  the  lowered 
nucleation  barriers  at  crystalline  defects,  also  contribute  to  the  observed  switching  field  and  its 
standard  deviation.  However,  the  main  cause  of  the  reduction  in  the  switching  field  and  of  the 
switching  instabilities  is  the  non-uniform  internal  field. 

Temporal  and  thermal  stability 

One  of  the  major  concerns  about  patterned  media  is  the  thermal  and  temporal  instability  of 
the  information,  due  to  the  low  anisotropy  energy  Ek  =  KV  of  the  small  volume  (V)  particles  with 
respect  to  the  fluctuations  of  thermal  energy  [21,  22].  In  continuous,  or  bulk  magnetic  materials, 
even  in  the  case  when  the  dominant  mechanism  of  the  magnetization  change  is  rotation,  domain 
wall  (DW)  motion  processes  are  always  present  around  the  coercivity.  The  critical  field  for 
domain  wall  motion,  compared  to  the  anisotropy  field  for  rotation,  is  several  orders  of  magnitude 
lower.  As  a  result,  the  probability  of  magnetization  reversal  by  domain  wall  motion  in 
continuous  media  is  very  high,  e.specially  around  the  coercivity  of  the  major  hysteresis  loop.  This 
gives  rise  to  the  characteristic  maximum  on  the  magnetic  viscosity,  S=dM  I  din  t  vs  H,  curves.  It 
is  assumed,  that  for  materials  where  DW  processes  are  excluded,  as  in  the  case  of  single  domain 
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Figure  6.  Rotation  aftereffect  for  the  particles  on  the  2D  array  ,  T-50,  H-190  Oe. 
n/10  -  the  number  of  particles,  switched  in  10  sec  intervals;  n(t)  -  the  total  number  of 
particles  switched  during  t  sec. 

particles,  this  curve  is  more  or  less  flat.  There  is  still  a  statistical  distribution  of  the  switching 
fields  of  the  particles,  reflected  in  the  shape  of  the  S{H}  curve,  but  this  distribution  is  much 
narrower  than  the  distribution  of  the  energy  barriers  for  domain  wall  motion  and  rotation  taken 
together.  Therefore,  lowered  sensitivity  of  the  magnetic  aftereffect  to  the  magnetic  field  is 
expected  for  a  patterned  recording  medium  of  high  anisotropy  particles. 

The  particles  in  our  model  system  of  2D  arrays  are  thermally  very  stable,  due  to  the  high 
anisotropy  field,  Ih  =  2  kG.  Combined  with  the  very  low  magnetization,  the  uniaxial  anisotropy 
constant  K,,  -  1 .3*10“^  crg/cm%  V  =7.5*  10'*^  cm^  Thus  the  anisotropy  barrier  at  room  temperature 
Ek  =10  '*  erg  in  //  =  0,  compared  to  tbe  thermal  fluctuations  energy  of  £7  ^0kiiT=  lO  '^  erg.  The 
lowest  switching  field  is  about  100  Oe,  the  highest  is  above  500  Oe  (see  Fig.4).  If  to  assume  the 
worst  case:  i.e.  that  the  barrier  height  Hi,  is  lowered  the  most  at  the  lowest  switching  field;  the 
incoherent  switching  volume  is  not  the  whole  particle  volume,  but  only  a  0.8  pm  “rim”  of  the 
particle,  where  the  magnetization  is  strongly  canted  (corresponding  to  the  activation  volume  Va)', 
the  applied  field  is  the  barrier  height  Ek  =  K,y„  =10’^  erg,  it  is  still  several  orders 

of  magnitude  higher  than  the  thermal  energy  of  Ej  ^0  knT  =  lO  '^  erg.  This  is  in  agreement  with 
the  experimental  data,  that  there  was  no  observable  aftereffect  on  the  2D  array  of  garnet  particles 
at  room  temperature,  independent  of  the  magnetic  field,  applied  to  lower  the  barrier  height  [23]. 

However,  upon  increasing  the  temperature,  the  anisotropy  barrier  is  lowered,  the  coercivity 
is  decreasing  (at  r=50°C  77,  =164  Oe;  at  T=72°C  H,  =128.5  Oe);  the  thermal  fluctuations 
increase,  and  it  becomes  possible  to  observe  the  rotational  aftereffect.  The  magnetic  aftereffect, 
i.e.  the  time  evolution  of  the  number  of  particles,  switched  during  10  s  intervals  at  50°C  in 
77=190  Oe,  is  plotted  in  Fig.6.  This  plot  reflects  the  distribution  of  tbe  barrier  heights  of  the 
particles.  At  50‘'C  the  distribution  of  particle’s  switching  time  is  rather  even.  The  “best”  particle, 
with  no  defects  is  switching  the  last  (130  s),  as  it  has  the  highest  barrier.  At  72°C  the  barriers  are 
much  lower,  the  switching  proceeds  faster,  the  last  observed  particle  switches  in  70  s  [24].  This 
means  for  a  future  patterned  recording  medium,  switching  by  rotation,  the  temporal  and  thermal 
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stability  at  room  temperature  is  of  much  less  concern,  than  for  a  traditional  continuous  thin  film, 
where  thermal  relaxation  due  to  domain  wall  motion  processes  is  significant.  However,  the 
thermal  stability  at  elevated  temperatures  depends  primarily  on  the  temperature  dependence  of 
the  anisotropy  energy.  The  magnetocrystalline  anisotropy  is  usually  a  strong  function  of  the 
temperature,  decreasing  as  fast  as  K(T)  ~  This  means  that  special  attention  should  be 

paid  to  the  temperature  sensitivity  of  the  switching  effects  in  2D  patterned  media  above  room 
temperature. 

CONCLUSIONS 

Factors,  affecting  the  stability  of  the  magnetic  states  of  the  elements  and  the  system  of  2D 
patterned  media  have  been  investigated.  Regular  2D  arrays  of  nanosize  magnetic  particles, 
having  a  potential  application  in  future  extreme  high  density  magnetic  recording,  are  now 
manufactured  at  several  laboratories.  The  stability  of  the  system  depends  on  the  statistical 
distribution  of  the  up-  and  down  switching  fields  of  individual  elements  of  the  array.  The  mean 
value  of  the  switching  fields  of  the  elements  is  equal  to  the  major  loop  coercivity  of  the  system. 
However,  the  standard  deviation  of  the  switching  fields  depends  on  the  local  effective  anisotropy 
fields  of  crystalline  and  manufacturing  defects,  leading  to  premature  switching  of  the  particles 
with  strong  defects,  and  stabilizing  against  overwriting  the  “best”  particles.  The  unexpectedly 
large  standard  deviation  of  the  switching  field  distribution  is  a  major  obstacle  on  the  road  to 
magnetic  RAMs.  Introduction  of  a  well-defined,  technologically  completely  reproducible  'weak 
point"  might  reduce  the  switching  field  instabilities,  however,  at  the  price  of  a  lower  average 
switching  field. 

Another  factor  affecting  stability  is  the  (magnetostatic)  interaction  between  magnetically 
separated  elements.  Its  mean  value  depends  on  the  saturation  magnetization  of  the  system,  on  the 
total  magnetization  of  the  system  with  up-  and  down  magnetized  elements,  and  on  the  geometry 
of  the  separation  between  particles.  High  magnetization  materials  and  high  density  increases  the 
interaction  fields.  The  standard  deviation  of  the  interaction  field  depends  not  only  on  the 
statistical  errors  in  the  geometry  of  the  array,  but  it  depends  also  on  the  total  magnetization  of  the 
system.  This  means,  that  for  a  2D  magnetic  recording  medium,  the  stability  of  the  recorded 
information  depends  on  the  information  itself. 

The  magnetic  properties  of  these  systems  depend  very  strongly  on  the  shape,  size,  and 
geometry  of  the  elements.  The  switching  of  the  magnetization  of  non-ellipsoidal  particles 
proceeds  via  incoherent  rotation.  The  internal  field  and  the  distribution  of  the  magnetization  in 
these  particles  is  strongly  inhomogeneous.  The  switching  field  is  significantly  reduced  from  the 
idealized  Stoner-Wohlfarth  value.  The  dominant  source  of  reduced  switching  field  is  the 
inhomogeneous  internal  field,  resulting  in  a  non-collinear  magnetic  structure  around  the  corners 
and  edges,  serving  as  starting  points  for  magnetization  reversal,  even  in  systems,  free  from 
manufacturing  and  crystalline  defects. 

The  stability  against  thermal  excitation  depends  on  the  details  of  the  magnetization  process. 
The  magnetization  process  in  film  and  bulk  materials  involves  both  low  energy  barrier  domain 
wall  motion  and  high  energy  rotational  processes.  However,  the  thermal  stability  of  single 
domain  particles,  switching  by  rotation,  is  much  higher  than  for  a  continuous  medium,  which  has 
a  much  broader  switching  barrier  distribution,  ranging  from  the  domain  wall  motion  coercivity 
up  to  the  anisotropy  field. 
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Experimental  data  for  a  model  system  of  a  2D  square  array  of  single  crystalline,  strongly 
uniaxial,  single  domain  magnetic  garnet  particles  illustrate  the  effects  of  statistics,  shape, 
magnetization  process,  and  thermal  relaxation  effects  on  the  of  magnetic  states  of  the  system. 


REFERENCES 

1 .  S.  Ganesan,  C.  M.  Park,  K.  Hattori,  H.  C.  Park,  R.  L.  White,  H.  Koo  and  R.  D.  Gomez, 
IEEE  Trans.  Magn.,  36,  2987  (2000). 

2.  Jose  I.  Marlin,  Jose  L.  Vicent,  Jose  L.  Costa-Kramer,  L.  Menendez,  Alfonso  Cebollada, 
Jose  V.  Anguita,  and  Fernando  Briones,  IEEE  Trans.  Magn.,  36,  3002  (2000). 

3.  C.  A.  Ross,  T.  A.  Savas,  H.  I.  Smith  and  M.  Hwang,  IEEE  Trans.  Magn.,  35,  3781 
(1999). 

4.  C.  Stoner  and  E.  P.  Wohlfarth,  Phil.  Trans.  Roy.  Soc.  London,  A420,.599,  (1948). 

5.  M.  Pardavi -Horvath  and  G.  Vertesy,  IEEE  Trans.  Magn.,  30,  124  (1994). 

6.  l.D.  Mayergoyz,  Mathematical  Models  of  Hysteresis,  Berlin,  (Springer  Verlag,  1991) 

7.  E.  Della  Torre,  Magnetic  Hy.steresis,  (IEEE  Press,  1999). 

8.  M.  Pardavi -Horvath,  “Switching  properties  of  a  regular  two-dimensional  array  of  small 
uniaxial  particles” /EEE  Trans.  Magn.,  32,  4458  (1996). 

9.  M.  Pardavi-Horvath,  Guobao  Zheng,  G.  Vertesy  and  A.  Magni,  IEEE  Trans.  Mag.,  32, 
4469(1996). 

10.  M.  Pardavi-Horvath,  .1.  Magn.  Magn.  Mater.,  177-181,  213  (1998). 

1 1 .  Y.  D.  Yan  and  E.  Della  Torre,  J.Appl.  Phys.,  67,  5370  (1990  ). 

12.  M.  Pardavi-Horvath,  Guobao  Zheng,  G.  Vertesy  and  A.  Magni,  IEEE  Trans.  Magn.,  32  , 
4469(1996). 

13.  R.  L  Jo.seph  and  E.  Schloemann,  ,7.  Appl.  Phys.,  36,  1579  (1965  ). 

14.  Xiaohua  Huang  and  M.  Pardavi-Horvath,  IEEE  Trans.  Magn.,  32,  4180  (1996). 

15.  M.  Pardavi-Horvath  and  Guobao  Zheng,  “Inhomogeneous  internal  field  distribution  in 
planar  microwave  ferrite  devices”  In  "Nonlinear  Microwave  signal  proces.sing:  Towards 
a  new  range  of  Devices",  Ed.  R.  Marcelli,  Ch.  3.  (Kluwer.,  Amsterdam,  1996)  pp.41-65 

16.  Martha  Pardavi-Horvath,  Jijin  Yan  and  J.  Roger  Peverley,  IEEE  Trans.  Magn.,  (2001)  in 
press 

17.  N.  A.  Usov  and  S.  E.  Peschany,^.  Magn.  Magn.  Mater.,  135,  1 1 1  (1994). 

18.  W.  Rave,  K.  Ramstock  and  A.  Hubert, Magn.  Magn.  Mater.,  183,  329  (1998). 

19.  M.  Pardavi-Horvath,  G.  Vertesy,  B.  Keszei,  Z.  Vertesy,  and  R.  D.  McMichael,  IEEE 
Trans.  Magn.,  35,  3871,  (1999). 

20.  M.  Pardavi-Horvath,./.  Magn.  Magn.  Mater.,  198-199,  219  (1999). 

21.  S.  M.  Stinnett,  W.  D.  Doyle,  P.  J.  Flanders  and  C.  Dawson,  IEEE  Trans.  Magn.,  34, 

1828,  (1998  );  S.  M.  Stinnett,  W.  D.  Doyle,  IEEE  Trans.  Magn.,  36,  2456  (2000  ). 

22.  J.-P.  Jamet,  S.  Lemerle,  P.  Meyer,  J.  Ferre,  B.  Bartenlian,  N.  Bardou,  C.  Chappert,  P. 
Veillct,  F.  Rousseaux,  D.  Decanini  and  H.  Launois„P/?y.v.  Rev.  B,  57,  14320  (1998). 

23.  M.  Pardavi-Horvath,  G.  Vertesy,  B.  Keszei  and  Z.  Vertesy,  J.  Appl.  Phys.,  87,  7025 
(2000). 

24.  Martha  Pardavi-Horvath  ,  Gabor  Vertesy,  and  Antonio  Hernando,  IEEE  Trans.  Mag., 

(200 1 )  in  press. 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  674  ©  2001  Materials  Research  Society 


Synthesis  and  Self-Assembly  of  Films 
Containing  FeCoPt  Nanoparticles 


Min  Chen  and  David  E.  Nikles* 

The  University  of  Alabama,  Tuscaloosa, 

Center  for  Materials  for  Information  Technology, 

Box  870209,  Tuscaloosa,  Alabama,  35487-0209,  US 
*dnikles(S)mint. ua.edu 

ABSTRACT 

Fe49C07Pt44  and  Fe4()Coi7Pt43  nanoparticles  were  synthesized  by  simultaneous  chemical 
reduction  of  platinum  acetylacetonate  and  cobalt  acetylacetonate  and  thermal  decomposition  of 
iron  pentacarbonyl.  As-prepared  the  particles  had  a  disordered  face-centered  cubic  lattice  with 
an  average  diameter  of  3.2  nm  and  were  superparamagnetic.  These  particles  were  well  di.sper.sed 
in  a  50/50  mixture  of  hexane  and  octane.  The  particles  self-assembled  into  ordered  superlattices 
when  deposited  onto  carbon  coated  Cu  TEM  grids  or  onto  single  crystal  Si  (100)  substrates. 

After  vacuum  annealing  (from  500°C  to  700  ®C),  the  particles  transformed  to  the  tetragonal 
phase.  The  coercivity  of  the  film  strongly  depended  on  the  composition  and  annealing 
temperature.  For  the  Fe49Co7Pt44  film,  coercivity  of  8700  Oe  and  a  squareness  of  0.75  after 
annealing  at  700  "C  for  30  minutes,  XPS  shows  existance  of  oxidized  iron  and  cobalt  on  the 
surface  of  film. 

INTRODUCTION 

Ordered  superlattices  of  nanosize  particles  have  received  considerable  attention  in  recent 
years,  as  they  present  an  interest  both  for  fundamental  and  potential  applications.  Some  of 
methods  used  for  preparing  ordered  superlattices  from  the  liquid  phase  are  Langmuir-Blodgett 
technique,  [1]  self-assembly  by  slowing  evaporation  of  solvent  [2-5],  and  electrophoretic 
deposition  [6].  It  has  been  found  that  formation  of  ordered  closed-packing  nanoparticle  array 
requires  the  monodispersed  particles  and  proper  stabilization  by  surfactants.  The  synthesis  of 
nanoparticles,  characterized  by  a  low  size  distribution,  is  a  new  challenge  in  solid-state 
chemistry.  Due  to  their  small  size,  nanoparticles  exhibit  novel  material  properties  that  differ 
considerably  from  those  of  the  bulk  solid  state.  Up  to  date,  ordered  self-assembly  of 
nanocrystals  has  been  successfully  fabricated  for  several  materials,  such  as  Ag  [2],  Au  [3],  Fe203 
[4],CoO  [5]. 

Equatomic  FePt  and  CoPt  nanocrystals  attracted  high  interest  for  the  ultrahigh  density 
magnetic  hard  media  because  they  have  large  uniaxial  magnetocrystalline  anisotropies  (Ku)  due 
to  their  tetragonal  LI  o  crystal  structure.  Recently,  (Coioo-xFGx)5oPt5o  thin  films,  with  20<x<68, 
were  reported  to  have  Ku  between  FePt  and  CoPt  [7].  Progress  in  magnetic  recording  density  is 
due  in  part  to  the  development  of  media  with  finer  and  finer  grain  magnetic  films.  It  has  been 
estimated  that,  if  an  magnetic  nanocrystals  with  sizes  down  to  ~3  nm,  the  storage  density  can  be 
up  to  100-1000  Gbits/in^  [8-9].  Thin  granular  films  of  ferromagnetic  materials  formed  by  sputter 
deposition  are  already  the  basis  of  conventional  rigid  magnetic  storage  media.  Recently,  two 
chemical  methods  have  been  employed  to  produce  magnetic  cobalt  nanoparticles,  including 
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solution  phase  metal  salt  reduction  in  reverse  micelles  [10]  and  in  organic  solvent  [11].  Ordered 
arrays  of  nanocrystal  FePt  alloy  from  simultaneous  polyol  reduction  of  Pt(acac)2  and  thermal 
decomposition  of  FeCCO)^  has  also  been  reported  [12].  However,  we  found  any  reports  of  the 
chemical  synthesis  and  self-assembly  of  CoFePt  nanoparticles. 

EXPERIMENTAL  DETAIL 

Materials  and  synthesis 

All  materials  were  used  without  further  purification.  Iron  pentacarbonyl  [Fe(CO)5],  cobalt 
acetylacetonate  [Co(acac)2],  platinum  acetylacetonate  [Pt(acac)2],  1,  2-hexadecanediol,  octyl 
ether,  oleic  acid  and  oleyl  amine  were  purchased  from  Aldrich.  Hexane  and  octane  were  from 
Fisher  Scientific. 

FeCoPt  nanoparticles  were  prepared  by  simultaneous  thermal  decomposition  of  Fe(CO)5  (1.0 
mmol)  and  polyol  reduction  of  Co(acac)2  (from  0.1  to  0.25  M)  and  Pt(acac)2  (0.5M)  in  organic 
solvent  of  octyl  ether.  Pt(acac)2  and  Co(acac)2  were  combined  with  1 0  mL  of  dioctylether  in  a 
three-neck  flask  and  dissolved  at  1 20  T  under  N2  protection.  1 ,2-Hexandecanediol  (390  mg) 
was  dissolved  in  10  mL  of  dioctylether  and  heated  to  80°C.  The  dissolved  1 , 2-hexadecanediol, 
0. 1 3  mL  of  Fe(CO)5, 0. 1 6  mL  of  oleic  acid  and  0. 1 7  mL  of  oleylamine  were  added  to  the  above 
mixture  of  Co(acac)2  and  Pt(acac)2  solution,  respectively.  Under  nitrogen  gas  protection,  the 
mixture  solution  was  heated  to  286°C  (the  boiling  temperature  of  dioctylther).  After  being 
refluxed  for  30  minutes,  the  reaction  mixture  was  cooled  down  to  room  temperature.  Ethanol 
(40  mL)  was  added  to  precipitate  the  particles.  The  particles  were  washed  twice  with  ethanol  to 
remove  the  excess  diol  and  reaction  byproducts,  finally  separated  by  centrifugation.  The  black 
products  were  purified  by  re-dispersing  in  hexane  and  re -precipitating  by  adding  ethanol. 

The  FeCoPt  particles  were  dispersed  in  10  mL  of  mixture  of  (1 :1 )  hexane  and  octane, 
containing  0.05mL  of  oleic  acid  and  0.05  mL  of  oleylamine.  In  order  to  obtain  TEM  image  of 
self-assembled  nanoparticles,  The  above  surfactants  stabilized  FeCoPt  dispersion  was  diluted 
four  times  with  the  mixture  of  ( 1 : 1 )  hexane  and  octane,  and  0.0 1  -0.05  mL  of  diluted  dispersion 
were  dropped  on  carbon-coated  Cu  TEM  grids  which  were  put  on  0.3*0.3  mm  Si(lOO)  waver  in 
order  to  constrain  the  dispersion  in  the  desired  region.  Samples  assembled  and  annealed  on 
Si02/Si(l  00)  waver  were  also  prepared  for  EDS,  XPS,  X-ray  diffraction,  and  magnetic 
measurements.  The  as-deposited  samples  were  annealed  under  vacuum  (<1''^10'  torr)  at  500  ”C, 
600  "C  and  700  "C,  respectively,  for  30  minutes. 

Characterization. 


X-ray  diffraction  (XRD)  data  were  acquired  on  Rigaku  D/MAX-2BX  Horizontal  XRD  Thin 
Film  Diffractometer.  Transmission  electron  microscopy  (TEM)  microphotographs  were  carried 
out  on  a  Hitachi  8000  electron  microscope  operating  at  200  kV.  Energy  Disperse  spectroscopy 
(EDS)  was  obtained  with  a  Philips  XL  30  scanning  electron  microscope  equipped  with  EDS. 
Chemical  analysis  was  carried  out  with  Kratos  Axis  165  XPS/ Auger  system.  Magnetic 
measurement  was  obtained  with  Princeton  Micromag™  2900  Alternating  Gradient 
Magnetometor  (AGM). 
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RESULTS  AND  DISCUSSION 


Chemical  and  phase  analysis  of  CoFePt  nanopartices 

The  chemical  composition  of  FeCoPt  nanoparticles  from  EDS,  table  I,  shows  that  the 
composition  of  the  particles  can  be  controlled  by  the  relative  amounts  of  Fe,  Co  and  Pt  charged 
to  the  reactor.  The  relationship  is  not  direct  as  the  amount  of  iron  incorporated  into  the  particles 
was  less  then  the  amount  of  iron  pentacarbonyl  charged  to  the  reactor. 

Table  I,  Comparison  of  the  mole  percent  reactants  charged  to  the  reactor  and  the  composition  of 
the  FeCoPt  nanoparticles  _  _  _ _ _ 


Batch 

Fe 

Co 

Pt 

1 

Charged 

63 

6 

31 

Found 

49 

7 

44 

2 

Charged 

57 

14 

29 

Found 

40 

17 

43 

As-prepared  the  FeCoPt  particles  had  a  face  center  cubic  lattice.  The  crystallite  size  was 
estimated  to  be  3.2  nm  by  analyizing  the  (1 1 1)  peak  from  XRD.  This  number  was  close  to  the 
particle  size  of  FeCoPt  (3.6  nm)  from  TEM  image.  When  the  samples  were  annealed  under 
vacuum  or  Ar  mixed  with  2%  of  hydrogen  gas,  the  particles  transformed  to  the  tetragonal  phase. 
The  degree  of  transformation  increased  with  annealing  temperature  from  500°C  to  700°C. 
However,  the  samples  were  also  sintered  significantly  when  annealing  temperature  is  above 
600°C.  After  annealing  at  600°C  the  crystallite  size  (dcrys(iii))  of  Fe49Co7Pt44  increases  to  6.0 
nm  and  increased  to  16.2  nm  after  annealing  at  700°C. 

Ordered  self-assembly  of  as-prepared  FeCoPt  nanoparticles 

Fig.l  (a)  show  the  'honeycomb'  arrays  of  Fe49Co7Pt44  nanoparticles  on  the  carbon-coated 
TEM  grids.  The  ordered  domain  can  extend  to  150  nm  in  diameter.  Sometimes,  we  also  found 
wire  arrays  on  the  carbon-coated  Cu  grids.  The  ‘honeycomb’  and  wire  arrays  actually  both  come 
from  the  hexagonal  close-packing  (HCP,  ARAB  stacking)  of  Fe49Co7Pt44  nanoparticles.  Fig.  lb 
and  1  c  show  that  “honeycomb”  arrays  can  be  transformed  into  “wire”  array  for  HCP  structure 
when  tilting  the  sample  by  20°. 


Figure  1.  ’Honeycomb’ ordered  superlattice  of  Fe49Co7Pt44  nanoparticles  as-deposited  on 
carbon-coated  Cu  grid,  (a)  magnification  of  400  k,  (b)  magnification  of  200  k  when  sample  is  not 
tilted  and  (c)  when  sample  was  tilted  by  20°. 
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(a)  (b)  (c) 

Figure  2.  Ordered  superlattices  of  CoFePt  nanoparticles  superlattices  as-deposited  on  carbon- 
coated  Cu  grid,  (a)  &  (b)  Hexagonal,  and  (c)  square  nanoparticle  lattice.  The  insert  in  (b)  is 
small  angle  electron  diffraction  pattern  of  the  sample. 

Sometimes  we  also  find  square  arrays  for  the  thicker  film  (Fig.2c).  The  square  arrays  (more 
exactly,  FCC  particle  latice)  can  be  viewed  as  ABCABC  close-packing  of  nanoparticles  from 
[111]  direction.  The  average  inteiparticle  distance  in  Fig3a  and  3b  is  about  6.67  nm,  which  is 
1 .42  times  of  that  in  Fig.  2c  (4.69  nm).  This  confirmed  that  the  hexagonal  and  square  arrays  are 
from  the  same  kind  of  stacking,  but  from  different  view  direction. 

Magnetic  properties  of  FeCoPt  films 

Magnetic  hysteresis  curves  were  measured  on  an  alternating  gradient  magnetometer.  As- 
prepared  the  self-as.scmbled  FeCoPt  films  were  superparamagnetic.  After  annealing  under 
vacuum  ( 1 0'^  ton)  or  Ar  with  2%  of  H2  gas,  the  films  became  ferromagnetic.  Table  U  shows  that 
the  coercivity  of  FeCoPt  film  increases  with  annealing  temperature.  As  the  atomic  percentage  of 
cobalt  increased,  the  coercivity  decreased. 


Table  II.  Coercivity  (Oe)  of  self-assembled  FeCoPt  films  (fixed  annealing  time  for  30  minutes). 

Anneal ing  Temperature _ 500°C _ 6Q0°C _ 700°C 

Fe4sPt5r  3970  6500  <11600* 

Fc49C07Pt44  2430  4500  8700 

Fe4,)Coi7Pt43 _ 3800 _ 6590 

*  minor  loop 
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CONCLUSIONS 


We  prepared  Fe49Co7Pt44  and  Fe32Co2iPt46  nanoparticles  by  simultaneous  chemical  reduction 
of  platinum  acetylacetonate  and  cobalt  acetylacetonate  and  thermal  decomposition  of  iron 
pentacarbonyl.  As-prepared  particles  had  an  average  diameter  of  3.2  nm  and  were 
superparamagnetic.  These  nanoparticles  were  well  dispersed  in  a  hexanone  or  octane.  FeCoPt 
tended  to  self-assemble  into  ordered  arrays  with  either  AB  AB  close-packing  for  the  thin  films  or 
ABCABC  close-packing  for  thick  films  while  deposited  onto  a  silica  coated  Cu  TEM  grids.  The 
coercivity  of  FeCoPt  film  increased  with  annealing  temperature,  but  decreased  as  the  atomic 
percentage  of  cobalt  increased. 
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ABSTRACT 

Fe48Pt52  nanoparticles  were  synthesized  by  the  simultaneous  chemical  reduction  of  platinum 
acetylacetonate  and  thermal  decomposition  of  iron  pentacarbonyl.  As-prepared  the  particles 
were  spherical  with  an  average  diameter  of  3  nm  and  a  polydispersity  of  less  than  5%.  The 
particles  were  superparamagnetic  and  had  a  fee  structure.  Highly  ordered  self-assembled 
supercrystals  of  particles  were  formed  in  TEM  grids  by  deposition  from  dispersions  in 
hydrocarbon  solvents.  Nanoparticles  deposited  on  amorphous  carbon-coated  and  Si02-coated 
Cu  grids  tend  to  assemble  into  small  domains  of  hexagonal  arrays.  Larger  domains  of  hexagonal 
arrays  formed  on  Si3N4  membrane  TEM  grids.  For  thin  multilayers,  the  FePt  nanoparticles  tends 
to  assemble  into  hexagonal  close-packed  lattices  (ABABAB  stacking).  For  the  thicker 
multilayers,  ABCABC  stacking  was  observed.  Small  angle  X-ray  reflectivity  of  the  particles  on 
a  Si  (100)  substrate  show  highly  ordered  multiplanar  structure  with  d-spacing  of  6.2  nm.  The 
coercivity  of  self-assembled  FePt  films  strongly  depended  on  the  annealing  temperature.  After 
annealing  at  700°C  for  30  minutes,  the  particles  transformed  from  FCC  to  “FCT”  phase  and  the 
coercivity  of  film  increased  up  to  11570  Oe.  However,  the  particle  size  increased  to  16  nm  due 
to  sintering. 

INTRODUCTION 

The  "face-centered  tetragonal"  phase  FePt  is  emerging  as  an  important  material  in  ultrahigh 
density  magnetic  data  storage  media.  This  phase  has  large  uniaxial  magnetocrystalline 
anisotropies  (Ku)  due  to  its  tetragonal  structure.  The  study  of  nanoscale  magnetic  domains  are  of 
both  fundamental  and  pressing  technical  interest.  The  grain  size  of  advanced  recording  media  is 
rapidly  being  reduced  to  dimensions,  where  the  magnetic  materials  approach  the 
superparamagnetic  limit.  Development  of  a  detailed  understanding  of  the  properties  of  magnetic 
nanocrystals  is  essential  to  the  development  of  future  magnetic  recording  technology.  It  is 
expected  that  if  an  ordered  monolayer  is  formed  by  magnetic  nanocrystals  with  sizes  down  to  --3 
nm,  the  storage  density  can  be  up  to  100-1000  Gbits/in^[l-2]. 

There  are  three  conventional  methods  for  magnetic  material  processing:  vacuum  sputtering, 
physical  vacuum  evaporation  and  molecular  bean  epitaxy.  Chemical  vacuum  evaporation  and 
electrochemical  deposition  are  also  used  in  processing  the  magnetic  thin  film.  Progress  in 
magnetic  recording  density  is  due  in  part  to  the  development  of  media  with  finer  and  finer  grain 
magnetic  films  [3-9]. 

Processing  of  ordered  2D  or  3D  structure  of  magnetic  nanocrystalls  becomes  an  area  of  great 
interest  for  the  thin  granular  films.  The  synthesis  of  nanoparticles,  characterized  by  a  narrow 
size  distribution,  is  a  new  challenge  in  solid-state  chemistry.  Due  to  their  small  size, 
nanoparticles  exhibit  novel  material  properties  that  differ  considerably  from  those  of  the  bulk 
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solid  state.  Up  to  date,  ordered  self-assembly  of  nanocrystals  has  been  successfully  fabricated 
for  several  materials,  such  as  Ag  [10],  Au  [1 1],  Fe203  [12],  CoO  [13].  Recently,  two  chemical 
methods  have  been  employed  to  produce  magnetic  cobalt  nanoparticles,  including  solution  phase 
metal  salt  reduction  in  reverse  micelles  [14]  or  in  an  organic  solvent  [15].  Ordered  arrays  of 
nanocrystal  FcPl  alloy  have  also  been  reported  [16],  demonstrating  the  possibility  of  self- 
assembly  of  magnetic  nanoparticles. 

In  the  present  paper,  we  try  to  understand  the  effect  of  substrates  and  other  factors  on  self- 
assembly  of  FePt  nanoparticles. 

EXPERIMENTAL  DETAILS 

Materials  and  sample  preparation 

All  materials  were  used  without  further  purification.  Fe(CO)5,  platinum  acetyl acetonate, 
octyl  ether,  oleic  acid  and  oleylamine  were  purchased  from  Aldrich.  Hexane  and  octane  were 
purchased  from  Fisher  Scientific. 

FcPl  nanocrystals  were  processed  by  simultaneous  thermal  decomposition  of  Fe(CO)5  and 
reduction  of  platinum  acetylacetonate,  Pt(acac)2,  in  octyl  ether,  following  Sun’s  procedure  [16]. 
The  panicles  were  dispersed  in  a  50/50  mixture  of  hexane  and  octane,  then  dropped  onto  carbon- 
coated  TEM  grids,  Si02  coated  TEM  grids  or  Si3N4  membrane  window  TEM  grids.  The  solvent 
was  allowed  to  evaporate.  Samples  were  annealed  under  vacuum  (<1  x  10  torr)  at  500°C, 
600°C  or  700°C  for  30  minutes.  Samples  assembled  and  annealed  on  SiOs/SKlOO)  wafer  were 
also  prepared  for  EDS,  XPS,  X-ray  diffraction  &  scattering,  and  magnetic  measurements. 

Characterization 


Wide  angle  X-ray  diffraction  (XRD)  data  were  acquired  on  Rigaku  D/MAX-2BX  Horizontal 
XRD  Thin  Film  Diffractometer.  The  small  angle  X-ray  scattering  (SAXS)  data  from  0.2  to  5° 
(20)  were  collected  on  Philips  X’Pert  system  X-ray  diffractometer  using  Cu  Ka  radiation  and  by 
activating  beam  attenuator  Ni  0.125  mm  (factor  151.00).  A  graded  parabolic  focusing  mirror 
was  utilized  to  iransfoiTn  a  divergent  X-ray  beam  into  a  quasi-parallel  yet  intensive  incident 
beam  with  angular  divergence  of  about  0.05°.  Transmission  electron  microscopy  (TEM) 
microphotographs  were  carried  out  on  a  Hitachi  8000  electron  microscope  operating  at  200  kV. 
Energy  disperse  spectroscopy  (EDS)  were  obtained  with  a  Philips  model  XL  30  scanning 
electron  microscope  equipped  with  EDS.  Chemical  analysis  was  carried  out  with  Kratos  Axis 
165  XPS/Augcr  system.  Magnetic  measurement  was  obtained  with  Princeton  Micromag™  2900 
alternating  gradient  magnetometor  (AGM). 

RESULTS  AND  DISCUSSIONS 

Ordered  self-assembling  of  as-prepared  FePt  nanocrystals 

Figure  1  (a-d)  shows  the  ordered  monolayer  of  FePt  nanoparticles  on  different  kinds  of  TEM 
grids.  The  size  distribution  of  FePt  nanoparticleswere  determined  from  the  TEM  image.  The 
average  diameter  was  3  nm  with  a  polydispersity  of  <5%.  Magnetic  measurement  shows  that 
these  FePt  nanoparticles  were  superparamagnetic.  In  general,  FePt  nanoparticles  tended  to  self- 
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assemble  into  hexagonal  monolayers.  We  found  mutiple  hexagonal  domains  of  FePt  particles  on 
carbon-coated  TEM  grids  and  on  Si02-coated  TEM  grids.  On  Si3N4  membrane  grids  the 
hexagonal  domains  were  much  larger,  on  the  order  of  800  nm.  The  nearest  neighbor  particle 
distance  is  in  the  range  of  7.4-8.0  nm.  The  small  angle  electron  diffraction  in  the  insert  of  Fig. 
lb  shows  a  hexagonal  ring.  This  also  indicated  the  forming  of  various  small  domains  of 
hexagonal  arrays  in  different  orientations.  The  small  angle  electron  diffraction  in  the  insert  of 
Fig.  Ic  show  hexagonal-spot  pattern.  The  nearest  neighbor  particle  distance  is  7.6  nm. 
Interestingly,  when  the  concentration  of  FePt  is  too  low  to  form  a  continuous  monolayer  on 
Si3N4  membrane  TEM  grids,  FePt  nanoparticles  still  form  discontinuous  hexagonal  arrays  but  in 
almost  the  same  direction,  as  shown  in  Fig. Id.  The  carbon  and  Si02  coatings  on  TEM  Cu  grids 
are  amorphous,  while  Si3N4  membrane  is  believed  to  be  single  crystal.  The  above  evidence 
suggests  the  effect  of  substrates  on  the  forming  first  layer  self-assembling  of  nanoparticles. 


(a)  (b)  (c)  (d) 

Figure  1.  TEM  images  of  ordered  2-D  FePt  on  (a)  Si02-coated  Cu  grid,  (b)  carbon-coated  Cu 
grid,  and  (c)  &  (d)  Si3N4  membrane  TEM  grids.  The  inserts  in  (b)  and  (d)  are  small  angle 
electron  diffraction  patterns  of  samples. 

For  the  multilayer  FePt  nanoparticles  on  different  kinds  of  TEM  grids,  the  TEM  pictures 
show  that  "honeycomb"  arrays  of  FePt  on  a  carbon-coated  Cu  TEM  grid  (Fig2a)  and  wire 
superlattice  on  a  Si02-coated  Cu  TEM  grid  (Fig.  2b).  Actually,  we  also  found  "honeycomb" 
arrays  of  FePt  on  Si02-coated  Cu  grids  and  wire  arrays  on  carbon-coated  Cu  grids.  They  both 
come  from  the  hexagonal  close-packing  (HCP,  ABAB  stacking)  of  FePt.  The  honeycomb  arrays 
can  be  transformed  into  wire  array  for  HCP  structure  if  changing  the  viewing  from  the  [001]  to 
the  [211]  direction.  The  small  angle  electron  diffraction  of  "honeycomb"  FePt  structure  confirms 
the  hexagonal  stacking  with  lateral  d-spacing  of  6.56  nm,  which  is  twice  the  particle  size.  When 
the  thickness  of  multilayer  films  increase,  FePt  nanoparticles  self-assemble  into  square  array  on 
Si02-coated  Cu  grid  (Fig.  2c)  and  highly  ordered  hexagonal  arrays  on  Si3N4  membrane  TEM 
grid.  The  square  arrays  (more  exactly,  FCC  superlatice)  can  be  viewed  as  ABCABC  close¬ 
packing  of  nanoparticles  from  [111]  direction. 
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(a)  (b)  (c)  (d) 

Figure  2.  TEM  images  of  ordered  3-D  FePl  on  (a)  carbon-coated  Cu  grid,  (b)&(d)  Si02-coated 
Cu  grid,  and  (d)  Si^Na  membrane  TEM.  The  insert  in  (a)  is  small  angle  electron  diffraction 
pattern  of  sample. 

Small  angle  X-ray  scattering  (Fig.3)  reveals  the  highly  ordered  multiplayer  structure  of 
FePt/surfactants  with  periodic  thickness  of  6.2  nm  while  as-depositing  on  SiO2/Si(100)  wafer. 
The  periodic  thickness  is  also  the  d-spacing  of  nearest  neighbor  FePt  layers  [17].  Similar  to 
Ref. [18],  the  analysis  of  peak  positions  show  the  FePt  is  likely  to  be  HCP  superlattice  . 


Figure  3.  SAXS  of  ordered  FePt  multilayer  on  SiO2/Si(100)  waver. 

Mechanism  of  forming  ordered  assembled  FePt  film 

The  ordered  HCP  superlattice  formation  has  been  shown  to  apply  to  a  variety  of  materials 
when  the  nanoparticles  are  stabilized  by  surfactant  [10-16].  Molecular  dynamics  simulations 
shows  that,  without  interparticle  attraction,  monodispersed  hard  spheres  order  when  particle 
concentrations  exceed  a  critical  volume  fraction  of  0.49  [19].  In  this  case,  the  repulsion  between 
particles  must  dominate  when  particles  approach  each  other.  Entropy  is  only  the  driving  force 
for  disorder-order  phase  transitions  of  hard  spheres.  HCP  or  FCC  arrays  are  formed  because 
they  are  the  lowest  energy  state  of  stacking.  Korgel’s  model  shows  that  the  balance  between  the 
inteiparticle  attraction  and  the  attraction  between  particles  and  the  substrate  (which  can  be  tuned 
by  solvent  polarity)  determines  film  structure,  especially  thickness  while  permitting 
nanoparticles  to  .self-assemble  into  a  HCP  structure  [20]. 

The  attractive  capillary  force  might  be  the  main  factor  governing  the  ordering.  It  is  reported 
that,  for  micro-size  latex  particles,  HCP  superlattice  start  to  form  when  the  thickness  of  the 
solvent  layer  approach  the  particle  diameter  during  evaporation  [21]. 


Effects  of  Annealing  Temperature  on  FePt 


Table  I  shows  the  temperature  effect  on  the  phase  transformation,  sintering  and  magnetic 
properties  of  FePt.  When  the  annealing  temperature  increase  to  500°C,  FePt  nanoparticles  began 
to  transform  from  fee  to  tetragonal.  The  order  parameter,  S,  was  determined  from  the  ratio  of  the 
c  axis  to  the  a  axis  lattice  parameters  as  measured  from  x-ray  diffraction.  Increasing  the 
annealing  temperature  increased  the  ordering  parameter  and  the  coercivity.  The  grain  size  was 
determined  from  the  linewidth  of  the  x-ray  diffraction  peaks.  In  our  hands  annealing  the  FePt 
articles  resulted  in  significant  increases  in  grains  size. 


Table  I.  Effect  of  annealing  temperature  on  the  crystallite  size,  ordering  parameter,  and 
magnetic  properties  of  FePt  films  on  silicon. _ 


Annealing  Temperature  ("^C) 

Ordering  parameter,  S 

Grain  Size  (nm) 

Coercivity  (Oe) 

500 

0.22 

3.0 

3970 

600 

0.52 

7.6 

6500 

700 

0.88 

16.0 

<  11600* 

S=(l-(c/a))/(l-0.961) 

*  minor  loop 

XPS  depth  profile  of  FePt  shows  that  after  vacuum  annealing  at  bOO^C  for  30  minutes,  iron  is 
mostly  in  Fe  (+2)  state  at  the  surface  of  FePt  film,  and  in  Fe  (0)  state  in  the  bulk  of  the  film. 
Platinum  is  in  the  metallic  Pt  (0)  state  through  all  the  film.  Fe  and  Pt  never  react  with  Si  to  form 
silicided  FePt  film  even  after  annealing  at  700°C. 

CONCLUSIONS 

For  monolayer  deposition,  the  as-deposited  FePt  tend  to  assembly  into  small  domains  of 
hexagonal  arrangements  nanoparticles  on  amorphous  carbon-coated  and  Si02-coated  Cu  grids, 
while  forming  larger  single  domain  of  hexagonal  arrangement  on  Si3N4  membrane.  For  the  thin 
multilayer,  the  FePt  nanoparticles  tends  to  assembly  into  HCP  (ABABAB  stacking)  on  TEM 
grids  (either  carbon  or  Si02-coated).  For  the  thick  multilayer,  FePt  tends  to  form  ABCABC 
close  packing  on  TEM  grids.  Small  angle  X-ray  scattering  of  as-deposited  FePt  on  Si  (100) 
substrate  show  highly  ordered  multiplayer  structure  with  d-spacing  of  6.2  nm  between  layers. 

The  coercivity  of  self-assembled  FePt  film  strongly  depends  on  the  annealing  temperature.  After 
annealed  at  700  "C  for  30  minutes,  88%  of  FePt  nanocrystal  transform  from  FCC  to  “FCT” 
phase,  and  the  coercivity  of  film  increase  up  to  1 1570  Oe  with  the  squareness  of  0.70.  However, 
The  particle  size  increase  to  1 6  nm  due  to  sintering.  Processing  high  coercivity  FePt  film 
without  significant  sintering  is  the  priority  of  our  future  work. 
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ABSTRACT 

Mechanical  milling  provides  a  unique  means  of  studying  the  influence  of  grain  size  and 
disorder  on  the  magnetic  properties  of  nanostructured  alloys.  This  paper  compares  the  role  of 
milling  in  the  nanostructure  evolution  of  two  ferromagnets  -  SmCo5  and  GdAL  -  and  the 
subsequent  impact  of  nanostructure  on  magnetic  properties  and  phase  transitions.  The 
ferromagnetic  properties  of  SmCos  are  enhanced  by  short  (<  2  hours)  milling  times,  producing 
up  to  an  eight-fold  increase  in  coercivity  and  high  remanence  ratios.  The  coercivity  increase  is 
attributed  to  defect  formation  and  strain.  Additional  milling  increases  the  disorder  and  produces 
a  mix  of  ferromagnetic  and  antiferromagnetic  interactions  that  form  a  magnetically  glassy  phase. 
GdAL,  which  changes  from  ferromagnetic  in  its  crystalline  form  to  spin-glass-like  in  its 
amorphous  form,  is  a  model  system  for  studying  the  dependence  of  magnetically  glassy  behavior 
on  grain  size  and  disorder.  Nanostructured  GdAL  with  a  mean  grain  size  of  8  nm  shows  a 
combination  of  ferromagnetic  and  magnetically  glassy  behavior,  in  contrast  to  previous  studies 
of  nanostructured  GdAL  with  a  grain  size  of  20  nm  that  show  only  spin-glass-like  behavior. 

INTRODUCTION 

Mechanical  milling  is  a  high-energy  deformation  process  that  progressively  introduces 
defect  structures  (dislocations  and  vacancies),  atomic-scale  chemical  disorder  and  elastic  strain 
energy  into  the  initially  crystalline  starting  powders  through  the  shearing  actions  of  ball-powder 
collisions  [1,2].  Mechanical  milling  can  be  used  to  produce  a  variety  of  effects  in  intermetallic 
alloys  due  to  the  complex  dependence  of  the  nanostructure  on  milling  intensity,  temperature,  and 
other  factors  [3].  The  magnetic  properties  of  a  nanostructure  depend  on  the  intrinsic  material 
properties,  but  also  on  grain  size  and  grain  size  distribution,  the  magnetic  character  of  the 
interphase  (the  region  between  grains),  and  the  intergrain  magnetic  coupling.  The  challenge  is  to 
separate  the  different  contributions  to  the  overall  magnetic  properties  by  carefully  controlling 
and  characterizing  nanostructure.  The  versatility  of  mechanical  milling  makes  it  a  valuable  tool 
for  altering  a  material’s  structure  and  thus  improving  our  understanding  of  correlations  between 
nanostructure  and  magnetism. 
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This  paper  compares  the  magnetic  behavior  of  two  mechanically  milled  alloys.  SmCos  and 
GdAb  are  both  ferromagnetic  in  their  crystalline  state.  The  goal  of  this  paper  is  to  understand 
how  the  nanostructure  produced  by  mechanical  milling  affects  the  ferromagnetism  and,  in 
particular,  how  milling  can  induce  a  change  in  magnetic  ordering  from  ferromagnetic  to  spin- 
glass-likc.  The  first  section  of  this  paper  details  sample  fabrication  and  the  characterization 
techniques  used  to  determine  the  nanostructure  of  the  samples.  Magnetic  measurements  are 
described  in  the  second  section  of  the  paper  and  followed  by  a  discussion  of  the  correlations 
between  nanostructure  and  magnetic  properties. 

EXPERIMENTAL  DETAILS 

Sample  fabrication 

Commercially  purchased  SmCo.5  powder  (-100  mesh)  was  handled  exclusively  in  an  argon- 
filled  glove  box  to  prevent  oxidation.  Milling  was  performed  in  a  hermetically  sealed  tungsten- 
carbide-lincd  vial  in  a  SPEX  8000  mixer/mill  with  a  3:1  ball-to-powder  mass  ratio.  The  three 
milling  balls  were  also  made  of  tungsten  carbide.  Milling  was  stopped  every  15  minutes  for  the 
first  two  hours  and  every  hour  thereafter  to  remove  a  small  amount  of  powder  for  x-ray 
diffraction  and  magnetic  measurements,  and  to  break  up  powder  clumps.  Milling  continued  for  a 
total  of  30  hours  in  fifteen-minute  intervals.  Fifteen-minute  rest  periods  between  milling 
segments  were  used  to  minimize  heating. 

The  starting  GdAl2  bulk  sample  was  formed  by  arc  melting  Gd  (99.9%)  and  A1  (99.999%) 
shot  in  an  argon  atmosphere.  The  bulk  sample  was  ground  to  a  powder,  then  annealed  at  800°C 
for  48  hours  in  a  vacuum  of  ~10'^  torn  Milling  was  perfonried  in  a  tungsten-carbide-lined  vial  in 
a  SPEX  8000  mixer/mill  for  times  up  to  400  hours.  A  one-to-one  ball-to-powder  mass  ratio  was 
used  with  one  tungsten-carbide  ball.  As  with  the  SmCoj,  all  milling  and  handling  was  performed 
in  an  argon  atmosphere  to  minimize  contamination  and  the  sample  was  milled  in  fifteen-minute 
increments  with  fifteen-minute  breaks  to  minimize  heating. 

Structural  and  magnetic  measurements 


X-ray  diffraction  patterns  were  obtained  using  a  D-Max-B  Rigaku  diffractometer  with  Cu- 
Ka  radiation.  Bright-field  transmission  electron  micrographs  were  taken  using  a  200  kV  JEOL 
2010  high-resolution  microscope.  Sample  preparation  for  the  SmCos  consisted  of  encapsulating 
milled  powder  in  a  room-temperature-cured  epoxy  and  microtoming  with  a  diamond  knife  to  a 
thickness  of  approximately  100  nm.  GdAb  powders  were  ultrasonicated  in  isopropanol  and 
deposited  on  a  carbon-coated  Cu  TEM  grid. 

Samples  for  magnetic  measurements  were  loaded  in  paraffin-filled  polyethylene  bags  in  the 
glove  box  and  sealed.  The  paraffin  was  melted  to  immobilize  the  randomly  oriented  powder 
particles  during  measurement.  The  polyethylene  bags  also  protected  the  samples  from  oxidation 
during  the  transfer  from  the  glovebox  to  the  magnetometers.  The  coercivity  (He)  and  remanence 
ratio  (M,/Ms,  where  Mr  is  the  remanence  ratio  and  M,  is  the  saturation  magnetization)  of  the 
SmCos  were  extracted  from  room  temperature  hysteresis  loops. 

Temperature-dependent  magnetization  measurements  of  SmCos  and  GdAE  were  made  at 
fields  from  100  Oe  to  500  Oe  using  a  Quantum  Design  MPMS  SQUID  magnetometer.  The  zero- 
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field-cooled  (ZFC)  magnetization  was  measured  by  cooling  the  sample  to  5  K  with  no  applied 
field,  stabilizing  the  temperature,  then  applying  the  field  and  measuring  as  the  temperature  was 
increased  to  300  K.  The  field-cooled  (FC)  magnetization  was  measured  by  apply  the  measuring 
field  at  300  K  and  taking  data  as  the  sample  was  cooled. 

Low-field  magnetization  measurements  of  GdAli  from  1  Oe  to  100  Oe  were  made  using  a 
Quantum  Design  MPMS  XL7  SQUID  magnetometer  with  a  magnet-reset  option.  The  same 
procedure  was  used  to  measure  the  ZFC  and  FC  magnetizations  at  low  field,  except  that  the 
sample  was  held  at  or  above  250  K  and  the  magnet  quenched  to  reduce  the  residual  field  to 
<  0.5  Oe  before  cooling  to  5  K  and  making  FC  and  ZFC  measurements  as  described  above. 

DISCUSSION 

Evolution  of  the  nanostructure 


Figures  la  and  lb  show  the  changes  in  the  x-ray  diffraction  patterns  with  milling  time  for 
SmCo5  and  GdAl2.  The  initial  material  in  both  cases  has  fairly  sharp  x-ray  diffraction  peaks  at 
the  same  Bragg  angles  as  those  expected  for  the  bulk  materials.  The  annealing  of  the  GdA^ 
prior  to  milling  produces  a  much  larger  starting  grain  size  and  the  diffraction  peaks  are 
correspondingly  sharper.  As  milling  time  increases,  the  diffraction  peaks  of  both  materials 
become  increasingly  broad  and  diffuse,  indicating  grain  refinement  and  disordering  of  the  alloy. 

The  (110)  SmCos  diffraction  peak  was  Fourier  decomposed  and  compared  to  a  LaBe 
standard  to  remove  instrumental  broadening  and  contributions  from  the  Ka2  doublet  [4].  A 
single-profile  analysis  that  separates  linewidth  broadening  due  to  microstrain  from  broadening 
due  to  grain  size  was  applied  to  extract  the  coherent  diffracting  crystallite  size  (DCS)  and  root- 
mean-squared  microstrain  [5].  The  GdAl2  data  were  analyzed  using  an  integral -breadth 
technique  after  the  Ko(2  contributions  were  removed  from  the  (1 1 1)  diffraction  peak. 


20  (degrees) 

Figure  1.  X-ray  diffraction  patterns  for  a)  SmCos  and  b)  GdAU  as  functions  of  milling  time. 
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Figure  2  shows  the  DCSs  as  functions  of  milling  time  for  the  SmCos  and  GdAb.  The 
SmCos  grain  size  rapidly  decreases  from  20  nm  to  ~5  nm  after  only  4  hours  of  milling  [6].  The 
GdAb  also  experiences  rapid  reduction  from  its  initial  grain  size  of  90  nm,  but  takes 
considerably  longer  time  to  reach  its  final  mean  grain  size  of  ~8  nm.  The  minimum  attainable 
grain  size  depends  on  the  melting  temperature  of  the  material;  however,  milling  intensity  and 
temperature  also  play  important  roles  in  determining  the  final  grain  size  [7].  The  structures 
presented  arc  the  results  for  two  specific  sets  of  processing  parameters.  Fabrication  parameters 
can  be  vai’ied  to  produce  other  nanostructures. 

Transmission  electron  microscopy  (TEM)  was  performed  to  further  investigate  the  effects  of 
milling  on  the  moiphology.  TEM  shows  that  the  milled  powder  particles  are  close  to  spherical  in 
shape,  with  a  distribution  of  particle  sizes.  Figure  3  shows  particle-size  distributions  from  GdAb 
milled  for  300  hours  and  400  hours.  The  mean  grain  size  obtained  from  x-ray  diffraction 
measurements  remains  constant  over  this  range  of  milling  times,  and  agrees  well  with  the  mean 
grain  size  obtained  from  the  TEM  measurements.  Note  that  the  sample  preparation  technique  for 
the  TEM  grain-sizc-distribution  measurement  eliminates  very  large  particles,  so  the  possibility  of 
there  being  larger  singlc-or  multi-grain  particles  remains. 
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Figure  2:  The  dependence  of  coherent  diffracting  crystallite  size  (DCS)  on  milling  time  for 
a)  SmCo5  and  b)  GdAb. 


Figure  3:  Particle  size  distribution  for  GdAb  milled  for  a)  300  hours  and  b)  400  hours.  The 
mean  grain  size  obtained  from  x-ray  diffraction  measurements  is  8  nm  for  both  samples. 
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Magnetic  properties 


Milling  time  is  in  general  not  a  robust  parameter  for  characterizing  nanostructure  due  to  the 
complex  dependence  of  nanostructure  on  milling  intensity,  temperature,  and  other  factors; 
however,  SmCos  grains  are  refined  to  the  limits  within  which  a  grain  size  can  be  obtained  from 
x-ray  diffraction  within  the  first  four  hours  of  milling.  We  therefore  must  settle  for 
parameterizing  these  data  in  terms  of  milling  time. 

Figure  4  shows  the  dependence  of  the  coercivity  He  and  the  remanence  ratio  MrA^s  on 
milling  time  for  SmCo5.  The  dependence  of  the  coercivity  on  milling  time  appears  similar  to 
that  expected  for  particles  passing  from  multi-domain  to  single  domain  and  finally  to 
superparamagnetic  sizes;  however,  the  grain  size  changes  from  20  nm  to  4  nm  during  the  period 
of  greatest  change  in  the  magnetic  properties. 

Aging  studies  were  used  to  probe  the  origin  of  the  enhanced  coercivity.  The  coercivity  of 
SmCos  milled  for  2  hours  decreases  by  a  factor  of  two  over  the  two-week  period  immediately 
following  the  milling  [8].  Measurements  of  the  same  samples  were  made  every  48  hours  for  two 
weeks,  with  the  samples  stored  in  an  Ar-filled  glove  box  at  room  temperature  in  between 
measurements.  The  coercivity  was  constant  after  two  weeks  of  aging.  No  changes  in  grain  size 
were  observed  using  x-ray  diffraction;  however,  the  diffraction  peak  positions  shifted  slightly 
toward  higher  angles  as  the  samples  aged.  The  large  coercivity  change  at  constant  grain  size 
eliminates  grain  size  effects  as  the  source  of  the  enhanced  coercivity.  The  shift  in  diffraction 
peak  positions  suggests  that  defects  and  strain  play  a  large  role  in  the  magnetic  properties.  We 
attribute  the  increase  in  coercivity  to  the  milling-induced  defects  and/or  strain,  which  are 
metastable  enough  to  be  removed  by  room  temperature  annealing.  The  saturation  magnetization 
decreased  by  only  0.1%  during  this  time,  so  the  coercivity  decrease  is  not  attributable  to 
oxidation. 

Figure  4  shows  that  the  coercivity  increases  only  during  the  first  two  hours  of  milling. 
Samples  milled  for  longer  times  show  lower  coercivities  and  remanence  ratios,  although  the 
remanence  ratio  remains  above  0.5  for  all  milling  times. 


Figure  4.  The  dependence  of  a)  the  coercivity  (Hj.)  and  b)  the  remanence  ratio  (Mr/Ms)  on 
milling  time  for  SmCos. 
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Irreversibility  between  the  field-cooled  (FC)  and  zero-field-cooled  (ZFC)  low-field 
magnetizations  increases  as  milling  time  increases.  Figure  5  shows  the  magnetization  at  100  Oe 
for  SmCos  milled  for  4  hours  (top)  and  15  hours  (bottom).  FC  and  ZFC  magnetizations  obey  a 
behavior  after  4  hours  of  milling;  however,  the  sample  milled  for  15  hours  shows  a  departure 
from  the  behavior  at  lower  temperatures,  and  irreversibility  between  the  FC  and  ZFC 
magnetizations.  Subtracting  the  behavior  shows  that  the  remaining  magnetization  has  a 
broad  peak  at  low  temperatures.  Small  cobalt  clusters  form  for  milling  times  greater  than  20 
hours,  which  prevents  further  inve.stigation  of  the  magnetically  glassy  phase. 

Monitoring  a  paramagnet/ferromagnet  or  paramagnet/magnetic-glass  transition  in  a  high- 
Curie-temperature  material  such  as  SmCos  (T,.  -1000  K)  is  difficult  because  measurement  at 
high  temperatures  would  significantly  change  the  nanostructure.  GdAb  is  a  ferromagnet  in  its 
cry.stalline  phase  and  shows  spin-glass-like  behavior  when  amorphous.  Tlie  lower  Curie 
temperature  (T,  -  175  K)  allows  investigation  of  the  paramagnet/ferromagnet  transition  without 
any  temperature-induced  nanostructure  changes. 

Earlier  measurements  of  mechanically  milled  GdAl2  showed  irreversibility  between  the  FC 
and  ZFC  magnetizations,  and  a  broad  peak  spin-glass-like  peak;  however,  the  peak  temperature 
occurs  near  60  K  instead  of  the  16  K  freezing  temperature  found  in  amorphous  GdAE  films 
[9,10].  Figure  6  shows  the  GdAE  zero-field-cooled  magnetization  at  100  Oe  for  milling  times  up 
to  80  hours.  Unmilled  GdAlo  shows  the  characteristic  ferromagnetic  behavior.  The  transition 
lessens  in  magnitude  and  a  broad  peak  near  45  K  appears  after  3  hours  of  milling.  The  peak 
continues  to  broaden  and  shifts  to  -  50  K  after  80  hours  of  milling. 


Figure  5.  The  field-cooled  (FC)  and  zero-field-cooled  (ZFC)  magnetizations  measured  at  100 
Oe  for  SmC05  milled  for  a)  4  hours  and  b)  15  hours.  The  FC  magnetization  is  represented  by 
open  symbols  and  the  ZFC  magnetization  is  represented  by  solid  symbols.  The  inset  shows  the 
FC  and  ZFC  magnetizations  for  the  15-hour  milled  sample  with  the  T^^^  behavior  removed. 
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Figure  2b  shows  that  the  GdAh  reaches  its  final  grain  size  of  8  nm  after  40  hours  of  milling; 
however,  the  magnetic  properties  continue  to  change  with  additional  milling,  despite  the  lack  of 
further  grain  reduction.  This  indicates  that  disordering  is  the  dominant  effect  of  extended 
milling.  Although  the  data  in  Figure  6  appear  to  show  that  ferromagnetism  has  disappeared  by 
80  hours  of  milling,  measurements  at  lower  fields  reveal  residual  ferromagnetism.  Figure  7 
shows  the  FC  and  ZFC  magnetizations  in  a  field  of  5  Oe  for  samples  milled  for  200  h  and  300  h. 
The  position  of  the  peak  measured  in  a  field  of  5  Oe  occurs  at  the  same  temperature  as  the 
measurements  at  100  Oe,  in  contrast  to  earlier  reports  [9,10].  As  in  the  case  of  SmCos, 
ferromagnetic  and  spin-glass-like  behaviors  are  observed,  although  the  ferromagnetic  component 
in  GdAh  is  weaker.  The  magnitude  of  the  magnetization  for  the  300  h  data  is  larger  than  for  the 
200  h  data,  which  suggests  that  the  proportion  of  the  sample  in  the  spin-glass-like  phase 


Figure  6.  The  dependence  of  the  magnetization  on  the  milling  time  for  GdAlz.  All  data  were 
taken  in  a  field  of  100  Oe  in  the  ZFC  configuration. 
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Figure  7,  The  dependence  of  the  magnetization  at  5  Oe  on  the  milling  time  for  GdA^  milled  for 
200  h  (squares)  and  300  h  (eircles).  The  ZFC  data  are  represented  by  solid  symbols  and  the  FC 
data  by  open  symbols. 
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increases  with  milling  time.  The  observed  behavior  differs  from  canonical  spin-glass  behavior  in 
that  the  separation  between  the  FC  and  ZFC  curves  occurs  at  a  much  higher  temperature  than  the 
peak  temperature,  and  that  the  FC  magnetization  displays  a  large  offset  relative  to  the  ZFC 
magnetization.  Lower-field  measurements  indicate  that  the  separation  point  between  the  FC  and 
ZFC  curves  shown  near  120  K  in  Figure  7  is  actually  coincident  with  a  second  magnetic 
transition.  The  ZFC  magnetization  at  1  Oe  for  300-hour  milled  GdAL  (Figure  8)  shows  the 
presence  of  the  second  magnetic  transition  more  clearly. 


The  relationship  between  nanostructure  and  magnetism 


The  magnetic  properties  of  our  mechanically  milled  GdAL  are  different  than  those  observed 
by  Zhou  and  Bakker  (ZB)  [9,10];  however,  the  physical  origins  of  the  magnetically  glassy 
behavior  can  be  elucidated  by  investigating  how  differences  in  nanostructure  affect  magnetic 
properties.  Mechanical  milling  of  GdAL  has  two  primary  effects:  the  introduction  of  quadruple- 
defect  disorder  and  grain  refinement.  Quadruple-defect  disorder  results  from  the  large  difference 
between  the  sizes  of  Gd  and  A1  atoms,  which  allows  A1  to  substitute  on  the  Gd  sublattice,  but 
prevents  Gd  from  substituting  on  the  A1  lattice.  ZB  used  low-intensity  milling  and  started  with  a 
grain  size  of  about  45  nm,  while  our  experiment  used  high-intensity  milling  and  a  larger  starting 
grain  size  of  about  90  nm.  The  milling  intensity  and  degree  of  disorder  of  the  starting  materials 
can  significantly  affect  the  nanostructure  of  the  final  material  and  thus  its  magnetic  properties. 
The  volume  ratio  of  crystalline  to  amorphous  phases,  and  the  degree  of  disorder  within  and  at  the 
surface  of  the  grains  also  play  important  roles  in  determining  magnetic  properties.  Our  results 
underscore  the  sensitivity  of  magnetic  properties  to  nanostructure. 

The  initial  stages  of  milling  produce  an  exponential  decrease  in  the  crystallite  size,  along 
with  the  introduction  of  small  amounts  of  disorder.  The  decrease  of  the  Curie  temperature  with 
milling  time  could  indicate  finite  size  effects  on  the  Curie  temperature  due  to  grain  refinement, 
and/or  the  effect  of  disorder  weakening  the  Gd-Gd  exchange.  Once  the  grain  size  has  reached  its 
minimum  value,  the  dominant  effect  of  continued  milling  is  to  increase  disorder.  This  is 
consistent  with  changes  in  the  magnetic  properties  that  are  observed  after  the  mean  grain  size  has 
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Figure  8.  The  magnetization  of  GdAL  after  300  hours  of  milling  in  a  measuring  field  of  1  Oe. 
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ZB’s  GdAl2  ‘spin-glass’  sample  has  a  mean  grain  size  of  20  nm.  The  majority  of  the  atoms 
are  in  the  bulk,  which  suggests  that  the  broad  peak  in  the  ZFC  magnetization  is  characteristic  of 
grains  of  disordered  GdAF.  Finite-size  effects  are  not  expected  to  be  significant  at  a  grain  size 
of  21  nm.  ZB  observe  a  feature  in  the  ZFC  magnetization  near  1 6  K  -  the  temperature  at  which 
amorphous  GdAF  shows  a  freezing  transition.  Although  ZB  do  not  address  this  feature 
specifically,  it  is  likely  that  some  significantly  amorphized  material  is  present. 

Although  our  nanostructured  GdAl2,  with  a  final  mean  grain  size  of  8  nm,  has  a  much  larger 
fraction  of  atoms  on  surfaces  or  interfaces,  ferromagnetic  interactions  remain  dominant  enough 
to  produce  a  strong  ferromagnetic  transition,  albeit  with  a  lower  Curie  temperature  than  the  bulk. 
Additional  investigation  of  the  effect  of  milling  parameters  on  the  final  nanostructure  is 
underway  so  as  to  produce  a  sample  free  of  ferromagnetic  effects. 

Modder  and  Bakker  found  a  combination  of  magnetically  glassy  and  ferromagnetic  behavior 
in  mechanically  milled  Gdlr2  with  a  grain  size  of  ~10  nm  [1 1].  Gd  and  Ir  are  much  closer  in 
atomic  diameter  than  Gd  and  Al,  Gd  can  be  transferred  to  the  Ir  sublattice  and  vice-versa. 
Ferromagnetic  and  spin-glass-like  transitions  (at  150  K  and  20  K)  are  observed  in  mechanically 
milled  Gdlr2.  Modder  and  Bakker  call  this  a  re-entrant  spin  glass;  however,  it  is  more  likely  that 
their  nanostructured  Gdlr2  is  a  two-phase  system,  with  one  phase  responsible  for  the 
ferromagnetic  behavior  and  one  responsible  for  the  spin-glass-like  behavior.  The  role  of  the 
non-magnetic  element  in  mediating  Gd-Gd  coupling  was  cited  by  Modder  and  Bakker  as 
important  in  explaining  the  differences  in  the  magnetic  properties  of  Gdlr2  and  GdAl2.  Our 
results  show  that  it  is  possible  to  obtain  two-phase  behavior  similar  to  that  found  in  Gdlr2  in 
GdAF  with  the  appropriate  nanostructure. 

The  degree  of  long-range  order  appears  to  be  critical  to  the  observation  and  temperature  of 
the  peak  in  the  ZFC  magnetization.  Magnetic  and  structural  measurements  of  GdAl2  thin  films 
indicate  the  presence  of  ferromagnetic  order  on  a  length  scale  of  2-4  nm  [12].  The  observed  16 
K  freezing  temperature  of  GdAh  films  may  be  due  to  coupled  ferromagnetic  regions  with 
random  orientation.  Rettori,  et  al.  found  that  Gd  can  induce  significant  random  anisotropy 
effects  [13].  Amorphous  GdxAlj.x  is  spin-glass-like  for  x  <  0.4  and  ferromagnetic  for  0.56  <  x  < 
0.8 1 .  A  peak  in  the  susceptibility  for  0.4  <  x  <0.56  is  observed  in  low-field  measurements; 
however,  the  same  samples  showed  ferromagnetic  behavior  in  high-field  measurements  [14]. 

The  observation  of  different  behaviors  in  the  same  sample  can  be  clarified  by  Figures  7  and  8. 
The  components  in  the  two-phase  system  respond  differently  to  the  magnetic  field.  The  relative 
amounts  of  each  phase,  the  measuring  field  and  the  temperature  determine  whether 
feiTomagnetic  or  spin-glass-like  responses  dominate  the  magnetization.  Mechanically  alloyed 
Agy.sGdj  has  a  spin-glass-like  peak  was  observed  near  5K  that  is  attributed  to  interacting 
ferromagnetic  Gd  clusters  with  diameters  on  the  order  of  a  few  nanometers  [15].  These 
observations  suggest  that  sample  homogeneity  and  its  effect  on  short-range  magnetic  order  is 
critical  to  understanding  the  nature  of  magnetic  ordering  in  glassy  materials. 

CONCLUSIONS 


The  properties  of  nanostructured  ferromagnetic  alloys  change  significantly  with  grain  size 
and  the  amount  of  disorder  introduced  during  mechanical  milling.  This  sensitive  dependence 
may  be  taken  advantage  of  to  explore  the  relative  importance  of  grain  size  and  disorder  in 
determining  magnetic  properties.  SmCos  exhibits  enhanced  coercivities  and  large  remanence 
ratios  when  milled  for  short  periods  of  time.  The  coercivity  increase  is  attributed  to  the 
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formation  of  defects  and  increased  strain,  which  can  be  removed  by  room  temperature  annealing. 
Continued  milling  produces  irreversibility  between  field-cooled  and  zero-field  cooled 
magnetizations  at  low  fields,  along  with  the  appearance  of  a  broad  peak  at  low  temperatures. 
Cobalt  clustering  results  from  extended  milling,  effectively  limiting  investigation  of  the  phase 
responsible  for  the  magnetically  glassy  behavior. 

GdAb  has  a  lower  Curie  temperature  (175  K)  and  undergoes  a  spin-glass-like  transition  in 
the  amorphous  phase,  making  it  an  ideal  system  in  which  to  study  the  origins  of  magnetically 
glassy  behavior.  High-intensity  milling  was  used  to  produce  nanostructured  GdAb  with  a  mean 
grain  size  of  8  nm.  Magnetic  measurements  showed  the  presence  of  a  ferromagnetic  transition  at 
120  K  and  a  broad  peak  at  50  K.  The  effect  of  disorder  and  intergrain  interactions  must  be 
investigated  to  determine  whether  the  broad  peaks  observed  in  nanostructured  ferromagnets  are 
truly  indicative  of  spin-glass-like  transitions. 
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ABSTRACT 

Electrochemical  deposition  of  FeCo  alloys  with  1 : 1  atomic  ratio  has  proved  difficult  due  to 
cracking  from  high  stress.  By  using  a  sulfamate  electrolyte  and  optimizing  other  deposition 
parameters,  we  successfully  electrodeposited  high  quality  FeCo  films  of  20-25  pm  in  thickness 
and  7  mm  in  diameter.  Using  a  suspension  of  hard  oxide  nanoparticles  (25  nm  Ti02)  in  the 
electrolyte,  we  produced  oxide-dispersion-strengthened  FeCo/Ti02  nanocomposite  films  with 
large  grains.  Enhanced  strength  was  observed  from  these  nanocomposites  relative  to  pure  FeCo 
alloys  as  detemiined  from  Knoop  hardness  measurements.  In  order  to  further  improve  the 
ductility  of  the  alloys,  vanadium  has  been  codeposited  with  FeCo.  Some  preliminary  results  of 
FeCoV  alloy  deposition  are  reported. 

INTRODUCTION 

Iron-cobalt  alloys  near  the  equiatomic  composition  have  superior  soft  magnetic  properties 
with  a  very  high  saturation  magnetization  (24  kG),  high  permeability  at  high  magnetic  flux 
density,  and  low  D.C.  coercivity.  In  the  field  of  micro-devices,  such  as  hard  disk  drives,  micro¬ 
actuators  and  micro-inductors,  thin  film  deposition  processes  have  to  be  developed  to  generate 
desirable  magnetic  materials.  Electrochemical  deposition  is  an  important  processing  technology 
for  microfabrication  due  to  its  low  cost,  high  yield,  low  energy  requirements,  and  capability  for 
generating  high-aspect-ratio  features.  However,  electrochemical  deposition  of  FeCo  alloys  has 
been  problematic  over  the  years. 

Bulk  FeCo  alloys  are  primarily  used  in  the  manufacture  of  rotor  and  stator  laminations  in 
motors  and  generators  for  aircraft  power  generation  applications.  The  inferior  mechanical 
properties  of  these  alloys,  including  low  yield  strength,  low  creep  resistance,  and  poor  ductility, 
inhibit  many  applications.  Oxide  dispersion  strengthening  can  improve  both  yield  strength  and 
creep  resistance.  We  have  utilized  electrochemical  codeposition  from  an  electrolyte  containing  a 
suspension  of  Ti02  particles  (25  nm  in  diameter)  to  produce  oxide  dispersion  strengthened 
FeCo/Ti02  nanocomposites.  Large  grain  sizes  of  the  order  of  10  pm  were  observed  for  all  these 
FeCo/TiOz  films.  Composition,  hardness  and  magnetic  properties  were  tested  for  these  films. 

EXPERIMENTAL 

FeCo  alloy  films  were  deposited  from  an  aqueous  sulfamate  solution  of  0.75  M  cobalt 
sulfamate  (IMC  Americhcm)  -t-  0.5  M  iron(II)  sulfamate  (Strem  Chemicals)  +  0.4  M  boric  acid  -t- 
0.25  M  sodium  chloride  ■+•  0.025  M  sodium  borate  +  0.025  M  vitamin  C  -f  1  g/1  saccharine  +  0.5 
vol.%  aerosol  DPOS  45  surfactant  (Cytec  Industries)  +  0.4  mM  ammonium  metavanadate.  A 
small  amount  of  vanadium  was  added  to  enhance  the  ductility  of  the  alloy.  Although  no 
vanadium  was  detected  in  the  deposited  films  (the  detection  limit  of  wavelength  dispersive 
spectroscopy  (WDS)  was  0.1  wt.%),  it  was  found  that  this  solution  produced  more  ductile  films 
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than  films  produced  from  the  vanadium-free  electrolyte.  The  pH  of  the  solution  was  about  4. 
After  preparation  the  solution  was  kept  under  a  nitrogen  atmosphere  at  all  times.  The  bath 
temperature  was  kept  at  50  °C  during  deposition.  Hiperco  FeCo50  (Fe49Co49V2  by  weight)  alloy 
from  Carpenter  Technology  Corporation  was  used  as  the  counter  electrode.  The  counter 
electrode  was  separated  from  the  working  electrode  with  glass  frit. 

25  nm  in  diameter  Ti02  particles  (Degussa  P25)  were  added  to  the  solution  to  make  0.1 
vol.%  Ti02  suspensions  for  deposition  of  FeCoA^i02  nanocomposite  films.  The  solution  was 
stirred  for  at  least  one  hour  to  make  a  stable  suspension.  The  composition  of  FeCo  and 
FeCo/Ti02  films  was  determined  by  wavelength-dispersive  spectroscopy  (WDS),  using  a  JXA- 
8600  SupcrProbc.  An  anatasc  standard  was  used  to  calibrate  the  Ti02  spectrum.  Pure  Fe,  Co 
metal  standards  were  used  for  calibration  of  Fc  and  Co  spectrums.  Knoop  hardness  was  tested  on 
all  the  films  with  a  Leco  M-400  microhardness  tester  using  a  load  of  50  g.  Magnetic  hysteresis 
loops  were  measured  using  a  vibrating  sample  magnetometer  (VSM).  Both  atomic  force 
microscopy  (AFM)  and  scanning  electron  microscopy  (SEM)  images  were  used  to  investigate 
the  micro.structure  and  morphology  of  the  films.. 

In  order  to  codeposit  more  vanadium  with  FeCo,  we  replaced  ammonium  metavanadate  (0.4 
mM)  in  the  solution  with  the  more  soluble  vanadyl  sulfate  (50  mM  VOSO4).  The  FeCoV 
deposition  solution  is  made  of  0.5M  iron  sulfamate  -1-  0.5M  cobalt  sulfamate  +  0.4  M  boric  acid  h- 
0.25  M  sodium  chloride  -1-  0.025  M  sodium  borate  +  0.025  M  vitamin  C  -f  1  g/1  saccharine  -4-  0.5 
vol.%  aerosol  DPOS  45  surfactant  (Cytcc  Industries)  +  50  mM  vanadyl  sulfate.  The  pH  was 
adjusted  to  4  with  sodium  hydroxide.  About  1  -  2  atomic  percent  of  vanadium  was  detectable 
from  energy  dispersion  x-ray  spectroscopy  (EDS)  measurements.  Hysteresis  loops  were 
measured  for  the.se  FeCoV  alloy  films. 

RESULTS  AND  DISCUSSIONS 

FeCo  alloy  deposition 

A  series  of  FeCo  alloy  films  were  deposited  at  constant  current  densities  of  -5,  -10,  -20,  -40,  - 
100,  -200,  and  -400  mA/cm^  and  at  a  rotation  rate  of  1000  ipm.  The  composition  of  FeCo  as 
determined  from  WDS  is  plotted  as  a  function  of  current  density  in  figure  1.  It  can  be  seen  that  a 
Fc  composition  close  to  50  at.%  was  achieved  between  -20  and  -40  mA/cm  .  At  highet  current 
densities,  a  Fe  composition  of  about  47  wt.%,  independent  of  current  density,  was  observed.  At 
lower  current  densities,  the  film  composition  was  strongly  dependent  on  current  density.  The 
Fc“^  to  Co^^  ratio  in  the  solution  was  2:3,  whereas  the  ratio  of  Fe  to  Co  in  the  deposits  was  about 
1 : 1  for  films  formed  at  current  densities  higher  than  -10  mA/cml  Contrary  to  what  would  be 
anticipated  from  the  equilibrium  potentials  for  the  single  Fe^VFe  and  Co^VCo  redox  couples  (Fe 
is  less  noble  than  Co),  Fe  deposition  was  much  faster  than  Co  at  those  current  densities.  Such 
anomalous  codeposition  of  Fe  and  Co  is  a  common  phenomenon  for  electrodeposition  of  iron 
group  alloys 

The  microstructurc  of  the  FeCo  films  was  studied  using  AFM.  Figure  2  shows  an  AFM 
image  of  an  as-deposited  FeCo  film  (-20  mA/cm^  1000  rpm).  The  deposited  films  were  very 
smooth  and  the  grain  size  was  about  150-250  nm  in  diameter.  Similar  submicron  grains  were 
observed  for  all  the  other  FeCo  films  deposited  between  -5  and  -400  mA/cm  . 

Magnetic  hysteresis  loops  were  measured  for  these  samples.  The  saturation  magnetization 
was  normalized  to  the  volume  of  FeCo  material  in  the  film,  which  was  calculated  from  the  total 
charge  passed  during  deposition,  the  film  composition  and  the  deposition  efficiency  for  each 
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Current  Density (mA/cm^) 


Figure  1.  FeCo  alloys 
composition  as  a  function  of 
deposition  current  density. 
Two  samples  were  made  at 
each  current  density.  The 
Fe^'^iCo^'*^  ratio  in  the 
electrolyte  was  2:3. 
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<-Figure  2.  AFM  image  of  an  as-deposited  FeCo 
film  made  at  -20  mA/cm^  and  lOOOrpm. 
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Figure  3.  Deposition  efficiencies  of  FeCo  alloys 
versus  deposition  current  density. 


current  density.  Deposition  efficiency  is  plotted  as  a  function  of  current  density  in  figure  3.  It  can 
be  seen  that  deposition  efficiency  increases  with  increasing  current  density.  Table  1  shows  the 
saturation  magnetization  and  coercivity  of  FeCo  films  together  with  the  deposition  efficiency  and 
the  film  composition, 

Knoop  hardness  tests  were  carried  out  with  a  load  of  50  g  on  films  polished  with  0.05  jam 
AI2O3  paste.  Table  1  also  shows  the  hardness  results  for  all  FeCo  films.  It  can  be  seen  that 
hardness  was  not  a  sensitive  function  of  film  composition  in  the  range  of  33  -  5 1  wt.%  Fe. 
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Table  1.  Magnetic  properties,  deposition  efficiency,  and  hardness  of  FeCo  films  deposited  at 


different  current  densities. 


Current  densitvm(mA/cm‘^) 

-5 

-10 

-20 

-40 

-100 

-200 

-400 

Fe  wt.% 

33 

38 

51 

50 

46 

47 

47 

Current  efficiency 

68% 

75% 

76% 

85% 

89% 

92% 

93% 

4jiMs  (kG) 

20.6 

21.0 

21.8 

21.1 

21,3 

21.6 

21.6 

H,  (Oc) 

33 

29 

12 

16 

6 

6 

8 

Hardness  (Gpa) 

3.1 

3.1 

3.8 

4.1 

3.1 

3.2 

3.2 

FeCo/TiO^  deposition 

A  Fe  /  Co  ratio  of  1;  I  was  achieved  for  films  deposited  at  current  densities  between  -20  and  - 
40  niA/cm^.  A  scries  of  FcCoAri02  samples  were  deposited  at  a  current  density  of  -20  mA/cm 
with  different  rotation  rates.  A  concentration  of  1  to  2  vol.%  Ti02  (25  nm  in  diameter)  in  the 
films  was  observed  for  films  deposited  from  0.1  vol.%  Ti02  solution.  The  Fe  /  Co  ratio  of  these 
films  was  lower  than  pure  FeCo  alloys  deposited  with  the  same  conditions  and  close  to  the 
electrolyte  ion  ratio.  Apparently  the  presence  of  Ti02  nanoparticles  in  the  electrolyte  inhibits  the 
anomalous  codeposition  of  Fe  and  Co  as  observed  in  the  solution  without  Ti02  particles. 

Grain  sizes  of  order  of  10  pm  were  observed  for  all  FeCo/Ti02  nanocomposite  films.  Figure 
4  shows  a  typical  SEM  image  for  an  as-deposited  FeCo/Ti02  film  deposited  at  2000  rpm  and  -20 
mA/cm^  from  0.1  vol.%  Ti02  solution.  The  average  grain  size  was  estimated  to  be  8  pm. 

The  hardness  of  the  nanocomposite  films  is  plotted  as  a  function  of  rotation  rate  in  figure  5.  It 
can  be  seen  that  hardness  increases  as  rotation  rate.  This  is  due  to  the  increasing  amount  of 
embedded  particles  in  the  films  when  the  rotation  rate  was  increased.  Similar  behavior  has  been 
reported  for  the  Ni/A^O.^  system 

The  hardness  of  the  electrodeposited  FeCo/Ti02  nanocomposites  was  compared  to  cast 
Hiperco  FeCo  alloys.  The  hardness  of  the  electrodeposited  FeCo/Ti02  (1  to  2  vol.%) 
nanocomposites  were  on  average  50%  higher  than  the  similar  grain  size  Hiperco  FeCo  alloys 
from  the  Hall-Petch  relation  reported  by  Shang  etc. 

Magnetic  hysteresis  loops  were  measured  for  all  FeCoAri02  films.  The  saturation 
magnetization  was  normalized  to  the  volume  of  FeCo  in  the  film.  Figure  6  shows  the  magnetic 
hysteresis  loops  for  a  FeCo/Ti02  nanocomposite  film  and  a  FeCo  alloy  film  with  a  similar  Fe:Co 
ratio.  The  Fe4(,Co6oAri02  film  was  made  at  -20  mA/cm^  and  1000  rpm  and  the  Fe4(.Co6ofri02  was 
made  at  -10  mA/cm^  and  1000  ipm.  From  the  figure,  it  is  seen  that  the  addition  of  Ti02  slightly 


Figure  4.  Scanning  electron  micrograph  of  an 
etched  FeCo/Ti02  nanocomposite  film  deposited 
from  a  0.1  vol.%  Ti02  .solution  at  2000  rpm  and  -20 
mA/cm^. 
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degraded  the  saturation  magnetization,  but  improved  the  squareness  of  hysteresis  loop.  This  can 
be  attributed  to  a  combined  effect  of  grain  size  and  nanoparticles  incorporation. 
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Figure  5.  Hardness  of  the 
FeCo/Ti02  nanocomposites 
deposited  from  0.1  vol.%  Ti02 
solutions. 
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FeCoV  alloy  deposition 

Vanadium  proved  to  be  a  very  effective  element  that  improved  the  ductility  of  FeCo  alloys 

We  attempted  codepositing  more  V  into  the  films  by  using  a  more  soluble  V  salt  VOSO4. 
Figure  7  compares  three  i-U  curves  obtained  from  blank  (a),  V-only  (b)  and  FeCoV  (c) 
deposition  solutions.  Ammonium  sulfamate  replaced  Fe  sulfamate  and  Co  sulfamate  to  make  the 
blank  solution,  and  VOSO4  was  added  to  the  blank  solution  to  make  the  V-only  solution.  All 
solutions  were  freshly  made  and  kept  under  nitrogen  atmosphere  at  all  times.  The  i-U  curve  from 
the  V-only  solution  shows  two  plateaus  in  the  deposition  stage  compared  to  the  blank  solution. 
This  may  be  due  to  the  reduction  of  high  valence  V  ions  to  lower  valence  V  ions  in  the  solution. 
By  introducing  Fe  and  Co  ions  into  the  electrolyte,  we  could  still  distinguish  a  similar  plateau  in 
the  i-U  curve.  Very  nice  deposition  and  stripping  peaks  can  be  seen  from  figure  7  (c)  from  the 
FeCoV  electrolyte. 

A  series  of  FeCoV  samples  with  7  mm  in  diameter  were  made  at  -20  mA/cm^  and  1000  rpm. 
The  samples  were  weighed  before  and  after  deposition  to  calculate  the  weight  of  the  deposit.  The 
films  were  smooth  and  highly  reflective.  The  film  composition  was  Fe53Co4(;Vi  measured  with 
EDS.  Deposition  efficiency  was  calculated  from  the  film  weight  and  film  composition.  A  value 
of  80%  deposition  efficiency  was  consistently  obtained  for  all  the  samples.  The  film  thickness 
was  approximately  22  pm  as  calculated  from  the  passed  charged,  taking  into  account  the  current 
efficiency. 

Magnetic  properties  of  FeCoV  films  were  measured  with  VSM.  A  saturation  magnetization 
value  of  22  kGauss  and  a  coercivity  of  7  Oe  were  observed. 

SUMMARY 

We  successfully  produced  high  quality  FesoCoso  films  electrochemically.  Oxide  dispersion 
strengthened  FeCo/Ti02  nanocomposite  films  were  made  by  using  FeCo  electrolyte  with  a  Ti02 
suspension.  Hardness  enhancement  was  observed  due  to  particle  incorporation.  The  Ti02 
particles  played  an  important  effect  on  the  kinetics  of  the  deposition  as  well  as  on  the 
microstructure  of  the  films.  FeCoV  alloy  deposition  was  also  perfected.  Further  investigation  of 
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FcCoV  codeposition  and  scaling-up  the  deposition  cell  to  produce  large  samples  is  currently 
being  conducted. 
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Figure  6.  Magnetic  hysteresis 
loops  for  Fe4oCo6()/Ti02  (-20 
m A/cm^  and  1 000  rpm),  and 
Fe4oCo6o  (-10  mA/cm^  and 
1000  ipm)  films. 
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Figure  7.  i-U  curves  from 

(a) blank  solution, 

(b) V-only  solution  and 

(c)  FeCoV  solution. 
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ABSTRACT 

There  has  been  an  increasing  demand  for  high  temperature  soft  magnetic  materials  with 
mechanical  properties  better  than  those  of  existing  commercial  materials  such  as  FeCo  alloys. 

We  have  designed  new  magnetic  composites  by  reinforcing  FeCo  alloys  with  high  strength 
tungsten  fibers.  The  composite  materials  were  fabricated  by  electrodeposition.  In  general,  the  as- 
deposited  composites  have  a  relatively  high  coercivity  He  and  low  magnetic  permeability 
because  of  induced  strain  during  fabrication.  After  appropriate  thermal  annealing,  the  composites 
have  good  soft  magnetic  properties,  comparable  to  commercial  bulk  alloys.  However,  the 
saturation  induction  is  reduced  due  to  the  non-magnetic  inclusions.  The  composites  also  show 
significant  enhancements  in  yield  strength  and  tensile  strength  that  increases  linearly  with  fiber 
volume  fraction  as  seen  in  other  common  composite  materials.  In  addition,  near  zero  creep  is 
observed  at  600  "C  under  a  stress  of  600  Mpa.  The  mechanical  properties  can  be  further 
improved  by  co-depositing  soft  magnetic  material  and  AI2O3  onto  the  fibers.  An  approximately 
linear  relation.ship  was  observed  between  the  coercivity  and  volume  fraction  of  AI2O3  particles. 
The  square-root  relationship  was  observed  between  the  hardness  and  the  AI2O3  concentration. 

INTRODUCTION 

There  is  an  increasing  demand  for  high-performance  soft  magnetic  materials  in  the  design  of 
high-speed  motors  and  generators  for  high  temperature  operation  [1-5].  The  mechanical  strength 
of  these  materials  at  high  temperatures  is  a  crucial  parameter  in  such  applications.  Fe-Co  alloys 
exhibit  high  saturation  magnetization  Ms  and  high  Curie  temperatures  (Tc  -900  °C)  that  make 
them  potential  candidates.  The  ordered  Fe-Co  alloys  are  excellent  soft  magnetic  materials  with 
negligible  magneto-crystalline  anisotropy  Ki  [6].  However,  equiatomic  Fe-Co  alloys  are 
extremely  brittle  and  other  elements  such  as  V  are  usually  added  to  obtain  workable  materials. 
These  additions  however,  significantly  deteriorate  the  soft  magnetic  properties,  due  to  the 
precipitation  of  a  second  phase  [7-9].  Therefore,  mechanical  strength  is  achieved  at  the  expense 
of  magnetic  performance. 

We  have  developed  new  magnetic  composites  by  reinforcing  Fe-Co  materials  with  tungsten 
fibers  and  AI2O3  particles.  In  the  case  of  FeCo-fiber  composites,  the  contributions  to  magnetic 
and  mechanical  properties  eome  from  two  nearly  independent  entities,  i.e.  the  FeCo  matrix  and 
fiber  network,  respeetively.  One  immediate  advantage  of  such  materials  is  that  one  can  optimize 
magnetic  and  mechanical  properties  in  each  entity  independently,  and  thus  no  eomprise  between 
the  magnetic  and  mechanical  properties  is  necessitated.  For  further  improvement  in  mechanical 
properties,  hard  fine  particles  of  AI2O3  were  dispensed  in  the  matrix,  to  inhibit  reerystallization 
and  grain  growth  at  elevated  temperatures. 
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EXPERIMENTAL 

Fiber  and  dispersion  reinforced  magnetic  composites  were  fabricated  by  the  electrochemical 
deposition  of  the  alloys  onto  W  fibres.  An  aqueous  bath  containing  C0SO4  *1120,  FeS04  *1120, 
HBO3,  and  saccharine  1 10]  was  used.  The  AI2O3  particles  of  diameter  ^f<0. 1  pm  were  mixed 
directly  into  the  solution.  Sulfuric  acid  was  added  to  the  bath  to  adjust  the  pH  value  to  about  2.0. 

Toroidal  and  long  stripe  samples  were  used  to  measure  magnetic  properties  using  a  magnetic 
loop  tracer,  with  a  maximum  field  of  150  Oe.  The  magnetic  measurements  were  made  parallel  to 
the  long  axis  of  the  fibres.  Grain  sizes  and  precipitates  were  characterized  by  optical 
microscopy,  SEM  and  TEM.  The  Vicker  microhardness  (HV)  of  the  magnetic  composites  was 
measured  using  a  load  of  50  g  for  10  s.  Tensile  tests  were  performed  using  an  Instron 
mechanical  tester. 

RESULTS  AND  DISCUSSION 

Room  temperature  magnetic  hysteresis  loops  for  the  as-deposited  and  annealed  FesoCoso-W 
composites  arc  shown  in  figure  1 .  The  sample  diameter  was  50  pm  and  the  diameter  of  the  fiber 
was  about  12  pm.  In  the  as-deposited  state,  the  samples  are  not  magnetically  soft  and  have  low 
magnetic  permeabilities  and  coercivities  of  about  16  Oe,  whereas  the  annealed  samples  have 
good  soft  magnetic  properties.  The  improvement  of  soft  magnetic  properties  is  related  to  a  micro 
structural  change  during  thermal  annealing.  First,  the  grain  sizes  increase  from  about  50  nm  to 
200  nm  after  heat-treatment,  which  reduces  coercivity  [1 1].  In  addition,  thermal  annealing 
relieves  the  internal  stress  induced  during  the  electrodeposition  process.  This  internal  stress, 
which  causes  a  radial  dependence  of  penneability,  results  in  giant  impedance  effects  in  the  as- 
deposited  sample  [12].  There  arc  also  other  micro  structural  changes  such  as  an  increase  in  the 
structural  order  parameter  and  a  decrease  in  the  number  of  defects,  which  further  enhance  the 
soft  magnetic  properties. 


Figure  1.  Magnetic  hysteresis  loops  for  the  as-deposited  and  annealed  Fe20Co80-W  samples 

A  significant  improvement  of  mechanical  properties  has  been  observed  in  these  composites. 
In  figure  2  the  mechanical  strength  is  presented  as  a  function  of  the  W  fiber  volume  percent  for 
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the  annealed  FesoCoso-W  samples.  Both  yield  strength  and  tensile  strength  increase  linearly  with 
fiber  volume  percent  as  seen  in  other  common  composite  materials  [13].  In  our  sample  geometry, 
the  stress  is  applied  on  the  matrix  material  and  transferred  to  the  W-fibers  through  the  interface. 
The  observation  of  such  a  composite  behavior  suggests  good  adhesion  between  deposited 
materials  and  W  fibers.  Magnetic  measurements  illustrated  that  FeCo  thickness  does  not 
significantly  alter  the  magnetic  properties  of  the  samples.  More  significantly,  as  shown  in  figure 
3,  the  high  temperature  (600  "C)  creep  was  found  to  be  negligible  in  the  FeCo-W  composites. 
This  is  in  contrast  with  commercial  FeCo-based  alloys,  in  which  substantial  creep  takes  place 
after  about  50  hours,  causing  detrimental  failures  at  high  operating  temperatures. 


Figure  2.  Mechanical  strength  vs.  W  fiber  volume  fraction,  for  annealed  Fe2()Co8o-W  composites 


Figure  3.  High  temperature  creep  for  FeCo  composites  in  comparison  with  commercial  FeCo 
bulk  alloy  [*] 

To  further  enhance  the  mechanical  properties  of  the  soft  magnetic  materials,  fine  AI2O3 
particles  were  uniformly  dispersed  in  FeCo  alloys  during  deposition.  Figure  4  shows  the 
dependence  of  He  on  the  volume  percent  of  AI2O3  particles  of  diameter  of  37  nm  for  as-deposited 
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and  annealed  FcCo(Al203)-W  samples.  A  reduction  in  coercivity  is  seen  after  thermal 
annealing,  but  the  heat  treatment  does  not  influence  the  trend  of  coercivity  //,  as  a  function  of  the 
AI2O3  content. 


Figure  4,  Coercivity  vs.  AI2O3  content  in  the  as-deposited  and  annealed  Fe50Co50-W  samples 

Ker.sten  [14]  developed  a  theory  to  explain  the  effect  of  inclusions  on  the  magnetic 
properties.  In  his  model,  he  assumed  that  spherical  nonmagnetic  particles  of  average  radius  r 
were  uniformly  imbedded  at  the  comers  of  unit  cells  of  an  adopted  simple  cubic  lattice  with 
lattice  constant  a.  In  addition,  the  size  of  inclusions  is  assumed  to  be  comparable  to  the  domain 
wall  thickness.  The  coercivity  He  can  be  expressed  as; 


//,.  =  2.4-^!^  C'- 


(I) 


where  /  is  the  volume  percent  of  the  inclusions.  This  linear  relationship  between  He  has 

indeed  been  observed  as  shown  in  Fig.  4.  Using  5^^  =  [aK] ,  where  is  the  Boltzmann 

constant,  we  estimated  the  domain  wall  thickness  for  FesoCoso  alloy  to  be  about  <^=0.26  |J.m, 
which  is  comparable  to  the  AI2O3  particle  size. 

Figure  5  shows  the  Vicker  hardness  of  FeCo-Al203  composites  as  a  function  of  AI2O3 
content.  The  increase  in  hardness  was  found  to  be  about  a  100%  for  FeCo  samples  with  12  vol.% 
AI2O3  particles  when  compared  with  a  pure  a  FeCo  sample.  A  reduction  of  the  hardness  in  the 
annealed  samples  is  due  to  the  increase  in  grain  size  and  the  relief  of  internal  stress.  A  roughly 
linear  relationship  between  the  hardness  and  the  cube  root  of  the  volume  percent  of  the  dispersed 
AI2O3  phase  has  been  observed  for  both  as-prepared  and  annealed  samples.  Dispersion  hardening 
commonly  follows  the  Orowen-Ashby  model  [15].  For  the  case  of  non-coherent  spherical 
particles  of  size  r,  Orowen  [15]  proposed  the  mechanism  where  the  yield  stress  is  determined  by 
the  shear  stress  required  to  bow  a  dislocation  line  between  two  particles  separated  by  a  distance 
X.  The  increase  in  yield  stress  is  given  by: 


Act  = 


0.1 3G/; 
A 


In- 


b 


(2) 
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where  G  is  elastic  modulus,  h  is  Buger  vector  of  a  dislocation.  For  dispersion  reinforced 
composites,  the  spacing  A,  between  particles  can  be  estimated  using:  A  oc  (l6//)'^^- .  The  hardness 
as  a  function  of/^'^  is  shown  in  Fig.  5.  The  linear  relationship  between  hardness  and/^'^  suggests 
that  the  dispersion  hardenning  in  our  samples  follows  the  Orowen-Ashby  model. 


Figure  5.  Vicker  hardness  vs.  the  square  root  of  the  volume  fraction  of  AI2O3  content  for  the  as- 
deposited  and  annealed  FesoCojo-W  samples 


CONCLUSIONS 

To  significantly  improve  the  mechanical  properties  without  significantly  sacrificing  the 
magnetic  properties,  we  have  designed  and  fabricated  fiber  and  ceramic  particle  reinforced  soft 
magnetic  composites.  Excellent  mechanical  properties  including  high  yield  strength  and 
negligible  creep  rate  at  600°C  have  been  observed  in  the  fabricated  fiber  composites.  The 
dispersion  hardness  in  the  ceramic  particle  reinforced  composites  increases  in  accordance  with 
the  Orowen-Ashby  model. 
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ABSTRACT 

Magnetic  nanocomposites  have  been  successfully  prepared  by  encapsulating  nanosized 
entities  of  iron,  cobalt,  and  nickel  compounds  in  poly(amido-amine)  (PAMAM)  dendrimer  hosts. 
Problems  related  to  the  instability  of  the  magnetic  structures  under  the  influence  of  an  external 
electromagnetic  field  have  been  overcome  by  using  a  solid  polystyrene  matrix  to  embed  the 
dendrimer  hosts  containing  the  magnetic  guests.  SQUID  magnetometry  measurements  on  these 
nanocomposites  showed  that  after  subtraction  of  the  diamagnetic  polymer  background,  at  300  K 
all  samples  exhibited  paramagnetic  behavior,  with  susceptibilities  of  1.14,  1.68,  and  0.70  x  10' 
m^/kg  for  Fe-,  Co-,  and  Ni-containing  samples  respectively.  The  temperature  dependence  for 
T<300  K  showed  typical  paramagnetic  behavior,  with  the  susceptibility  increasing  for  decreasing 
temperatures.  Curie-Weiss  (1/M  vs.  T)  graphs  displayed  a  linear  behavior  at  high  temperatures, 
with  temperature  axis  intercepts  {6)  occurring  at  -139  K  (Fe),  -16  K  (Co),  and  0  K  (Ni). 

Negative  deviations  from  Curie-Weiss  behavior  occurred  at  T<175  K  for  the  Fe  and  T<25  K  for 
the  Co  samples.  Magnetic  moments  calculated  from  the  high  temperature  Curie  constant 
indicated  that  Fe,  Co,  and  Ni  possessed  effective  moments  of  3.5,  4.4,  and  2.8pB.  The  negative 
intercepts  and  the  fact  that  these  moments  are  larger  than  those  expected  for  metallic  transition 
metals  are  indicative  that  these  species  are  probably  present  in  an  oxidized  form.  The  low- 
temperature  behavior  indicates  either  superparamagnetic  or  soft  ferromagnetic  behavior. 


INTRODUCTION 

Recent  improvements  in  the  technology  for  materials  preparation,  combined  with  the 
driving  force  toward  device  miniaturization  and  increased  magnetic  storage  densities,  has 
resulted  in  the  present  capability  of  controlling  morphology  and  features  at  the  nanometer  level. 
Correspondingly,  issues  relating  to  magnetism  and  magnetic  anisotropy  on  a  very  small  size 
scale  have  become  increasingly  important  from  perspectives  of  both  applied  technology  and  pure 
science.  One  of  the  primary  objectives  of  this  study  was  to  develop  an  understanding  of  the 
magnetic  behavior  of  low  dimensional  systems. 

Dendrimers  are  a  relatively  new  class  of  three-dimensional,  organic  molecules  consisting  of 
a  small  linear  polymer  core,  surrounded  by  consecutive  shells  of  interior  branching  units  called 
dendritic  generations,  and  culminating  with  peripheral  terminal  branch  cells.  Typically  in  the 
size  range  of  1  to  15  nm,  these  dendrimers  are  prepared  by  a  synthetic  route  which  provides 
exceptional  control  over  the  formation  and  placement  of  the  repetitive  branching  units,  resulting 
in  a  well-defined  shape,  chemistry,  and  structural  symmetry  [1-3].  This  architecture  creates  an 
environment  within  the  dendrimer  molecule  that  facilitates  trapping  of  guest  (inorganic)  species; 
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thus  they  are  promising  candidates  as  templates  for  the  formation  of  polymer/inorganic 
nanoconiposites  [4].  The  ability  to  control  the  size  and  chemistry  of  both  interior  branches  and 
temainal  groups  (which  may  be  chemically  different  from  the  interior),  as  well  as  the  number  of 
generations,  makes  it  straightforward  to  manipulate  the  size  of  the  trapping  centers  and, 
correspondingly,  the  size  of  the  trapped  species.  Also,  because  the  guest  species  is  essentially 
eneapsulated  by  the  polymer  dendrimer,  the  solubility  of  the  overall  nanocomposite  is  controlled 
by  the  dendrimer  [5].  Therefore,  normally  insoluble  materials  such  as  semiconductors  or  metal 
sulfides,  once  encapsulated  by  the  dendrimer,  can  be  placed  into  solution,  thus  suggesting 
intriguing  biological  applications  like  targeted  drug  delivery  and  catalysis. 

In  recent  years,  a  number  of  researchers  have  demonstrated  the  viability  of  using  dendrimers 
as  templates  to  contain  predetermined  numbers/clusters  of  metal  atoms  (Cu,  Au,  Ag,  Pt,  Pd)  [6- 
1 0]  or  other  inorganic  compounds  (CuS,  CdS,  Ag2S)  [11,12].  This  “reactive  encapsulation” 
method,  in  which  the  entrapped  material  is  non-covalently  bound  to  the  dendritic  polymer  either 
by  electrostatic  or  other  physical/chemical  interactions,  or  simply  by  the  creation  of  an 
interpenetrating  polymer  network,  essentially  makes  possible  atom-by  atom  control  in  the 
construction  of  nanosized  individual  domains  of  materials  [9]. 

Composites  of  magnetic  materials  having  nanometer  dimensions  can  possess  unique 
properties  and  property  combinations  not  easily  achieved  with  conventional  materials  (e.g.,  both 
high  magnetic  pemieability  and  large  electrical  resistivity).  In  fact,  ferromagnetic  behavior  itself 
is  strictly  related  to  the  cluster  size  of  the  individual  magnetic  entities.  Incorporation  of 
magnetic  atoms  into  a  dendrimer  should  prevent  unwanted  aggregation  as  well  as  providing  a 
method  for  controlling  the  cluster  size.  In  addition  to  targeted  drug  delivery,  potential 
applications  for  such  materials  include  magnetic  imaging  pigments,  anti-radar  coatings, 
microwave  components,  and  transparent  magnetic  plastics. 

In  this  work,  we  have  synthesized  magnetic-dendrimer  nanocomposites  of  Co,  Ni,  and  Fe. 
Here,  we  report  on  the  temperature  and  field  dependence  of  the  magnetization.  Ultimately,  this 
work  will  provide  us  with  a  unique  opportunity  to  examine  the  fundamental  nature  of 
ferromagnetism,  while  developing  improved  capabilities  to  engineer  magnetic  properties  at 
nanometer  length  scales. 


EXPERIMENTAL  PROCEDURE 

We  have  successfully  prepared  magnetic  nanocomposites  by  encapsulating  nanosized 
entities  of  iron,  cobalt,  and  nickel  in  poly(amidoamine)  (PAMAM)  dendrimer  hosts.  Generation 
five  PAMAM  dendrimers  were  obtained  from  Dendritech,  Inc.  and  solutions  prepared  by 
dispersing  metal  acetates  and  dendrimers  in  a  polystyrene  matrix.  The  concentrations  of  metal  in 
the  final  matrices  were  determined  by  atomic  absoiption  to  be  0. 10  wt%  Fe,  0.38  wt%  Ni,  and 
0.30  wt%  Co.  Specific  details  of  the  sample  preparation  have  been  reported  elsewhere  [9,14]. 

All  samples  gave  optically  clear  matrices  indicating  particle  sizes  less  than  50  nm.  Using  a  solid 
polystyrene  matrix  to  embed  the  dendrimer  hosts  containing  the  magnetic  guests  overcame 
previous  problems  [13]  related  to  the  instability  of  the  magnetic  structures  under  the  influence  of 
an  external  electromagnetic  field.  SQUID  magnetometry  measurements  were  performed  in  order 
to  characterize  the  magnetic  behavior  of  the  nanocomposites  at  temperatures  from  5  K  to  300  K. 
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RESULTS  AND  DISCUSSION 


Initial  magnetization  (M)  versus  applied  field  (H)  measurements  were  performed  at  300  K 
as  follows.  A  sample  consisting  of  only  the  dendrimer/polystyrene  matrix  was  first  examined  to 
obtain  a  baseline  background  signal.  It  was,  as  expected,  found  to  be  strongly  diamagnetic.  Then 
the  nanocomposite  samples,  containing  both  transition  metal  and  the  dendrimer/polystyrene 
matrix,  were  measured.  The  portion  of  signal  due  to  the  diamagnetic  matrix  was  then  subtracted 
out  of  the  latter  data,  leaving  only  the  magnetic  contribution  of  the  transition  metal  “suspended” 
within  the  nanocomposite.  This  corrected  data  is  plotted  in  Figure  1.  All  samples  exhibited 
paramagnetic  behavior,  with  mass  susceptibilities  calculated  to  be  1 .68,  1.14,  and  0.70  x  10’^ 
m^/kg  for  the  Co-,  Fe-,  and  Ni-containing  dendrimers  respectively.  From  the  room  temperature 
susceptibility,  effective  magnetic  moments  (ueff)  for  the  Co,  Fe,  and  Ni  in  the  dendrimers  were 
respectively  calculated  to  be  4.4  //b,  3.5  /fB,  and  2.8  /^b- 
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Figure  1.  Magnetization  versus  applied  field  for  the  Co,  Fe,  and  Ni  components  of 
the  dendrimer  nanocomposites,  showing  paramagnetic  behavior  at  300  K. 


The  temperature  dependence  (T<300  K)  of  the  magnetization  for  the  nanocomposites  also 
showed  fairly  typical  paramagnetic  behavior,  with  susceptibility  increasing  for  decreasing 
temperature,  as  shown  in  Figure  2(a).  Curie-Weiss  (1/M  vs.  T)  graphs  of  the  data  [Figure  2(b)] 
displayed  a  linear  behavior  at  high  temperatures  which  when  extrapolated  to  low  temperatures 
indicated  intercepts  {0)  with  the  temperature  axis  of -139  K,  -16  K,  and  0  K  for  Fe,  Co,  and  Ni 
respectively.  The  negative  intercept  values  imply  that  both  the  Fe  and  Co  particles  exhibit  a 
propensity  toward  antiferromagnetic  interactions,  while  the  0  K  intercept  value  implies  that  there 
are  no  interactions  among  the  Ni  particles  in  the  composite.  The  slopes  of  the  1/M  vs.  T  curves 
were  also  utilized  to  calculate  effective  moments  for  the  Co,  Fe,  and  Ni  in  the  dendrimers.  Those 
values  were  respectively  4.4  /tb,  4.4  //b,  and  2.8  //b-  Note  that  the  values  for  Co  and  Ni  agree 
nicely  with  those  calculated  previously,  while  the  26  %  difference  in  the  Fe  moment  is 
presumably  related  to  the  fact  that  notable  deviations  from  the  linear  Curie-Weiss  region  for  Fe 
begin  at  temperatures  as  high  as  175  K.  This  negative  deviation  from  Curie-Weiss  behavior  also 
occurred  for  the  Co  samples  (at  T<25  K).  Negative  deviations  from  linear  Curie-Weiss  behavior 
indicate  that  either  the  magnetization  is  increasing  faster  than  would  be  expected  by  the  Weiss 
molecular  field,  or  that  the  Weiss  molecular  field  is  changing  with  temperature.  Since  it  does  not 
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Figure  2.  (a)  Temperature  dependence  of  magnetization  for  Co,  Fe,  and  Ni 
dendrimer  nanocomposites  measured  at  constant  applied  field  of  2000  mT  while 
cooling:  (b)  (Magnetization)  '  vs.  temperature. 


seem  unreasonable  that  the  extent  of  particle/cluster  interactions  could  be  changing  with 
temperature,  the  latter  alternative  seems  more  likely.  The  deviations  from  linear  Curie-Weiss 
behavior,  combined  with  the  negative  temperature  axis  intercepts  and  the  faet  that  the  calculated 
effective  magnetic  moments  are  larger  than  those  expected  for  metallic  transition  metals,  are 
indicative  that  these  metallic  species  are  probably  present  within  the  composites  in  an  oxidized 
form. 

The  low-temperature  (T  =  5  K)  magnetization  behavior  for  these  dendrimers  is  shown  in 
Figure  3.  The  M  vs.  H  curves  begin  to  approach  saturation  at  fields  >3000  mT,  and  at  5000  mT 
measured  magnetization  values  are  76,  132,  and  123  A-m^/kg  (i.e.,  emu/g)  for  Fe,  Co,  and  Ni 
respectively.  However,  none  of  the  samples  exhibit  a  measurable  coercive  field,  indicating  either 
superparamagnetic  or  soft  ferromagnetic  behavior.  Additional  analysis  and  detailed  structural 
characterization  is  underway  in  order  to  resolve  this  issue. 


CONCLUSIONS 

Magnetic  nanocomposites  consisting  of  iron,  cobalt,  and  nickel  entities  in  polymeric 
dendrimer  hosts  have  been  successfully  prepared.  SQUID  magnetometry  measurements  on  these 
nanocomposites  showed  that  after  subtraction  of  the  diamagnetic  polymer  background,  at  300  K 
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Figure  3.  Magnetization  versus  applied  field  at  5  K  for  the  Co,  Fe,  and  Ni  within 
dendrimer  nanocomposites,  showing  evidence  of  superparamagnetic  or  soft 
ferroelectric  behavior. 


all  samples  exhibited  paramagnetic  behavior,  with  susceptibilities  of  1.14,  1.68,  and  0.70  X  10'^ 
m^/kg  and  effective  moments  of  3.5, 4.4,  and  2.8|iB  for  Fe-,  Co-,  and  Ni-containing  samples 
respectively.  The  temperature  dependence  for  T<300  K  also  exhibited  typical  paramagnetic 
behavior.  Curie-Weiss  (1/M  vs.  T)  graphs  of  the  data  displayed  a  linear  behavior  at  high 
temperatures,  which  when  extrapolated  to  low  temperatures  indicated  intercepts  {6)  with  the 
temperature  axis  of -139  K  (Fe),  -16  K  (Co),  and  0  K  (Ni).  The  negative  6  values,  together  with 
negative  deviations  from  Curie-Weiss  behavior,  seem  to  indicate  a  propensity  toward 
antiferromagnetic  interactions  in  the  Fe  and  Co  samples,  particularly  at  lower  temperatures.  In 
addition,  the  fact  that  the  calculated  moments  are  larger  than  those  expected  for  metallic 
transition  metals  is  indicative  that  the  metallic  species  are  probably  present  in  an  oxidized  form. 
Low-temperature  hysteresis  measurements  exhibit  approach  to  saturation  at  large  fields  and  no 
coercivity,  thus  indicating  either  superparamagnetic  or  soft  ferromagnetic  behavior  in  these 
nanocomposite  dendrimers. 
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ABSTRACT 

Magnetoresistance  of  the  nanocomposite  Fev(Si02)i.x  U=0.6)  at  high  enough  magnetic 
field  is  logarithmic  function  of  the  magnetic  field.  Such  a  dependence  does  not  fall  into  the 
known  theory  of  giant  magnetoresistance  of  ferromagnetic  nanocomposites.  This  paper 
examines  the  giant  magnetoresistance  of  such  a  system  in  terms  of  a  simple  model  where  the 
non-ordinary  quasi-logarithmic  magnetic  field  dependence  of  nanocomposite 
magnetoresistance  is  related  to  the  non-spherical  granules’  distribution  over  their  shapes. 

INTRODUCTION 

In  the  present  paper,  we  consider  the  giant  magnetoresistance  of  the  nanocomposite 
FedSi02)i-x  which  is  the  granular  ferromagnetic  metal  in  the  insulator  matrix  with  x=0.6  (that 
corresponds  to  the  metal  state  close  to  the  percolation  metal-insulator  transition).  Experiments 
show  that  at  high  enough  magnetic  fields,  the  resistance  of  the  system  depends  logarithmically 
on  the  magnetic  field.  Such  a  dependence  does  not  fall  into  the  framework  of  the  known 
theory  of  the  giant  magnetoresistance  of  ferromagnetic  nanocomposites  fl,  2].  We  relate  this 
discrepancy  to  the  fact  that  the  “traditional”  theory  is  applied  to  systems  with  spherical 
granules,  while  real  nanocomposites  consist  most  commonly  of  non-spherical  ones.  Moreover, 
as  a  rule,  there  are  granules  of  diverse  non-sphericity  in  the  system  -  from  the  strongly  prolate 
to  the  strongly  oblate  ones.  This  paper  examines  the  giant  magnetoresistance  of  such  a  system 
in  terms  of  a  simple  model  where  the  non-ordinary  semi  logarithmic  magnetic  field 
dependence  of  nanocomposite  magnetoresistance  is  related  to  the  non-spherical  granules’ 
distribution  over  their  shapes. 

EXPERIMENT 

Thin  Fex(Si02)i.x '  films  with  .r=0.6  were  studied.  They  have  been  prepared  by  the  ion-beam 
sputtering  technique  in  a  vacuum  chamber  with  a  mosaic  target  consisting  of  Fe  and  Si02 
tablets.  The  volume  fraction  .v  of  iron  has  been  controlled  by  X-ray  micro-analysis.  Grains’ 
diameters  vary  from  ~2  nm  up  to  -  20  nm  and  the  film  thickness  equals  about  0.4  pm. 

The  magnetoresistance  ARIR  of  the  film  (R  is  the  sample  resistance  at  a  given  temperature 
and  zero  magnetic  field,  zl/?  is  the  resistance  change  at  the  magnetic  field  B)  was  measured 
within  the  4.2-300  K  temperature  range  under  the  action  of  the  “long”  (of  ~0.I  s-duration) 
pulse  magnetic  fields  up  to  20  T. 

Experimental  field  dependencies  of  the  sample  manetoresistance  for  various 
temperatures  are  shown  in  Fig.  1.  In  fig.  2,  only  those  parts  of  those  dependencies  are 
demonstrated  that  relate  to  the  high  field  region.  In  this  case,  the  magnetoresistance  is  shown 
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Magnetoresistance  AR/R  Magnetoresistance  aRIR 


as  a  function  of  the  “effective”  field  B/T  It  could  be  seen  that  in  the  high  field  region  the 
magnetoresistance  is  the  logarithmic  function  of  the  magnetic  field. 


Fig.  1.  Field  dependencies  of 
Fex(Si02)i.x  nanocomposite 
magnetoresistance  (a==0.6)  at 
various  temperatures. 


Fig.2.  Log-scale  field  dependencies 
of  Fex(Si02)i.x  nanocomposite 
magnetoresistance  (a'=0.6)  at 
various  temperatures  in  the  high 
field  region. 


THEORY:  NANOCOMPOSITE  WITH  NON-SPHERICAL  GRANULES 

The  conductivity  of  granular  metals  (nanocomposites)  and  (in  the  case  of  ferromagne¬ 
tic  metals)  their  giant  magnetoresistance  are  defined  by  tunnel  intergranular  electron 
transitions  [1,2].  However,  in  real  systems  consisting  of  granules  of  various  sizes,  not  every 

'  It  is  known  that  for  non-in(cracling  spherical  granules  the  magnctorcsislancc  AR/R  where  M  is  the 

nanoeompositc  magnetization  12].  In  the  case,  the  latter  is  defined  by  the  Langevin  function  (cf.  Eq.(4) )  which 
argument  is  the  effective  field  BfT. 


those  transitions  are  actual:  the  most  considerable  contribution  to  the  conductivity  is  due  to 
tunnel  transitions  between  granules  of  sizes  close  to  the  “optimal”  one  [3,  4].  For  a 
nanocompositc  consisting  of  spherical  granules,  such  an  optimal  size  is  defined  by  the 
competition  between  enhanced  concentration  of  small  granules  (that  is  typical  for  real 
systems)  and  reduced  degree  of  their  ionization  which  is  the  consequence  of  Coulomb  effects. 
So,  it  is  the  result  of  the  “game  of  survival”  -  there  is  great  deal  of  small  granules  but  only  a 
few  of  them  are  charged  (and  therefore  could  contribute  to  the  conductivity)  and  there  is  a  few 
of  big  granules  which  all  are  charged.  The  optimal  granule  size  is  expressed  by  the  relation  [3J 

a^{T)^a,ixlAKraia„)(TIT„r'-^  (1) 

where  kT^)  ~  (e^/8  <2())(i/()A)^‘^V'^‘[l-(A/Ac)'''^j,  «(>  is  the  average  granule  size,  X  is  the  electron 
wavelength  in  insulator  phase,  £  is  its  dielectric  constant,  a  is  the  volume  fraction  of  the  metal 
phase,  and  Ac  is  the  percolation  threshold.  So,  the  conductance  G{T)  of  the  system  is  controlled 
by  the  “optimal  cluster”  consisting  of  particles  of  the  optimal  size  which  is  rearranged 

with  temperature. 

The  resistance  variation  of  the  considered  system  under  magnetic  field  B  is  defined  by 
the  magnetic  field  dependence  of  the  probability  of  tunnel  transitions  between  spontaneously 
magnetized  single-domain  (due  to  small  sizes)  granules.  The  reduced  magnetoresistance 
MR{B,  T)  =  rG(0,D-G(S,Dl/G(0,r)  equals  [4] 

^R{BJ)|R  =  p'^{co'syf  (2) 

where  F  is  the  electron  spin  polarization  in  the  ferromagnetic  granule,  j'are  angles  between 
the  external  magnetic  field  and  magnetic  moments  of  granules.  Averaging  is  performed  over 
the  granules  constituting  the  optimal  cluster.  Thus,  the  calculation  of  the  magnetoresistance  is 
reduced  to  the  calculation  of  the  averaged  (over  that  cluster)  <cos  y>  -  value. 

However,  in  the  real  system,  granules  are,  generally,  non-spherical.  It  means  that  not 
every  values  of  y-  angle  for  a  single  granule  are  equally  probable  and  the  averaged  (over  time) 
cos  7  -  value  for  a  non-spherical  granule  is  defined  by  its  magnetic  anisotropy  (crystal  or 
geometric)  and  the  external  field  [5].  For  an  ellipsoidal  granule  with  a  high  (comparing  to 
Bohr  magneton)  magnetic  moment, 

cosj'  =  Jexp[-aF^  +W,)lkT]co^yda  /  Jexp[-(IF^  +Wf,)lkT]dQ,  (3) 

0  /  0 

where  dO-  s,\nydyd^  is  the  solid  angle,  0is  the  azimuth  angle  of  granule’  magnetic  moment 
(cos0=  [cos0-  cosyicosy^/sin^sinA  0  and  ft  are  the  angles  between  the  large  axis  of  a  granule 
and  directions  of  its  magnetic  moment  and  magnetic  field,  respectively).  In  Eq.  (3)  Wa-  Wa(0) 
is  the  magnetic  anisotropy  energy  independent  of  the  magnetic  field,  Wb  =  -hVB  cos^'is  the 
Zeeman  energy  depending  on  the  y-  angle  only,  X  is  the  saturation  magnetization  of  granule’ 
material.  At  high  magnetic  fields,  Wb  »  Wa  and,  hence, 

cosy  =  cth  h-l/h  =  L(h),  (4) 

where  h=  hVB  /  kT .  That  corresponds  to  the  known  Langevin  model. 

If  the  optimal  cluster  consisted  of  spherical  granules  of  the  size  <3opt ,  then  the  granule 
volume  V  appearing  in  Eq.  (4)  would  be  the  same  for  all  granules  and  equal  to  V=Fopt=  (471/3) 
a\pt(T)  c<  T  In  this  case,  (cosy)  =  cos  y=  L{hopt),  where  /?„pt=  hBVo^x!  kTocT  It  is  clear 
that  even  in  this  case  the  temperature  dependence  of  the  optimal  cluster  magnetic  moment 
(which  is  proportional  to  <cosj>)  is  not  described  by  the  Langevin  model  (where  h<x  ]/T). 
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In  the  system  consisting  of  non-spherical  (ellipsoidal)  granules,  the  situation  is  more 
complicate.  In  that  case,  the  probability  of  granules’  ionization  is  defined  by  their  capacity  C 
(which  in  the  spherical  case  coincides  with  the  granule  radius).  Therefore,  the  optimal  granule 
size  is  the  result  of  the  new  “game  of  survival”  which  depends  on  1)  the  relation  between  the 
charged  granules’  concentration  and  their  capacity,  and  2)  the  dependence  of  the  average 
(tunnel)  distance  between  granules  with  equal  capacities  and  their  characteristic  size.  A 
granule  which  form  is  an  ellipsoid  of  revolution  has  the  two  characteristic  sizes  a,  h  that  are 
the  lengths  of  its  long  and  short  axes.  Which  of  those  sizes  is  the  characteristic  one  for  the 
problem  considered?  It  is  known  that  the  capacity  of  the  ellipsoidal  granule  with  the  larger 
size  of  a  depends  slightly  on  its  smaller  size  h:  for  the  prolate  ellipsoid  of  revolution  C-io  - 
/?“)'/'  /Arch(«//;)  ^  a/lnila/h),  while  for  the  oblate  one  C=(fl^-^')'^“  /avccosia/h)  (i.e., 
2/Tt<C/a<\)  (61.  It  means  that  the  only  essential  size  of  an  ellipsoidal  granule  is  its  larger  size, 
and  all  granules  with  the  larger  size  a  close  to  «opi  are  the  optimal  ones.  Therefore,  the  optimal 
cluster  consists  of  granules  of  various  volumes  in  the  range  Vmin  <  V  <  Vopt ,  where  Vopi=  (471 
/3)a^,pi  and  V’„,in  =  (/^min/'^optl^K.pt  (for  prolate  ellipsoids)  or  Vn.in  =  (^niiii/^?opi)Topi  (for  oblate 
ellip.soids),  is  the  minimum  ratio  of  the  respective  granule’  sizes  which  characterizes 

their  maximum  (for  a  given  nanocomposite)  elongation  or  flatness.  If  /JminMipt  ~  0.1,  then  the 
optimal  cluster  includes  granules  which  volumes  differ  by  ~100  times!  Naturally,  in  this  case, 
(cos  y)  ^  cos  y  and  one  should  perform  averaging  over  all  granules  of  the  optimal  cluster.  Let 
fi,{h)  be  the  distribution  function  of  the  smaller  sizes  of  the  granules,  and  Ao  is  the  volume 
fraction  of  the  prolate  granules.  Then 

(cos  y)=  j  {(1  -  a;  )L[{ah^  /  ]  +  a;L [(«'/?  /<,  )/i,p,  ]}./;,  ih)dh  =  F (/j„p, ), 

where  we  introduced  the  distribution  function  /^(z)  of  the  parameter  z=hlaopt  (0<z<l, 

Ziiiiti— ^iniiiAZopt)'  . 

The  distribution  function  /,(z)  is,  most  likely,  dependent  on  the  technique  ot 
nanocomposite  producing.  This  refers  equally  to  the  relation  between  numbers  of  prolate  and 
oblate  granules  that  is  defined  by  the  parameter  Ao.  In  principle,  the  relevant  Information  may 
be  obtained  by  means  of  electron-microscopic  investigations  of  the  system  in  question.  But,  as 
calculations  show  (sec  below),  the  qualitative  form  of  the  magnetic  field  dependence  of  the 
magnetorcsistance  is  not  critical  neither  to  choosing  the  distribution  function  /^(z),  nor  to 
values  of  the  parameters  z.„i„«l  and  Ao.  So,  as  a  simple  approximation  one  could  consider  the 
system  with  the  uniform  distribution  function  (/:(z)=const)  consisting  of  prolate  granules  only 
(a’o=0),  that  is  the  system  where  prolate  ellipsoidal  granules  of  any  form,  from  the  spherical 
(z=] )  to  nccdlc-likc  (z=0),  arc  equally  probable.  In  calculations,  Zmin  =0.1  was  accepted. 

Magnetic  field  dependence  of  the  magnetoresistance  of  such  a  system  calculated  with 
Eq.  (5)  is  presented  in  Fig.  3  (the  solid  line  2).  It  could  be  seen  that  within  the  broad  range  of 
magnetic  fields  (in  this  case,  at  5</?„p,<50),  the  field  dependence  of  the  magnetoresistance  is 
nearly  logarithmic  one.  As  calculations  show  (see  Fig.  3)  the  character  of  that  dependence  is 
qualitatively  the  same  for  various  functions  /;(z)  and  .Vo-values.  What  changes,  it  is  the  range 
of  magnetic  fields  where  that  dependence  is  quasi-logarithmic  one. 
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Flg.3.  Calculated  magnetic  field 
dependencies  of  the  magnetore.sis- 
tance  for  the  granular  ferromagnetic 
metal  with  non-spherical  granules  of 
prolate  (solid  lines,  .a:o=0)  and  oblate 
(dashed  lines,  j:o=1)  form.  The 
distribution  function /^(z):  1  -  linearly- 
increasing,  2  -  uniform,  3  -  linearly- 
decreasing. 


Characteristic  effective  field  for  the  magnetic  field  range,  where  quasi-logarithmic 
dependence  of  the  magneto  re  si  stance  should  be  observed,  is  of  about  Aopi~20  (cf.  Fig.  3,  the 
solid  line  2  for  the  uniform  distribution  function /.(z) ).  Comparing  this  value  with  the  value  of 
B/r~310*‘  T/K,  corresponding  to  the  experimentally  determined  ranges  of  the 
magnetoresistance  logarithmic  dependence  at  temperatures  7-100-250  K  (cf.  Fig.  2),  the 
diameter  of  the  optimal  granules  2a^pi~20  nm  could  be  derived  (in  doing  so,  the  saturation 
magnetization  of  Fe-granules  was  considered  as  being  equal  to  that  for  the  bulk  iron,  /s=0.2 
T).  It  is  in  a  reasonable  agreement  with  the  data  of  electron-microscopic  analysis  of  the 
investigated  nanocomposite.* 

Let  us  discuss  now  the  magnetoresistance  temperature  dependence  in  the  range  of  its 
logarithmic  magnetic  field  dependence.  In  the  framework  of  the  considered  model,  there  is  the 
only  reason  for  such  a  dependence  -  the  variation  of  the  larger  granule  size  «opt  of  the  optimal 
cluster  with  temperature.  That  dependence  occurs  to  be  the  same  as  Eq.(l),  aop\(T)  cc  7  It 
means  that  the  magnetoresistance  depends  only  on  that  parameters’  combination  which 
defines  the  value  of  /j^pt  BVop\IT  oc  Therefore,  in  the  framework  of  our  model  there  is 

a  parametric  magnetoresistance  dependence  which  has  the  following  form  MR=MR{BI'f'^^),  In 
other  words,  every  value  of  the  reduced  magnetization  A/?//?  as  a  function  of  the  parameter 
6/7^^^  has  to  fall  on  a  single  master  curve.  Experimental  data  presented  in  the  respective  form 
(cf.  Fig.  4)  support  that  theoretical  prediction.  Thus,  the  considered  model  provides 
qualitatively  correct  description  of  the  experimental  results  concerning  the  magnetoresistance 
of  the  granular  ferromagnetic  metal  Fe,(Si02)i.x  under  high  magnetic  fields. 

In  conclusion,  we  have  shown  that  the  model  of  the  nanocomposite  with  granules  of 
various  non-spherical  forms  leads  to  the  quasi-logarithmic  magnetic  field  dependence  the 
magnetoresistance  of  such  a  system  under  high  enough  fields.  This  is,  obviously,  associated 


^  According  to  Eq.  (1),  Oopt(F)«=7'  and,  hence,  the  calculated  optimal  granule  size  at  7=4.2  K  equals 
2«op,(4.2  K)  100  nm.  However,  there  are  no  such  big  granules  in  the  real  system  and,  hence,  it  is  incorrect 
to  employ  the  considered  model  at  so  low  temperatures. 
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with  the  great  volume  scattering  of  granules  constituting  the  optimal  cluster.  The 
magnetorcsistance  saturates  together  with  the  magnetization  of  this  cluster,  but  with 


Fig.  4,  Parametric  dependen¬ 
cies  of  Fex(Si02)i-x  -  nano¬ 
composite  magnetoresistance 
(A'=0.6)  in  the  high  field 
region.  The  dotted  master 
line  is  the  guide  for  eye. 


increasing  field  more  and  more  small  granules  become  contribute  to  the  magnetization.  It  is 
this  “extended”  contribution  that  results  in  quite  slow  (quasi-logarithmic,  as  has  been  shown) 
saturation  of  the  magnetization  and,  hence,  of  the  magnetoresistance,  as  well. 
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ABSTRACT 

The  hysteretic  behavior  of  two-phase  permanent  magnets  for  high-temperature 
applications  is  examined,  A  variety  of  systems  have  been  synthesized  and  investigated,  including 
Sm-Co-Cu-Ti  bulk  magnets,  SmCosiCu-Ti  thin-film  materials,  and  mechanically  milled  Sm-Co- 
Zr  magnets.  The  hybrid  character  of  the  material  leads  to  very  high  room -temperature 
coercivities,  between  30,2  and  43.6  kOe,  and  to  the  survival  of  a  comparatively  large  part  of  the 
coercivity  at  high  temperatures  (12.3  kOe  at  500  °C  for  SmCo6.5Cu().8Tio.3),  The  coercivity 
reflects  the  strueture  and  chemical  composition  of  the  material.  When  ferromagnetic  grains  are 
separated  by  a  ferromagnetic  boundary  phase,  the  boundary  phase  acts  as  a  pinning  center,  but 
when  the  grain-boundary  phase  has  a  comparatively  low  Curie  temperature,  the  high-temperature 
magnetism  of  the  system  is  that  of  a  weakly  interacting  ensemble  of  magnetic  particles.  In  spite 
of  some  residual  paramagnetic  exchange  coupling,  which  is  discussed  in  this  work,  this 
mechanism  enhances  the  coercivity. 

INTRODUCTION 

Recently  there  has  been  a  resurgence  of  interest  in  Sm-Co-based  permanent-magnet  alloys. 
The  reasons  for  this  are  twofold.  First,  Sm2Coi7  and  phases  based  on  this  composition  have  the 
highest  known  Curie  temperature  (Tc)  and  thus  have  the  best  chance  of  creating  a  practical 
magnet  for  use  at  high  temperatures  such  as  500  °C.  Second,  SmCos  has  the  highest-known 
uniaxial  anisotropy  constant  which  leads  generally  to  maximum  values  of  coercivity.  SmCos 
also  is  a  relatively  high-temperature  magnet.  In  the  quest  for  new  nanocomposite  magnets  based 
on  the  exchange  coupling  of  hard  and  soft  phases  with  nanoscale  dimensions,  the  use  of  SmCos 
as  the  hard  phase  has  the  major  benefits  of  being  both  extremely  hard  and  a  high-temperature 
magnet.  The  clear  challenge  for  workers  in  the  design  of  high-temperature  and  high-energy 
product  nanoscale  magnets  is  to  synthesize  hybrid  systems  that  exploit  the  properties  of  at  least 
two  phases  to  create  magnets  with  much  improved  figures  of  merit  including  operating 
temperature  and  coercivity. 

In  this  paper  we  present  results  of  recent  work  in  our  laboratories  based  on  controlling  the 
nanostructure  and  phase  mixtures  of  hybrid  or  composite  magnets  based  on  SmCos  (1:5), 
Sm2Coi7  (2:17),  SmCo7  (1 :7)  and  related  compounds.  First,  we  discuss  a  series  of  Sm-Co-Cu-Ti 
alloys  containing  2:17  and  1:5  phases.  This  system  has  a  cellular  structure  and  has  produced  the 
highest  known  coercivity  (He)  at  500  °C  (12.3  kOe).  Second,  we  outline  re.sults  on  SmCo5:Cu- 
Ti  nanocomposite  magnets  prepared  in  thin-film  form  with  sputtering  methods.  These  magnets 
have  led  to  He  values  above  40  kOe  at  295  K.  Third,  the  technique  of  mechanical  milling  has 
been  used  to  prepare  two-phase  magnets  containing  SmCos.  These  systems  also  have  large  He 
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values  (>  30  kOe)  at  room  temperature.  Finally,  in  an  outlook  section,  we  discuss  the  magnetic 
behavior  of  conceivable  two-phase  magnets  where  the  grain-boundary  phase  is  paramagnetic. 

Sm-Co-Cu-Ti  HYBRID  BULK  MAGNETS 

Renewed  impetus  for  better  high-temperature  magnet  materials  has  come  from  demands  for 
aircraft  engine  components  functioning  at  temperatures  to  about  500  °C.  Conventional 
Sm2(Co,Fc,Cu,Zr)i7  permanent  magnets  have  large  energy  products  and  coercivities  at  room 
temperature.  In  the  last  couple  of  years  efforts  have  been  made  to  improve  the  properties  of  this 
class  of  material  by  adjusting  the  composition  and  He  values  up  to  10  kOe  have  been  obtained  at 
500  '’C  [1].  Recently  we  have  discovered  a  relatively  simple  Sm-Co-Cu-Ti  alloy  that  consists  of 
two  phases,  2:17  and  1:5,  and  which  has  a  positive  dHe/dT  and  He  values  above  10  kOe  at 
500  °C  [2,3].  We  discuss  here  our  most  recent  improvements  in  this  material  and  our 
understanding  of  its  behavior. 

Alloys  of  the  form  SmCo7,o5-x-yCuxTiy,  where  0.4  <  x  ^  0.9  and  y  =  0.25  or  0.3,  were 
prepared  by  arc  melting  under  flowing  argon.  The  samples  generally  were  heat  treated  by 
annealing  in  argon  at  1 165  °C  for  3  hrs.,  cooled  to  825  °C  and  annealed  for  8  hrs.,  followed  by 
slow  cooling  to  550  °C  at  the  rate  of  l°C/min.  Characterization  methods  include  x-ray 
diffraction  (XRD),  transmission  electron  microscopy  (TEM),  and  magnetization  with  SQUID  or 
VSM  to  600  "C.  XRD  results  show  that  the  arc  melted  samples  had  the  disordered  1:5  structure 
(the  so-called  1:7  structure).  After  the  heat  treatment  the  structure  reverts  into  two  phases:  2:17 
and  1:5.  This  is  shown  clearly  by  the  thermomagnetic  data  of  Figure  1,  where  the  Tc  values  of 
SniaCoi?  (-920  °C)  and  a  doped  SmCos  phase  (-700  '"C)  are  seen.  TEM  micrographs  show  a 
cellular  nanostructure  reminiscent  of  the  conventional  2:17  magnets.  The  2:17  cells  have 
dimensions  of  order  70  nm  and  the  1 :5  boundary  phase  has  a  thickness  of  order  10  nm. 


Figure  1.  Thermomagnetic  analysis  of  SmCofi.iCuo.fiTio.i  magnet.  The  dashed  lines  show  the 
Curie  temperatures  of  the  pure  Sm2Coi7  and  SmCos  phases. 
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Figures  2  and  3  show  examples  of  hysteresis  loops  at  room  temperature  and  elevated 
temperatures,  respectively.  The  dependence  of  He  on  Cu  content  at  500°C  and  on  temperature 
for  three  Cu  concentrations  is  shown  in  Figures  4  and  5,  respectively.  Notable  features  of  the 
data  include  a  pinning  controlled  initial  magnetization  behavior  and  a  high  He  value  at  295K 
(Figure  2),  and  a  positive  contribution  of  Cu  to  the  coercivity  (Figure  4).  To  our  knowledge,  the 
He  values  of  13.8  kOe  at  450  °C  and  12.3  kOe  at  500  °C  are  the  largest  ones  reported  at  these 
temperatures.  The  sensitivity  of  the  temperature  dependence  of  He  on  Cu  content  is  seen  in 
Figure  5. 
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Figure  2.  Hysteresis  loop  of  SmCoG.sCuo.xTio..:?  sample  at  room  temperature. 
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Figure  3.  Hysteresis  loops  of  SmCo6.2Cu().«Ti{).3  magnet  at  various  temperatures. 
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Figure  4.  Influence  of  Cu  concentrations  on  coercivity  at  500  °C. 
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Figure  5.  Temperature  dependence  of  coercivity  of  SmCo7.xCuxTio.3 


The  temperature  coefficient  of  the  coercivity  (TCC)  can  be  explained  in  the  following  way. 
These  magnets  are  of  the  pinning  type  in  which  the  interaction  of  the  domain  wall  with  the  grain 
boundary  controls  the  behavior  [4,5].  A  detailed  calculation  gives 


'  7C  6 


(1) 


where  Ho  is  the  anisotropy  field  of  the  main  (2:17)  phase,  Kh  is  the  anisotropy  constant  of  same 
phase,  b  is  the  thickness  of  the  boundary  (1:5)  phase,  6  is  the  domain-wall  thickness,  and  AK  = 
Kh  -  Ks  where  Ks  is  the  anisotropy  of  the  softer  boundary  phase  [3].  By  considering  the  expected 
temperature  dependence  of  Kh  and  Ks  and  the  expected  dependence  of  Ks  on  Cu  content,  it  is 
possible  to  rationalize  the  temperature  dependence  of  Hc(T)  shown  in  Figure  5,  including  the 
maximum  in  Hc(T)  seen  for  the  sample  with  x  =  0.6. 

A  more  thorough  understanding  of  the  magnetic  behavior  of  these  alloys,  which  we  are  now 
pursuing,  will  require  quantitative  estimates  of  the  anisotropy  of  the  boundary  phase,  SmCos. 
xCux.  In  addition,  these  magnets  do  not  contain  Zr  as  do  the  conventional  2:17  magnets. 
Preliminary  TEM  results  have  not  detected  a  Ti  lamellar  phase  analogous  to  the  Zr  one  in  the 
conventional  magnets.  Thus  further  work  is  expected  to  lead  to  a  better  understanding  of  the 
nanostructure-properties  relationship  in  these  materials  and,  ideally,  to  further  improvements  in 
high-temperature  properties. 


SmCostCu-Ti  NANOCOMPOSITE  MAGNETS 


We  have  seen  in  the  above  paragraphs  that  Sm-Co-based  compounds,  when  suitably 
nanostructured,  can  produce  interesting  hard  magnetic  properties.  In  addition,  earlier  work  in 
our  laboratories  has  shown  that  multilayer  sputtering  can  lead  to  hard: soft  nanocomposite  films 
with  near  record  energy  products  at  room  temperature.  Specifically,  multilayered  Fe/Pt  films 
after  annealing  have  been  shown  to  produce  FePt:Fe|.xPtx  nanocomposites  with  the  hard  phase 
being  Llo-structure  FePt  and  a  soft  Fe-rich  Fei.xPtx  alloy  interspersed  in  5-10  nm  grains  in  larger 
FePt  grains  [6].  The  composite  was  shown  to  have  an  energy  product,  (BH),„ax,  of  about  53 
MGOe,  close  to  the  record  of  about  55  MGOe  for  Nd2Fei4B. 

In  the  present  studies  we  have  made  multilayers  of  the  fonn 


Si ICr{9Qnm)l{SmCoJX\  ICr{\%nm). 


(2) 


where  Si  is  a  single-crystal  (001)  silicon  substrate.  Cr  is  used  as  an  underlayer  and  coating  layer 
for  protection  against  oxidation  during  annealing,  typically  in  the  range  475-550  °C.  The 
magnetic  layer  consists  of  200  nm  of  SmCos,  SmCos/Cu,  SmCosA’i  or  SmCos/CuTi.  n  is  the 
number  of  layers  ranging  from  n  =  I  (single  layer)  to  n  =  42.  The  sputtering  techniques  and 
annealing  procedures  have  been  described  in  earlier  papers  [7]. 

Preliminary  results  obtained  on  these  systems  include  the  following.  SmCos  single  layer  and 
SmCos/Cu  multilayers  do  not  show  any  significant  coercivity  (He  <  0.1  kOe)  before  and  after 
annealing.  SmCoj/Ti  multilayers  exhibit  He  values  of  less  than  10  kOe  after  annealing. 
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Figure  6  shows  an  XRD  scan  of  a  film  with  the  initial  structure  Cr  90  nm/[(SmCo5)  4.5nm/ 
(Cu-Ti)  0.3  nm]42/Cr  18  nm.  The  data  are  consistent  with  a  nanostructure  consisting  of  1:5 
grains  with  mostly  random  orientations.  These  films  show  large  He  values  after  annealing. 
Hysteresis  loops  at  room  temperature  for  SmCo5(Cu(i,9Ti().i)().6  are  shown  in  Figure  7  which 
shows  the  effect  of  annealing  temperature.  There  is  a  slight  inflection  point  near  H  =  0, 
suggesting  a  second  magnetic  phase  that  is  more  strongly  exchange  coupled  to  the  main  hard 
phase  for  the  higher  annealing  temperature  (525  °C). 


Figure  6.  X-ray  diffraction  for  thin  films  with  the  initial  structure  Cr  90  nm  [(SmCo5)4.5  nm/ 
(CuTi)0.3  nm]  x  42/Cr  18  nm. 

The  coercivity  is  large  (43.6  kOe)  and  decreasing  the  Cu-Ti  fraction  by  a  factor  of  2/3  leads 
to  He  =  41.0  kOc  and  slightly  more  evidence  for  an  exchange  decoupled  second  phase. 

Electron  microscopy  studies  clearly  are  needed  to  determine  the  nanostructure  of  these  films, 
and  arc  underway.  If  these  films  contain  a  weakly  magnetic  intergranular  phase  that  pins  domain 
walls,  it  may  be  possible  through  study  of  such  systems  to  understand  and  create  bulk  magnets 
with  similar  structures  and  enhanced  room-  and  high-temperature  properties. 

Sm-Co-Zr  MP^CHANICALLY  MILLED  MAGNETS 

The  technique  of  mechanical  milling  and/or  alloying  is  a  well  known  method  to  create  the 
nanostructure  required  for  magnetic  hardening  [8-13].  Often,  this  approach  amounts  to  creating 
such  small  grains  (~  10-20  nm)  that  the  magnet  to  zero  order  can  be  regarded  as  an  ensemble  of 
uniaxial  nanoparticles  that  approach  a  single  random-anisotropy  magnet  with  more  or  less 
exchange  coupling  between  the  nanograins  [10,1 1].  If  the  composition  of  the  original  alloy,  plus 
the  nature  of  the  heat  treatment,  permits  or  requires  that  there  be  more  than  a  single  phase 
present,  then  there  is  the  possibility  for  either  exchange  decoupling  or  pinning  of  “interaction 
domain  walls”  by  nonmagnetic  or  weakly  magnetic  intergranular  phases.  Alternatively,  if  the 
interface  coupling  between  the  granular  and  intergranular  phases  is  favorable,  there  can  be  a 


U5.8.6 


magnetization  and  energy-product  enhancement,  of  course  with  a  concomitant  decrease  in 
coercivity  [11]. 
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Figure  7.  Hysteresis  loops  of  SmCosCu-Ti  films  with  different  annealing  temperatures.  The 
field  is  in  the  film  plane. 

The  experiments  to  be  described  below  involved  mechanical  milling  of  Sm(Co,Zr)5.5  alloys. 
The  idea  was  to  examine  the  prospects  for  producing  a  hybrid  magnet  containing  1:5  and  other 
Co-based  phases  with  different  anisotropies. 


U5.8.7 


Nanoslructured  Smi5.4Co84.6-xZrx  (x  =  0-5)  magnet  powders  were  synthesized  by  mechanical 
milling  the  as-cast  alloys  and  appropriate  annealing.  The  synthesis  and  handling  of  powders  were 
performed  under  the  protection  of  argon  gas  with  high  purity.  The  powders  were  milled  for  10 
hr,  and  annealed  under  high-purity  argon  gas  atmosphere  at  temperature  of  700  °C  for  20  min. 
The  phase  configuration  and  structure  were  characterized  for  the  as-cast  alloys,  milled  powders 
and  annealed  powders  with  x-ray  diffraction  (XRD)  with  Cu  Ka  radiation. 

Figure  8  shows  the  hysteresis  loops  measured  at  room  temperature  for  the  Smifi.4Cos4.6-xZrx 
(x  =  0,  4)  powders  subjected  to  milling  for  10  hr  and  annealing  at  700  °C  for  20  min.  It  is  clear 
that  high  coercivity  values  can  be  obtained  in  these  alloys.  Comparing  the  two  loops,  the  case 
with  X  =  0  shows  a  demagnetization  behavior  with  less  squareness  while  the  x  =  4  case  indicates 
larger  coercivity  and  good  squareness.  However,  the  remanent  magnetization  (Mr)  is  decreased 
in  the  powders  with  x  =  4.  Coercivity  values  up  to  32  kOe  were  obtained  in  the  powders  with 
x  =  4. 


Figure  8.  Magnetic  hysteresis  loops  (at  295  K)  for  Smi5,4CoH4.6-xZrx  (x  -  0,  4)  magnet  powders. 

Hard  magnetic  materials  parameters  (He  and  M,)  derived  from  the  corresponding  magnetic 
hysteresis  loops  are  presented  in  Figure  9  for  the  Smi5.4Cos4.6-xZrx  (x  =  0-5)  magnet  powders. 
The  coercivity  value  for  the  Smi5.4Co«4.6-xZrx  (x  =  0-5)  magnet  powders  increases  from  22.4  kOe 
for  powders  with  x  =  0  to  about  32  kOe  for  powders  with  x  =  4.  However,  the  remanent 
magnetization  decreases  from  about  51  emu/g  for  x  =  0  to  37.6  emu/g  for  x  =  5,  that  is,  with 
increasing  Zr  content. 
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Figure  9.  Dependence  of  room-temperature  values  of  He  and  Mr  upon  Zr  content  in 

Smi5,4Co84.6-xZrx  (x  =  0-5)  magnet  powders  subjected  to  milling  for  10  hr  and 
annealing  at  700  X  for  20  min. 


3^15.4^84  e-xZi;  powders 

X  SmCOg  phase  {CaCu^  structure) 

#  SmCo^  phase  (TbCu^  structure) 

♦  Secondaty  phases 


50  60 

20  (degree) 


Figure  10.  XRD  patterns  for  Smi5.4Co«4.6.xZrx  (x  =  0  and  4)  alloys  powders 
subjected  to  milling  for  10  hr  and  annealing  at  700  °C  for  20  min. 


Figure  10  shows  XRD  data  for  x  =  0  and  4  samples.  For  the  undoped  alloys  the  structure 
consists  mainly  of  1 :5  and  disordered  1 :5  (that  is,  1  ;7)  grains.  Upon  alloying  with  Zr  (x  =  4),  the 
lines  can  be  indexed  mostly  with  1:5  structure  lines,  with  evidence  for  a  small  admixture  of 
secondary  phases  that  are  seen  around  32-34  degrees.  Sm-Co  phases  with  x-ray  lines  in  this 
region  include  SmzCo?,  and  SmCo3  which  also  have  lines  that  overlap  those  of  the  1:5  phase. 
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The  grain  size  of  the  hard  SmCos  phase  evaluated  by  the  Sherrer  formula  Is  about  16  nm  for  the 
X  =  4  powders. 

The  magnetic  hardening  seen  in  Figure  8  as  Zr  is  added  to  Sm-Co  is  difficult  to  understand 
without  further  understanding  of  the  nanostructure,  especially  through  TEM  studies.  The  small 
sizes  of  the  1 :5  grains  and  the  presence  of  a  small  amount  of  secondary  phases  is  consistent  with 
a  picture  of  pinning  of  interaction  domain  walls  [11,14]  as  mentioned  above.  The  magnetic 
characterization  of  the  intergranular  phase  is  needed  to  assess  the  possibilities  for  exchange 
coupling  between  the  grains  as  well  as  the  details  of  the  magnetization  reversal  mechanism. 
Such  characterization  studies  are  underway. 

HIGH-TEMPERATURE  PERMANENT  MAGNETS  WITH  PARAMAGNETIC 
BOUNDARY  PHASES 


One  effect  of  additives  such  as  Cu  is  to  reduce  the  comparatively  large  Curie  temperature  of 
the  cobalt-rich  rare-earth  intermetallics.  In  2:17-1 :5  Sm-Co  hybrids,  the  Cu  prefers  to  go  into  the 
grain-boundary  phase,  where  it  yields  a  pronounced  reduction  of  the  Curie  temperature. 
Indirectly,  this  is  exploited  in  commercial  Sm-Co  magnets  and  in  some  of  the  materials 
discussed  in  the  previous  sections:  the  Curie-temperature  reduction  in  the  grain-boundary  phase 
leads  to  a  reduced  grain-boundary  anisotropy,  which  enhances  AK  and  improves,  according  to 
Eq.  (1),  the  coercivity. 

It  is,  however,  conceivable  to  access  the  region  where  the  grain-boundary  phase  is 
paramagnetic.  This  completely  eliminates  the  harmful  effect  of  domain  walls  jumping  from  one 
grain  to  the  next  grain  and  establishes  a  kind  of  Stoner-Wohlfarth  behavior.  Figure  1 1  illustrates 
the  idea.  Figure  11(a)  shows  the  trapping  of  a  domain  wall  between  two  ferromagnetic  grains, 
whereas  in  Fig.  11(b)  the  grains  are  magnetically  isolated.  As  shown  in  [15],  two-phase  magnets 
consisting  of  phases  having  different  Curie  temperatures  exhibit  a  single  well-defined  and  quite 
high  Curie  temperature,  but  at  temperatures  between  the  Curie  temperatures  of  the  phases  the 
coupling  between  the  ferromagnetic’  regions  is  quite  small  when  the  thickness  of  the 
’paramagnetic’  grain-boundary  phase  is  larger  than  a  very  few  interatomic  distances.  This  is  the 
case  for  Sm-Co  hybrid  magnets,  where  the  grain-boundary  thickness  is  of  the  order  of  5  nm,  and 
where  the  Curie  temperature  of  the  Cu-rich  grain  boundary  phase  is  significantly  lower  than  the 
Curie  temperature  of  the  main  phase. 

As  a  consequence,  the  magnets  can  be  treated  as  a  weakly  interacting  array  of  small 
particles.  The  corresponding  exchange  field  between  neighboring  grains  is 


Hex 


exp(-tB//l) 

a'M^R 


(3) 


Here  X  is  a  decay  length  of  the  order  of  0.3  nm,  ts  is  the  thickness  of  the  boundary  region,  R  is 
the  grain  size,  a  is  the  lattice  constant,  Tc  is  the  Curie  temperature  of  the  main  phase,  and  c  is  a 
geometry  and  lattice-structure  dependent  constant  of  the  order  of  one. 

The  magnetization  reversal  in  these  magnets  is  of  the  nucleation  type  [16].  In  conventional 
Sm-Co  hybrids,  the  regime  described  by  Eq.  (3)  is  realized  above  the  Curie  temperature  of  the 
grain  boundary  phase,  which  is  quite  high  (about  650  °C  in  Fig.  1).  However,  by  specific 
substitutions,  such  as  adding  very  large  amounts  of  Cu  or  other  elements,  it  may  be  possible  to 
yield  a  further  suppression  of  the  Curie  temperature.  This  would  cost  a  little  bit  of  magnetization 
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but  have  a  very  positive  effect  on  the  coercivity,  which  is  the  most  critical  issue  in  high- 
temperature  permanent  magnetism. 


Figure  11.  Magnetic  structure  of  a  cellular  hybrid  (a)  below  and  (b)  above  the  Curie 
temperature  of  the  boundary  phase.  Magnetization  reversal  due  to  domain- 
wall  motion  is  possible  at  low  temperatures  only. 


CONCLUSIONS 

We  have  discussed  results  of  several  methods  for  producing  hard  magnetic  nanostructures 
containing  two  or  more  magnetic  phases.  Clearly  there  is  a  need  for  detailed  nanostructure 
information  to  understand  the  secondary  phases  and  their  effect  on  the  magnetization  reversal 
mechanism.  Theoretical  mechanisms  involving  pinning  and  paramagnetic  grain  boundary  phases 
have  been  discussed  and  applied  to  certain  of  the  nanostructured  magnets  studied  experimentally. 
Further  research  combining  experimental  and  theoretical  work  on  hybrid  magnets  of  the  type 
discussed  here  may  well  lead  to  new  hard  magnets  with  excellent  high-temperature  properties. 

ACKNOWLEDGMENTS 

We  are  grateful  to  Y.  Liu  for  assistance  and  helpful  discussions,  and  thank  the  AFOSR  and 
DARPA/ARO  for  financial  support. 

REFERENCES 

[  1]  J.  F.  Liu,  Y.  Zhang,  D.  Dimitrov,  and  G.  C.  Hadjipanayis,  /.  AppL  Phys.  85,  2800  (1999). 

[2]  J.  Zhou,  R.  Skomski,  C.  Chen,  G.C.  Hadjipanayis,  and  D.J.  Sellmyer,  Appl,  Phys.  Lett. 

77,  1514(2000). 

[3]  J.  Zhou,  R.  Skomski,  and  D.J.  Sellmyer,  IEEE  Trans.  Magn.  37  (2001)  (in  press). 

[4]  J.  Fidler,  J.  Magn.  Magn.  Mater.  30,  58  (1982). 

[5]  R.  Skomski,  .J.  Appl.  Phys.  83,  6724  (1998). 

[6]  J.P.Liu,  C.P.Luo,  Y.Liu,  and  D.  J.Sellmyer,  Appl.  Phys.  Lett.  72,  483(1 998). 

[7]  J.P.Liu,  Y.Liu,  R.Skom.ski,  and  D.J.Sellmyer,  IEEE  Trans.  Mag.  35,  3241  (1999). 


U5.8.11 


[8]  Z.M.  Chen,  X.  Meng-Burany,  H.  Okumura,  and  G.C.  Hadjipanayis,  J.  Appl  Phys.  87, 
3409  (2000). 

[9]  H.  Tang,  Y.  Liu,  and  DJ.  Sellmycr,  to  be  published. 

[  1 0]  P.G.  MeCormick,  Handbook  on  the  Physics  and  Chemistry  of  Rare  Earths,  Vol,  24,  ed, 
by  K.A.  Gsehneidner,  Jr.  and  L.  Eyring.  (Elsevier  Science  B.V.,  1997),  and  citations 
therein. 

[1 1]  G.C.  Hadjipanayis, ./.  Magn.  Magn.  Mater.  200,  373  (1999),  and  citations  therein. 

[12]  J.  Ding,  P.G.  McCoiTnick  and  R.  Street,  7.  of  Alloys  and  Compounds  191,  197  (1993). 

[13]  J.  Ding,  Y.  Liu,  P.G.  McCormick  and  R.  Street,  J.  Magn.  Magn.  Mater.  123,  L239 
(1993). 

[  14]  K.J.  Sirnat,  in:  Ferromagnetic  Materials,  Vol.  4,  edited  by  E.P.  Wohlfarth  and  K.H.J. 
Buschow,  (Elsevier  Science  Publishers  B.V.,  1988),  p.  131,  and  citations  therein. 

[15]  R.  Skomski  and  D.J.  Sellmycr,  J.  Appl.  Phys.  87,  4756  (2000). 

[  1 6]  Localized  nucleation  rather  than  coherent  rotation  or  curling;  the  critical  single-domain 
size  is  irrelevant  in  this  context  (see  e.g.  R.  Skomski  and  J.  M.  D.  Coey,  "Permanent 
Magnetism",  Institute  of  Physics,  Bristol  and  Philadelphia  1999). 


U5.8.12 


Magnetostriction 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  674  ©  2001  Materials  Research  Society 


SPONTANEOUS  AC  FIELD  INDUCED  MECHANICAL  ROTATION  IN 
MAGNETOSTRICTIVE  FeSIB-BASED  WIRES  SUBJECTED  TO  THERMAL 

TREATMENTS 


V.Raposo*’^  A.Mitra’’^  and  M, Vazquez^ 

*  Institute  de  Ciencia  de  Materiales  de  Madrid,  CSIC,  28049  Cantoblanco,  Madrid,  Spain 
^Dpto.  Fisica  Aplicada,  Universidad  de  Salamanca,  37008  Salamanca,  Spain 
^National  Metallurgical  Laboratory,  Jamshedpur,  India 


ABSTRACT 

An  astonishing  new  phenomenon  has  been  recently  observed  in  magnetic  wires.  It 
consists  of  the  spontaneous  rotation  of  the  wires  when  submitted  to  an  exciting  AC  axial  field 
with  frequency  of  the  order  of  kHz  and  amplitude  above  some  threshold.  The  rotation  is  believed 
to  appear  due  to  interaction  between  generated  magnetoelastic  standing  waves  and  induced  eddy 
currents.  In  the  present  work  rotational  characteristics  of  Fe77,5Si7.5Bi5  and  Fe73.5Sii3.5B9CuiNb3 
wires  in  their  as-cast  amorphous  state  and  after  heat  treatments  leading  to  devitrification  has  been 
investigated.  It  is  proved  that  this  rotational  phenomenon  is  only  observed  in  samples  with  large 
enough  magnetostriction  irrespective  of  their  structural  character.  Moreover,  changes  in 
rotational  characteristics  are  ascribed  to  the  structural  modifications  accompanying  the 
devitrification  process. 

INTRODUCTION 

The  mechanical  rotation  of  Fe  base  amorphous  wires  with  bistable  magnetic  behavior 
when  subjected  to  an  alternating  AC  field  of  several  kHz  has  been  recently  reported  [1-3]. 
Rotational  wire  frequencies  oscillate  around  tens  of  Hz.  Wire  rotation  frequency  depends  on 
magnetostriction  constant,  and  it  has  been  observed  for  both  positive  and  negative  values  as 
shown  in  [2].  The  influence  of  the  length  of  the  wire  in  the  excitation  frequency  that  causes  a 
rotation  and  the  appearance  of  rotation  at  higher  harmonics  of  some  fundamental  frequencies 
reveals  the  existence  of  a  resonant  magnetoelastic  standing  wave  in  intimate  correlation  with  the 
origin  of  the  rotation.  This  phenomenon  has  been  proved  to  have  potential  applications  in 
different  fields  such  as  in  micro-motors  or  viscosimetry  [4,5]. 

Although  a  quantitative  theory  is  not  currently  available,  our  results  show  that  this  is  a 
general  properly  of  materials  with  high  magnetostriction  constant,  no  matter  their  crystalline 
structure,  since  it  is  present  in  amorphous  but  also  in  polycrystalline  wires,  as  recently  reported 
[6].  Consequently,  the  rotational  behavior  is  nowadays  expected  to  be  determined  neither  by  the 
alloy  composition,  nor  by  the  structural  nature  of  the  material,  nor  by  the  domain  structure,  but 
seemingly  by  the  magnetostrictive  character  of  the  sample. 

The  aim  of  this  work  has  been  to  study  the  AC  field  induced  rotation  of  Fe77.5Si7.5B  15  and 
Fe73.5Sii3.5B9CutNb3  amorphous  wires  exhibiting  large  magnetostriction  in  their  as-cast  state  and 
after  annealing  that  finally  results  in  the  devitrification  of  the  samples  [7].  In  fact,  in  the  case  of 
Fe73.5Sii3.5B9CuiNb3  wires,  annealing  leads  to  homogeneous  and  stable  partial  cry.stallization 
with  noticeable  reduction  of  magnetostriction  and  disappearance  of  that  phenomenon. 
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Figure  I.  Schematic  block  diagram  of  the  measuring  set-up 

EXPERIMENTAL  TECHNIQUES 

Fc77.5Si7.5B  15  and  Fe7.5.5Sii3.5ByCuiNb5  amorphous  wires  have  been  prepared  at  the 
laboratory  by  iii-rotating-water  quenching-technique.  The  diameter  of  the  wires  was  120p.m  and 
pieces  about  50  mm  in  length  were  taken  for  the  AC  field  induced  rotation  experiments.  The 
experimental  set-up  for  measuring  the  rotation  frequency  of  the  wire  is  shown  schematically  in 
Figure  1.  The  wire  was  placed  inside  a  40  mm  long  solenoid  generating  an  axial  magnetic  field 
(constant  of  125AnT'/A).  The  solenoid  was  fed  by  a  current  to  produce  axial  AC  magnetic  field 
by  a  function  generator  (model  HM  8030-5)  coupled  with  an  amplifier.  A  thin  glass  tube  of  4 
mm  in  diameter  was  placed  inside  the  coil  and  its  bottom  was  sealed  with  a  flat  glass  piece. 
Thus,  the  wire  rotates  freely  leaning  on  its  bottom  end  in  a  vertical  position.  The  frequency  of  the 
applied  axial  AC  magnetic  field  ranged  from  1  kHz  to  35  kHz.  The  rotational  speed  of  the  wires 
was  measured  by  the  interception  of  a  laser  beam,  which  was  directed  towards  a  detector 
(photoresistance)  connected  to  a  frequency  meter.  The  measured  frequency  actually  showed 
double  value  of  the  real  frequency  of  rotation  since  the  interception  with  the  laser  beam  was 
twice  that  of  a  complete  rotation  of  the  wire. 

Magnetic  hysteresis  loops  of  the  samples  used  for  rotational  experiments  were  measured 
using  a  conventional  low-frequency  induction  technique. 

Isochronal  (30  min.)  thermal  treatments  were  performed  in  a  conventional  Joule  heated 
furnace  under  ar'gon  atmosphere  for  a  range  of  annealing  temperatures  up  to  650-C. 

DISCUSSION  OF  RESULTS 

Hysteresis  loops  of  the  as-cast  and  annealed  wires  of  Fe77.5Si7.5B15  and 
Fe73.5Sii3.5B9CuiNb^  ai*e  presented  in  Figures  2  and  3,  respectively.  As  it  can  be  seen,  as-cast 
wires  of  both  compositions  do  not  present  the  usual  bistable  squared  loops  due  to  their  short 
length  (50  mm),  smaller  than  the  closure  domain  str'uctures  formed  at  the  ends  of  the  wires  to 
reduce  the  magnctostratic  energy  [8].  As  annealing  temperature  is  increased  the  samples  loose 
completely  the  large  Barkhausen  jumps  due  to  the  relaxation  of  internal  stresses.  After  annealing 
at  540^’C  the  Fe77.5Si7.5B  15  sample  looses  the  amorphous  structure  (FeaSi  and  Fe2B  grains 
segregate)  and  its  soft  magnetic  properties  (coercive  field  increases  up  to  65  Oe). 
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Figure  2.  Hysteresis  loops  for  the  As-Cast  and  annealed  FejysSiys^is  wires. 

In  the  case  of  Fe73.5Sii3.5B9CuiNb3  wires,  ot-FeSi  nanograins  (around  10  nm  average  grain 
size)  segregate  after  treatment  at  540®C.  The  devitrification  process  goes  further  with  increasing 
the  annealing  temperature  resulting  in  grain  size  increase  and  appearance  of  new  phases  (i.e. 
Fe2B).  In  particular,  after  annealing  at  650-C  a  magnetic  hardening  is  observed  similar  to  that 
obtained  annealing  at  540-C  for  the  Fe77.5Si7.5B  15  wire. 

Figure  4  shows  the  Fe77.5Si7.5B  15  wire  rotation  frequency  as  a  function  of  the  exciting 
field  frequency  for  a  constant  AC  field  amplitude  of  90  Oe  for  as-cast  and  annealed  wires. 
Rotation  of  the  as-cast  wire  is  found  at  certain  characteristic  frequencies  of  the  applied  field  and 
at  their  higher  harmonics.  Figure  5  shows  the  corresponding  spectra  for  the  Fe73.5Sii3.5B9CuiNb3 
wires  at  the  same  AC  field  amplitude. 

To  determine  the  characteristic  fundamental  frequencies  at  which  rotation  takes  place,  the 
experimental  data  have  been  fitted  to  a  superposition  of  Gaussian  distributions,  y(t),  around  the 
characteristic  frequencies  as: 

y(f)  =  SEAy(/)exp[-o-(/-7f,)"]  (1) 

(=1  7=1 

where  Fi  are  the  characteristic  frequencies,  a  is  related  to  the  width  of  the  Gaussian  distribution 
N  is  the  number  of  fundamental  frequencies  and  A///)  is  an  amplitude  parameter  that  depends  on 
the  field  amplitude.  The  index  j  denotes  the  corresponding  harmonic  number.  For  the 
Fe77.5Si7.5B  15  wires  there  are  two  fundamental  frequencies,  but  for  the  Fe73.5Sii3.5B9CuiNb3  wires 
up  to  four  frequencies  are  needed  to  characterize  the  spectra.  As  shown  in  Figures  4  and  5  the 
rotation  is  observed  not  only  at  one  frequency,  but  also  in  a  narrow  frequency  range  around  these 
fundamental  ones  with  a  Gaussian-like  shape. 
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Figure  3.  Hysteresis  loops  for  the  As-Cast  and  annealed  Feyi'iSi/  t  ai^t/CuiNhj  wires. 


In  spite  of  the  complex  spectra  (see  Figure  4),  the  higher  harmonics  of  a  set  of 
fundamental  frequencies  can  be  extracted.  The  number  N  of  fundamental  frequencies  found  for 
Fe77.5Si7.5B15  and  Fe7.5.5Sii.i5B9CuiNb:)  samples  is  2  and  4,  respectively.  In  the  Fe77.5Si7.5B  15  wire 
for  all  the  annealing  temperatures  there  are  two  fundamental  modes  around  5  and  8  kHz,  being 
the  one  at  5  kHz  quite  wide.  Only  the  devitrified  sample  has  a  very  different  spectra  with  reduced 
number  of  modes  and  frequencies  of  rotation.  Also,  an  increase  of  the  wire  rotation  frequency 
with  exciting  frequency  can  be  observed.  This  result  supports  the  idea  that  the  rotation  is  caused 
by  the  coupling  of  the  eddy  currents  induced  in  the  wire  when  there  is  a  magnetolastic  resonance. 
As  frequency  is  increased  so  arc  the  induced  currents,  and  accordingly  the  Lorentz  force.  This 
force  is  not  canceled  due  to  the  lack  of  perfect  symmetry  in  the  system,  as  the  wire  is  standing  in 
a  non-uniform  alternating  magnetic  field.  In  Fe77.5Si7.5B  15  samples,  the  changes  in 
magnetostriction  constant  are  negligible  during  structural  relaxation  [9].  This  fact  explains  the 
quite  similar  spectra  of  wire  rotation  frequency  for  all  the  samples.  The  differences  in  the  540-C 
annealed  sample  can  be  explained  by  the  crystallization  and  the  induced  magnetic  hardening. 

This  is  in  contra.st  with  the  results  obtained  for  the  Fe73.5Sii3.5B9CuiNb3  wires.  In  these 
wires,  annealing  results  in  intermediate  devitrification  and  quite  large  change  in  the 
magnetostriction  constant  [10].  This  change  modifies  the  rotational  spectra  of  the  wires  as  shown 
in  Figure  5.  Fundamental  frequencies  found  in  the  as-cast  state  (4.7,  7.5,  10.8  and  12.5  kHz)  shift 
with  annealing  and  eventually,  after  treatment  at  550-C  rotation  disappears.  This  temperature 
corresponds  to  the  optimum  soft  magnetic  properties  when  the  lowest  magnetostriction  value  is 
achieved.  Rotation  is  observed  again  upon  a  new  increase  of  magnetostriction  with  further 
crystallization  (e.g.  aneealing  at  650^’C). 
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Figure  4.  Rotational  spectrum  (wire  frecptency  vy  exciting  field  frequency)  for  the  as-cost  F €77,58(7.58 js  wire  and 
after  annealing  at  different  temperatures  as  indicated. 

All  these  results  show  that  AC  field  induced  rotation  has  its  physical  origin  in  the 
magnetoelastic  resonance,  which  is  more  important  as  magnetostriction  constant  is  increased. 
This  parameter  can  be  tailored  in  some  compositions  as  the  Fe73.5Sii3.5B9CuiNb3. 

CONCLUSSIONS 

A  new  effect  consisting  of  the  AC  field  induced  mechanical  rotation  has  been  studied  in 
Fe77.5Si7.5B  15  and  Fe73.5Sii3.5B9CuiNb3  wires  subjected  to  thermal  treatments  that  modify  their 
structural  nature.  In  the  case  of  the  Fe77.5Si7.5B  15  wire,  rotational  characteristics  are  almost 
unchanged  by  annealing,  at  least  until  crystallization  is  achieved,  which  is  ascribed  to  the  fact 
that  the  magnetostriction  constant  does  not  change  significantly.  In  contrast,  Fe73.5Sii3.5B9CuiNb3 
wires  undergo  noticeable  changes  of  magnetostriction  before  full  crystallization.  Rotational 
characteristics  are  determined  most  importantly  by  magnetostriction  but  are  also  modified  by  the 
structural  nature  and  the  degree  of  magnetic  softness.  The  influence  of  exciting  AC  frequency 
also  supports  the  assumption  that  the  rotation  is  caused  by  the  coupling  of  the  induced  eddy 
currents  with  the  non-uniform  magnetic  field  that  exist  in  the  coil.  In  short,  for  this  phenomenon 
to  be  observed,  magnetically  soft  materials  are  required  but  exhibiting  large  enough 
magnetostriction. 
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Figure  5.  Rotational  spectrum  (wire  frequency  vs  e.x  citing  field  frequency)  for  the  as-cast  Fej  f  ^Sij  i  ^iB^CuiNbj  wire 
and  after  annealing  at  different  temperatures  as  indicated. 
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ABSTRACT 


In  this  study,  we  investigated  the  magnetic  domains  of  a  FeMnSiNiCr  stainless  steel 
sample  using  Magnetic  Force  Microscope  (MFM),  We  compared  the  magnetic  patterns  obtained 
by  scanning  the  sample  with  three  coated  probes  with  different  magnetic  properties:  Medium 
magnetic  moment  (MM),  low  magnetic  moment  (LM),  and  low  coercivity  (LC).  The  probe- 
surface  separation  was  varied  between  25  to  300  nm  in  order  to  quantify  the  magnetic 
microstructure  of  the  sample.  A  simple  model  for  the  probe-sample  interaction  was  used  to 
interpret  the  contrast  change  as  a  function  of  the  probe-surface  separation.  The  experiment 
showed  that  the  average  maximum  frequency  decreases  with  the  probe-surface  separation  and 
the  intensity  of  the  frequency  is  the  strongest  for  the  MM  probe.  X  ray  diffraction  experiments 
were  used  to  identify  the  different  phases  present  in  the  sample.  The  X-ray  diffraction 
experiments  together  with  the  MFM  showed  that  a-phase  islands  surrounded  by  a  y-phase  matrix 
are  responsible  for  the  magnetic  properties  of  the  sample. 


INTRODUCTION 

Fe-based  alloys  with  Shape  Memory  Effect  (SME)  [1]  have  great  technological 
importance.  The  SME  effect  correspond  to  a  martensitic  transformation  in  the  material  and  may 
be  defined  as  the  property  of  recovering  its  original  shape  during  a  thermal  cycle  after  a  material 
has  been  apparently  deformed  in  a  permanent  way.  In  order  to  maximize  the  SME,  it  is 
important  to  eliminate  or  reduce  at  minimum  other  phase  present  in  the  material  that  not 
contribute  to  the  SME.  In  our  case  the  ferromagnetic  phase  a  play  an  important  role  reducing 
the  SME  efficiency,  being  important  the  study  and  characterization  of  the  magnetic 
microstructure  of  the  sample.  Magnetic  force  microscopy  (MFM)  has  proven  to  be  a  useful  tool 
for  imaging  the  magnetic  microstructures  in  a  variety  of  magnetic  materials  [2].  This  technique 
has  characteristics  such  as  high  spatial  resolution  and  minimum  sample  preparation.  MFM  is 
based  on  the  interaction  between  a  magnetic  sample  and  a  magnetic  coated  Atomic  Force 
Microscopy  (AFM)  probe  or  tip.  The  AFM  tip  can  be  coated  with  a  variety  of  materials  with 
different  magnetic  properties.  The  contrast  observed  in  this  kind  of  microscopy  depends  strongly 
of  the  magnetic  interaction  between  the  sample  and  the  AFM  tip  as  well  as  the  modifications  that 
the  magnetic  AFM  tip  can  induce  on  the  magnetic  microstructure  of  the  sample.  The  choice  of 
magnetic  coating  for  the  AFM  tip  can  reveal  fine  microstructure  in  the  magnetic  domains  of  the 
sample  or  simply  modify  the  microstructurc  itself  leading  to  an  erroneous  characterization  of  the 
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sample.  In  this  work,  the  magnetic  domains  of  a  FeMnSiNiCr  stainless  steel  sample,  with  strong 
SME,  were  studied  using  the  MEM  technique.  We  compared  the  magnetic  patterns  obtained  by 
scanning  the  sample  with  three  coated  probes  with  different  magnetic  properties:  Medium 
magnetic  moment  (MM),  low  magnetic  moment  (LM),  and  low  coercivity  (LC).  The  tip-surface 
separation  was  varied  from  25  to  300  nm  in  order  to  quantify  the  magnetic  microstructure  of  the 
sample.  A  simple  model  for  the  magnetic  tip-sample  interaction  was  used  to  interpret  the 
contrast  change  as  a  function  of  the  tip-surface  separation,  for  all  the  three  AFM  tips.  X  ray 
diffraction  experiments  were  used  to  identify  the  different  phases  present  in  the  sample. 

EXPERIMENTAL  DETAILS 

A  Digital  Instruments  Dimension  3000  Scanning  Probe  Microscope  (SPM)  was  used  in 
Tapping/Lift  mode.  In  this  mode  the  tip  oscillates  close  to  its  mechanical  resonance 
frequency.  These  measurements  are  based  on  a  two-pass  technique  for  each  .scanline.  In  the  first 
pass,  the  topographical  data  from  the  surface  of  the  sample  is  acquired.  The  tip  is  then  raised  up 
and  a  second  pass  is  done  keeping  a  constant  separation  between  the  tip  and  the  surface  of  the 
sample  (lift  height).  During  the  second  pass,  the  shift  in  the  resonant  frequency  induced  by  the 
interaction  of  the  dipolar  field  of  the  sample  with  the  magnetic  moment  of  the  tip  is  acquired  at 
each  point  of  the  scanline.  The  lift  mode  virtually  eliminates  the  cross  link  with  the  topography 
of  the  sample  during  the  MFM  measurements. 

The  AFM  tips  used  in  this  work  were  Silicon  cantilevers  with  pyramidal  tips  from  the 
Digital  Instruments  MESP  series.  The  first  tip  used  in  this  work  was  a  standard  MESP  tip  (MM) 
coated  with  50  nm  of  CoCr  alloy.  This  tip  is  considered  to  have  a  medium  coercivity  with  a 
value  of  approximately  400  Oe,  as  well  as  a  medium  magnetic  moment  of  approximately  lO"'^ 
emu.  The  second  tip  used  was  a  MESP-LM  tip  (LM)  coated  with  15  nm  of  CoCr  alloy.  This  tip 
has  a  coercivity  of  approximately  400  Oc,  and  a  magnetic  moment  three  times  lower  than  the 
MM  tip,  both  of  which  are  considered  low.  The  third  lip  was  a  MESP-LC  tip  (LC)  coated  with  a 
NiFe  alloy.  With  a  coercivity  value  less  than  1  Oe  and  a  magnetic  moment  similar  to  the  MM 
tip,  the  coercivity  and  the  magnetic  moment  values  of  this  tip  are  considered  low. 

The  FeMnSiNiCr  stainless  steel  used  in  this  work  has  the  following  composition  (weight 
%):  66Fe-14Mn-6Si-9Cr-5Ni.  An  ingot  was  prepared  by  induction  melting  of  purity  materials 
under  an  argon  atmosphere.  A  square  sample  of  1  x  1  cm^  of  area  and  2  mm  thick  was  cut  from 
the  ingot,  embedded  in  epoxy,  and  polished  with  a  diamond  past  of  1  pm  grain  size  in  order  to 
obtain  a  flat  surface.  Following  this  process  the  sample  was  rinsed  with  DI  water,  dried  with  Ar, 
and  mounted  in  the  SPM  to  be  imaged. 

The  X-ray  experiment  was  carried  out  in  a  Rigaku  Geigerflex  2037  diffractometer. 
Monochromatic  CuKa  radiation  was  used.  The  data  was  collected  in  the  20  mode. 

RESULTS  AND  DISCUSSION 

Figure  1  shows  an  X-ray  diffractogram  of  the  sample  at  room  temperature.  X  ray  results 
showed  the  presence  of  three  phases  in  the  sample:  a  paramagnetic  y-phase,  a  ferromagnetic  a- 
phase,  and  a  tetragonal  crystal  structure  a-phase.  Based  on  these  results,  we  expected  the  MFM 
measurements  to  reveal  small  magnetic  areas  surrounded  by  a  large  paramagnetic  matrix.  Due  to 
the  fact  that  the  y-phase  and  cr-phase  are  both  of  paramagnetic  nature,  it  was  not  possible  to 
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Figure  1.  X-ray  diffractogram  obtained  at  room  temperature. 

differentiate  the  two  phases  in  the  MFM  measurements.  Only  the  magnetic  areas  of  the  a-phase 
can  clearly  be  distinguish  from  the  rest  of  the  matrix. 

Figure  2  presents  the  MFM  measurements  obtained  with  the  three  different  tips.  A 
topographic  image  of  the  surface  of  the  sample  is  shown  in  Figure  2(a)  with  z  scale  of  15  nm. 
The  sample  is  relatively  flat  and  only  small  scratches  from  polishing  are  visible.  Figures  2(b) 
through  (d)  are  MFM  images  obtained  with  the  MM,  LC,  and  LM  tips,  respectively,  from  the 
same  region  of  the  sample  as  shown  in  2(a).  Figures  2(b)  through  (d)  present  an  interesting 
magnetic  microstructure  not  observed  in  the  Figure  2(a).  Z  scale  is  12  Hz  for  figure  2(b)  and  2 
Hz  for  figure  2(c)  and  2(d).  In  these  images,  two  distinct  patterns  are  easily  identified:  a  lighter 
region,  which  is  paramagnetic  in  nature  as  well  as  a  larger  ferromagnetic  region  with 
characteri.stic  dark  and  light  stripes. 

Images  2(c)  and  (d)  have  an  apparent  larger  lateral  resolution  than  2(b).  This  “loss”  of 
resolution  in  Figure  2(b)  is  caused  by  the  remagnetization  effect  [3]  that  the  high  coercivity  and 
medium  moment  tip  induces  into  the  low  coercivity  sample.  A  reverse  in  contrast  of  the  images 
shown  in  2(b)  and  (d)  is  observed  in  Figure  2(c).  This  change  in  contrast  is  caused  by  the 
realignment  of  the  magnetic  moment  of  tip  in  this  case,  the  dipolar  field  from  the  sample  is 
high  enough  to  rotate  the  moment  of  the  low  coercivity  tip,  which  leads  to  the  misinterpretation 
of  the  direction  of  the  dipolar  field  of  the  sample.  In  the  case  of  Figure  2(d),  the  high  coercivity 
and  low  moment  tip  reads  the  true  magnetic  microstructure  of  the  sample  without  inducing  a 
remagnetization  of  the  domains  in  the  sample  with  the  resulting  lost  of  resolution,  as  observed  in 
the  case  of  the  MM  tip.  In  addition,  there  is  no  realignment  of  its  own  moment  that  can  cause  a 
misinterpretation  of  the  direction  of  the  dipolar  field  of  the  sample,  as  in  the  case  of  the  LC  tip. 
As  can  be  seen  from  the  results,  the  choice  of  coating  material,  and  as  a  consequence  the 
magnetic  properties,  of  the  tip  are  extremely  important  to  evaluate  the  real  magnetic 
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Figure  2.  Images  of  the  sample.  Topographic  image  (a),  MFM  image  using  MM  tip  (b),  MFM 
image  using  LC  tip  (c),  and  MFM  image  using  LM  tip  (d). 

microstructure  of  the  sample.  We  think  the  best  option  is  to  choose  a  tip  with  a  magnetic 
moment  low  enough  to  produce  a  magnetic  field  lower  than  the  coercivity  field  of  the  sample, 
but  with  coercivity  field  larger  than  the  dipolar  field  produce  by  the  sample.  However,  the 
magnetic  moment  of  the  tip  has  to  be  relatively  large  in  order  to  maximize  the  interaction  with 
the  sample. Figure  3  shows  MFM  images  of  the  sample,  taken  with  the  MM  tip  at  different  lift 
heights.  Figure  3(a)  is  the  topographic  image  of  the  surface  of  the  sample.  Figures  3(b)  through 
(h),  are  MFM  images  of  the  same  region  with  a  tip-surface  separation  of:  25,  50,  100,  150,  200, 
250,  and  300  nm,  respectively.  The  z  scale  is  30  nm  for  image  (a)  and  80  Hz  for  images  (b) 
through  (h).  In  these  images  the  magnetic  a-phase  appears  as  an  island  in  the  center  of  the 
images  surrounded  by  the  paramagnetic  phase.  As  the  tip-surface  distance  increases,  the 
frequency  shift  of  the  cantilever  decreases  indicating  a  weakness  of  the  magnetic  signal  from  the 
sample.  The  frequency  shifts  as  a  function  of  the  tip-surface  separation  for  the  MM  tip  and  LC 
tip  are  shown  in  Figures  4(a)  and  4(b). 
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Figure  3.  Topographic  image  (a)  of  a  50  pm  x  50  pm  field  of  the  sample,  (b)  through  (h)  are 
MFM  images  with  a  tip-surface  separation  of  25,  50,  100,  150,  200,  250,  and  300  nm, 
respectively. 

In  order  to  understand  the  decrease  in  the  frequency  shift  with  the  lift  height,  a  very  simple 
model  [5]  for  the  tip-sample  interaction  was  developed.  This  model  considers  the  interaction 
between  a  magnetic  probe  of  magnetic  dipole  m  along  the  z  direction  with  the  stray  magnetic 
field  H-  from  the  sample.  In  order  to  calculate  the  stray  field  H.  from  the  sample  a  very  simple 
approximation  is  made:  considering  the  magnetic  domains  can  be  represented  by  disks  of  radius 
h  and  magnetization  M  along  the  z  direction  at  a  distance  h  from  the  surface  of  the  sample.  The 
magnetic  force  gradient  in  the  direction  z  can  be  expressed  as  following  equation: 

0)..  3nh^O).Mm  z  +  h  (D 

where  z  is  the  tip-surface  separation,  k  is  the  spring  constant,  and  co^  is  the  natural  frequency  of 
the  cantilever. 

The  best  least  squares  solid  lines  in  Figure  4  shows  fit  of  expression  (1)  to  the  experimental 
data  and  the  values  of  the  parameters  are  summarized  in  Table  I. 

The  fairly  good  fit  to  the  experimental  data  shown  in  Figure  4  corroborates  the  validity  of 
the  model  used.  Note  that  the  size  and  depth  of  the  domains  found  by  the  MM  tip  are  almost  two 
(1.78)  times  larger  than  the  respective  values  found  by  the  LC  tip,  confirming  the 
remagnetization  effect  induced  by  the  MM  tip  in  the  structure  domain  of  the  low  coercivity 
sample.  However,  the  two  tips  sense  the  magnetic  domains  at  approximately  the  same  depth. 
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Figure  4.  Frequency  shift  versus  tip-surface  separation  for  MM  tip  (a)  and  LC  tip  (b).  The 
squares  arc  experimental  data  and  the  lines  are  the  fit  using  expression  (1). 


Table  1.  Parameters  for  the  two  tips,  HM  and  LC,  obtained  by  fitting  experimental  points  with 
expression  (1). 


Tip 

tOi  (kHz) 

/j(nm) 

h  (nm) 

Mni  (nnf) 

MM 

55.35 

187 

156 

6.39 

LC 

77.98 

105 

130 

5.00 

CONCLUSION 

The  MFM  technique  has  been  shown  to  be  a  powerful  tool  to  identify  ferrite  phases  in  Fe- 
alloys  with  shape  memory  effect.  Different  magnetic  patterns  were  observed  when  MM,  LC, 
and  LM  tips  were  employed.  A  broadening  of  the  magnetic  domains  due  to  the  remagnetization 
effect  induced  by  the  MM  tip  in  the  sample  was  observed.  A  contrast  inversion  was  observed  in 
the  MFM  images  produced  by  the  LC  tip.  This  contrast  inversion  was  related  to  the  rotation  of 
the  magnetic  moment  of  the  low  cocrcivity  tip  induced  by  the  relatively  strong  dipole  field  of  the 
sample.  A  high  coercivity  and  low  magnetic  moment  tip  proved  to  be  ideal  for  the  study  of 
magnetic  microstructurc  of  this  kind  without  inducing  misinterpretation  of  size  and  orientation  of 
the  magnetic  domains  in  the  sample.  A  simple  model  was  used  to  understand  and  quantify  the 
tip-sample  interaction  and  the  magnetic  microstructure  of  the  sample. 
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ABSTRACT 

The  magnetic  behaviour  of  the  glass-covered  metallic  microwires  with  a  wide  compositional  range  of 
composition  with  soft  and  hard  magnetic  character  is  presented.  The  effect  of  conventional  furnace 
and  dc  current  annealing  under  dc  axial  magnetic  field  or  without  it  as  well  as  of  a  chemical  etching 
on  the  magnetic  properties  of  Co  and  Fe-based  glass  coated  microwires  has  been  studied.  Such 
treatments  modify  the  magnetic  parameters.  In  particular,  annealing  under  applied  magnetic  field 
(field  annealing)  can  improve  significantly  such  magnetic  parameters  as  permeability.  Such 
phenomenology  can  be  interpreted  considering  the  noticeable  magnetic  anisotropy  induced  by  the 
combined  effects  of  the  magnetic  field  and  strong  internal  stresses  arising  from  the  coating.  Giant 
magnetoimpedance  (GMI)  effect  was  observed  in  nearly-zero  magnetostrictive  amorphous 
microwires.  Upon  careful  heat  treatment,  FeCuNbSiB  amorphous  microwires  devitrificate  into 
nanocrystalline  structure  with  large  variety  of  magnetic  parameters.  Hard  magnetic  materials  with 
coercivity  up  to  800  Oe  were  obtained  as  a  result  of  decomposition  of  metastable  phases  in  Co-Ni-Cu 
microwires  as  well  as  after  crystallization  process  of  FeCuNbSiB  amorphous  microwires. 

1.  INTRODUCTION 

Studies  of  ferromagnetic  amorphous  wires  obtained  by  in-rotating-water  quenching  technique 
with  a  typical  diameter  of  around  120  pm  has  become  a  classic  topic  of  applied  magnetism  owing  to 
their  very  particular  magnetization  properties.  Large  Barkhausen  jump  between  two  stable  remanent 
states  (so-called  magnetic  bistability,  MB)  and  Giant  Magneto-Impedance  (GMI)  effect  have  been 
observed  and  intensively  studied  in  the  last  few  years  [IJ. 

An  alternative  technology,  the  Taylor-Ulitovsky  method,  was  recently  employed  to  produce 
continuous  microwire  (0.4  Km/min)  with  a  metallic  nucleus  (typically  from  about  1  pm  to  20  pm  in 
diameter)  covered  by  insulating  Pyrex-type  glass  coating  sheath  (with  the  thickness  of  1-  10  pm).  A 
number  of  outstanding  magnetic  properties,  such  as  magnetic  bistability,  enhanced  magnetic  softness 
and  GMI  effect  (up  to  130%)  have  been  found  recently  in  such  microwires  [2-5].  The  magnetic 
properties  of  microwires  are  correlated  with  their  microstructure,  composition  and  internal  stresses 
originated  from  the  difference  of  thermal  expansion  coefficients  of  the  metal  and  the  glass. 
Consequently,  the  magnetic  properties  could  be  improved  by  adequate  treatment:  heat  treatment  or 
chemical  etching  of  the  glass  coating  or  by  the  selection  of  adequate  chemical  composition  of  the 
metallic  nucleus. 

The  aim  of  this  paper  is  to  present  novel  results  on  compositional  dependence  and  processing 
of  glass-coated  microwires  in  order  to  design  their  magnetic  properties. 

2.  EXPERIMENTAL  DETAILS 

Microwires  of  different  Fe-and  Co-rich  composition  were  obtained  by  the  Taylor-Ulitovsky 
technique. 
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Varying  the  fabrication  parameters,  the  microwires  were  fabricated  with  a  different  ratios,  p, 
of  the  glass  coating  thickness,  t,  to  the  total  radius,  R,  of  the  wire.  The  axial  M.-  -  H-_  hysteresis  loop  of 
the  samples  was  obtained  by  conventional  induction  method  at  50  Hz.  Chemical  etching  of  the 
external  glass  coating  was  produced  in  diluted  (10%  or  20%)  solution  of  hydrofluoric  acid  (HF).  The 
evolution  of  the  structure  after  the  annealing  was  observed  using  X-ray  diffraction  with  CuK„ 
radiation.  Furnace  and  current  annealing  treatments  were  used.  Such  treatments  were  carried  out 
under  the  presence  of  a  magnetic  field  (FA)  and  without  field  (CA). 

The  electrical  impedance  of  the  microwire  was  evaluated  by  means  of  the  four-point 
technique.  The  magnetoimpedance  ratio,  AZ/Z,  has  been  defined  as: 

AZ/Z  =  fZ(H)  -  Z(H,„a,)l/Z(H„n,x)  ( 1 ) 

A  maximum  direct  current  longitudinal  magnetic  field,  up  to  2400  A/m  was  applied  by  a  long 
solenoid. 

3.  EXPERIMENTAL  RESULTS  AND  DISCUSSION 
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Hysteresis  loops  of  three  of  studied 
microwires:  Fe-rich  (positive  magnetostriction 
constant,  K),  Co-rich  (negative  K)  and  Co-Mn 
(nearly-zero  Tis)  are  shown  in  figures  1  (a-c) 
respectively.  As  can  be  seen,  the  shape  of  the 
hysteresis  loops  as  well  as  main  magnetic 
properties  (coercivity,  He,  magnetic  anisotropy 
field,  magnetic  permeability)  depend  on  the 
composition  of  the  sample.  The  conventional 
annealing  (CA)  in  the  range  of  100  -  200  "C 
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Figure  1.  Hysteresis  loops  of  FevoBi.sSiioC.s  (Vs 
>0),  Coy.sSiioBis  (Xs<0)  and  Cof,KMn7Sii()Bi5  (^s 
~0)  microwires. 

produces  mainly  small  changes  in  the  coercive  field, 
ascribed  to  the  relaxation  of  internal  stresses.  Nevertheless, 
if  the  thermal  treatment  was  carried  out  under  the  presence 
of  an  axial  magnetic  field  (field  annealing,  FA),  significant 
changes  of  the  hysteresis  loop  were  detected  (figure  2). 
This  change  produces  an  increase  of  the  initial 
permeability,  (Ij,  coercivity,  He,  remanent  magnetization, 
P()Mr,  and  a  decrease  of  the  anisotropy  field,  Hk  (see  figure 
3).  The  changes  of  the  shape  of  the  hysteresis  loop  with  FA 
should  be  connected  to  the  induction  of  magnetic 
anisotropy  with  an  easy  axis  along  the  longitudinal 
direction  of  the  microwire.  The  field  of  induced  anisotropy, 
AHk  has  been  calculated  as  the  difference  between  the 
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Figure  2.  Effect  of  magnetic  field 
annealing  (FA)  on  hysteresis  loops  of 
(Co,,. 92^00.8)7551, oBj.^  microwire  at 
different  annealing  temperatures. 
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anisotropy  field  before  and  after  treatments.  In 
case  of  FA  treatment  AH),  is  of  around  120  A/m. 
It  must  be  noted  that  the  moderate  values  of  the 
annealing  temperature  cannot  assume  the  pair 
ordering  mechanism.  We  believe  that  this 
anisotropy  is  developed  by  the  combine  effect  of 
the  high  internal  stress  and  the  magnetic  field 
applied  during  the  treatment  [5J. 

Dependencies  of  the  coercivity  on  the 
annealing  time,  tann,  for  current  annealing  CA 
and  FA  with  current  density  227  for  three 
microwires  is  shown  in  Figure  4. 


(C) 
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Figure  3.  Effect  of  annealing  on  magnetic 
properties  of  Co69Mn6SiioBi5  microwires:  initial 
magnetic  permeability,  pis  (a),  anisotropy  field, 

Hk  (b),  coercivity  and  remanent  magnetization  (c) 

In  the  case  of  the  sample  FeToBisSijoQ,  both 
treatments  (CA,  FA)  at  30  mA  (j=227  A/mn?)  caused 
a  decrease  of  He  with  the  In  the  case  of  FA  such 
decrease  of  coercivity  is  more  significant. 

In  contrast,  in  the  case  of  Co.s6,5Fe(,,5Nii()Bi6Si!i 
samples,  both  treatments  result  with  opposite  effects. 

CA  treatment  gives  rise  to  roughly  monotonic 
decrease  of  the  coercivity,  while  FA  results  in  an 
increase  of  with  a  broad  maximum  at  ?w,«~10  min. 

Similarly  with  Fe7oBi5Si|oC5  samples,  a  monotonic 
decrease  of  Hr  has  been  observed  for  Co6sMn7Sii()Bifi 
sample  after  both  CA  and  FA  treatments.  Besides,  as 
in  the  case  of  the  Co56..5Fe6,5NiioBi6Siii  sample,  the 
FA  treatment  results  in  higher  Hr,  as  comparing  with  the  CA  treatment. 

Like  in  the  case  of  conventional  annealing  (figures  3  and  4)  we  can  explain  the  observed 
difference  between  the  CA  and  FA  as  the  effect  of  the  stress+longitudinal  field  induced  magnetic 
anisotropy  in  the  last  case,  where  the  strong  internal  stresses  contribute  as  the  reinforcing  factor. 


- - 

Figure  4.  Comparative  evolution  of  He  with 
annealing  time  for  CA  and  FA  of  Fe7()B]5SiioC5 
(a),  Co56,5Fe6,5Nii()B|fiSi]  i  and  Co68Mn7Si|()Bi5 
(c)  microwires  annealed  at  j~227  Almm^  with 
the  annealing  time,  ta,m,  as  a  parameter. 
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A  chemical  etching  treatment  can  also  significantly  change  the  magnetic  properties.  The 
effect  of  the  chemical  etching  time,  t,  on  coercivity, 
and  remanence,  poMr;  is  presented  in  figure  5.  These 
observed  experimental  dependencies  could  be 
understood  taking  into  account  additional  magnetoelastic 
energy  arising  from  the  glass  coating.  Strong  internal 
stresses  (up  to  10^  MPa)  can  even  modify  value  and  sign 
of  the  magnetostriction  constant,  especially  if  the 
magnetostriction  constant  is  quite  low.  Consequently, 
removing  of  the  glass  coating  gives  rise  to  the  stress 
relaxation. 

The  very  soft  magnetic  behaviour  found  ^  chemical  etching  on  the 

in  C0M.,Mn„Si,„B,5  microwires  with  small  negative  „  ,i  ^ameters  of  the  Co«,Mn7Si,„B,5 
magnetostriction  constant  makes  them  very  attractive  to  mierowire. 

investigate  the  magnetoimpedance  effect.  A  really  high 
GMI  has  been  observed  in  Co6s.5Mn6.5Si!oBi5  microwire 

annealed  at  100  “C  for  1  hour  (see  figure  6).  A  maximum  GMI  ratio,  (AZ/Z)ni,  as  well  as  a  field  of 
maximum,  H,,,,  increase  with  frequency  of  driving 
current,  f  (see  figure  6).  This  GMI  effect  is  extremely 
sensitive  to  the  application  of  external  tensile  stresses 
(figure  6b).  The  origin  of  this  dependence  is  related  with 
the  magnetoelastic  anisotropy  induced  by  the  tensile 
stress.  It  is  remarkable  to  mention  that  the  position  of  the 
DC  axial  field  that  corresponds  to  the  maximum  GMI 
ratio,  H,n,  should  be  attributed  to  the  static  circular 
anisotropy  field,  This  allows  us  to  estimate  the 
magncto.striction  constant  using  the  well-known 
expression  for  the  stress  dependence  of  anisotropy  field; 
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H  (A/m) 


X,  =  (HoM./3)(dHk/da)  (2) 

The  //„,( or)  dependence  is  roughly  linear  with  a  slope  of 
around  0.7  A/(mxMPa),  that  gives  -2'X\Q'\  which 
is  reasonable  in  comparison  with  the  recently  reported 
values  estimated  for  the  similar  composition  ( «  - 
3x10-^)  [6] 

Annealing  temperature,  Tann,  dependence  of  the 
coercivity,  Hf,  for  the  Fe7i.8Cui.oNb3,iSii5.((By.i  alloy 
with  the  geometric  characteristics  as  parameter  is  shown 
in  the  figure  7.  Generally  a  decrease  of  EL  has  been 
observed  at  T;.n„  below  400  ”C.  Weak  local  minimum  of 
He  has  been  observed  at  about  400-450  ”C  with  the 
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Figure  6.  Effect  of  the  frequency,/,  (a)  and 
applied  stresses  (b)  on  AZ/Z  ratio  of 
Co68.5Mn6.5SiioBi5  amorphous  microwire 


temperature  of  that  minimum  depending  on  both  alloy 

composition  and  geometry.  Such  decrease  of  He  could  be  ascribed  to  the  structural  relaxation  of  the 
material  remaining  the  amorphous  character  such  as  has  been  widely  reported  in  metallic  glass  alloys. 
A  small  relative  hardening  (increase  of  coercivity)  can  be  ob.served  after  annealing  around  450-500 
”C,  which  could  be  ascribed  to  the  very  beginning  of  first  stage  of  devitrification.  It  is  interesting  to 
note  the  effect  of  the  sample’s  geometry  on  this  increase  of  the  coercivity.  A  deeper  softening 
(optimum  softness)  with  rather  low  value  of  He  is  obtained  in  the  .samples  treated  at  T^nn  =  500-600 
‘’C.  Finally,  abrupt  increase  of  He  is  shown  by  the  samples  treated  at  Ta„n  above  600  "C,  indicating  the 
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Figure?.  Dependence  of  coercivity  on  the 
annealing  temperature,  Tann,  for 
Fe7j,8Cu]Nb3.iSii5B9.]  with  the  ratio  d/D 
ranging  from  0,282  to  0.646 
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beginning  of  the  precipitation  of  iron  borides  (with 
grain  size  larger  than  50  nm).  Such  beginning  of  the 
increase  of  He  varies  depending  mainly  on  sample 
composition  as  well  as  on  geometry.  It  must  be 
noted  that  for  the  thickest  glass  coating  the  increase 
of  He  appears  at  lower  temperature,  which  could  be 
related  with  the  fact  that  the  internal  stresses  induce 
some  ordering  to  hinder  the  crystallization. 

Slight  change  of  the  chemical  composition 
results  in  drastic  change  of  Hc(Tann)  dependence. 
Effect  of  the  annealing  temperature  on  the 
coercivity.  He,  of  the  Fe72.3CuiNb3,iSii4, 589.1  alloy 
with  the  ratio  p  as  parameter  is  shown  in  the  figure 
8.  A  sharp  magnetic  hardening  (significant  increase 
of  the  coercivity)  can  be  observed  after  annealing 
(500  -  550  "C  during  1  hour). 

It  should  be  indicated  that  the  maximum  of  He  takes 
place  at  the  same  range  of  annealing  temperature  as 
first  small  increase  of  coercivity  in 
Fe7i,8Cui,oNb3,iSii5.oB9.i  related  with  the  first  re¬ 
crystallization  process  (see  figure  7). 

X-ray  analysis  of  as-prepared 
Fe72.3CuiNb3,iSii4.5B9.i  microwire  does  not  detect  a 
presence  of  crystalline  phases  after  annealing  at  550 
°C.  Nevertheless,  TEM  diagram  allowed  to  detect  a 
small  amount  of  fine  grains  of  oc-Fe,  y-Fe  and  a- 
Fe(Si)  with  the  average  grain  size  of  such 
crystallites  around  20-70  nm  in  annealed  sample  at 
550  °C. 


Figure  8.  Dependence  of  the  coercivity  on 
the  annealing  temperature,  Tann,  of  the 
Fe72.3CuiNb3.iSii4.5B9.i  microwires  with  the 
ratio  d/D  as  the  parameter. 


The  difference  in  magnetic  behaviour  with 
respect  to  the  conventional type  microwires 
can  be  attributed  to  different  composition  as  well  as 
to  high  internal  stresses.  It  is  well  known  that  the 
best  magnetic  softness  is  achieved  when  the 
nanocrystalline  structure  consists  of  small  a-Fe(Si)  grains  embedded  in  a  residual  amorphous  matrix 
with  vanishing  magnetostriction  constant.  Probably,  a  small  change  in  the  composition  of  the  metallic 
nucleus  does  not  permit  to  achieve  the  vanishing  magnetostriction  constant.  In  addition,  strong 
internal  stresses  dye  to  the  glass  coating  can  result  in  a  change 
of  structure  of  the  precipitates  (it  is  well  known  that  internal 
strains  of  different  nature  can  be  as  the  origin  of  a  martensitic- 
type  transformation  in  Fe  alloys).  Probably,  the  strong  internal 
stresses  in  the  metallic  nucleus  could  induce  a  precipitation  of  y-  - 
Fe  fine  grains  during  the  first  stage  of  the  crystallization  ° 
process.  Particularly,  the  presence  of  y-Fe  crystallites  could  be 
attributed  the  magnetic  hardening  observed  in  this  microwire. 

To  clarify  this  point  new  studies  actually  are  in  progress. 

Figure  9  shows  the  Hc(Tann)  behaviour  for  the  crystalline 
Co29Ni25Cu45Mn  microwires.  The  as-prepared  sample  shows  a 
relatively  low  coercivity  (50  —100  Oe).  Rising  the  annealing  Figure  9.  Hc(Tann)  dependence  in 

temperature  until  973  K  a  strong  increase  in  He  is  obtained,  Co^9Nir5MniCu45microwire 
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reaching  the  maximum  value  of  around  800  Oe.  A  further  increase 
of  the  annealing  temperature  results  in  a  decrease  of  the  coercivity 
such  as  can  be  observed  in  figure  9.  The  largest  reduced  remanence 
ratio  Mr/Ms  =  0.5  is  also  found  after  annealing  at  973  K  and  the 
estimated  saturation  magnetization  is  of  about  3.6  KG. 

In  the  as-prepared  microwirc,  quenched  from  a  high  temperature, 
only  a  single  phase,  with  a  lattice  parameter  a  =  0.3573  nm  was 
found  (figure  10a).  When  the  sample  was  heated  at  high 
temperatures,  this  mctastable  phase  started  to  decompose.  This  can 
be  seen  in  the  sample  treated  at  973  K,  where  the  segregation  is  not 
yet  complete  (figure  10b).  After  annealing  at  1073  K,  the  sample 
shows  the  equilibrium  phases,  consisting  of  a  copper  matrix  {a  = 

0.359!  urn)  with  Cu-rich  particles  {a  =  0.3545  nm)  (figure  10c). 

These  results  are  in  agreement  with  the  magnetic  hardening  in 
bulk  Co-Ni-Cu  permanent  magnet  alloys,  and  the  maximum  value  of 
coercivity  obtained  after  annealing  at  973  K  during  1  hour  agrees 
with  that  previously  reported  by  Bozorth  [7].  Figure  10.  Effect  of  annealing  on 

X-ray  patterns  of 

Co79Ni'5‘5MniCu4‘;  microwire 

4.  CONCLUSIONS 

Magnetization  process  of  glass-coated  microwires  determines  by  the  magnetoelastic  and 
shape  anisotropy.  Sign  and  value  of  the  magnetostriction  constant  affect  strongly  the  magnetization 
process.  Significant  changes  of  soft  magnetic  properties  have  been  observed  in  Fe-  and  Co-rich 
microwires  after  different  treatments  (conventional  and  current  annealing  with  or  without  axial 
magnetic  field  as  well  as  chemical  etching).  The  observed  experimental  results  on  the  soft  magnetic 
properties  in  Fc-  and  Co-rich  microwires  submitted  to  conventional  and  current  annealing  (with  or 
without  field)  can  be  explained  as  a  consequence  of  the  induced  magnetic  anisotropy  arising  from  the 
counterbalance  between  internal  quenched-in  stresses  owing  to  the  difference  in  thermal  expansion 
coefficients  of  the  metal  and  the  glass.  This  induced  anisotropy  should  be  understood  as  originating 
from  the  simultaneous  action  of  the  large  internal  stresses  and  the  axial  applied  magnetic  field. 
Enhanced  magnetic  softness  and  GMI  effect  (up  to  130%)  has  been  observed  after  adequate  thermal 
treatment.  Significant  stress  dependence  of  this  GMI  effect  has  been  found.  The  magnetostriction 
constant  (  =  -2x  1 0  ’)  is  estimated  from  stress  dependence  of  the  GMI  ratio. 

It  must  be  noted  that  the  coercivity  obtained  by  annealing  Co-Ni-Cu-(Mn)  microwire  with  a 
metastable  single  phase  in  the  as-prepared  state  is  enhanced  up  to  800  Oe  by  decomposition  of  the 
metastable  phase.  In  the  case  of  Fe-based  {finemet-\y\>Q)  microwire,  the  strong  magnetic  hardening  at 
low  annealing  temperature  (around  550  ^C)  could  be  ascribed  to  the  role  of  the  internal  stresses 
induced  by  the  glass  coating  on  the  metallic  nucleus. 
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ABSTRACT 


Nearly  zero  magnetostrictive  glass-coated  amorphous  microwires  are  suitable  materials  for 
sensor  applications.  Samples  with  metallic  core  diameters  below  20  pm  exhibit  almost 
nonhysteretic  BH  loop,  related  to  the  existence  of  a  domain  structure  with  azimuthal  easy  axis. 
The  magnetic  behavior  of  these  microwires  is  changing  drastically  when  the  metallic  core 
diameter  increases  over  25  pm,  i.e.  they  display  a  bistable  magnetic  behavior  at  low  fields,  that  is 
a  one  step  magnetization  reversal  at  a  certain  value  of  the  applied  field,  called  switching  field. 
Results  on  the  direct  domain  observation  in  nearly  zero  magnetostrictive  C068.25Fe4.5Si12.25B  15 
glass-coated  amorphous  microwires  by  means  of  Kerr  microscopy  are  reported  for  the  first  time. 
The  effect  of  glass  removal  on  the  domain  structure  has  been  also  studied.  AC  hysteresis  loop 
measurements  have  been  employed  to  establish  a  correlation  between  domain  structure  and 
magnetic  behavior. 

Glass-coated  microwires  exhibit  a  single  domain  configuration  with  the  magnetization 
pointing  mostly  to  the  wire  axis.  The  domain  structure  does  not  change  qualitatively  after  glass 
removal,  but  the  parameters  of  the  squared  hysteresis  loops  are  modified.  The  remanence  to 
saturation  ratio  increases  after  glass  removal,  while  the  switching  field  decreases. 

The  obtained  results  are  of  interest  for  sensor  applications,  and  show  that  the  metallic  core 
diameter  is  a  dimensional  factor  that  contributes  to  important  changes  in  the  domain  structure 
and  magnetization  process  of  such  microwires. 


INTRODUCTION 


Ferromagnetic  amorphous  glass-coated  wires,  also  called  microwires,  represent  a  new  class 
of  materials,  very  suitable  for  sensors  applications  [1,2].  Such  microwires  are  usually  prepared 
from  three  ferromagnetic  alloy  categories:  (i)  Fe-based  with  large  and  positive  magnetostriction 
(e.g.,  Fe77,5Si7.5Bi5  with  X-s  =  25  x  10'^),  (ii)  Co-based  with  negative  magnetostriction  (e.g., 
Co8oSiioBio  with  Xs  =  -4  X  10'^),  and  (iii)  Co-based  with  small  amounts  of  Fe  or  Mn  with  nearly 
zero  magnetostriction  (e.g.,  C068.25Fe4.5Si12.25B  15  with  Xs  =  -1  X  10'^).  Nearly  zero 
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magnetostrictive  microwires  are  mostly  employed  as  sensing  elements  for  magnetic  sensors 
based  on  the  giant  magneto-impedance  effect  [3],  due  to  their  high  azimuthal  permeability  and 
favorable  domain  structure. 

CoFeSiB  microwires  with  typical  dimensions  -  diameters  of  the  metallic  core  below  20  pm 
and  glass  coating  thickness  up  to  15  pm  -  exhibit  a  domain  structure  with  azimuthal  easy  axis  of 
magnetization  that  results  in  an  almost  nonhysteretic  axial  BH  loop  [4]. 

The  aim  of  this  paper  is  to  report  for  the  first  time  results  on  the  magnetic  behavior  of 
CoFeSiB  amorphous  microwires  with  the  metallic  core  diameter  over  25  pm  and  large  total 
diameter  (over  60  pm).  In  order  to  make  a  difference  between  such  samples  and  microwires  with 
typical  dimensions,  we  called  them  ‘thick’  amorphous  microwires. 


EXPERIMENT 


CoFeSiB  amorphous  microwires  cut  to  7  cm  long  samples  have  been  investigated.  Axial 
hysteresis  loops  were  deteimined  by  an  inductive  method,  using  an  AC  axial  field  with  a 
frequency  of  60  Hz  and  a  maximum  amplitude  of  4  Oe.  Direct  domain  observations  were 
performed  based  on  longitudinal  Kerr  effect  optical  microscopy  using  an  image  processor. 

Two  sets  of  samples  were  studied:  sample  A  with  a  total  diameter  of  101  pm,  the  metallic 
core  diameter  being  34  pm,  and  sample  B  with  a  total  diameter  of  63  pm,  the  metallic  core 
diameter  being  27  pm.  Both  sample  A  and  B  were  measured  before  and  after  glass  removal  by 
chemical  etching.  The  samples  after  glass  removal  were  denominated  as  sample  A1  and  B 1 , 
respectively. 

Figure  1  shows  the  low  and  high  field  axial  hysteresis  loops  for  sample  A.  The  low  field 
loop  corresponds  to  a  maximum  applied  field  of  0.08  Oe,  while  the  high  field  one  is  obtained  for 
a  maximum  applied  field  of  4  Oe.  One  observes  that  the  sample  displays  a  bistable  axial 
magnetization  process,  i.e.  a  single  and  large  Barkhausen  jump  that  occurs  at  a  switching  field 
value,  H*,  of  3 1 .5  mOc. 


Figure  1.  Low  and  high  field  axial  hysteresis  loops  for  a  glass-coated  CoFeSiB  amorphous 
microwirc  with  the  metallic  core  diameter  of  34  pm  and  a  total  diameter  of  101  pm  (sample  A). 
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This  magnetic  behavior  is  different  from  that  of  microwires  with  the  same  composition,  but 
with  typical  dimensions.  Thus,  the  axial  direction  is  a  hard  axis  for  typical  microwires  with  this 
composition,  while  in  this  case  it  is  an  easy  axis  of  magnetization.  The  explanation  for  this  fact  is 
related  to  the  dominant  energy  terms  from  the  expression  of  the  total  free  energy,  whose 
minimization  decides  the  formation  of  domain  structure. 

In  the  case  of  typical  microwires  with  nearly  zero  magnetostriction,  it  has  been  shown  that 
the  magnetoelastic  energy  minimization  is  responsible  for  the  formation  of  a  domain  structure 
with  transverse  easy  axis  of  magnetization,  i.e.  azimuthal  in  cylindrical  coordinates,  which  are 
the  most  appropriate  for  the  geometry  of  such  materials  [5].  In  this  way,  the  coupling  between 
negative  magnetostriction  and  large  axial  tensile  stresses  in  the  wire’s  inner  region,  and  large 
compressive  azimuthal  ones  at  the  surface,  results  in  both  cases  in  an  easy  axis  of  magnetization 
perpendicular  to  the  axial  direction.  However,  in  the  case  of  ‘thick’  microwires,  it  seems  that  the 
magnetoelastic  energy  is  no  longer  the  term  whose  minimization  mainly  decides  the  domain 
structure  formation,  but  rather  the  magnetostatic  energy  plays  this  role.  This  hypothesis  is 
supported  by  internal  stress  calculations.  For  example,  the  maximum  value  of  the  axial  tensile 
stress  within  the  microwire’s  inner  region  is  about  1 .5  GPa,  and  the  maximum  value  of  the 
compressive  azimuthal  stress  at  its  surface  is  about  -2.8  GPa  for  a  microwire  with  a  metallic  core 
diameter  of  7  pm  and  a  glass  coating  thickness  of  5  pm  (total  diameter  17  pm),  while  for  the 
microwire  with  the  metallic  core  diameter  of  34  pm  and  the  glass  coating  thickness  of  33.5  pm  ( 
sample  A  )  these  values  decrease  to  450  MPa  and  -1 .75  GPa  respectively.  Thus,  it  is  expected  to 
have  a  less  important  role  of  the  magnetoelastic  term  in  ‘thick’  micro  wires.  The  magnetoelastic 
term  should  count  mostly  near  the  surface  of  the  metallic  core,  were  the  azimuthal  compressive 
stresses  are  still  large.  Consequently,  the  magnetostatic  energy  minimization  would  result  in  an 
axial  easy  axis  of  magnetization,  mainly  due  to  the  sample’s  shape. 

Figure  2  shows  the  domain  structure  of  sample  A,  before  and  after  magnetization  reversal. 
One  observes  a  single  domain  configuration,  that  explains  the  measured  hysteresis  loops  and 
sustains  the  above  hypothesis. 


Wire  axis 


Figure  2.  Kerr  microscopy  image  showing  the  domain  pattern  of  a  glass-coated  CoFeSiB 
amorphous  microwire  with  the  metallic  core  diameter  of  34  pm  and  a  total  diameter  of  101  pm 
(sample  A). 
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Figure  3.  Low  and  high  field  axial  hysteresis  loops  for  a  CoFeSiB  amorphous  microwire  with 
the  glass  coating  removed,  having  the  metallic  core  diameter  of  34  pm  (sample  Al). 


By  analyzing  the  domain  structure  and  the  value  of  Mr/M^  (0.68),  correlated  with  the  quite 
large  values  of  the  azimuthal  stresses  towards  the  surface  of  the  metallic  core,  one  can  state  that 
near  the  surface  the  easy  axis  of  magnetization  has  some  inclination  with  respect  to  the  axial 
direction  as  a  result  of  the  local  importance  of  the  magnetoelastic  term. 

Figure  3  shows  the  axial  hysteresis  loop  for  sample  Al  (sample  A  after  glass  removal).  One 
observes  that  the  magnetic  bistability  is  maintained  (the  large  Barkhausen  jump  occurs  at  a 
somewhat  lower  value  of  H*:  27.7  mOe).  On  the  other  hand,  the  remanence  to  saturation  ratio 
increases  after  glass  removal,  being  0.88. 

These  changes  in  the  magnetic  behavior  are  in  agreement  with  the  transformations  suffered 
by  typical  microwircs  with  the  same  composition  at  glass  removal  [5].  Hence,  typical  microwires 
become  bistable  after  glass  removal,  mainly  due  to  stress  relief  that  accompanies  glass  removal. 
In  the  case  of  ‘thick’  microwires  after  glass  removal,  stress  relief  improves  bistability,  i.e.  the 
switching  field  decreases  while  the  remanence  to  saturation  ratio  increases.  Thus,  stress  relief  is 
expected  to  reduce  the  influence  of  the  magnetoelastic  term  even  near  the  surface  of  the  metallic 
core,  and  consequently  the  inclination  of  the  easy  axis  in  this  region,  and  the  microwire  becomes 
magnetically  softer  on  the  axial  direction. 

Results  of  direct  domain  observation  by  Kerr  microscopy,  illustrated  in  figure  4,  for  the  case 
of  sample  Al  show  that  the  single  domain  configuration  with  the  magnetization  pointing  to  the 
wire  axis  is  maintained. 

Similar  magnetic  behavior  and  domain  configurations  have  been  observed  for  samples  B 
and  B 1 .  For  sample  B,  H*  is  66.8  mOe  and  MrA^s  is  0.82,  while  after  glass  removal  H* 
decreases  to  46.3  mOe  and  Mr/Ms  increases  slightly  to  0.88.  In  this  case,  the  maximum  value  of 
axial  tensile  stress  reaches  to  750  MPa,  while  the  maximum  azimuthal  compressive  one  is  -1.5 
GPa.  The  larger  value  of  H*  for  sample  B,  with  respect  to  the  value  obtained  for  sample  A,  is 
related  to  the  differences  in  the  shape  anisotropy  and  other  contributions  like  smaller 
demagnetization.  The  larger  value  of  M,/Ms  originates  in  the  even  weaker  contribution  of 
magnctoelastic  energy  near  the  surface  of  the  metallic  core  as  compared  to  the  case  of  sample  A, 
which  is  perfectly  explainable  if  we  refer  to  the  ratio  between  glass  thickness  and  metallic  radius. 
Thus,  it  has  been  previously  shown  that  the  magnetoelastic  term’s  contribution  is  larger  in 
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Wire  axis 


Figure  4.  Kerr  microscopy  image  illustrating  the  domain  configuration  of  a  CoFeSiB  amorphous 
microwire  with  the  glass  coating  removed;  the  metallic  core  diameter  is  34  pm  (sample  Al). 


microwires  with  larger  ratios  between  glass  coating  thickness  and  metallic  core  radius  [6].  In  the 
case  of  sample  A,  this  ratio  is  1 .97,  while  in  the  case  of  sample  B  it  is  1 .33. 

Glass  removal  induces  similar  changes  in  the  characteristics  of  the  magnetic  behavior  of 
sample  B  as  in  the  case  of  sample  A.  The  fact  that  Mr/Ms  reaches  to  the  same  value  (0.88), 
indicates  some  kind  of  ‘saturation’  of  the  remanence  to  saturation  ratio,  that  should  originate  in 
the  local  action  of  the  magnetoelastic  term  that  is  always  important  near  the  surface  of  the 
metallic  core.  Results  of  direct  domain  observation  by  Kerr  microscopy  show  for  both  samples  B 
and  B1  the  single  domain  configuration  with  axial  magnetization.  The  domain  configuration  for 
sample  B  is  illustrated  in  figure  5. 


Wire  axis 


Figure  5.  Kerr  microscopy  image  of  the  domain  configuration  of  a  glass-coated  CoFeSiB 
amorphous  microwire  with  a  metallic  core  diameter  of  27  pm  and  a  total  diameter  of  63  pm 
(sample  B). 
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CONCLUSIONS 


Results  on  the  magnetic  behavior  and  domain  structure  of  ‘thick’  amorphous  microwires 
with  nearly  zero  magnetostriction  were  presented  for  the  first  time. 

We  observed  that  such  samples  display  single  domain  configuration  with  the  magnetization 
direction  pointing  mostly  to  the  wire  axis.  In  addition,  the  low  field  axial  magnetization  process 
of  the  investigated  samples  is  achieved  by  a  single  and  large  Barkhausen  jump  that  occurs  at  a 
certain  value  of  the  axially  applied  magnetic  field.  The  domain  configuration  and  magnetization 
process  do  not  change  after  glass  removal,  but  an  enhancement  of  the  soft  magnetic  properties  on 
the  axial  direction  was  observed. 

The  obtained  results  show  that  the  microwire  dimensions  are  a  critical  parameter  that  can 
determine  abrupt  changes  in  the  magnetic  behavior  of  microwires  with  the  same  composition,  i.e. 
changes  in  the  mechanism  of  magnetization. 
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ABSTRACT 

We  have  prepared  FCxNii.x  multilayers  on  Cu(l  1 1 )  in  order  to  learn  how  to  control  the 
structure  and  magnetism  of  these  thin  alloy  films,  which  are  relevant  to  the  giant 
magnetoresistance  (GMR)  effect  used  in  magnetic  disk  drive  heads.  Using  the 
Spectromicroscopy  Facility  (7.0.1 .2)  on  Undulator  Beamline  7.0  at  the  Advanced  Light  Source, 
we  have  measured  X-ray  magnetic  linear  dichroism  (XMLD)  signals  from  both  Fe  and  Ni  3p 
lines  for  fourteen  different  thin  Ni-Fe  alloy  films  on  Cu(l  1 1),  with  Fe  concentration  ranging 
from  9%  to  84%  and  for  a  variety  of  film  thicknesses.  The  Curie  temperature  for  all  of  these 
samples  was  in  the  range  200K  to  500K.  For  many  of  these  films,  the  Curie  temperature  was 
considerably  lower  than  was  previously  seen  for  similar  films  deposited  on  Cu(lOO).  For  a 
particular  Fe  concentration  x,  the  Curie  temperature  increases  with  alloy  film  thickness.  For  a 
specific  film  thickness,  the  Curie  temperature  has  a  maximum  near  x=0.4. 

INTRODUCTION 

The  ability  to  control  growth  at  the  atomic  level  has  led  to  renewed  interest  in  the  study  of 
magnetism  and  magnetic  materials.  This  control  allows  for  the  study  of  the  relationship  between 
magnetic  and  structural  properties  for  optimization  of  magnetic  devices  based  on  thin  film 
technologies,  as  well  as  testing  the  theoretical  predictions  for  such  systems.'  We  are  studying 
layer-by-layer  synthesis  of  ultrathin  metal  films  by  controlling  the  composition  and  structure  of 
these  films  at  the  monolayer  level,  including  the  interfacial  region.  We  have  prepared  FCxNii.x 
multilayers  using  simultaneous  evaporation  of  pure  Ni  and  Fe  on  Cu(l  1 1)  in  order  to  better 
understand  the  GMR  effect  in  NiFe/Cu  systems  that  are  relevant  to  magnetic  disk  drive  heads. 

Using  core-level  photoelectron  spectroscopies  on  magnetized  samples  allows  for 
exploitation  of  the  fact  that  symmetry  is  broken  due  to  the  presence  of  magnetization.  The  effect 
is  due  to  spin-orbit  interaction  in  the  presence  of  exchange  interaction.  X-ray  magnetic  linear 
dichroism  (XMLD)  is  one  such  technique  that  clearly  exhibits  asymmetry  due  to  magnetization. 
XMLD  can  be  observed  in  angle  resolved,  spin-integrated  photoemission  experiments  forp- 
polarized  light  under  oblique  incidence/  The  first  example  of  this  effect  was  shown  on  a  thin 
Fe(OOl)  film,  for  which  the  Fe  3p  core  level  peak  position  and  line  shape  changed  when  the 
magnetization  of  the  sample  was  reversed.^  Because  of  its  dependence  on  photoemission  from  a 
core  level,  the  effect  can  be  used  for  surface  sensitive,  element-specific  magnetometry.  In  this 
study,  we  have  observed  this  effect  for  14  samples  of  different  thicknesses  with  Fe  concentration 
from  9%  to  84%.  This  paper  discusses  the  temperature  dependence  of  the  dichroism  signal. 
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EXPERIMENT 

The  sample  used  in  the  experiment  was  a  copper  (1 11)  single  crystal,  1  cm  in  diameter  and 
~3  mm  thick.  This  crystal  was  polished  mechanically  and  electrochemically.  Laue  X-ray 
diffraction  was  used  to  determine  that  the  miscut  was  within  1°.  The  sample  was  mounted  in  the 
Spectromicroscopy  Facility^  on  Beamline  7  at  the  Advanced  Light  Source  (ALS),  Berkeley,  for 
sample  preparation  and  dichroism  experiments.  Sample  cleaning  consisted  of  cycles  of  argon  ion 
sputtering  (3kV,  20iu  A)  and  annealing  to  550-600°C.  Alloy  samples  were  formed  by 
simultaneous  eleetron  beam  evaporation  of  Fe  and  Ni.  Aetual  composition  and  thickness  of  the 
films  were  determined  in-situ  by  X-ray  photoelectron  spectroscopy  (XPS)  with  1250eV  photons. 
Figure  1  is  a  full  range  XPS  survey  scan  measured  on  a  Feo.64Nio..-i6  alloy  sample  with  thickness 
of  ~5ML.  This  scan  clearly  demonstrates  the  chemical  purity  of  this  sample,  as  there  is  no 
evidence  of  carbon  or  oxygen  contamination.  The  Cu,  Ni,  and  Fe  2p  peaks  are  clearly  observed, 
as  are  the  Cu  and  Fe  3p  lines.  The  elemental  composition  and  thickness  of  such  a  thin  film 
sample  is  determined  quantitatively  from  the  2p  peak  heights  in  such  a  scan. 

Soft  x-ray  radiation  from  Undulator  Beamline  7.0  was  used  to  perform  XMLD  experiments 
using  the  SpectroMicroscopy  Facility  (7.0.1 .2).  We  utilized  190eV  p-polarized  photons  to 
measure  photoemission  of  Fe  and  Ni  3p  core  levels  in  normal  emission  with  2°  angular 
resolution.  The  photon  beam  was  incident  at  60°  to  the  surface  normal.  The  magnetization 
direction  was  along  the  [1,  -1,0]  direction  in  the  plane  of  the  Cu(l  11)  sample  and  also 
perpendicular  to  the  plane  detennined  by  the  electron  emission  and  the  propagation  direction  of 
the  light  for  maximum  contrast  upon  magnetization  reversal."*  Elementally  specific 
magnetometry  of  the  Ni-Fe  alloys  on  Cu(l  1 1)  was  performed  as  a  function  of  composition, 
thickness,  and  temperature.  The  dependence  of  the  XMLD  signal  on  temperature  was  used  to 
obtain  an  approximate  Curie  temperature  for  the  samples,  as  a  function  of  Fe  concentration. 


Figure  I.  Wide  scan  survey  of  a  Feo,G4Nio.36/Cu(l  1 1)  sample  using  plane  polarized  soft  x-ray 
radiation  at  1250eV.  Sample  concentrations  are  determined  by  normalized  peak  ratios  with 
corrections  for  the  cross  sections  and  mean  free  paths. 
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RESULTS  AND  DISCUSSION 


Figure  2  shows  the  XMLD  effect  for  Fe  concentration  of  0.55  and  thickness  of  10  ML.  The 
Ni  and  Fe  3p  lines  were  measured  with  photon  energy  of  190eV.  The  upper  panel  clearly  shows 
that  the  XPS  data  are  different  depending  on  the  orientation  of  the  applied  field  relative  to  the 
sample.  The  Fe  3p  and  Ni  3p  lines  were  measured  for  magnetization  up  and  down,  and  the 
difference  is  the  XMLD  signal.  The  lower  panel  shows  the  difference  between  the  two  spectra  in 
the  upper  panel  and  thus  exhibits  the  dichroism  effect.  We  have  examined  the  size  of  the 
dichroism  signal  as  a  function  of  both  composition  and  film  thickness,  and  those  data  will  be 
published  separately.'’  We  have  also  measured  the  dichroism  signal  from  both  the  Fe  and  the  Ni 

peaks.  The  asymmetry,  MagDown  ^  measured  from  the  XMLD  signal,  is 

MagUp  +  MagDown 

proportional  to  the  total  magnetization  of  the  sample. 


Kinetic  Energy 


Figure  2.  XMLD  data  from  Fe().64Ni().36  film,  10  ML  thick,  on  Cu(l  1 1).  Top  of  figure  shows  the 
Ni  3p  and  Fe  3p  XPS  lines,  measured  with  photon  energy  of  190eV,  for  magnetization  up  and 
down.  Bottom  of  figure  shows  difference  spectrum,  which  is  proportional  to  the  dichroism. 
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Our  XMLD  spectra  clearly  indicate  that  samples  of  specific  thicknesses  and  Fe 
concentrations  are  ferromagnetic.  Furthermore,  our  recent  studies  using  the  photoelectron 
emission  microscope  (PEEM2)  instrument  on  Beamline  7.3  at  the  ALS  indicate  that  both  Fe  and 
Ni  arc  magnetic  and  well  mixed  in  these  thin  alloy  films.^ 

Figure  3  shows  the  asymmetry  (in  %)  as  a  function  of  temperature  for  films  with  three 
different  Fe  concentrations,  all  ~5ML  thick.  The  manual  feedback  system  resulted  in  temperature 
variations  of  less  than  ±5'’C  during  the  measurement  of  a  dichroism  spectrum.  Although  the  data 
appear  to  fit  the  predictions  from  mean  field  theory,  detailed  fits  to  the  theory  are  still  in 
progress. 

An  approximate  Curie  temperature  (Tc)  for  the  ferromagnetic  samples  was  extracted  by 
extrapolating  asymmetry  data  as  a  function  of  temperature,  such  as  those  in  Figure  3,  to  find  the 
temperature  at  which  the  magnetic  asymmetry  disappears.  Figure  4  illustrates  the  change  in 
Curie  temperature  Tc  for  varying  thickness  and  concentration.  As  could  be  seen  in  the  data  in 
Figure  3,  for  a  particular  film  thickness,  as  the  Fe  concentration  x  increases,  Tc  increases  until 
x=().4  and  then  decreases.  For  all  of  our  samples,  Tc  was  in  the  range  from  200K  to  500K.  Note 
that  for  even  for  film  thicknesses  larger  than  5ML,  Tc  was  below  room  temperature  for  low  Fe 


Figure  3.  Fe  and  Ni  asymmetry,  in  percent,  as  a  function  of  temperature,  for  three  samples,  with 
varying  Fe  concentration.  All  thicknesses  are  about  5ML.  The  lines  are  drawn  as  a  guide  to  the 
eye. 
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Figure  4.  Approximate  Curie  temperature  of  FexNii.x/Cu(l  1 1)  samples  as  a  function  of  Fe 
concentration,  for  three  different  film  thicknesses.  Note  the  maximum  in  the  Curie  temperature 
occurs  near  x=0.4. 

concentration.  In  contrast,  an  earlier  XMLD  study  of  Fe^Nii-x  films  on  Cu(lOO)  found  that  Tc 
was  above  250K  for  film  thicknesses  larger  than  ~2ML.  ^For  a  specific  Fe  concentration,  Figure 
4  also  shows  that  the  Curie  temperature  increases  for  higher  film  thickness. 

CONCLUSIONS 

This  paper  has  presented  dichroism  data  on  thin  layers  of  FCxNii.x  on  Cu(l  1 1).  Data  on  the 
temperature  dependence  of  the  dichroism  was  shown  and  discussed.  The  trends  in  the  Curie 
temperature  as  a  function  of  film  thickness  and  concentration  were  also  reviewed.  In  addition,  an 
ultrahigh  vacuum  surface  magneto-optical  Kerr  effect  (SMOKE)  apparatus  is  under  development 
in  our  laboratory.  This  apparatus  will  make  it  much  easier  to  measure  the  Curie  temperature  of 
additional  thin  alloy  samples,  making  it  possible  to  obtain  further  data  as  a  function  of  alloy 
composition  and  thickness  in  our  own  laboratory.  Further  studies  are  in  progress  in  our  group  to 
study  the  .structure  of  the  FCxNii.x  alloy  films  on  Cu(l  1 1)  in  more  detail  using  several  other 
techniques,  such  as  low  energy  electron  microscopy  (LEEM),  scanning  tunneling  microscopy 
(STM),  and  PEEM,  in  order  to  correlate  the  observed  structure  of  the  films  with  their  magnetic 
behavior. 
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ABSTRACT 

The  spin  polarization  of  Sb  overlayers  on  the  semi-Heusler  alloy  NiMnSb  is  investigated 
in  terms  of  the  Landau-Ginzburg  approach.  The  half-metallic  semi-Heusler  alloy 
NiMnSb  acts  as  a  ferromagnetic  perturbation  and  induces  a  spin  polarization  in  the 
semimetallic  Sb  overlayer.  Using  a  Gaussian  approximation,  the  propagation  of  the  spin 
perturbation  in  the  overlayer  is  calculated.  The  results  are  compared  with  spin-polarized 
inverse  photoemission  spectroscopy  (SPIPES)  results  and  with  recent  spin-dependent 
envelope-function  approximation  (SDEFA)  predictions.  The  Landau-Ginzburg 
parameters  are  both  band-structure  and  temperature  dependent,  and  it  is  argued  that 
thermal  spin  excitations  lead  to  an  injection  depth  decreasing  as  1//T  law  at  high 
temperatures. 


INTRODUCTION 

The  spin  structure  at  interfaces  is  key  to  understanding  spin  electronics.  Of  particular 
interest  are  interfaces  between  different  classes  of  materials,  such  as  interfaces  between 
magnetically  ordered  and  semiconducting  materials.  Here  we  focus  on  the  interface 
between  a  halfmctallic  high-polarization  ferromagnet  and  a  semimetal.  Halfmetallic 
materials  are  ferromagnets  characterized  by  a  nI  subband  which  is  completely  filled, 
whereas  the  t  electrons  provide  metallic  conductivity.  Semimetals  are  reminiscent  of 
ordinary  paramagnetic  semiconductors,  except  that  they  exhibit  a  negative  'energy  gap'. 

This  work  deals  with  NiMnSb  layers  covered  by  Sb  overlayers.  NiMnSb  is  a 
halfmetallic  semi-Heusler  alloy  crystallizing  in  the  cubic  Clb  structure.  It  may  be 
considered  as  a  derivate  of  the  parent  Heusler  alloy  Ni2MnSb  and  has  a  i  band  gap  of 
less  than  about  0.5  eV  [1].  Antimony  is  a  semimetal  characterized  by  a  very  small 
negative  energy  gap  [2];  the  overlap  and  Fermi  energies  are  about  180  meV  and  90  meV, 
respectively,  and  the  electron  and  hole  carrier  densities  are  of  comparable  magnitude 
(about  5  X  10"’^  cm-3)  [2].  The  preparation  and  characterization  of  the  sputtered  NiMnSb 
films  considered  in  this  work  has  been  described  elsewhere  [3-5].  The  Sb  grows 
epitaxially  on  NiMnSb,  with  a  <100>  orientation,  a  cubic  structure,  a  3.1  A  lattice 
constant  [6]. 
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The  magnetism  of  the  Sb  overlayer  films  was  investigated  by  a  combination  of  X- 
ray  absorption  spectroscopy  (XAS)  and  spin-polarized  inverse  photoemission 
spectroscopy  (SPIPES)  experiments  [4,6].  Our  approach  yields  a  layer-specific  analysis 
of  the  spin  polarization,  in  contrast  to  methods  such  as  that  used  in  [7],  where  spin 
injection  is  probed  indirectly,  by  considering  the  exchange  coupling  through  a 
vSemiconducting  medium. 

The  measured  spin  asymmetry  exhibits  an  oscillatory  behavior  and  extends  quite 
well  into  the  Sb  layer  (up  to  about  1  nm).  In  the  spin-dependent  envelope-function 
approximation  (SDEFA)  used  in  [8],  the  unusual  range  of  the  spin  polarization  is 
explained  by  taking  into  account  that  there  are  no  spin-down  states  available  at  the 
NiMnSb  Fermi  level.  The  t  electrons  arc  able  to  move  from  the  Sb  oveiiayer  into  the 
NiMnSb,  whereas  the  i  electrons  are  reflected  at  the  NiMnSb/Sb  interface.  The  latter 
boundary  condition  means  that  the  wave  functions  are  equal  to  zero  at  x  =  0. 

Using  the  solution  of  the  spin-independent  scattering  at  an  infinite  potential  barrier  [9] 
one  obtains  the  i  electron  density 


f  cos(2kpx)  sin(2kpx)^ 

=  3^2  1^'  +3  -3  (2kFX)5  J 


(I) 


which  yields  an  oscilatory  spin  polarization  m  =  (n?  -  ni)/(nt  +  ni)  of  the  carrier  electrons 
[8].  In  other  words,  the  comparatively  long  range  of  equilibrium  spin  injection  from  the 
half-metal  NiMnSb  into  the  Sb  is  explained  by  the  semimetallic  character  of  the  Sb 
overlaycr. 

Here  we  start  from  a  slightly  different  point  of  view.  The  NiMnSb/Sb  interface  is 
considered  as  a  perturbation  which  creates  a  spin  polarization  in  the  Sb  overlayer,  and 
this  perturbation  is  described  in  terms  of  a  Landau-Ginzburg  theory.  This  approach  was 
originally  designed  to  discuss  strongly  paramagnetic  and  weakly  ferromagnetic  dilute 
alloys  [10],  but  it  can  also  be  used  to  describe  thin-film  problems  [1 1,  12].  In  this  paper, 
we  discuss  the  electronic  origin  and  the  temperature  dependence  of  the  Landau-Ginzburg 
parameters  and  investigate  the  inOuence  of  boundary  conditions. 


CALCULATION  AND  RESULTS 

Gaussian  Approximation 

Neglecting  nonlinear  contributions  and  restricting  ourselves  to  long-wavelength  terms 
(up  to  ~  k^)  which  we  will  discuss  below,  the  energy  functional  can  be  written  without 
considering  highcr-than-quadratic  terms  in  k-spacc.  The  problem  reduces  to  a  Landau- 
Ginzburg  equation: 


E  =  J Y  (Vm)^  ^ 


(2) 
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In  this  equation,  m(r)  is  the  local  magnetization,  C  can  be  interpreted  as  a  kind  of 
exchange  stiffness,  A  indicates  the  tendency  towards  ferromagnetism,  and  h(r)  is  an 
’external’ exchange  field.  In  the  present  context,  h(r)  is  the  exchange-field  created  by  the 
NiMnSb;  in  the  Sb  layer,  h  =  0. 

Exploiting  that  the  Gaussian  approximation  is  exact  for  quadratic  energy 
expressions  we  obtain  the  free  energy: 

F  “  ^  J  (Vm)^  -f-  -  ^2“®”  -  h(r)  mj  dr  (3) 

where  Ve  is  the  volume  per  electron.  For  A  <  0,  this  equation  provides  a  very  crude 
description  of  ferromagnetism  below  Tc  =  |A|/kB  [13],  whereas  for  paramagnets  it  yields  a 
finite  susceptibility  at  all  temperatures. 

Minimization  of  the  free  energy  Eq.  (3)  yields 

+  {A  +  kfiT)  m  =  h(r)  (4) 

In  the  present  case,  h  is  the  exchange  field  acting  on  the  Sb  spins  at  the  interface.  Since 
the  three-dimensional  character  of  the  Sb  electron  gas  is  incorporated  in  the  parameters  A 
and  C,  the  resulting  problem  is  one-dimensional,  and  the  solutions  of  Eq.  (4)  are  of  the 
type  exp(±qx),  where  q  =  (A-l-kBT)‘^Vc'^^.  In  the  simplest  case,  the  spin  polarization 
decays  with  an  exponential  decay  length  R  =  1/q. 

Electronic  origin  of  the  Landau-Ginzburg  terms 

Due  to  the  small  overlap  of  the  conduction  and  valence  bands  the  band-structure  of  the 
antimony  conduction  electrons  can  be  treated  as  free-electron  like.  (True  free-electron 
behavior  is  restricted  to  the  T  point).  The  corresponding  free-electron  Fermi  wave  vector 
is  of  the  order  of  0.1 /A,  but  due  to  the  quite  eccentric  ellipsoidal  shape  of  the  Fermi - 
surface  pockets  [2]  this  value  is  only  semiquantitative. 

The  free-electron  response  to  a  weakly  varying  magnetic  inhomogenity  is 
described  by  C  =  l/12D(EF)kF^  A  =  1/D(Ef),  and  h  =  p„pBH{r)  [14].  In  a  homogeneous 
field,  where  the  C-term  is  unimportant,  Eq.  (4)  reproduces  the  Pauli  susceptibility  Xp  = 
PoPbMsD{Ef).  Coulomb  interactions  modify  the  the  free-electron  behavior,  and  for  A  = 
1/D(Ef)  -  I  <  0,  where  I  is  the  Stoner  interaction  parameter,  Eq.  (4)  predicts 
ferromagnetism  [14,15].  However,  in  antimony  the  density  of  states  is  very  low,  so  that 
the  spin  susceptibility  is  very  weak  cannot  compete  against  the  diamagnetic  contribution. 

The  frcc-electron  parameters  yield  the  zero-temperature  decay  length  (12)'*^^/kF. 
The  involvement  of  large  wave  vectors,  caused  by  the  sharp  interface  and  seen  as  Friedel 
(or  RKKY)  oscillations,  leads  to  somewhat  larger  effective  decay  lengths.  Figure  1 
compares  the  experimental  data  with  theoretical  predictions.  Figure  1(a)  shows  the  spin 
asymmetry  at  Ep  as  a  function  of  the  Sb  layer  thickness.  Only  the  Sb  top  layer  is  probed 
by  this  method,  and  the  measured  spin  asymmetry  characterizes,  in  crude  way,  the 
magnetic  polarization  of  that  layer.  The  lengths  in  Fig.  1(a)  are  given  in  arbitrary  units, 
because  it  was  not  possible  to  obtain  an  exact  value  for  the  total  coverlayer  thickness 
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(roughly,  the  range  shown  correspond  to  1  nm).  Figure  1(b)  shows  a  SDEFA  prediction 
(solid  line)  with  a  corresponding  Landau-Ginzburg  decay  (dashed  line,  R  =  0.941/kF). 


Fig.  1.  Spin  polarization  in  an  NiMnSb:  (a)  spin-polarized  inverse  photoemission  data  at 
Ep  (the  spin  asymmetry  is  measured  in  %)  and  (b)  SDEFA  and  Landau-Ginzburg 
predictions. 


Temperature  dependence 

Thermal  activation  leads  to  the  involvement  of  excited  electron  states  with  small 
wavelengths.  This  effect  tends  to  reduce  the  decay  length.  Neglecting  the  small  exchange 
enhancement  (Stoner  parameter),  we  obtain 

=  V  A  +  1<bT 

In  the  high-temperature  limit,  this  amounts  to  a  1A/t  law.  On  the  other,  kp  and  D(Ef) 
exhibit  an  intrinsic  temperature  dependence,  associated  for  example  with  the  thermal 
expansion  of  the  lattice  and  the  corresponding  change  of  the  overlap,  so  that  A  and  C  are 
temperature  dependent  quantities.  This  contribution  is  not  necessarily  much  smaller  than 
the  explicit  dependence  shown  in  Eq.  (5).  Note  that  R  can  be  interpreted  as  an 
equilibrium  spin-penetration  depth  or  equilibrium  spin-injection  length;  it  is  not  related  to 
ballistic  effects. 

Boundary  conditions 

For  planar  geometries,  Eq.  (4)  yields  solutions  of  the  type  exp(+qx).  The  admixture  of 
exp(qx)  character  depends  on  the  boundary  conditions.  For  semi-infinte  Sb, 

m  =  mo  exp(-qx)  (6) 
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whereas  for  a  thin  film  of  thickness  t 


x/t 


Fig.  2.  Spin  polarization  in  NiMnSb/Sb:  Sb  film  of  thickness  t  (solid  line)  and 
seminfinite  Sb  (dashed  line). 


cosh(qt  -  qx) 

^  cosh(qt) 

Figure  2  shows  the  difference  between  the  two  boundary  conditions. 


(7) 


DISCUSSION  AND  CONCLUSIONS 

The  main  difference  between  the  SDEFA  and  Landau-Ginzburg  approximations  is  the 
involvement  of  the  Fermi  surface.  The  SDEFA  result  (solid  line  in  Fig,  1(b))  is  of  the 
RKKY  type  and  exhibits  oscillations  arising  from  the  sharp  Fermi  surface.  As  in  the 
original  RKKY  theory  [14],  the  oscillations  mean  that  the  electrons’ finite  wave  vectors 
make  it  impossible  to  match  perturbations  on  a  local  scale.  However,  our  geometry 
differs  from  that  of  the  original  RKKY  theory:  we  consider  a  planar  geometry  rather  than 
the  interaction  between  two  localized  moments.  Note,  furthermore,  that  our  approach  is 
reminiscent  of  the  description  of  quantum  confinement  in  thin-film  semiconductors  and 
loosely  related  to  the  approach  by  Hunziker  and  Landolt  [7],  where  spin  effects  in 
semiconductors  are  discussed  by  considering  the  Heisenberg  exchange  between  two 
hydrogen-like  orbitals  characterized  by  a  small  effective  mass  m*.  (The  effective  mass  is 
very  low  in  semiconductors  and  semimetals.) 

In  the  RKKY  and  SDEFA  theories,  the  smearing  of  the  Fermi  surface  due  to 
thermal  excitations  suppresses  the  oscillatory  character  of  the  response  and  reduces  the 
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penetration  length  (decay  length).  Simply  speaking,  excited  electron  states  have  shorter 
wavelengths  and  their  integral  response  to  surfaces  and  impurities  exhibits  a  higher 
resolution.  By  contrast,  the  Landau-Ginzburg  theory  is  insensitive  to  details  of  the  Fermi 
surface.  The  reason  is  that  the  Landau-Ginzburg  energy  is  restricted  to  terms  quadratic  in 
k:  there  is  no  sharp  wave-vector  cutoff,  and  kp  enters  the  energy  only  indirectly,  by 
determining  the  parameters  A  and  C. 

In  conclusion,  we  have  investigated  the  problem  of  equilibrium  spin  injection 
from  the  half-metal  NiMnSb  into  the  semi-metal  Sb.  The  comparatively  long  range  of  the 
Sb  spin  polarization  is  explained  by  the  semimetallic  character  of  the  Sb  overlayer,  which 
leads  to  small  Fermi  wave  vectors  (wave-vector  differences)  kp  and  fairly  large  decay 
lengths.  The  decay  is  described  in  terms  of  a  Landau-Ginzburg  approach  whose 
parameters  are  both  electronic-structure  and  temperature  dependent. 
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1.  Introduction 

Optical  memory  has  two  recording  modes;  the  photon-mode  as  a  silver  halide 
photograph  and  the  heat-mode  as  a  laser  optical  disk.  Though  laser  heat-mode  recording 
has  the  advantage  of  environmental  stability,  it  has  limitations  due  to  thermal  diffusion 
phenomena,  which  will  be  discussed  in  this  paper. 

Optical  disk  memory  has  the  unique  feature  of  read-only  media  performance,  which  is 
also  compatible  with  the  rewritable  function  and  is  different  from  HDD  (hard  disk  drive) 
technology. 

Rewritable  optical  disk  technology  progressed  with  the  race  between  the  magneto¬ 
optical  (MO)  disks  and  the  phase-change  rewritable  (PCR)  optical  disks.  With  the 
increasing  use  of  multimedia,  phase-change  rewritable  optical  disks  are  becoming  more 
popular  due  to  their  CD  (compact  disk)  and  DVD  (digital  versatile  disk)  compatibility. 

In  1968,  S.  R.  Ovshinsky  discovered  a  new  memory  phenomenon  in  chalcogenide  film 
materials.  This  order-disorder  phase-change  memory  effect  came  to  be  called  the  "Ovonic 
Memory"”.  In  developing  this  storage  medium,  the  main  issues  hpe  been  the  stability  of 
the  film  materials,  the  stability  of  the  reversible  cycle  characteristics  and  the  recording 
sensitivity.  The  author  and  his  colleagues  were  the  first  to  achieve  a  breakthrough  in  these 
areas,  which  led  to  the  commercialization  of  phase-change  optical  disk  products.  The  first 
version  of  the  phase-change  optical  disk  product  was  shipped  in  1990  from 
Matsushita/Panasonic.  The  PD(phase-change  dual)  and  CD-RW(rewitahle)  followed,  and 
now  a  rewritable  DVD  with  4.7  GB  capacity  and  3.4  Gbit/in^  density  is  being  produced. 

Blue  laser  technology,  large  numerical  aperture  lens,  volumetric  recording  and  multi¬ 
level  recording  technologies  are  candidates  for  the  future  of  high-density  phase-change 
recording  technology. 

This  paper  describes  the  phase-change  optical  disk  memory  progress  of  high-density 
recording,  phase-change  optical  disks  with  a  density  of  approximately  100  Gbits/in  and 
more,  and  discusses  the  basic  effect  of  the  ultra-short  laser  pulse  of  the  femto  second  laser 
pulse  response  on  phase-change  media. 

2.  Principle  of  the  phase-change  overwrite  memory 

2.1  Overwritable  phase-change  material 

The  rewritable  optical  memory  phenomenon  has  been  observed  in  Te3,Gei5Sb2S2 
composition  material.  This  material  was  modified  from  a  TcR^Geij  eutectic  composition  by 
adding  Sb  and  S  elements.  Figure  1  shows  the  phase  diagram  of  the  Ge-Te  system.  At  the 
eutectic  composition,  the  melting  temperature  decreases  to  375°C.  In  the  early  stage  of  the 
investigation  of  phase-change  materials,  it  was  important  to  obtain  simple  amorphizing 
compounds,  and  therefore  the  eutectic  compound  composition  was  chosen.  For  the  eutectic 
composition,  the  melting  temperature  is  at  a  minimum  and  viscosity  is  expected  to  increase. 
It  is  thus  easy  to  freeze  the  bonding  structure  in  the  liquid  phase  through  the  cooling 
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process.  In  the  next  stage,  applicable  materials  that  have  rather  high-speed  crystallization 
characteristics  were  used. 

Phase -change  materials  for  over-writing  using  one  laser  spot  need  to  have  high-speed 
ci^stallizing  characteristics.  Thus,  high-speed  crystallizing  materials  such  as  the  In-Se 
system  were  discovered'’.  Then  Gc-Sb-Tc  system  was  proposed"  -’  and  in  the  GcTc-Sb^TCj- 
Sb  system  shown  in  Fig.  2,  the  material  shows  nucleation  dominant  crystallizing 
charaeleristies  Recently,  at  the  ODS  (optical  data  storage  conference,  Whistler,  May  14- 
17,  2000)  ciystallizing  gro\^4h-dominanr  compositions  in  the  eutectic  composition  system, 
such  as  Sb(,,,Te,i,  were  proposed  for  high  density  and  high  data-ratc  recording^’. 

2.2  Model  of  the  phase-change  memory 

The  phase-change  processes  of  the  Ge-Sb-Te  amorphous  material  were  examined  by 
DSC  (differential  scanning  calorimeter)  measurement.  Figure  3  shows  that  there  are  two 
exothermal  peaks  and  one  endothermal  peak.  The  first  exothermal  peak  corresponds  to  the 
crystallization  phase-change  and  the  second  to  the  fcc-to-hexagonal  crystalline  structure 
change. 
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Fig.  3.  DSC  (differential  scanning  calorimeter) 
analysis  of  Ge-Sb-Te  film  at  a  heating  rate  of 
10  °C/mm). 
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The  third  peak,  the  endothermal  peak,  corresponds  to  the  melt-phase  transition*’^  The 
latent  heats  of  crystalline  to  liquid  (16.3  kcal/kg)  and  amorphous  to  liquid  (8.5kcal/kg) 
were  obtained  from  this  measurement,  the  later  was  calculated  as  the  subtraction  value  of 
the  exothermic  heat  from  the  former  value.  Figure  4  shows  the  model  of  the  phase- 
change  memory.  The  enthalpy  of  the  amorphous  state  and  the  crystalline  state  is  different. 
The  complex  refractive  index  N  =  n  +  ik  of  the  film  is  different  for  the  two  phases.  When 
the  cooling  rate  is  above  the  critical  cooling  rate  (3.4  K/ns)  of  amorphizing,  the  portion  of 
the  film  at  "f '  enters  the  amorphous  phase’*. 

3.  Key  technologies  of  the  phase-change  optical  disk  media 
3.1.  Thermally-stable  new  dielectric  protection  layer 
In  the  early  phases  of  its  development,  the  most  important  subject  of  the  phase-change 
optical  disk  was  cycle  degradation.  Figure  5  shows  a  high  resolution  TEM  (transmission 
electron  microscope)  image  of  ZnS  and  the  new  ZnS-Si02  mixture  protection  films.  The 
grain  size  of  the  ZnS-Si02  film  is  very  small,  at  around  2  nm“**.  The  new  ZnS-SiOj 
dielectric  layer  is  thermally  stable  and  does  not  show  grain  growth,  even  after  annealing  at 
700°C  (5  min).  Grain  growth  in  the  ZnS  layer  was  one  reason  the  phase-change  optical 
disks  degraded  after  many  rewrites.  The  first  version  of  the  phase-change  optical  disk 
product  with  a  4-layer  structure  produced  a  greater  than  100,000  overwrite  cycle 
performance. 


Fig.  4  Model  of  the  phase-change  memory 


(a)  (b) 


Fig.  5.  High  resolution  TEM  (Transmission  electron  microscope  observation  of  ZnS  (a)  and  new  ZnS' 
SiOj  mixture  (b)  dielectric  films,  layers. 
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3.2  Basic  4-layer  disk  structure  and  an  additional  Si02  layer 

Figure  6  shows  a  cross-sectional  TEM  image  of  the  basic  4-layer  structure  of  a  phase- 
change  optical  disk  of  PD.  The  layers  comprise  a  protection  layer,  a  bottom  dielectric  layer 
of  ZnS-SiOj  (155  nm),  an  active  layer  of  GeTe-SbjTe^-Sb  (24  nm),  an  upper  dielectric  layer 
of  ZnS-Si02  (45  nm)  and  a  reflection  layer  of  Al-alloy  (100  nm).  All  the  layers  are  sputter 
deposited  on  a  polycarbonate  disk  substrate. 

These  layers  work  as  a  multi-layer  optical  interference  structure,  controlling  disk 
reflectivity,  which  is  the  difference  of  the  reflectivity  between  the  amorphous  mark  and  the 

crystalline  erased  state.  •  r 

The  other  cycle  degradation  model  is  that  the  sub-nanometer  level  space  deformation  of 
the  disk  layers,  which  works  as  the  motive  force  of  the  sub-nanometer  displacement  of  the 
active  layer  components.  The  deformation  occurs  by  thermal  expansion  of  the  layers  along 
the  thermal  diffusion  process.  Table  1  shows  the  optical,  thermal  and  mechanical  properties 

of  the  disk  layers.  •  •  *t. 

Figure  7  shows  the  thcnnal  simulation  results  of  the  temperature  distribution  m  the 
cross-sectional  view  of  the  first  version  phase-change  optical  disk.  The  temperature 
distribution  is  calculated  after  the  30  ns  laser-spot  irradiation  on  the  rotational  disk.  The 
linear  velocity  is  V  =  8  m/s,  the  laser  wavelength  of  is  830  nm  and  the  lens  numerical 
aperture  is  0.53.  It  shows  that  the  temperature  rising  area  is  wider  than  the  spot  size  of  0.76 
M  m  (FWHM)(full  width  half  maximum)  caused  by  the  thermal  diffusion  in  30  ns.  The 
temperature  distribution  profile  is  asymmetrical  between  the  forward  area  and  the 
backward  area  because  of  the  thermal  diffusion  process. 
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Fig.  6.  Cross-scctional  TEM  observation  of  the 
basic  4-layer  phase-change  optical  disk. 
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Fig.  7.  Cross-scctional  view  of  the 
temperature  distribution  of  the  phase- 
change  optical  disk 
at  30ns  laser  spot  scan. 
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Thermal  expansion  coefficients  of  the  dielectric  materials  of  Si02  and  ZnS-Si02  are 
5.5x10'’  and  6.1x10'^  respectively.  We  compared  the  thermal  deformations  of  the  first 
version  disk  structure  and  new  disk  structure.  Figure  8(a),  (b)  shows  the  simulation  results 
of  the  thickness  change  of  the  layers  by  thermal  expansion  as  the  temperature  distribution 
simulation..  All  layers  show  that  the  thermal  expansion  and  thickness  changes  are  several 
sub-nm.  These  deformations  are  considered  the  motivating  force  of  the  micro-displacement 
of  the  active  layer  components.  Figure  8(a)  shows  the  thickness  change  of  the  first  version 
disk  structure.  Figure  8(b)  shows  the  thickness  change  of  the  new  disk  layer  structure. 
When  the  Si02  layer  for  the  ZnS-Si02  layer  is  introduced  to  the  upper  dielectric  layer,  the 
thickness  change  of  the  upper  dielectric  layer  becomes  negligible  small,  compared  the 
value  of  ZnS-Si02  of  0.04nm"’.  The  new  disk  structure,  which  has  a  Si02  upper  dielectric 
layer,  produces  more  than  1,000,000  overwrite  cycles.  Figure  9  shows  the  results  of  one 
million  oven\'rite  cycle  test  of  the  disk  of  Si02  upper  dielectric  layer.  The  Error  bit  counts, 
C/N  ratio,  Erase  ratio  and  Jitter  (window  %  for  lO'^bit  error  rate)  are  almost  stable  through 
the  test. 

A  conventional  laser  recording  using  rather  long  pulse  widths  of  10  ns  to  60  ns  (lO'^s) 
shows  large  thermal  diffusion  phenomena  in  the  disk.  The  pulse  means  that  the  irradiation 
time  of  a  laser  spot  at  a  certain  point  on  the  rotational  disk,  and  is  the  time  the  laser  spot 
takes  to  go  through  the  point.  A  short  pulse  width,  such  as  a  femto  second  (lO  '^s),  will  be 
expected  to  suppress  the  thermal  diffusion  phenomena  extremely.  The  interaction  effect  of 
the  femto  second  laser  pulse  on  phase-change  films  will  be  discussed  later  in  this  paper. 


Fig.  8.  Distribution  of  the  thickness  changes  of  the  disk  layers  by  thermal  expansion, 
f  version  disk  (a) :  substrate  /  DL,  160nm  /  AL,  20nm  /  DL,  35nm  /  RL,  130nm 
DL  ;  ZnS-SiO,,  AL  :  GeTe-SbjTej-Sb,  RL  ;  Al-alloy 
New  disk  (b) :  upper  DL  is  replaced  by  SiOj  (35nm) 

Horizontal  axis  :  laser  passing  direction,  Zero  position  :  center  of  the  laser  spot 
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Fig.  9.  One  million  overwrite  characteristics 
or  a  phase-change  optical  disk  with  Si02 
upper  dielectric  layer. 

Linear  velocity:  llm/sec 
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3.3  Nitrogen  doped  GeTe-Sb.TerSb  active  layer  ^  ^ 

In  the  phase-change  optical  disk  media  development  procedure  of  1990,  we  found 
curious  phenomena  in  the  phase-change  sample  disks.  Almost  periodically,  special  disks 
were  sputtered  that  showed  a  number  of  overwrite  cycle  characteristics  almost  10  times 
larger  than  the  other  disks.  Our  investigation  found  that  these  special  disks  were  formed 
right  after  the  sputtering  chamber  was  cleaned.  This  means  that  some  adsorbed  components 

in  the  chamber  during  the  chamber  cleaning  improved  the  cycle. 

Air  is  comprised  of  nitrogen,  oxygen,  some  H2O,  and  so  on.  For  the  chemical  stability  ot 
the  media,  we  choose  nitrogen  as  a  doping  component  in  the  active  layer.  We  control  the 
quantity  of  nitrogen  doping  by  a  gas  flow  ratio  of  N2/Ar  into  the  sputtering  chamber.  The 
active  layer  of  doped  nitrogen  shows  an  N2  doping  dependency  of  the  optical  constant  (n, 
k),  an  increasing  N2  component,  and  a  decreasing  refractive  index  n  and  extinction 
coefficient  k.  This  means  that  nitrogen  forms  nitride  material  of  M-N  in  the  active  layer. 
Usually,  nitride  materials  show  a  high  melting  temperature,  which  is  believed  to  indicate 
suppression  of  the  micro-displacement  of  the  active  layer  components  through  the 
overwriting  cycle  mcasuremcnPl 

Figure  10  shows  the  XPS  (x-ray  photoelectron  spectroscopy)  measurement  results  ot  the 
N2-doped  phase-change  film.  The  spectral  data  shows  a  large  peak  at  the  binding  energy  of 
397.2  eV,  which  corresponds  to  Ge-N  bonding.  •  1  , 

After  overcoming  the  cycle  issue  by  key  teclmologies,  the  phase-change  optical  disk 
became  a  reliable  data-recording  disk,  and  its  advantage  of  ROM  (read-only  memory)  disk 
compatibility  it  becomes  to  be  multimedia  optical  disks  such  as  PD,  CD-RW  and 
rewritable  DVD.  We  developed  a  high-density  90  mm  diameter  phase-change  optical  disk 
for  an  ISO  (International  Organization  for  Standardization)  standardization  proposal  in 
1995'^’.  This  disk  featured  top-level  teclmologies  such  as  a  red  light  laser  diode,  a  large 
NA(numerical  aperture)  (NA=0.6)  lens  and  a  thin  disk  substrate  (0.6  mm)  ^  .  A  thin  disk 
substrate  is  effective  for  resolving  the  disk  tilt  problem  during  high-density  recording.  A 
thin  disk  substrate  of  0.6  mm  thickness  has  lower  cross-talk  characteristics.  These 
technologies  were  adapted  in  the  4.7GB  DVD  in  1995. 


Fig.  10.  XPS  analysis  of  GeTe-SbiTe.rSb  film  sputtered  in  N2/Ar  atmosphere. 
Binding  energy  of  Ge-N  :  397. 2eV. 
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4.  High  density  recording  technologies  of  phase-change  optical  disks 

4. 1  Density  competition  between  MO  disk  and  Phase-change  optical  disk 

Magneto-optical  disks  have  recently  been  demonstrated  to  show  the  unique  capability 
of  MSR  (magnetic  induced  super-resolution)'^’,  and  now  feature  MAMMOS  (magnetic 
amplifying  magneto-optical  system) and  DWDD  (domain  wall  displacement  detection) 
for  high-density  recording  using  both  an  optical  pick-up  and  a  magnetic  head.  These 
features  provide  small-mark  detection,  high  signal  output  and  ISI  (inter-symbol 
interference)  free  high-density  reading  methods,  respectively.  They  have  a  recording 
density  of  around  1 1  Gbit/in^  using  a  conventional  optical  system  (laser  wavelength  =  650 
nm,  lens  numerical  aperture  NA  =  0.6'*^’.  However  they  have  certain  drawbacks,  such  as  a 
complex  disk  structure  composed  of  both  a  recording  magnetic  layer  and  a  reading 
magnetic  layer,  as  well  as  a  sensitivity  variation  caused  by  ambient  temperature  during 
both  recording  and  reading. 

The  phase-change  recording  layer  has  the  advantages  of  a  high-signal  output  and 
response  to  a  wide  wavelength  spectrum.  Table  2  shows  the  wavelength  dependency  of  the 
complex  refractive  index  of  the  phase-change  material  film  in  the  amorphous  and 
crystalline  state,  which  shows  that  the  phase-change  film  has  a  wide  wavelength  response. 

Three  main  approaches  have  been  proposed  to  increase  the  recording  density  of  phase- 
change  optical  disks.  The  first  is  to  combine  a  short  wavelength  laser  with  a  large  NA  lens, 
recently  DVR  technology  is  proposed,  which  is  applying  larger  numerical  aperture  lens  of 
NA=0.85  and  the  new  disk  structure  of  thin  cover-layer^°’,  the  thickness  is  0.1mm  for 
0.6mm  disk  substrate.  The  other  are  SIL(solid  immerosion  lens)  and  Near-Field  technology, 
which  is  effective  for  surface  recording.  The  recording  density  increases  to  double  that  of  a 
conventional  DVD  and  the  blue  laser  increases  the  capacity  to  23  GB 

The  second  is  dual  layer  recording,  creating  volumetric  rather  than  two-dimensional 
surface  recording.  The  dual-layer  phase-change  optical  disk  has  a  density  of  6.4  Gbit/in^ 
using  a  conventional  optical  system  (laser  wavelength  =  650  nm,  lens  numerical  aperture 
NA  =  0.6)^”.  This  technology  features  enhanced  density  and  compatibility  with  DVD  pick¬ 
up.  The  third  is  the  possibility  of  multi-level  recording  on  phase-change  optical  disks. 


4.2  Blue  laser  Dual-layer  phase-change  optical  disk 

Dual-layer  recording  is  another  form  of  volumetric  technology.  The  first  such 
commercial  product  was  a  dual-layer  DVD  for  a  DVD  8.5  GB  ROM  disk  for  a  cinema  title. 

Rewritable  8.5  GB  phase-change  dual -layer  experimental  results  were  announced  in 
1998’’’.  Figure  1 1  shows  the  blue  laser  27  GB  basic  dual-layer  disk  structure^^’ . 


Tabic  2  Wavelength  dependency  of  complex 
refractive  index  (N=  n+ixk)  of  phase-change 
material  GcTe-Sb.Te,-Sb  film. 


Wavelength 

Refractive  index 

Amorphous 

Crystal 

830nm 

4.61+1.05i 

5.67+3.01i 

780nm 

4.47+1.40i 

5.07+3.42i 

650nm 

4.2l+1.89i 

4.56+4.23i 

430nm 

3.08+2.5 1  i 

2.21+3.77i 

405nm 

2.90+2.51i 

2.03+3.58i 

Hieh  sensitivitv 
Ab=70% 


High  transmittance 
T=45% 


Second  media 

Polycarbonate 
substrate 
Al-alloy 
ZnS-SiOj 
GeSbTc(l2nm) 
ZnS-SiOz 
First  media 
Ag-alloy 
ZnS-Si02 
GeSbTe  (7nm) 
ZnS-SiOj 


Dual-layer  Phase-change  media 


Fig.  1 1.  Cross-sectional  view  of  the  Blue  laser 
Dual-layer  rewritable  Phase-change  optical  disk. 
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The  first  medium  has  a  high  transmission  characteristic  of  45%  in  the  crystalline  state 
with  a  recording  reflectivity  difference  of  7%.  The  second  medium  has  a  high  reflectivity- 
difference  signal  output  of  24%  combined  with  a  high  sensitivity  eharacteristic.  As  a  result, 
the  signal  output  of  the  second  medium  becomes  24  x  0.5  x  0.5  =  6  %  by  the  absorption  of 
the  first  medium,  which  closely  matches  the  value  of  the  first  medium.  The  blue  laser, 
DVD  compatible  optical  pick-up,  NA  =  0.6  and  0.6  mm  substrate  method  increases  the 
capacity  to  27  GB. 

4.3  MRWM  (mark  radial  width  modulation)  concept  of  multi-level  recording 

Multi-level  recording  was  first  announced  in  a  phase-change  electrical  switching 
memory  (Ovonic  memory)  device  in  1997  that  had  16  switching  levels  ’. 

The  phase-change  optical  recording  layer  has  a  large  reflection-difference  charactenstic 
between  the  crystalline  state  (around  Rcry  =  30%)  and  the  amorphous  state  (around  R  — 
7%)  of  the  same  order  as  in  the  CD-ROM  pit  signal  output.  M.  P.  O’Neill  demonstrated  an 
8-level  phase-change  recording  technology  at  ODS2000  and  2  GB  of  CD-RW  capacity 
capability 

We  propose  to  subdivide  this  large  signal  output  into  multi-level  (ML)  signals  on  a 
phase-change  optical  disk  using  the  MRWM  (mark  radial  width  modulation)  method  "  . 

Figure  12  shows  the  TEM  observation  of  MRWM  recording  marks  on  a  phase-change 
optical  disk.  The  mark  radial  widths  are  200  nm,  400  nm  and  600  nm  for  level  1,  level  2 
and  level  3,  respectively.  The  idea  of  MRWM  recording  is  to  assign  a  specific  laser  pulse 
width  and  power  level  to  a  specific  mark  level.  The  assigned  laser  pulse  widths  are  1 14  ns 
84  ns  and  46  ns,  and  the  assigned  laser  power  is  6  mW  for  Level  1 ,  7  mW  for  Level  2  and 
11  mW  for  Level  3.  Figure  13  shows  the  C/N  (carrier-to-noise)  and  amplitude  of  the 
MRWM  recording  method  with  various  pulse  widths  and  power  conditions.  The  C/N  value 
is  50.1  dB,  57.5  dB  and  61.5  dB  for  the  Level  1,  Level  2  and  Level  3  marks,  respectively. 
The  minimum  mark  length  is  defined  by  the  bearn  factor  of  the  optical  path  and  is 
controlled  by  the  assigned  power  level  and  the  pulse  width. 


5.  Combination  technology  of  high-density  recording  'i  a  nu-,r  2  a 

The  density  of  one  side  of  the  4.7  GB  version  rewritable  DVD  holds  3.4  Gbit/in  .  A 
dual-layer  phase-change  rewritable  disk  whose  capacity  is  8.5  GB  has  an  effective  density 
on  one  side  of  6.4  Gbit/in^  increasing  the  density  1.9  times.  By  introducing  the 
magnification  factor  of  the  multi-level  recording  of  M  =  4  (xl.76)  to  M  =  8,  the  recording 
density  will  further  increase  approximately  2  to  3  times. 


Level  3  Level  2  lo  3 


Fig.  12.  TEM  observation  of  MRWM  recording  marks  (Track  widh:  600nm) 
Each  marks,  Level  I,  2,  3  and  the  set  recording  marks  (1  to  2),  (1  to  3),  (2  to  3) 
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Another  density  increasing  strategy  is  to  apply  a  large  numerical  aperture  lens  of  NA  = 
0.85  and  a  0.1  mm-thin  overcoat  layer  for  0.6mm  substrate.  The  recording  density  will 
increase  to  double  that  of  an  equivalent  DVD  due  to  the  factor  of  0.85/  0.60.  The  blue- 
violet  laser  wavelength  of  405  nm  will  increase  the  density  to  approximately  2.6  times  that 
of  the  650  nm  laser  system.  The  recording  density  is  predicted  to  be  63.2  Gbit/in^  and  the 
capacity  will  rise  to  87GB/120mm/side.  By  magnifying  the  multi-level  recording  from  M  = 
4  to  M  =  8,  the  density  is  expected  to  increase  to  more  than  1 00  Gbit/  ifr. 

J.  Tominaga  has  announced  a  phase-change  Super-RENS(super-resolution  near-field 
structure)  recording  technology,  which  achieves  13  Gbit/in^  using  the  conventional  optical 
system  (laser  wavelength  =  640  nm,  lens  numerical  aperture  NA  =  0.6^^'.  The  Super-RENS 
effect  can  be  combined  with  the  above  technologies,  resulting  in  a  potential  density 
increase  of  approximately  four  times  to  achieve  250  Gbit/in^  in  the  future. 

Near-Field  recording  technology  is  now  actively  developing,  applying  SIL  technology  on 
phase-change  optical  disks  with  GaN  blue  laser.  K.  Kishima  demonstrated  a  40  Gbit/in2 
recording  density  at  ODS2000  Figure  14  shows  the  area  recording  density  expansion  of 
the  phase-change  optical  disk  with  the  combination  of  high  density  recording  technologies. 

There  are  two  strategies  for  next  generation  high  density  phase-change  optical  disk,  the 
one  is  DVD  compatible  strategy  which  keeps  the  lens  numerical  aperture  (NA=0.6)  optical 
pick-up  and  the  thin  substrate  (t=0.6mm)  DVD  disk  structure  and  combines  dual-layer 
technology  and  multi-level  technologies  so  on.  The  other  is  new  disk  strategy  different 
from  DVD  and  is  introducing  larger  numerical  aperture  (NA=0.85)  optical  pick-up  and  thin 
cover-layer  (t^O.lmm)  disk  structure  which  is  not  compatible  with  DVD  but  can  be 
introduced  the  technologies,  such  as  dual-layer  or  multi  level  recording. 


Peak  PowerlmWl 


Fig.  13.  Pulse  width  and  Power  assigned 
MRWM  recording  characteristics  of  Phase- 
change  optical  disk. 

Level  1(1 13.3ns,  6m W) 

Level  2  (83.1ns,  7mW) 

Leel  3  (45.3ns,  1  ImW) 

Signal:  fr6.6MHz,  v=8.2m/s 


(650/ A)'  x(N A/0.6)' 


Fig.  14.  Areal  recording  density  growth  of  Phase- 
change  optical  disk. 

PD  ( A  =780nm,  NA=0.5),  4.7GB  DVD-RAM 
( A  ==650nm,  NA=0.6),  8,5GB  Dual-layer  disk. 

Blue  wavelength  27GB  Dual  -layer  disk,  DVR, 

SIL  (NA=1.5) 

Multi-level  recording 
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6.  Femto  second  laser  response  on  phase-change  thin  film 

6. 1  Why  femto  second  laser  recording  on  phase-change  media  should  be  challenged 

Recently,  short  pulse  width  lasers  such  as  the  femto  to  pico  second  pulse  laser  have 
become  popular.  In  high-speed  fiber  communication,  the  high-resolution  laser  processing 
field  and  ultra-high-speed  time-resolution  measurement  technology,  these  femto  lasers 
have  achieved  ultra  high-speed  chemical  reactions  and  bio-molecular  dynamics.  A  120  fs 
laser  pulse  of  laser  wavelength  800  nm  in  silicate  glass  demonstrated  a  photo-induced 
refractive  index  change  which  is  considered  by  multi-photon  absorption  process  .  The 
threshold  recording  power  density  was  120  nj/  The  dynamics  of  the  magnetization 

of  the  MO  films  were  monitored  by  the  femto  second  lasei^'^'. 

Laser  spot  recording  is  usually  a  heat-mode  recording;  the  recording  layer  absorbs  the 
laser  light  energy  and  the  temperature  increases  beyond  the  threshold  temperature.  For 
example,  the  threshold  temperatures  are  the  melting  temperature  for  phase-change  material 
(Tm-6o6°C),  the  Curie  temperature  of  the  Magneto-Optical  media  (Tc  =  200°C),  the 
decomposing  temperature  of  the  recordable  Dye  media  (Td=350°C),  and  so  on. 

Conventional  optical  disk  recording  is  performed  by  laser  spot  irradiation 
rotational  disk.  In  this  case,  the  laser  irradiation  time  on  the  portion  of  the  disk  is  around  10 
ns  to  100  ns,  a  rather  long  time  compared  with  the  femto  second  laser  spot  irradiation.  At 
the  conventional  laser  spot  recording  on  the  disk,  the  heating  time  on  the  disk  is  rather  long 
and  the  recording  process  includes  the  heat  diffusion  in  the  layers.  The  temperature 
increasing  area  is  wider  than  the  laser  spot  size,  which  means  that  the  mark  size  and  the 
position  of  the  mark  are  determined  by  not  only  the  beam  factor  (X/NA),  but  also  the  disk 
thermal  characteristics  and  the  pulse  duration.  Heat  diffusion  of  the  conventional  laser 
recording  limits  the  performance  of  future  high-density  optical  disks. 

Recently,  high-density  recording  technologies  applying  a  large  numerical  aperture  lens, 
the  SIL,  the  blue  laser  short  wavelength,  and  so  on,  have  been  introduced.  These 
technologies  display  the  following  characteristics:  the  mark  size  becomes  around  100  nm; 
the  high  density  and  high  data  rate  for  example,  40Mbps.  The  width  of  the  area  out  of  the 
spot  size  (FWHM)  that  is  heated  up  by  heat  diffusion  is  the  so-called  dead  space,  and  the 
mark  position  variation  influences  Jitter  performance  more  strongly. 


6.2  Experimental  setup  and  the  sample  structure  of  the  phase  change  media 

For  this  experiment,  the  response  of  the  femto  second  laser  pulse  on  the  phase-change 
thin  film  media  was  examined  first  to  obtain  the  features  of  the  ultra-short  pulse  laser 
recording.  Figure  15  shows  the  schematic  of  the  femto  second  laser  exposure  setup  for  the 
sample.  A  mode-locked  Ti: sapphire  laser  is  amplified  and  the  femto  second  laser  pulse  is 
formed  and  stabilized  by  a  pulse  compressor.  The  laser  pulse  is  introduced  to  the  optical 
microscope,  which  has  a  CCD  (charge-coupled  device)  monitor  and  an  X-Y-Z  stage 

For  the  femto  laser  irradiation  experiment,  the  wavelength  was  A-  800  nm  and  the  pulse 
width  was  120fs.  The  laser  pulse  was  introduced  to  the  optical  microscope.  The  sample  was 
put  on  the  X-Y  stage,  the  lens  numerical  aperture  was  NA  =  0.95,  and  the  laser  exposure 
was  on  the  layer  side. 


Fig-  15.  Femto  second  laser  measurement  system. 
Wavelength  ;  800nm 
Pulse  width:  120fs~250fs 
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The  phase-change  media  sample  structure  is  a  polycarbonate  substrate/ZnS-Si02 
155nm/GeSbTe  24nm/ZnS-Si02  45nm/Air  without  a  reflection  layer,  making  it  easy  to 
observe  the  mark  formations  with  the  optical  microscope.  The  structure  of  the  conventional 
laser  recording  media  has  a  reflection  layer  on  the  above  sample  and  the  recording  is  from 
the  substrate  side. 

6.3  Femto  second  laser  recording  mark  and  discussions 

Figure  16  (a)  shows  the  TEM  observation  of  the  mark  of  the  conventional  several-tens 
nanosecond  long  pulse- width  laser  exposure  (50  ns)  on  the  rotational  disk  and  (b)  shows 
the  mark  formed  by  the  femto  second  laser  exposure  (120  fs).  The  lens  numerical  aperture 
was  NA  =  0.5,  the  laser  wavelength  was  A,=  780  nm,  and  the  recording  power  was  1 1  mW. 
The  marks  are  amorphous  and  surrounded  by  a  large  crystalline  band  edge. 

The  most  significant  difference  between  the  mark  formed  by  the  femto  second  pulse 
laser  and  the  marks  formed  by  the  conventional  several-tens  nanosecond  pulse  laser  is  the 
mark  edge  figure.  The  conventional  pulse  forms  intermediate  space  between  the  amorphous 
mark  and  the  crystalline  background  dead  space  of  160  nm.  The  femto  second  pulse  forms 
an  amorphous  mark  without  the  crystalline  edge  band.  The  intermediate  space  is  a  large- 
grain  size  crystalline  state  that  is  formed  by  the  recording  laser  spot  when  melted  and  re¬ 
crystallized  in  the  cooling  step.  The  recording  energy  density  of  the  femto  second  mark  of 
the  phase-change  media  was  InJ/pm^,  and  the  conventional  disk  recording  energy  density 
was  approximately  2nJ/|xm\ 

The  conventional  laser  disk  recording  process  has  three  stages.  The  first  is  a  laser  spot 
exposure,  the  second  is  heat  diffusion  outside  of  the  laser  spot,  and  the  third  is  cooling  after 
the  laser  spot  passes  away  from  the  portion.  The  laser  exposure  time  is  from  10  ns  to  100  ns, 
depending  on  the  laser  spot  diameter  and  the  disk  rotational  speed.  The  conventional  laser 
recording  method  appears  in  the  second  and  third  process,  and  comes  from  the  thermal 
diffusion  process.  The  mark  dead  space  out  of  the  laser  spot  and  the  variation  of  the  mark 
position  are  caused  by  the  thermal  diffusion  from  a  rather  long  pulse-laser  irradiation. 

The  femto  second  laser  pulse  irradiation  is  quite  different  from  the  conventional  laser 
recording  because  the  thennal  diffusion  is  limited  in  the  fs  to  ps  order,  the  mark  is 
accurately  formed  in  the  laser  spot,  and  the  variation  of  the  mark  position  is  negligible 
without  thermal  diffusion  variation.  The  short  pulse  width  of  120  fs  recording  on  the  phase- 
change  media  indicates  a  high-recording  data  rate  capability  of  more  than  1  Tbit/s. 

Overwrite  process  needs  ultra  high  speed  crystallizing  characteristics  and  now 
investigations  start  for  this  new  material  area. 

re-crystaHization  no  re-crystallization 


(a)  60ns  mark  (b)120fsmark 

Fig.  16.  TEM  observation  of  the  amorphous  marks  on  phase-change  optieal  disk. 

(a)  Conventional  laser  recording  :  A  =780nm,  NA=0.5,  t=60ns,  (with  a  reflection  layer) 

(b)  Femto  second  pulse  laser  recording  ;  A  =800nm,  NA=0.95,  t=120fs,  (without  a  reflection  layer) 


7.  Conclusion 

Key  technologies  obtained  by  materials  research  and  disk  structure  development  have 
achieved  multimedia  rewritable  4.7  GB  DVD  products.  The  application  of  blue  laser  light 
and  volumetric  (dual  layer)  recording  have  the  potential  to  increase  the  recording  density  to 
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20  Gbit/in^  with  an  NA  =  0.6  lens.  The  phase-change  optical  disk  has  multi-level  high- 
density  recording  capability.  A  multi-1  evel  recording  method  and  an  NA  of  0.85  in 
eombination  with  other  technologies  indicates  the  potential  for  the  recording  density  of  the 
phase-change  optical  disk  to  exceed  100  Gbits/in^ . 

Ultra-short  pulse  femto  second  laser  recording  on  phase-change  media  is  one  candidate 
for  a  breakthrough  of  the  laser  thermal  recording  limit. 
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ABSTRACT 

Rewritable  optical -storage  systems  are  quickly  gaining  market  share  in  audio,  video  and  data¬ 
storage  applications.  The  development  of  new  rewritable  optical-storage  formats  with  higher 
capacity  and  data  rate  critically  depends  on  innovations  made  to  the  recording  media 
incorporating  so-called  phase-change  materials.  These  materials  allow  reversible  switching 
between  a  low  and  high  reflective  state  induced  by  laser  heating.  In  this  paper,  we  highlight 
phase-change  media  aspects  as  optical  and  thermal  design,  sputter-deposition,  materials 
optimization,  and  the  development  of  new  recording  strategies.  Focus  is  on  the  speed  race  in 
optical  recording. 


INTRODUCTION 

Over  the  past  few  years,  the  field  of  optical  recording  has  evolved  rapidly.  Read-only  disc 
standards  (such  as  CD-Audio  and  CD-ROM)  have  been  extended  with  recordable  (CD-R)  and 
rewritable  (CD-RW)  systems,  allowing  the  user  to  create  personal  CDs.  Simultaneously,  higher- 
capacity  systems  for  digital  video  and  data  applications  have  been  developed  by  using  shorter- 
wavelength  lasers  and  stronger  objective  lenses.  The  market  introduction  of  DVD  players  is 
proceeding  even  faster  than  the  introduction  of  the  CD  some  20  years  ago,  and  is  currently  being 
followed  by  rewritable  versions.  With  the  introduction  of  the  blue-laser  diode  [1]  and  the 
development  of  high-numerical -aperture  (NA)  objective  lenses  [2],  optical-storage  research  is 
currently  focussing  on  the  development  of  a  third-generation  high-capacity  recording  system  for 
video  and  data  applications.  Last  year,  Sony  and  Philips  presented  the  rewritable  Digital  Video 
Recorder  (DVR)  format  with  a  user  data  capacity  of  22.5  GB  on  a  120  mm  disc  [3],  by  using  a 
blue  laser  (?=405  nm)  and  an  NA^O.85  objective  lens. 

The  technology  used  for  these  rewritable  optical-storage  systems  is  phase-change  recording. 
The  recording  mechanism  is  based  on  the  reversible  phase  transition  between  a  crystalline  and 
amorphous  state  of  the  recording  material,  induced  by  heating  with  a  focussed  laser  beam. 
(Sub)micron-sized  amorphous  marks  are  written  in  a  crystalline  thin-film  by  using  a  short  laser 
pulse  to  locally  melt  the  recording  layer.  After  switching  off  the  laser  the  molten  state  cools 
down  rapidly  and  becomes  frozen  in  the  amorphous  state.  Erasure  of  recorded  marks  proceeds 
via  re-crystallization,  by  heating  the  recording  material  to  a  moderate  temperature  by  applying  an 
erase  power  level  for  a  longer  period  of  time. 

The  readout  mechanism  of  a  phase-change  optical  disc  is  similar  to  that  of  a  read-only  disc,  as 
the  recorded  marks  have  a  lower  reflection  than  their  crystalline  surrounding.  The  digital 
information  is  contained  in  the  length  of  the  amorphous  marks  and  the  crystalline  spaces  in- 
between  them.  By  using  a  recording  strategy,  consisting  of  alternating  write-pulse  trains  with 
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Figure  1.  Typical  structure  of  a 
rewritable  phase-change  disc,  consisting 
of  a  recording  stack  sputter-deposited 
onto  a  pre-grooved  plastic  substrate. 


Figure  2.  The  Ge-Sb-Te  ternary  diagram. 
Indicated  are  the  two  classes  of  commonly  used 
phase-change  recording  materials,  i.e. 
stoichiometric  compositions  on  the  GeTe-Sb2Te3 
tie-line  and  compositions  near  the  eutectic  Sb2Te. 


constant  erasc-power  levels,  it  is  possible  to  vary  the  length  of  marks  and  spaces  and  to  record 
new  data  directly  over  previously  recorded  data. 

In  this  paper,  we  discuss  a  major  challenge  in  phase-change  recording  research,  i.e.  the 
inercase  of  the  recording  speed.  The  maximum  recording  speed  that  can  be  achieved  in  phase- 
change  recording  is  determined  by  the  re-crystallization  time  of  recorded  amorphous  marks.  For 
high-speed  recording,  faster  crystallizing  materials  as  well  as  new  write  strategies  to  handle  the 
increased  crystallization  rate  have  to  be  developed. 


PHASE-CHANGE  RECORDING  MATERIALS 

Phase-change  optical-recording  media  generally  consist  of  a  recording  stack  which  is  sputter- 
deposited  onto  a  pre-grooved  polycarbonate  substrate.  The  groove  structure  acts  as  a  grahng  for 
the  reflected  beam,  and  is  used  for  radial  tracking.  Address  information  can  be  included  in  a 
number  of  ways  in  the  molded  substrate,  by  superimposing  a  phase-  or  frequency-modulated 
sine-shaped  wobble  onto  the  groove  structure,  or  by  including  read-only  information  in  the  shape 
of  pits  (headers)  along  the  spiral-shaped  tracks. 

Current  recording  stacks  comprise  at  least  four  layers.  The  actual  recording  or  phase-change 
layer  is  sandwiched  between  dieleetrics;  behind  this  tri-layer  a  metal  layer  is  present  which  acts 
as  a  reflector  and  heat  sink  (Figure  1).  The  dielectrics  have  various  functions:  They  isolate  the 
phase-change  layer  from  the  environment  to  prevent  oxidation  and  segregation,  they  prevent  the 
phase-change  material  from  fluidization  or  evaporation  during  the  write  process,  and  their 
thickness  can  be  used  to  optimize  the  optical  contrast  between  the  crystalline  and  amorphous 
state.  Additionally,  the  thermal  properties  of  the  stack  are  strongly  influenced  by  the  dielectrics: 
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The  thin  dielectric  layer  between  the  phase-change  layer  and  the  metal  mirror  acts  as  a  heat 
resistor,  and  its  thickness  and  heat  conductivity  must  be  chosen  such  to  combine  a  high  cooling 
rate  of  the  recording  material  with  sufficient  write-power  sensitivity  of  the  disc. 

The  search  and  development  of  proper  recording  materials  is  an  important  aspect  of  phase- 
change  recording  research.  The  suitability  of  the  material  is  related  to  the  following  properties: 

1.  The  amorphous  and  crystalline  state  have  sufficient  optical  contrast  at  the  recording 
wavelength; 

2.  The  melting  point  of  these  materials  is  sufficiently  low  (500-1000''C),  so  that  the  material 
can  be  molten  with  the  available  laser  power; 

3.  The  crystallization  of  the  amorphous  state  is  sufficiently  rapid.  In  direct-overwrite 
applications,  the  amorphous  marks  should  be  erased  (re-crystallized)  completely  within  the 
thermal  dwell  time  of  the  laser  spot,  Le.  within  a  period  of  less  than  100  ns.  At  the  same 
time,  for  sufficient  archival  life  of  the  media  the  amorphous  phase  must  be  stable  against 
spontaneous  crystallization  at  ambient  and  storage  temperatures  up  to  approximately  60°C. 
This  means  that  the  glass-transition  temperature  (typically  50-70%  of  Tmeii)  must  be  well 
above  lOOT; 

4.  The  crystalline-to-amorphous  and  amorphous- to-crystalline  phase  transitions  are  reversible 
many  times  (>  1000)  under  recording  conditions. 

Currently  used  phase-change  recording  materials  belong  to  the  group  of  semiconductor 
chalcogenides.  The  specific  compositions  that  are  being  used  can  be  divided  in  two  classes: 
stoichiometric  compositions  on  the  GeTe-Sb2Te3  tie-line  and  compositions  close  to  the  eutectic 
Sb2Te  (Figure  2).  Looking  closer  at  the  crystallization  behavior  of  these  materials,  some  marked 
differences  can  be  observed.  Figure  3  shows  transmission  electron  microscopy  (TEM)  images  of 
amorphous  marks  recorded  in  the  stoichiometric  Ge2Sb2Te5  material  (left  panel)  and  a  doped 
eutectic  Sb2Te  alloy  (right  panel).  The  background  of  the  pictures  shows  the  crystalline  state  of 
the  material  obtained  after  initialization,  i.e.,  after  heating  the  as-deposited  amorphous  state  of 
the  material  with  a  focussed  broad  array  laser  while  rotating  the  disc.  The  crystallite  size  and 
morphology  of  both  materials  is  rather  different.  In  the  stoichiometric  material  small  spherical 
grains  are  present,  whereas  in  the  eutectic  larger  crystals  with  irregular  shape  can  be  seen.  These 
differences  can  be  understood  by  looking  closer  at  the  crystallization  mechanism.  In  general. 


Figure  3.  Transmission  electron  microscopy  images  of  recorded  phase-change  optical  discs. 
The  left  panel  shows  a  typical  image  for  marks  recorded  in  the  nucleation-determined 
stoichiometric  Ge2Sb2Te5  material,  the  right  panel  shows  marks  recorded  in  a  doped  eutectic 
Sb2Te  material. 
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Figure  4.  Schematic  representation  of  the  temperature-dependent  nucleation  probability  and 
growth  velocity  for  stoichiometric  Ge2Sb2Te5  and  doped  eutectic  Sb2Te  compositions.  In  the 
top  left  corners,  the  resulting  mechanism  of  mark  erasure  is  depicted. 


crystallization  of  the  sputter-deposited  amorphous  state  entails  two  processes,  nucleation  and 
growth.  In  the  stoichiometric  materials  the  nucleation  probability  is  high  and  the  growth  speed  is 
moderate.  Therefore,  during  heating  the  amorphous  material  nuclei  will  be  formed  abundantly 
and  grow  until  they  coalesce.  In  the  eutectic  compositions  the  nucleation  probability  is  very  low 
while  the  growth  speed  is  high.  In  this  case,  the  few  nuclei  that  are  being  formed  during  heating 
will  grow  at  a  faster  speed,  resulting  in  larger  crystallites.  Because  the  growth  speed  is  relatively 
high,  these  erystallitcs  will  be  irregularly  shaped  and  contain  a  lot  of  defects. 

The  relative  probabilities  of  nucleation  and  growth  also  determine  the  way  amorphous  marks 
arc  being  erased  (re-crystallized)  under  recording  conditions  (Figure  4).  For  the  Ge2Sb2Te5  and 
other  materials  with  a  high  nucleation  probability,  the  amorphous  marks  will  be  erased  by 
abundant  nucleation  followed  by  moderate  growth,  very  much  like  the  crystallization  of  the 
sputter-deposited  state  (‘nucleation-determined  erasure’).  For  the  doped  eutectic  Sb2Te  and  other 
material  with  a  very  high  growth  rate,  the  amorphous  marks  will  be  erased  by  growth  of  the 
ciystallitcs  at  the  mark  edge  towards  the  center  of  the  mark  (‘growth-determined  erasure’).  The 
nucleation  probability  for  these  materials  is  so  low  that  nucleation  will  statistically  almost  never 
occur  during  the  short  heating  cycle  during  recording. 


HIGH-SPEED  PHASE-CHANGE  RECORDING 

Since  the  introduction  of  CD-RW,  the  write  speed  of  this  system  has  already  doubled  several 
times,  and  for  future  higher-density  rewritable-disc  systems  a  similar  speed  race  may  be 
anticipated.  Essential  ingredients  in  high-speed  phase-change  recording  are  materials 
optimization  and  the  development  of  new  recording  strategies.  Control  of  the  crystallization 
kinetics  of  the  recording  material  is  of  crucial  importance.  The  reduced  dwell  time  of  the  spot  at 
higher  disc  velocities  urges  for  faster-crystallizing  materials,  while  at  the  same  time  the  thermal 
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stability  of  the  amorphous  state  should  not  be  sacrificed.  At  current  disc  velocities  the  time  for 
re-crystallization  is  typically  100  ns  or  less,  while  the  amorphous  marks  should  be  stable  against 
spontaneous  crystallization  for  at  least  30  years  at  room  temperature.  In  practice,  these 
requirements  appear  often  contradictory,  because  the  methods  used  to  increase  the  crystallization 
speed  of  the  material  are  often  at  the  expense  of  its  thermal  stability. 

As  discussed  in  the  previous  section,  two  main  classes  of  phase-change  materials  are  currently 
being  used  for  phase-change  recording,  nucleation-detennined  Ge2Sb2Te5  and  fast-growth 
doped-eutectic  Sb2Te.  The  data  rates  that  are  currently  being  used  in  rewritable  DVD  systems 
based  on  both  types  of  media  are  similar,  ranging  from  11-33  Mbit/s  (DVD  1X-3X  speed). 
However,  the  different  mark-erasure  mechanism  of  these  two  types  of  materials  has  important 
consequences  for  the  data  rates  that  can  be  realized  in  phase-change  recording  systems  with  a 
higher  bit  density.  The  maximum  write  speed  in  direct-overwrite  recording  is  determined  by  the 
ability  to  erase  (re- crystallize)  previously  recorded  amorphous  marks  in  a  single  pass  of  the  laser 
spot.  For  nucleation-determined  re-crystallization,  a  fixed  period  of  time  is  required  to  erase  an 
amorphous  mark.  When  the  size  of  the  laser  spot  is  reduced  at  constant  linear  velocity  of  the 
disc,  the  dwell  time  of  the  spot  will  decrease.  This  implies  that  the  maximum  linear  velocity  for 
direct  overwriting  decreases  with  decreasing  laser-spot  size.  Because  the  linear  bit  density 
increases  with  decreasing  spot  size,  both  trends  will  counterbalance.  Experiments  indicate  that 
for  the  nucleation-determined  Ge2Sb2Te5  material  the  maximum  write  data  rate  is  indeed 
essentially  independent  of  the  laser-spot  size  (Figure  5).  For  a  particular  growth-determined 
material,  the  maximum  linear  velocity  that  can  be  achieved  during  recording  is  closely  related  to 
the  maximum  growth  speed  of  the  recording  and  independent  of  the  laser-spot  size.  As  the  linear 
bit  density  increases  with  decreasing  laser-spot  size,  the  maximum  data  rate  that  can  be  achieved 
with  a  growth-determined  material  increases  with  decreasing  spot  size.  Experimental  data  have 
confirmed  this  so-called  spot-size  effect  (Figure  5).  These  results  indicate  that  doped  eutectic 
Sb2Te  materials  are  becoming  increasingly  attractive  in  higher-density  storage  systems  based  on 
short-wavelength  lasers  and  high-numerical-aperture  lenses,  and  therefore  these  materials  fonn 
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Figure  5.  Maximum  write  data  rate  of  the 
nucleation-determined  Ge2Sb2Te5  and  a 
growth-determined  doped  eutectic  Sb2Te 
phase-change  recording  material,  as  a 
function  of  the  inverse  diameter  of  a 
focussed  laser  beam. 
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Figure  6.  Left  panel:  Target  used  for  co-sputtering,  consisting  of  Ge,  Sb  and  Sb2Te3  segments. 
Right  panel:  Magnet  configuration  of  the  rotating-magnetron  eathode  used  for  co-sputtering. 


the  basis  for  the  current  DVR  media  [4,5]. 

The  experiments  in  Figure  5  were  performed  for  the  same  phase-change  composition  and 
stack  structure  for  the  different  laser  spot  sizes.  In  the  remainder  of  this  section  we  will  discuss 
how  the  ctystallization  speed  of  eutectic  Sb2Te  alloys  can  be  enhanced  by  optimizing  the 
composition  of  the  alloy.  For  fast  composition  optimization  we  have  developed  a  new  method  of 
co-sputtering.  In  this  technique,  a  single  200-nim-diameter  sputter  target  composed  of  segments 
of  different  composition  is  used  in  combination  with  a  rotating-magnetron  cathode  (Figure  6) 
and  a  rotating  disc-holder.  While  rotating  the  magnetron,  the  sputter  power  of  the  plasma  can  be 
varied  from  target  segment  to  target  segment.  In  this  way,  the  sputter  rate  of  the  individual 
compounds  can  be  controlled  in  a  rather  wide  range.  To  achieve  good  uniformity  of  the  layer 
thickness  and  composition  across  the  entire  disc,  a  (fixed)  diapliragm  with  a  radius-dependent 
aperture  is  mounted  between  the  sputter  target  and  the  rotating  disc.  In  this  way,  the  layer’s 
thickness  and  composition  non-uniformity  could  be  minimized  to  within  2  percent. 

The  eutectic  Sb2Te  composition  was  chosen  as  the  starting  point  for  our  experiments.  The 
segmented  target  for  co-sputtering  consisted  of  Sb  and  Sb2Te3  segments  of  equal  size,  so  that  the 
Sb/Te  atomic  ratio  could  be  varied  easily  by  modulating  the  sputter  power  at  both  segments. 
Because  the  crystallization  temperature  of  the  eutectic  is  too  low  for  practical  applications,  some 
Ge  was  added  to  the  layer  to  improve  the  archival  life  stability  of  the  material  [6].  To  this  end,  a 
small  Ge-segment  was  included  in  the  sputter  target. 

The  crystallization  speed  of  the  eutectic  GeSbTe  alloys  was  studied  first  by  using  a  static- 
tester  setup  [7].  In  static-tester  experiments,  amorphous  marks  of  different  size  were  written  by 
varying  the  write  power  at  a  fixed  write-pulse  length.  The  size  of  the  amorphous  marks  was 
estimated  from  the  ratio  between  the  write  power  P  write  and  the  power  Pmdt  required  to  just  melt 
the  phasc-changc  layer.  Subsequently,  the  marks  were  erased  by  systematically  changing  the 
erase  pulse  power  and  length.  In  this  way,  the  complete  erasure  time  (GET),  i.e.  tlie  minimum 
time  to  erase  the  amorphous  mark,  was  detemiined  [7],  The  experiments  were  perfonned  on 
actual  discs,  consisting  of  4-layer  recording  stacks  sputter-deposited  onto  a  polycarbonate 
substrate.  Figure  7  shows  the  measured  GET  values  as  a  function  of  amorphous  mark  size,  for 
GeSbTe  alloys  with  an  increasing  Sb/Te  atomic  ratio  and  a  constant  Ge-concentration,  For  all 
compositions,  the  GET  increases  with  the  size  of  the  amorphous  mark.  This  is  partially  due  to  the 
larger  distance  that  the  mark  edge  has  to  grow,  but  is  also  caused  by  the  decreasing  temperature 
rise  at  the  mark  edge,  due  to  the  Airy  intensity  profile  of  the  laser  spot  [8].  By  increasing  the 
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Figure  7.  Complete  erasure  time  (CET)  for 
amorphous  marks  of  increasing  size,  for 
eutectic  GeSbTe  alloys  with  various  Sb/Te 
atomic  ratio 


Figure  8.  DC-erasability  of  long  marks  (1  IT 
pattern)  as  a  function  of  the  linear  disc 
velocity,  for  eutectic  GeSbTe  with  different 
Sb/Te  atomic  ratio  and  constant  Ge 
concentration. 


Sb/Te  atomic  ratio,  the  CET  decreases  significantly  due  to  the  increased  growth  speed  of  the 
alloy. 

The  phase-change  composition  currently  used  for  DVD+RW  is  approximately  equal  to  the 
slowest  composition  in  Figure  7,  and  can  be  recorded  at  linear  disc  velocities  up  to  8.5  m/s 
(corresponding  to  a  user-data  rate  of  26.5  Mbit/s).  A  good  indication  of  the  recording  speed  that 
can  be  achieved  with  the  faster  materials  is  given  by  the  maximum  velocity  at  which  amorphous 
marks  can  still  be  erased  sufficiently.  Figure  8  shows  DC-erasability  measurements  for  the 
compositions  given  in  Figure  7.  In  these  experiments,  data  of  a  fixed  frequency  (1  IT,  with  T  the 
channel  clock  period)  were  recorded  and  subsequently  erased  by  operating  the  laser  at  DC-power 
at  various  linear  velocities.  The  DC-power  level  was  optimized  for  optimal  erasability  at  each 
velocity.  For  proper  direct  overwriting  a  DC-erasability  of  at  least  -25  dB  is  required.  Figure  8 
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Figure  9.  Conventional  and  new 
recording  strategy  for  high-speed  phase- 
change  recording,  and  the  (simulated) 
corresponding  amorphous  mark  shapes. 
By  reducing  the  number  of  laser  pulses 
for  writing  an  amorphous  mark,  re¬ 
crystallization  during  the  write  process 
can  be  reduced. 
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Figure  10.  Timing  jitter  measured  during  direct 
overwriting  at  53  Mbit/s  (DVD  4.8X)  under 
DVD  rewritable  recording  conditions 
(^=658nm,  NA=0.65) 
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Figure  11.  Extrapolation  of  the  maximum 
data  rate  of  current  doped  eutectic  Sb2Te 
alloys  to  the  CD  and  DVD  rewritable 
formats. 


indicates  that  a  linear  velocity  of  more  than  20  m/s  can  be  achieved  for  the  fastest  GeSbTe 
alloys. 

After  optimizing  the  phase-change  alloy  composition  to  obtain  a  higher  growth  speed, 
recording  experiments  were  performed  to  optimize  the  write  strategy  for  high-speed  recording. 

In  a  conventional  recording  strategy,  a  mark  with  a  length  of  N  channel  bits  (the  channel-bit 
length  being  the  shortest  repetitive  unit  during  recording)  is  written  by  applying  N-1  high-power 
laser  pulses.  Each  pulse  results  in  an  amoiphous  dot,  and  due  to  the  partial  overlap  of  the  dots  an 
amorphous  mark  of  the  correct  length  is  recorded.  However,  when  this  conventional  strategy  is 
used  in  combination  with  fast-crystallizing  materials,  the  temperature  increase  due  to  the  next 
write  pulses  results  in  significant  re-crystallization  of  the  just  recorded  amorphous  dots.  This 
effect  leads  to  significant  reduction  of  the  amorphous  mark  width,  resulting  in  a  loss  of  the  signal 
amplitude.  The  re-ciystallization  phenomenon  is  visualized  in  the  left  panel  of  Figure  9,  which 
shows  the  molten  area  and  the  resulting  mark  shape  after  cooling  down  of  the  disc.  The  mark 
shape  was  simulated  by  including  the  melt  process  and  the  temperature-dependent  growth  speed 
of  the  phase-change  material  in  a  thermal  model  of  the  recording  process  [9]. 

A  solution  to  reduce  the  extent  of  re-crystallization  during  recording  is  by  reducing  the 
number  of  laser  pulses  to  write  an  amorphous  mark  [10].  The  right  panel  of  Figure  9  shows  a 
high-speed  recording  strategy  in  which  the  number  of  write  pulses  is  only  half  that  of  a 
conventional  strategy.  Because  the  distance  between  consecutive  laser  pulses  has  doubled,  the 
temperature  increase  due  to  consecutive  pulses  will  be  significantly  reduced,  reducing  the  extent 
of  re-crystallization. 

By  increasing  the  Sb/Tc  ratio  of  doped  eutectic  Sb2Te  alloys  and  using  high-speed  recording 
strategics  as  depicted  above,  a  significant  increase  of  the  recording  speed  could  be  realized. 
Figure  10  shows  the  jitter  measured  during  direct  oveiwriting  under  DVD  rewritable  conditions 
at  a  linear  velocity  of  16.8  m/s,  corresponding  to  a  bit  rate  of  53  Mbit/s  (DVD  4.8X).  The  jitter 
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level  is  close  to  the  9%  criterion  used  for  DVD+RW.  The  static  tester  and  DC-erasabihty 
experiments  indicate  that  materials  with  even  higher  growth  speeds  are  still  available,  so  that 
higher  data  rates  may  be  realized  in  the  near  future. 

It  is  interesting  to  extrapolate  the  data  rates  obtained  under  DVD  recording  conditions  (A.=658 
nm,  NA=0.65)  to  the  CD-RW  system  (X=780  nm,  NA=0.50)  and  the  high-density  DVR  system 
(X,=405  nm,  NA=0.85).  As  discussed  before,  the  maximum  linear  velocity  that  can  be  achieved  is 
more  or  less  independent  of  the  laser  spot  size  for  growth-determined  re-crystallization.  This 
means  that  the  data  rates  that  can  be  achieved  under  CD-RW  and  DVR  conditions  can  be 
estimated  by  correcting  for  the  linear  bit  density  and  the  efficiency  of  these  formats  relative  to 
the  DVD+RW  format.  Figure  1 1  shows  such  an  extrapolation  for  the  materials  discussed 
previously.  The  data  rates  for  the  CD-RW  system  are  much  lower  than  would  be  expected  on  the 
basis  of  the  laser-spot  size,  due  to  the  relatively  low  linear  density  and  efficiency  of  this  format. 
For  the  DVR  system  data  rates  of  over  100  Mbit/s  are  predicted  for  these  doped  Sb2Te  alloys.  In 
this  context,  it  is  interesting  to  note  that  we  have  already  reported  a  data  rate  of  80  Mbit/s  under 
DVR-blue  recording  conditions  [5]. 


CONCLUSIONS 

The  field  of  optical  recording  is  evolving  rapidly,  showing  an  increasing  market  share  for 
rewritable  disc  systems  based  on  phase-change  recording.  The  recording  mechanism  is  based  on 
writing  (sub)micron-sized  amorphous  marks  in  a  crystalline  recording  layer  by  heating  with  the 
focussed  laser  beam.  The  recorded  marks  can  be  erased  by  re-crystallization.  The  recorded  data 
can  be  read  from  the  reflectivity  difference  between  both  states,  similarly  as  in  read-only  discs. 
The  popularity  of  phase-change  technology  can  therefore  partially  be  explained  by  the  playback 
compatibility  of  the  rewritable  media  on  read-only  drives. 

Current  phase-change  media  are  generally  based  on  either  of  two  material  classes: 
stoichiometric  compositions  on  the  GeTe-Sb2Te3  tie-line,  in  particular  Ge2Sb2Te5,  or 
compositions  close  to  the  eutectic  Sb2Te.  An  important  difference  between  both  materials  is  the 
erase  mechanism  of  recorded  marks:  In  the  stoichiometric  compositions  re-crystallization  is 
dominated  by  nucleation,  whereas  in  the  doped  eutectic  Sb2Te  re-crystallization  is  determined  by 
growth  of  the  mark  edge. 

The  maximum  write  data  rate  in  phase-change  recording  is  determined  by  the  time  required  to 
erase  previously  written  amorphous  marks.  For  nucleation-determined  erasure,  the  data  rate  that 
can  be  achieved  is  independent  of  the  laser-spot  size.  For  growth-determined  erasure,  a 
significant  increase  of  the  write  speed  can  be  realized  by  using  a  smaller  laser  spot.  This  implies 
that  materials  with  growth-detemiined  crystallization  such  as  doped  Sb2Te  become  increasingly 
attractive  at  higher  recording  densities. 

By  using  a  new  method  of  co-sputtering,  the  composition  of  the  eutectic  Sb2Te  was  varied  to 
investigate  its  feasibility  for  recording  at  higher  write  speeds.  By  increasing  the  Sb/Te  atomic 
ratio  of  the  alloy,  the  growth  speed  could  be  increased  significantly,  whereas  the  addition  of 
some  Ge  improved  the  thennal  stability  of  the  amorphous  state.  The  higher  growth  speed  leads  to 
increased  re-crystallization  during  the  write  process.  To  reduce  this  effect,  a  new  recording 
strategy  with  a  reduced  number  of  write  pulses  has  been  developed.  In  this  way,  data  transfer 
rates  of  up  to  53  Mbit/s  have  been  achieved  for  rewritable  DVD+RW  media.  Scaling  this  value 
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to  the  higher  density  of  the  rewritable  DVR  system,  data  rates  of  higher  than  100  Mbit/s  will  be 
realized  by  using  a  blue-laser  diode  and  a  higher-numerical  aperture  lens. 
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Abstract 

In  the  last  decade  a  number  of  chalcogenide  alloys,  including  ternary  alloys  of  GeSbTe  and 
quaternary  alloys  of  InAgSbTe,  have  been  identified  which  enable  fast  phase  change  recording. 

In  the  quest  for  materials  with  improved  phase  change  kinetics  we  present  two  different 
approaches.  By  comparing  alloys  with  well-defined  stoichiometries  the  mechanisms  which 
govern  the  transformation  kinetics  are  determined.  Optical  and  electrical  measurements 
determine  the  activation  energy  for  crystallization  to  2.24  ±  0.1 1  eV  for  Ge2Sb2Te5  and  to  3.7 1  ± 
0.07  eV  for  Ge4Sb|Te5,  respectively.  It  is  shown  that  for  GeSbTe-alloys  with  different 
composition  the  activation  energy  increases  linearly  with  increasing  Ge  content.  Power-time- 
reflectivity  change  diagrams  recorded  with  a  static  tester  reveal  that  Ge2Sb2Te5,  in  agreement 
with  previous  data,  recrystallizes  by  the  growth  of  sub  critical  nuclei,  while  Ge4Sb|Te5  grows 
from  the  crystalline  rim  surrounding  the  bit. 

To  speed  up  the  search  for  faster  materials  we  employ  concepts  of  combinatorial  material 
synthesis  by  producing  films  with  a  stoichiometry  gradient.  Then  laterally  resolved  secondary 
neutral  mass  spectroscopy  (SNMS)  combined  with  the  static  tester  are  used  to  identify  the 
composition  with  superior  properties  for  phase  change  applications. 

INTRODUCTION 

Materials  at  the  pseudo-binary  line  (GeTe)x(Sb2Te3)i-x  are  known  to  have  good  properties  for 
fast  phase  change  applications  [1,2].  Nevertheless  we  need  to  characterize  and  understand  the 
transformation  kinetics  of  these  materials  if  we  want  to  develop  a  microscopic  understanding  of 
phase  change  dynamics.  Hence,  we  have  investigated  the  phase  transformation  on  a  microscopic 
and  macroscopic  scale  for  two  compounds  along  the  pseudo-binary  line. 

From  the  understanding  of  the  transfoimation  kinetics  for  these  compounds  we  try  to  obtain 
insight  into  the  behaviour  expected  for  an  arbitrary  compound  like  AaEpCyTe.  Then 
combinatorial  concepts  in  conjunction  with  efficient  strategies  to  measure  transformation  kinetics 
are  applied  to  further  improve  our  understanding  of  the  kinetics  and  the  properties  of  phase 
change  materials. 

EXPERIMENTAL  DETAILS 

The  GeSbTe-compounds  used  for  microscopic  and  macroscopic  studies  were  deposited  on 
glass  or  silicon  substrates  at  room  temperature  by  dc  magnetron  sputtering  [3].  A  static  tester  as 
described  in  [4]  is  used  to  measure  the  reflectance  change  upon  short  laser  pulse  irradiation.  The 
sheet  resistance  was  measured  with  a  four-point  probe  setup  following  the  procedure  proposed  by 
van  der  Pauw  [5].  Further  experimental  details  are  already  described  elsewhere  [6].  x-ray 
refractometry  (XRR)  measurements  were  performed  to  determine  the  thickness,  roughness  and 
the  density  while  x-ray  diffractometry  (XRD)  measurements  were  used  to  determine  the  film 
structure  at  room  temperature. 

The  SbxTei.x  sample  was  evaporated  onto  glass  in  an  molecular  beam  epitaxy  (MBE)  system 
designed  for  combinatorial  synthesis.  The  background  pressure  of  the  evaporation  system  is  3  x 
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lO  '^’mbar.  Up  to  five  evaporation  sources  can  be  assembled  into  the  system  to  prepare  multi 
element  thin  films  with  any  desired  stoichiometry.  Up  to  four  evaporators  can  be  aligned  under 
45  degrees  with  respect  to  the  sample  normal.  Basic  emission  laws  show  that  the  film  thickness 
distribution  then  will  be  inhomogeneous  [7].  A  fifth  source  can  be  inserted  perpendicular  to  the 
sample.  Superposing  the  thickness  distributions  of  the  different  elements  will  lead  to  lateral 
stoichiometry  gradients.  In  this  situation,  the  exact  composition  of  the  samples  can  then  be 
controlled  by  adjusting  the  evaporation  rate  of  the  different  sources.  The  stoichiometry  gradient  is 
then  detennined  by  in  situ  secondary  neutral  mass  spectrometry  (SNMS),  so  that  we  know  the 
exact  composition  of  the  sample  for  different  positions.  Finally,  a  static  tester  is  used  to 
characterize  the  behaviour  of  these  samples. 

RESULTS  AND  DISCUSSION 

In  the  following  we  will  first  discuss  macroscopic  measurements  to  characterize  the 
crystallization  behaviour.  Subsequently,  microscopic  measurements  are  employed  to  determine 
the  crystallization  mechanism.  Finally  first  results  from  samples  prepared  by  combinatorial 
methods  arc  presented. 

Temperature  dependent  measurements  of  the  electrical  resistance  are  very  sensitive  to  the 
phase  transition  since  the  resistance  is  changing  over  several  orders  of  magnitude  at  the  critical 
temperature  Tc.  This  enables  a  precise  detcmiination  of  the  transition  temperature.  From  the 
change  in  Tc  as  a  function  of  heating  rate  the  effective  activation  energy  for  exothermal 
crystallization  for  the  specific  phase  transition  can  be  detennined  using  Kissinger  plots  [8]. 

Figure  I  shows  the  temperature  dependence  of  the  sheet  resistance  (Rs)  of  80  nm  thin  Ge2Sb2Te5 
and  GeaSbiTes  films. 


tcinpcriiturc  (K)  temperature  (K) 

Figure  1.  Temperature  dependence  of  the  sheet  resistance  Rs  of  80  nm  Ge2Sb2Te5  (left)  and  80  nm  GeaSbiTe.s  (right) 
with  different  heating  rates  leading  to  a  change  in  the  critical  temperature  Tc- 

From  the  analysis  of  the  variation  of  Tc  with  the  heating  rate  an  activation  energy  of  2.24  ± 
0.1 1  cV  is  observed  for  Ge2Sb2Te5  [6]  and  3.72  eV  ±  0.07  eV  for  Ge4SbiTe5,  respectively. 
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Figure  2.  The  activation  energy  Ea  of  the  amorphous  to  crystalline  transition  at  Tc  is  determined  from  Kissinger 
plots;  (left)  The  slope  of  the  linear  fit  determines  the  activation  energy  to  2.24  ±  0.1 1  eV  for  Ge2Sb2Te5  films  [6J. 

The  activation  energy  for  the  Ge4SbiTe5  films  is  determined  to  3.72  eV  ±  0.07  eV.  To 
determine  the  nature  of  the  transformation  XRD  scans  of  200  nm  thin  Ge2Sb2Te5  and  Ge4SbiTe5 
films  were  performed  after  different  isothermal  annealing  steps  (figure  3).  After  deposition  the 
films  are  amorphous.  Crystallization  into  the  rock  salt  cubic  phase  is  observed  at  415  K  for 
Ge2Sb2Te5  and  at  430  K  for  Ge4SbiTe5.  For  Ge2Sb2Te5  a  second  phase  is  formed  after  annealing 
at  573  K.  These  peaks  are  characteristic  for  the  formation  of  an  hexagonal  structure.  This  second 
phase  transition  for  Ge2Sb2Te5  has  an  activation  energy  of  3.64  ±  0. 1 9  eV  [6].  For  Ge4Sb|Te5  no 
hexagonal  phase  could  be  found  for  the  annealing  temperatures  accessible. 


as  deposited 

(b)  . 

*  ^  ■  >  1  ■  ■ 

44.3  K  f(jr  lOtiiin 

(c) 

A  r 

553  K  for  10  min 

573  K  for  10  min 

jO 

1  ill  11: 

653  K  for  10  min 

1  .,5  .5  if 

20 

0  40  50 

20  C) 

60  70  8 

20  ■  30 . 40'  ■  'so'  '  'ed . 70" . 80 

20  (“) 


Figure  3.  X-ray  diffraction  scans  of  200  nm  thin  Ge2Sb2Te5  (left)  and  Ge4Sb(Te5  (right)  films  on  Si  substrates  alter 
different  annealing  procedures.  Both  annealing  temperature  and  time  are  denoted.  Left:  diffraction  pattern  of  (a)  an 
amorphous  Ge2Sb2Te5  film,  (b)-(d)  rock  salt  structure  and  (e)  hexagonal  stiaicture.  The  arrows  in  (d)  indicate  the 
changes  due  to  beginning  transition  from  the  rock  salt  to  the  hexagonal  stiucture.  Right:  diffraction  pattern  of  (a)  an 
amorphous  Ge^SbiTes  film,  (b)  and  (c)  of  rock  salt  structure.  For  GejSbJes  no  hexagonal  structure  could  be  found. 

Interesting  insight  into  the  crystallization  mechanism  is  obtained  by  plotting  the  activation 
energies  for  crystallization  of  several  compounds  along  the  pvseudo-binary  line  against  the 
number  of  Ge-Te  bonds.  In  figure  4  data  obtained  from  our  measurements  as  well  as  literature 
data  [2]  are  shown.  It  is  noteworthy  that  there  is  a  clear  correlation  between  the  activation  energy 
for  crystallization  and  the  amount  of  Ge-Te  bonds.  This  indicates  that  the  kinetics  of 
crystallization  are  controlled  by  the  energetics  of  the  Ge-Te  bond.  In  addition,  this  result  is  in 
good  agreement  with  several  structural  studies  which  show  a  very  strong  preference  for  Ge  and 
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Te  atoms  to  occupy  different  lattice  sites,  i.e.  A  and  B  sites  in  the  rock  salt  lattice  [2,9].  This  is 
evidence  for  a  strong  Ge-Te  bond,  which  is  apparently  also  related  to  the  activation  energy  for 
crystallization.  Hence,  this  activation  energy  can  be  varied  just  by  varying  the  amount  of  Ge-Te- 
bonds. 

Even  though  this  figure  already  suggests  how  activation  energies  for  crystallization  can  be 
tailored  through  the  film  stoichiometry,  it  does  not  yet  provide  any  detailed  understanding  of  the 
microseopic  mechanism  of  crystallization. 


Figure  4.  A  summary  of  activation  energies  of  several  phase  change  materials  as  function  of  Ge-Te  bonds  in  the 
material.  The  values  are  obtained  from  our  electrical  resistance  measurements  and  literature  data  [2],  There  is  a 
strong  correlation  between  activation  energy  and  the  number  of  Ge-Te  bonds  in  the  phase  change  material. 

For  a  microscopic  understanding  powcr-time-effect  diagrams  for  amorphous  85  nm  films 
Gc2Sb2Te5and  Ge^SbiTes  were  recorded  with  the  static  tester.  These  diagrams,  displayed  in 
figure  5,  show  the  reflectance  change  at  830  nm  upon  variable  laser  irradiation. 


Figure  5.  Power  time  effect  diagrams  of  a)  85  nm  thin  amorphous  of  GeiSbiTes  films  on  glass  and  b)  85  nm  thin 
amorphous  films  of  Gc.iSbiTe.s  on  glass.  The  diagrams  show  the  relative  reflectance  change  (%)  upon  absorbed 
power  P  (mW)  as  function  of  the  pulse  duration  /  (ns).  A  reflectance  increase  is  assigned  to  crystallization,  a 
decrease  of  rcllectancc  to  ablation.  A  missing  reflectance  change  shows  that  no  crystallization  has  taken  place.  A 
minimum  time  of  100  ns  for  Ge2Sb2Tc5  and  3(X)  ns  for  Ge4Sb,Te5,  respectively,  is  needed  to  ciy'Stallize  the  materials. 
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Both  diagrams  show  3  regions.  In  region  1  the  reflectance  change  is  zero  and  thus  the  pulse 
is  to  weak  to  crystallize.  In  region  2,  the  material  crystallizes  and  in  region  3  the  pulse  is  strong 
enough  to  ablate  the  irradiated  area.  Furthermore,  both  materials  need  a  minimum  time  until 
crystallization  starts.  For  Ge2Sb2Te5  a  minimum  time  of  100  ns  is  needed  and  for  Ge4SbiTe5  300 
ns  are  required,  respectively. 


a)  t  (ns)  b)  t  (ns) 

Figure  6.  Power-Time-Effect  diagram  of  a)  80  nm  cubic  crystalline  GciSb^Tes  on  glass  and  b)  80  nm  cubic 
crystalline  Ge4Sb|Te5  on  glass.  The  diagrams  show  the  relative  reflectance  change  (%)  upon  absorbed  power  P 
(mW)  as  function  of  the  pulse  duration  t  (ns)  after  a  an  amorphous  bit  has  been  written.  A  reflectance  increase  is 
assigned  to  recrystallization,  a  decrease  of  reflectance  to  amorphization.  In  region  1  no  recrystallization  takes  place. 
In  region  2  recrystallization  takes  place  and  in  region  3  amorphization  is  observed.  In  region  4,  which  only  occurs  for 
the  Ge2Sb2Te5  material  melt  crystallization  occurs  and  finally  in  region  5  the  film  ablates. 

Since  recrystallization  is  the  more  important  transformation  power-time-effect  diagrams 
were  recorded  for  80  nm  thick  crystalline  films  of  Ge2Sb2Te5  and  Ge4SbiTe5  with  NaCl  structure. 
The  corresponding  diagrams  are  shown  in  figure  6.  Again,  several  regions  can  be  distinguished. 

In  region  1  the  pulses  are  to  weak  to  recrystallize  while  in  region  2  recrystallization  takes  place. 

In  region  3  the  pulse  melts  the  material  but  due  to  the  short  pulse  duration  the  material  can  not 
relax  into  the  crystalline  state  and  remains  amorphous.  Then  Ge2Sb2Te5  shows  melt 
crystallization  in  region  4.  In  region  5  the  irradiated  material  is  ablated.  The  minimum  pulse 
durations  needed  for  recrystallization  is  below  10  ns  for  Ge2Sb2Te5  and  about  16  ns  for 
Ge4SbiTe5.  Thus,  recrystallization  proceeds  much  faster  than  crystallization  and  the  material  with 
the  lower  macroscopic  activation  barrier  also  recrystallizes  faster.  We  have  shown  that 
Ge2Sb2Te5,  in  agreement  with  previous  data  [9,10],  recrystallizes  by  the  growth  of  sub  critical 
nuclei,  while  Ge4SbiTe5  grows  from  the  bit  rim  [1 1]. 

The  fact  that  recrystallization  can  proceed  by  two  different  mechanisms  opens  different 
strategies  to  boost  performance.  For  growth  dominated  recrystallization  increasing  the 
temperature  upon  recrystallization  is  a  straight  forward  approach  to  enhance  diffusion.  For 
nucleation  dominated  growth  on  the  contrary  the  influence  of  surrounding  dielectric  layers  could 
be  exploited. 

To  obtain  a  larger  database  to  extract  similar  correlations  combinatorial  concepts  can  be 
applied.  Hence  a  SbxTei-x  sample  has  been  prepared  for  which  x  varies  over  the  sample.  The 
areas  investigated  with  the  static  tester  had  the  compositions  of  Sb25Te75,  Sb29Te7i  and  Sb32Te6s. 
The  power-time-effect  diagrams  are  shown  in  figure  7. 
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Figure  7.  Power  time  effect  diagrams  of  60  nm  of  amoiphous  S^Tci  ^  on  glass.  The  diagrams  show  the  relative 
reflectance  change  (%)  upon  absorbed  power  P  (mW)  as  function  of  pulse  duration  t  (ns).  The  stoichiometries 
measured  with  SNMS  arc  changing  from  Sb27Te75,  to  Sb2<)Te7i  and  Sb^Te^s.  Region  2  shifts  to  shorter  minimum 
cry.stallization  times  with  decreasing  Sb  amount. 

The  shift  of  region  2  to  the  left  means  that  the  minimum  times  needed  for  crystallization 
decreases  with  Sb  amount.  This,  still  somewhat  preliminary  result  already  indicates  that  the  use 
of  combinatorial  concepts  will  enable  a  faster  determination  of  crucial  factors  which  control  the 
kinetics.  Hence  this  can  be  exploited  to  push  the  materials  to  the  achievable  limits  needed  for 
ultra  fast  phase  change  recording. 
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ABSTRACT 

A  model  is  presented  to  calculate  glass-transition  temperatures.  This  model  in  combination  with 
experimental  data  is  used  to  evaluate  archival-life  stability  of  common  phase  change  materials 
Ge2Sb2Te5  and  doped  eutectic  Sb2Te  compositions. 

On  the  basis  of  this  model,  novel  high-data-rate  phase  change  compositions  have  been 
identified  near  and  on  the  pseudo-binary  line  InSb-GaSb  in  the  ternary  system  Ga-In-Sb. 

INTRODUCTION 

Phase-change  optical  recording  has  evolved  to  a  mature  technology  that  is  applied  in  re-writable 
data- storage  systems  such  as  CD-RW,  DVD+RW  and  DVD-RAM.  In  these  systems,  the 
recording  of  information  is  based  on  writing  and  erasing  amorphous  marks  in  a  crystalline  layer 
of  a  phase-change  material.  Besides  sufficient  optical  contrast  between  the  crystalline  and 
amorphous  state  and  a  sufficiently  low  melting  point  attainable  with  moderate  lasers  powers,  the 
crystallisation  behaviour  at  various  temperatures  is  one  of  the  most  important  aspects  in 
developing  phase-change  materials.  At  elevated  temperatures  the  crystallisation  time  of 
amorphous  marks  should  be  short  to  enable  high  data-rate  (<  100ns).  This  is  because  the 
maximum  rate  at  which  previous  data  can  be  overwritten  with  new  data  (within  a  single  pass  of 
the  laser  spot)  is  limited  by  the  rate  at  which  amorphous  marks  of  the  previous  data  can  be 
crystallised.  On  the  other  hand,  at  room  temperature  the  crystallisation  rate  has  to  be  virtually 
zero  in  order  to  ensure  that  recorded  amorphous  marks  are  stable  against  spontaneous  re¬ 
crystallisation  for  30-50  years  (archival-life  stability).  These  two  conflicting  requirements 
complicate  the  development  of  new  phase-change  materials  for  high-speed  rewritable  discs. 

In  the  first  part  of  the  paper,  the  archival-life  stability  of  phase-change  discs  is  addressed. 
A  model  is  presented  that  can  be  applied  to  select  and  improve  promising  phase-change  materials 
compositions  with  respect  to  their  amorphous-mark  stability.  Isothennal  crystallisation 
experiments  on  recorded  amorphous  marks  have  been  performed  to  support  the  model  and  to 
determine  the  archival  life  of  phase-change  discs. 

Based  on  the  model,  novel  compositions  of  Ga-In-Sb  phase-change  materials  were 
investigated  as  possible  candidates  for  high  data-rate  rewritable  optical  recording.  Dependence  of 
stability  and  high  speed  crystallisation  of  amorphous  marks  on  composition  is  discussed. 


AMORPHOUS  MARK  STABILITY 

The  archival  life  of  a  phase-change  disc  is  generally  determined  by  the  theimal  stability  of 
recorded  amorphous  marks.  When  the  disc  is  stored  at  elevated  temperatures,  the  marks  may 
spontaneously  re-crysta!lise,  resulting  in  progressive  deterioration  of  the  data.  To  accelerate 
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optimisalion  of  phase-change  materials  a  model  has  been  developed  [1]  that  can  be  used  to 
calculate  glass-transition  temperatures  for  phase-change  materials  of  various  compositions. 

These  glass-transition  temperatures  are  used  to  estimate  the  amorphous-mark  stability  and  the 
corresponding  archival  life.  The  glass-transition  temperature  represents  the  temperature  above 
which  an  amorphous  matrix  can  attain  various  structural  configurations  and  below  which  the 
matrix  is  frozen  into  a  structure  which  cannot  easily  change  to  another  structure.  Thus, 
crystallisation  below  the  glass-transition  temperature  is  extremely  slow  and  a  strong  correlation 
between  glass-transition  temperature  and  thermal  stability  of  recorded  marks  is  expected. 

It  is  reasonable  to  assume  that  the  glass-transition  temperature  must  be  related  to  the 
magnitude  of  the  cohesion  forces  within  the  amorphous  network  since  these  forces  must  be 
overcome  to  allow  atomic  movement.  Therefore,  a  promising  approach  to  detennine  glass- 
transition  temperatures  is  to  find  a  correlation  with  atomisation  energies  of  the  amorphous 
network.  These  energies  can  be  calculated  by  summing  all  individual  bond  energies,  taking  into 
account  the  number  of  bonds  per  atom  and  the  energy  per  bond.  The  number  of  bonds  per  atom 
is  detennined  by  the  number  of  valence  electrons  of  the  corresponding  atom.  For  instance,  Te 
has  6  valence  electrons  and  fonns  2  bonds,  while  Ge  has  4  valence  electrons  and  forms  4  bonds. 
In  a  covalent  matrix,  metallic-like  elements  form  4  covalent  bonds,  but  donate  additional  bonds 
to  their  neighbouring  chalcogenide  atoms  (Te,  Sb  etc.)  by  transfer  of  valence  electrons.  Bond 
energies  can  be  obtained  from  the  known  atomisation  energies  of  stoichiometric  compounds  [1]. 
In  table  1,  bond  energies  and  number  of  bonds  are  listed  for  a  .selected  set  of  elements. 

In  the  literature  many  glass-transition  temperatures  are  reported  for  covalent  amorphous 
materials  of  various  compositions.  With  the  method  de.scribed  above  we  can  calculate  the 
atomisation  energy  for  each  composition  and  relate  them  to  the  reported  glass  transition 
temperatures.  The  overall  empirical  relation  found  between  the  glass-transition  temperature  T^. 
(in  Kelvin)  and  atomisation  energy,  (in  kJ/mol)  is  [1] 

=3.44/?„  -480 

Using  the  above  model,  glass-transition  temperatures  were  calculated  for  the  ternary  system  Ge- 
Sb-Te.  This  system  contains  the  well-known  stoichiometric  phase-change  compounds  along  the 
GcTe-Sb2Te3  tie-line,  i.e.  GeTe,  Gc2Sb2Te.s  and  GeiSb2Te4.  The  Ge-Sb-Te  .system  also  includes 
the  compound  Sb2Te.  This  compound  forms  the  basis  for  the  so-called  fast-growth  materials 
(FGM)  currently  applied  in  media  CD-RW  and  DVD+RW  discs.  These  phase-change  materials 
can  be  viewed  upon  as  Sb2Te  doped  with  Sb,  In,  Ag  and/or  Ge. 

Table  I.  Bond  energies  (in  kJ/mol)  for  combinations  of  selected  elements.  The  number  of  bonds 
formed  by  each  element  is  indicated  between  brackets. 


Te  (2) 

Sb(3) 

Ge  (4) 

Ga  (4+1) 

In  (4+1) 

Ag  (4+3) 
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186 

192 
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76 

Sb  (3) 
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181 
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Figure  1.  Calculated  glass-transition 
temperatures  (in  °C)  for  the  system  Ge- 
Sb2Te.  Stoichiometric  phase-change 
compositions  on  the  pseudo-binary  line 
GeTe-Sb2Te3  are  shown  in  the  plot.  The 
binary  compound  SbiTe  is  also  shown, 
since  current  CD-RW  and  DVD-i-RW 
materials  are  based  on  doping  Sb2Te  with 
Sb,  Ag,  In  and/or  Ge. 


Figure  1  shows  calculated  lines  of  constant  glass-transition  temperature  for  the  ternary  system 
Ge-Sb-Te.  It  is  seen  that  increasing  the  Ge  content  is  very  effective  for  increasing  the  glass- 
transition  temperature.  This  is  due  to  the  fact  that  Ge  forms  4  bonds  with  relatively  high  bond 
energy.  Also  a  high  Sb/(Sb+Te)  ratio  is  beneficial  for  a  high  glass-transition  temperature. 
Assuming  that  a  minimal  glass-transition  temperature  of  100°C  is  required  for  sufficient 
amorphous-mark  stability,  one  sees  that  the  compounds  GeTe  and  Ge2Sb2Te5  fulfil  this 
requirement,  while  the  compounds  GeiSb2Te4  and  Sb2Te  do  not.  It  has  been  found  that  phase- 
change  discs  based  on  GeiSb2Te4  indeed  have  insufficient  archival-life.  The  model  shows  that 
the  amorphous  mark  stability  of  Sb2Te  can  be  increased  by  alloying.  Calculations  for 
(Sb2Te)o.93Yo.o7  with  Y  =  Ge,  Ag  or  In  yields  glass-transition  temperatures  of  106,  83  and  1\°C, 
respectively,  which  have  to  be  compared  with  the  value  of  16°C  for  Sb2Te.  Addition  of  Ge  is 
thus  expected  to  be  more  effective  for  increasing  the  amorphous-mark  stability  than  addition  of 
In  and  Ag. 

A  first  indication  for  the  archival-life  stability  of  phase-change  materials  is  generally 
obtained  by  measuring  the  crystallisation  temperature  of  the  sputter-deposited  amorphous  state. 

A  more  accurate  prediction  can  be  obtained  by  measuring  the  (low  temperature)  activation 
energy  for  crystallisation  of 'recorded  amorphous  marks,  and  by  using  this  value  to  extrapolate 
the  lifetime  of  recorded  marks  at  ambient  temperatures.  Such  experiments  have  been  performed 
for  Ge2Sb2Te5  and  for  eutectic  Sb2Te  doped  with  In  or  Ge. 

Figure  2  shows  transmission  electron  microscope  (TEM)  images  which  visualise  what 
happens  when  amorphous  marks  recorded  in  doped  eutectic  Sb2Te  are  heated  in  a  furnace.  These 
materials  are  characterised  in  that  crystallisation  proceeds  by  growth  of  the  crystalline  edge 
towards  the  mark  centre  [2],  as  is  clearly  seen  in  the  figure.  The  crystallisation  mechanism  for 
stoichiometric  Ge2Sb2Te5  is  completely  different.  For  this  material,  crystallisation  takes  place  by 
nucleation  of  many  crystallites  in  the  interior  of  the  mark  until  the  mark  is  completely  filled  [2]. 


V  1.4.3 


Figure  2.  TEM-imagcs  of  amorphous  marks  (400nm)  recorded  under  DVD-conditions  in  a  phase 
change  disc  based  on  Ge-doped  eutectic  Sb2Te,  after  recording  (left  panel),  after  annealing  for  1 
hr  at  165"C  (eentral  panel),  and  after  annealing  for  1  hr  at  I75-C  (right  panel). 


Figure  3  shows  the  extrapolated  archival  life  as  a  function  of  temperature  for  Ge2Sb2Te5 
and  for  the  doped  eutectic  Sb2Te  compositions.  The  archival  life  was  estimated  as  10%  of  the 
measured  isothermal  crystallisation  time  since  partly  re-crystallised  marks  already  will 
deteriorate  the  read-out  significantly.  The  eutectic  materials  appear  to  be  more  stable  than 
Ge2Sb2Te.5  at  ambient  temperature,  which  is  mainly  due  to  the  higher  activation  energy  involved. 
In  accordance  with  the  calculated  glass  transition  temperatures,  addition  of  Ge  is  much  more 
effective  than  addition  of  In  to  increase  the  amorphous  stability  of  doped  eutectic  Sb2Te. 

Figure  3.  Expected  archival  life 
of  recorded  amorphous  marks 
(DVD  conditions).  Activation 
energies  are  shown  in  the  plot. 
The  activation  energy  of 
Ge2Sb2Te5  is  remarkably  lower 
than  that  of  the  doped  Sb-Te 
materials.  This  might  be  related 
to  the  different  type  of 
crystallisation  process  involved. 
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More  than  1 5  years  ago,  InSb  and  GaSb  were  discovered  to  show  extremely  fast  crystallisation 
upon  laser  heating  of  the  amorphous  state  [3].  At  that  time,  they  were  basically  regarded  as 
write-once  materials  instead  of  rewritable  materials,  because  their  high  crystallisation  speed 
would  make  it  impossible  to  write  amorphous  marks  in  a  crystalline  layer.  Since  then,  cooling 
rates  of  phase-change  stacks  have  improved  and  also  laser  drivers  have  been  developed  allowing 
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laser  pulses  of  only  nanosecond  duration.  This  has  led  us  to  re-investigate  these  compounds  and 
mixtures  thereof  for  application  in  high  data-rate  rewritable  recording. 

First,  we  calculated  glass-transition  temperatures  using  the  model  described  in  this  paper. 
The  results  are  plotted  in  Figure  4.  It  is  seen  that  InSb-rich  compositions  and  compositions  to  the 
right  of  the  InSb-GaSb  tie-line  have  low  glass  transition  temperatures.  The  latter  compositions 
only  have  sufficiently  high  glass-transition  temperature  at  high  Ga/In-ratio. 

Static  tester  experiments  [4]  were  performed  to  measure  the  complete  erasure  time  (GET) 
of  written  amorphous  marks.  Five  compositions  on  the  InSb-GaSb  tie-line  were  measured. 
Measured  CET-values  are  plotted  in  Figure  4.  The  CET-values  were  independent  of  the 
amorphous  mark-size,  which  is  typical  for  nucleation  dominated  crystallisation.  Short 
crystallisation  times  below  25  ns  were  observed  for  InSb-GaSb  mixtures  with  more  than  25% 
GaSb.  Ultra-short  crystallisation  times  close  to  10  ns  were  observed  for  GaSb  rich  compositions. 
Additional  measurements  showed  that  crystallisation  times  could  be  decreased  even  further  by 
using  nucleation-promoting  cap-layers,  or  by  increasing  the  thickness  of  the  phase  change  layer. 

In  Figure  5  are  plotted  the  expected  archival  life  of  InSb,  InisGa^Shso  and  In25Ga25Sb5o 
as  determined  experimentally  with  the  procedure  described  in  the  previous  section.  The  expected 
archival  life  of  the  respective  compositions  at  25°C  is  2  days,  1  year  and  3000  years.  GaSb-rich 
compositions  combine  a  high  crystallisation  rate  with  a  high  amorphous  mark  stability.  These 
compositions,  however,  have  2  drawbacks.  First,  the  laser  power  required  for  writing  marks  is 
relatively  high,  due  to  the  gradual  increase  in  melting  temperature  when  going  from  InSb  to 
GaSb.  Second,  the  optical  contrast  between  amorphous  and  crystalline  state  gradually  decreases 
when  going  from  InSb  to  GaSb. 

Recorder  experiments  under  DVD+RW  conditions  were  performed  for  some 
compositions.  Data  could  be  written  and  erased  at  high  speed  with  sufficient  modulation  using 
stacks  with  low  crystalline  reflection  and  high  amorphous  reflection.  Important  media  parameters 
such  as  the  number  of  direct  overwrite  cycles  and  erasability  need  to  be  further  optimised. 

Figure  4.  Calculated  glass  transition 
temperatures  (in  °C)  for  the  system 
Ga-In-Sb.  Compositions  for  which 
complete  erasure  times  of  written 
amorphous  marks  have  been 
measured  (under  DVD  conditions) 
are  shown  also  in  the  plot  together 
with  the  corresponding  values. 

Stack  design:  substrate/ZnS-Si02/ 
GalnSb  (25  nm)/  ZnS-SiOs/Al. 
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Figure  5.  Expected  archival  life  of 
recorded  amorphous  marks  (DVD 
conditions)  for  3  Ga-In-Sb 
compositions:  InSb,  Ini2Ga38Sb5o 
and  In25Ga25Sb5o.  Data  was 
measured  using  the  procedure 
described  in  the  text.  The  activation 
energy  is  approximately  140kJ/mol, 
which  value  is  close  to  that 
determined  for  Ge2Sb2Te5,  for  which 
the  crystallisation  is  also  nucleation 
dominated. 
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CONCLUSIONS 

Phase-change  discs  based  on  Gc-doped  eutectic  Sb2Te  have  excellent  archival  life.  As  predicted 
by  model  calculations,  the  archival  life  of  In-doped  eutectic  Sb2Te  is  much  less.  Its  value  is, 
however,  still  sufficient  (more  than  100  year  at  25°C).  The  estimated  archival  life  of  Ge2Sb2Te5 
is  10-50  years  at  room  temperature.  In  the  ternary  system  Ga-In-Sb,  novel  phase  change 
compositions  have  been  identified  which  combine  short  crystallisation  time  (<25ns)  with 
sufficient  stability  of  recorded  amorphous  marks  (  more  then  50  year  at  25°C). 
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ABSTRACT 

Multipulse  strategies  for  two  disk  rotation  velocities  of  the  same  phase  change 
optical  disk,  were  analyzed  using  simulations,  at  red  and  blue  wavelengths.  Results 
showed  that  at  either  wavelength,  lower  pulse  duty  cycles  are  needed  at  lower  velocities 
to  reduce  recrystallization  and  higher  duty  cycles  are  needed  at  higher  velocities.  Optimal 
erase  powers  and  cooling  width  for  minimal  overwrite  jitter  were  also  found. 

INTRODUCTION 

To  achieve  higher  data  rates  in  phase  change  (PC)  optical  recording,  there  are  two 
options:  one  is  to  write  smaller  bits  by  decreasing  the  laser  wavelength  and/  or  increasing 
the  numerical  aperture  (NA)  of  the  objective  lens  while  the  other  option  is  to  increase  the 
disk  rotation  velocity  for  a  given  wavelength  and  NA.  Using  higher  linear  velocities  is 
advantageous  from  the  reliability  and  removability  of  the  disk  perspective,  since  the 
distance  between  the  PC  media  and  the  lens  has  to  be  decreased  when  a  high  NA  lens  is 
used.  In  this  paper,  we  look  at  some  issues  in  achieving  high  data  rates  by  increasing  the 
disk  rotation  velocity.  The  maximum  data  rate  achievable  in  a  phase  change  recording 
material  is  limited  by  the  time  taken  to  crystallize  or  erase  an  amorphous  mark.  When 
constant  angular  velocity  mode  is  used,  different  locations  on  the  PC  disk  will  be 
subjected  to  different  linear  velocities.  The  maximum  velocities  that  give  reasonable 
erasability  depends  on  wavelength.  We  consider  two  velocities  each,  at  red  (640nm)  and 
blue  (430nm)  wavelength  and  investigate  how  the  multipulse  parameters  such  as  the 
pulse  duty  cycle,  erase  power  and  cooling  width  should  be  modified  to  give  comparable 
performance  at  the  two  velocities. 

SIMULATION 

The  time  spent  by  any  point  on  the  disk  under  laser  irradiation  is  referred  to  as  the 
effective  heating  duration  [1]  th  =  d/v,  where  d  is  the  laser  spot  diameter  and  v  is  the 
linear  velocity.  GeSbTe  (GST)  alloys  crystallize  through  nucleation  followed  by  grain 
growth.  The  minimum  time  for  crystallization  is  therefore  limited  by  nucleation  time.  It 
was  shown  that  using  the  GST  alloys,  velocities  upto  50m/s,  with  an  effective  heating 
duration  of  17.5  ns  would  give  reasonable  erasability  of  30  dB  [1],  We  assume  that  with 
crystallization  enhancement  layers  on  either  side  of  the  phase  change  layer,  th  can  be 
15ns.  This  gives  for  red  (640nm)  and  0.85  NA,  a  maximum  velocity  of  50m/s  and  for 
blue  (430nm)  with  0.85  NA,  33.5m/s. 

We  numerically  solved  the  thermal  diffusion  equation  and  the  crystallization  kinetics 
of  nucleation  and  growth  alternately  in  each  time  interval,  taking  into  account  the  phase 
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changes  that  occur.  The  time  interval  between  nucleation  events  was  modeled  as  a 
random  variable  with  an  exponential  density  function.  We  assume  two-dimensional 
nucleation  and  growth.  The  details  of  the  simulation  are  given  in  Ref.2.  The  intensity  of  a 
read  back  beam  was  convolved  with  the  reflectivity  of  the  disk  to  generate  read  back 
signals.  We  consider  lOm/s  and  50m/s  at  640nm  and  lOm/s  and  30m/s  at  430nm. 

While  overwriting,  the  difference  in  absorption  between  the  two  phases  results  in 
different  sized  marks  depending  on  the  previous  state  of  the  medium.  To  compensate  for 
this,  absorption  controlled  disks  [4]  were  designed  and  are  shown  in  Fig.l.  A  Si  layer  is 
added  for  absorption  control  at  640nm  and  at  430nm,  a  tri  layer  dielectric  structure  is 
used.  Thin  layers  of  SiC  and  SiN  are  used  in  the  red  and  blue  respectively  for  promoting 
crystallization.  Our  model  assumes  homogenous  nucleation,  but  to  take  into  account  the 
heterogeneous  nucleation  from  the  interfaces,  we  use  a  lower  value  of  activation  energy. 

RESULTS  AND  DISCUSSION 

Fig.l  shows  a  typical  multipulse  that  is  used  in  the  simulations.  The  effect  of  pulse 
duty  cycle  on  the  signal  modulation  is  shown  in  Fig.2.  Duty  cycle  is  the  ratio  of  the  pulse 
width  (time  spent  in  write  power  level,  Pwr>  within  T  (Fig.l)),  to  the  pulse  period,  T.  By 
modulation,  we  mean  the  difference  between  the  maximum  and  minimum  of  the  read 
back  signal.  At  lOm/s,  both  at  640nm  and  at  430nm,  we  see  that  the  signal  modulation 
level  first  increases  with  duty  cycle,  reaches  saturation  and  then  starts  decreasing.  At  the 
higher  velocity  of  50m/s  and  30m/s  for  the  red  and  blue  respectively,  it  may  be  seen  that 
at  high  duty  cycles,  the  modulation  level  increases.  This  may  be  explained  as  follows. 
When  the  pulse  duty  is  increased,  there  are  two  mutually  opposing  effects:  one  is  the 
increase  in  mark  size  due  to  the  larger  molten  area,  and  the  second  is  the  increase  in 
reeryslallization  due  to  a  decrease  in  cooling  rate.  If  the  extent  of  recry.staIlization 
overcomes  the  inerease  in  mark  size  due  to  increase  in  pulse  duty,  the  modulation  will 
dccrca.se  compared  to  the  value  at  lower  duty  cycles.  This  is  what  happens  at  the  lower 
velocity  since  there  is  more  time  for  rccrystallization  than  at  the  higher  velocity  (see 
fig.3).  At  the  higher  velocity,  the  increase  in  mark  size  overcomes  the  recrystallization 
effect  and  so  the  modulation  increases.  However,  the  mark  also  tends  to  become  tear  drop 
shaped  at  high  duty  cycles  and  this  is  undesirable. 


A1  Alloy  (200nm) 

A1  Alloy  (200nm) 

ZnS-Si02(25nm) 

Si  (20nm) 

SiN(5nm) 

ZnS-Si02  (30nm) 

GST(lOnm) 

SiC(5nm) 

SiN(5nm) 

GST(lOnm) 

ZnS-Si02  (42nm) 

SiC(5nm) 

SiO2(50nm) 

ZnS-SiO.  (50nm) 

ZnS-Si02  (40nm) 

Substrate 

Substrate 

Fig.l .  Disk  structures  used  for  the  red  wavelength  (left)  and  for  the  blue  wavelength. 
Also  shown  is  the  multipulse  waveform  for  a  3T  pulse  (nT  pulse  has  (n-1)  pulses) 
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The  minimum  duty  cycle  that  gives  close  to  saturation  modulation  was  chosen  as  the 
optimal  duty  cycle.  At  lOm/s,  we  chose  20%  duty  in  the  red  and  25%  duty  in  the  blue.  At 
50m/s,  red  and  at  30m/s,  blue,  40%  duty  is  chosen.  At  the  higher  velocity,  the  duty  cycle 
is  higher,  as  expected,  to  give  the  same  performance 
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Fig.2.  Plots  of  modulation  as  a  function  of  the  pulse  duty  cycle.  2.a  and  2.b  are  for  red 
wavelength  and  2.c  and  2.d  are  for  the  blue  wavelength.  2.a  and  2.c  are  at  lOm/s  linear 
velocity  while  2.b  and  2.d  are  at  50m/s  for  red  and  30m/s  for  blue  respectively. 


Fig.3.  Images  of  simulated  5T  marks  at  red  wavelength.  Top  (L-R)  20%,  40%  and  70% 
duty,  all  at  lOm/s  and  bottom  (L-R)  40%,  60%  and  70%  duty  at  50m/s. 


Fig.4  shows  modulation  as  a  function  of  write  power  using  the  optimal  duty  cycles. 
The  modulation  increases  with  write  power  and  saturates.  It  may  be  noted  that  the  power 
required  in  the  blue  is  much  less  due  to  the  smaller  spot  sizes  and  higher  power  densities. 
Also,  the  maximum  modulation  obtained  with  the  blue  is  higher  than  red.  This  is  due  to 
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the  absence  of  the  Si  layer  in  the  blue  disk  which  makes  it  a  more  rapidly  cooling  disk  as 
compared  to  the  red  disk,  resulting  in  less  recrystallization  upon  writing  a  mark. 


Write  Power  (mW) 

Fig.4.  Signal  modulation  as  a  function  of  write  power  at  red  (left)  and  blue  wavelength 


Overwrite  jitter  is  a  major  concern  at  high  velocities  and  arises  from  the  difference  in 
absorption  between  the  two  phases.  At  low  velocities,  as  the  laser  beam  moves  forward,  it 
crystallizes  areas  ahead  of  it,  so  regardless  of  the  previous  state,  the  new  mark  is  always 
written  on  a  crystalline  area.  At  high  velocities  however,  there  is  insufficient  time  for  this 
crystallization  and  so  the  new  mark  sizes  depend  on  the  previous  .state  and  overwrite  jitter 
increases.  We  simulated  overwrite  jitter  as  follows.  A  6T  mark  was  first  written  and  a  3T 
mark  was  overwritten  on  the  6T  mark  at  different  delays.  The  full  width  at  half  maximum 
(FWHM)  of  the  3T  mark  varies  depending  upon  where  it  is  overwritten.  The  standard 
deviation  of  FWHM  gives  the  overwrite  jitter. 

First  the  effect  of  the  erase  power  on  overwrite  jitter  was  simulated.  The  plots  are 
shown  in  Fig.5.  There  is  an  optimal  value  of  the  erase  power  at  which  the  overwrite  jitter 
is  minimum.  At  low  erase  powers,  there  is  insufficient  erasure  of  the  old  marks  as  may 
be  seen  from  Fig. 6a.  This  gives  rise  to  high  values  of  jitter.  At  high  erase  powers,  the 
temperature  goes  above  the  melting  point  at  the  erase  locations  and  this  again  leads  to 
high  jitter  (Fig.6c).  It  may  be  seen  from  Fig.5,  that  the  jitter  at  the  blue  wavelength  is 
lower  than  that  at  the  red  and  this  we  think  is  due  to  the  fact  that  the  disk  structure  for 
blue  is  of  the  rapid  cooling  type.  Also,  the  range  of  usable  erase  power  is  narrower 
compared  to  red. 

Another  important  parameter  that  controls  overwrite  jitter  is  the  cooling  width  {cw, 
.see  Fig.  1 ).  Cooling  width  is  the  time  duration  immediately  following  the  last  write  pulse 
in  the  multipulse,  during  which  power  is  maintained  at  a  low  bias  level.  Cooling  width 
controls  the  extent  of  recrystallization  at  the  trailing  edge  and  is  therefore  is  one  of  the 
critical  parameters  to  take  care  of,  to  minimize  jitter.  The  effect  of  cu’  on  jitter  was 
investigated  for  the  two  wavelengths  and  is  plotted  in  Fig.7.  In  DVD’s  evi'  is  usually 
taken  to  be  IT,  however,  we  find  that  at  the  higher  velocities  used  here,  the  cooling  width 
has  to  be  much  lower  for  minimum  jitter.  At  lOm/s,  for  instance,  the  minimum  is  at  0.35T 
for  blue  and  0.4T  for  red  and  at  the  higher  velocity,  the  value  reduces  further  to  0.1  T  for 
blue  and  0.3T  for  red.  At  cw  values  lower  than  optimal,  there  is  insufficient  time  for 
cooling  and  the  molten  area  spreads  leading  to  higher  jitter  (see  Fig.Sc).  At  higher 
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cooling  widths,  the  previous  mark  will  be  incompletely  erased  since  the  erase  power 
following  the  write  power  is  farther  away  (Fig.Sa).  The  effect  at  high  cw  is  much  more 
pronounced  at  the  blue  than  at  the  red.  This  is  due  to  the  faster  heat  diffusion  which  gives 
less  chance  for  return  erase  in  the  blue  disk  compared  to  the  red,  thereby  resulting  in  high 
jitter.  The  same  effect  can  again  be  seen  at  the  higher  velocity. 


Erase  Power  (mW) 

Fig. 5.  Effect  of  erase  power  on  overwrite  jitter 


Fig.  6.  Images  showing  the  effect  of  erase  power  on  overwrite.  These  are  images  at  red 
wavelength  at  50m/s.  (a),  (b)  and  (c)  are  at  Per  of  1 1.5mW,  12.75mW  and  13.25mW.  Top 
row  shows  6T  marks  and  the  next  three  rows  are  3T  marks  written  at  delays  of  OT,  2T 
and  6T  (T-B).  Each  frame  is  2.6pm  x  0.8pm. 


CONCLUSIONS 


In  this  paper,  we  showed  how  some  of  the  multipulse  parameters  should  be  varied  at 
two  different  velocities  for  the  same  disk,  to  give  comparable  performance.  The  study 
was  done  at  both  red  and  the  blue  wavelength.  The  maximum  velocity  achievable  at  the 
two  wavelengths  differ  due  to  the  difference  in  the  laser  spot  size.  It  was  seen  at  either 
wavelength,  the  pulse  duty  cycle  should  be  lower  at  lower  velocity  (20%  and  25%  duty  at 
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Fig.8.  Images  of  marks  written  with  blue  laser  at  30m/s  showing  effect  of  cooling  width 
on  overwrite,  (a),  (b)  and  (c)  are  at  cooling  widths  of  0.85T,  O.IT  and  O.OT.  Frame  size 


and  delays  are  same  as  Fig.6. 


lOm/s  in  red  and  blue)  and  higher  (40%)  at  higher  velocities  (30m/s,  blue  and  50m/s,  red) 
to  give  maximum  signal  modulation.  To  reduce  overwrite  jitter,  cooling  width  is  seen  to 
be  a  critical  factor  and  the  cooling  widths  required  at  higher  velocities  are  lower  (O.IT, 
0.3T  at  blue  and  red)  than  what  is  needed  for  minimal  jitter  at  the  lower  velocities(0.3T, 
0.4T  at  blue  and  red).  Also,  significantly  lower  powers  are  needed  in  the  blue  compared 
to  red  and  the  maximum  modulation  obtainable  with  the  blue  is  higher  than  at  red. 
Finally,  the  minimum  overwrite  jitter  at  blue  is  also  less  than  at  red. 
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ABSTRACT 

A  new  approach  is  proposed  to  obtain  fast  crystallizing  materials  based  on  a  conventional 
GeSbTe  alloy  for  rewritable  phase  change  optical  data  storage.  By  means  of  co-sputtering, 
GeiSb2Te4  alloy  was  mixed  with  SniBi2Te4  alloy  so  as  to  form  pseudo-binary  alloys 
(GeiSb2Te4)i-x(SniBi2Te4)x  (x  is  a  mole  fraction).  From  structural  and  optical  analyses  of  the  co¬ 
sputtered  and  annealed  alloy  films,  the  formation  of  stable  crystalline  single  phases  was  observed 
along  with  a  Vegard’s  law  behavior,  suggesting  a  homogeneous  mixing  of  the  two  alloys.  By  use 
of  a  4  layered  disk  with  (GeiSb2Te4)o.K5(Sn|Bi2Te4){U5  recording  layer,  a  preliminary  test  of 
writing  and  erasing  was  carried  out  and  the  results  were  compared  with  the  case  of  the  disk  with 
GeiSb2Te4 recording  layer.  The  (GeiSb2Te4)().85(SniBi2Te4)().]5  recording  layer  was  found  to  yield 
markedly  higher  erasibility,  especially  with  increasing  disk  linear  velocity. 


INTRODUCTION 

With  a  rapid  progress  of  information  and  communication  technology,  there  has  been  growing 
need  for  higher  density  and  higher  speed  information  storage.  As  for  phase  change  optical  data 
storage,  boost  in  recording  density  and  data  transfer  rate  has  been  achieved  primarily  by  ways  of 
reduction  in  beam  spot  size  and/or  increase  in  disk  linear  velocity.  Beam  dwell  time,  expressible 
in  terms  of  beam  spot  size  divided  by  linear  velocity,  has  diminished  accordingly.  This  has  led  to 
a  sustaining  demand  for  faster  crystallizing  recording  materials.  In  the  cases  of  the  GeSbTe 
alloys,  enhanced  crystallization  kinetics  has  been  attained  by  modification  of  alloy  composition 
through  addition  of  single  elements  such  as  Au,  Pb[l,2],  N[3],  Sn[4]  ,  Bi[5]  and/or  by  use  of 
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crystallization  promoting  layers  such  as  SiC,  GeN[6,7].  In  this  report,  we  propose  a  novel 
approach  that  may  be  utilized  to  promote  the  crystallization  kinetics  of  the  GeSbTe  alloys.  In 
doing  so,  we  address  specifically  the  case  of  the  stoichiometric  GeiSb2Te4  alloy  that  is  presently 
in  wide  use  besides  Ge2Sb2Te3  alloy. 


PROPOSED  APPROACH  AND  EXPERIMENTAL  ALLOY  SYSTEM 


The  present  approach  hinges  on  a  well-known  fact  that  a  stoichiometric  compound  alloy  tends 
to  have  faster  kinetics  of  amorphous  to  crystalline  transformation  since  only  short  range  atomic 
reconfiguration  would  attend  the  transformation.  An  interesting  question  arises;  suppose  a 
stoichiometric  alloy  is  mixed  with  another  alloy  that  has  the  same  stoichiometry  but  with  a 
stronger  tendency  for  crystallization,  would  the  resulting  alloy  have  an  enhanced  cry.stallization 


kinetics  ? 

Herein,  we  mix  Ge|Sb2Te4  alloy  with  an  isomorphous  ternary  alloy  SniBi2Te4  of  the  same 
stoichiometry.  Sn,Bi2Te4  alloy  is  selected  on  the  following  bases.  Firstly,  Sn  and  Bi  belong  to  the 
same  family  as  Ge  and  Sb,  but  the  bond  energies  of  Sn-Sn,  Bi-Bi,  Sn-Te  and  Bi-Te  are  less  than 
those  of  Ge-Ge,  Sb-Sb,  Ge-Te  and  Sb-Te,  respectively[8].  We  consider  that  the  reduced  bond 
energies  would  lead  to  the  enhanced  nucleation  kinetics  during  amorphous  to  crystalline 
transfonnation  of  the  mixed  alloy.  Secondly,  the  equilibrium  crystalline  phase  of  Sn,Bi2Te4  alloy 


has  the  .same  space  group  symmetry  as  that  of  Ge!Sb2Te4  alloy,  with  only  a  slight  difference  in 
lattice  parameters  (a=0.421  nm,  c=4.06nm  for  GeiSb2Te4  and  a=0.441  nm,  c=4.1511  nm  for 
SniBi2Te4)[9,10].  These,  together  with  similar  melting  temperatures  of  the  two  alloys[l  1](615  °C 
for  Ge,Sb2Te4  and  596  "C  for  Sn,Bi2Te4),  suggest  that  the  two  alloys  may  have  a  strong  tendency 
to  form  a  homogeneous  single  pha.se  solid  solution  over  a  wide  range  of  mixing. 


EXPERIMENTS 

Targets  of  Ge!Sb2Te4  and  Sn)Bi2Te4  alloys  were  co-sputtered  in  a  RF  magnetron  sputter 
system.  In  order  to  produce  thin  films  of  varying  composition  (GeiSb2Te4)i-x(SniBi2Te4)x, 
sputtering  power  for  a  GeiSb2Te4  alloy  target  was  varied  with  the  power  for  Sn|Bi2Te4  target 
constant.  From  RBS  (Rutherford  Backscattering  Spectrometry)  spectra  of  the  sputtered  films, 
elemental  compositions  of  Ge  and  Bi,  yielding  clearly  separable  RBS  peaks  from  the  rest,  were 
determined  and  in  turn  overall  compositions  were  estimated  in  terms  of  the  mole  fraction  x 
assuming  the  respective  stoichiometry  of  GeiSb2Te4  and  SniBi2Te4is  preserved  during  sputtering. 
For  crystallization,  co-sputtered  films  were  annealed  either  at  150  "C  or  at  300  C  for  30  minute 
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in  a  vacuum  furnace  with  Ar  flow.  Structural  analyses  of  films  were  made  with  XRD(X-ray 
Diffractometer,  M18XHF-SRA).  Refractive  indices  (n)  and  extinction  coefficients  (k)  of  films 
were  determined  from  the  simulation  of  phase  difference(A  )  and  azimuth  angle(^J )  measured 
with  variable  angle  spectroscopic  ellipsometer  (VASE)  using  the  Lorentz-Drude  oscillation 
model.  Disk  samples  with  recording  layers  of  selected  compositions  were  tested  with  a 
laboratory-built  disk  dynamic  tester  equipped  with  a  laser  diode  of  X=650  nm  and  an  objective 
lens  of  N.A.=0.6. 

RESULTS  AND  DISCUSSIONS 

Shown  in  figure  1  are  the  X-ray  diffraction  spectra  of  the  co-sputtered  films  of  various 
compositions  (x  =  0,  0.125,  0.1837,  0.2244,  0.3152,  0.4818,  1)  annealed  at  150  "C.  It  is  found 
that  diffraction  spectra  for  each  composition  can  be  indexed  as  a  crystalline  FCC  single  phase 
except  for  the  SniBi2Te4  case  (x=l).  A  sputtered  film  of  the  SniBi2Te4  alloy  was  found  to  exist 
as  an  FCC  phase  in  the  as-deposited  state  and  as  a  two  phase  mixture  of  an  FCC  and  an  HCP  in 
the  annealed  state.  From  figure  1,  one  should  notice  a  telling  feature  with  increasing  mole 
fraction  x.  Each  peak,  for  instance  220  peak,  undergoes  a  positional  shift  toward  a  smaller 
20  angle  with  a  concomitant  gradual  peak  broadening.  Without  homogeneous  mixing  of 
SniBi2Te4  and  GeiSb2Te4  on  an  atomic  scale,  each  FCC  peak  would  appear  two  split  peaks  with 
relative  intensity  ratio  continuously  changing  with  mole  fraction  x.  Quite  possibly,  the  peak 
broadening  is  then  considered  to  result  from  lattice  distortion  due  to  accommodation  of  atoms 
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Figure  1.  X-Ray  diffraction  spectra  of  the  co-  Figure  2.  Variation  of  lattice  parameter  with  the 
sputtered  (GeiSb2Te4)i-x(SniBi2Te4)x  films  mole  fraction  (x)  of  SniBi2Te4,  as  measured 
annealed  at  150  T.  Peaks  can  be  indexed  as  an  from  co-sputtered  (GeiSb2Te4)i-x(SniBi2Te4)x 

films  annealed  at  150  °C. 
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with  different  sizes.  The  dependence  of  FCC  lattice  parameter  on  the  mole  fraction  x,  as 
suggested  by  the  shift  of  the  peak  position,  was  determined  from  diffraction  spectra  as  shown  in 
figure  2.  One  can  clearly  see  a  nearly  linear  relationship  representing  a  Vegard’s  law  behavior  as 
expected  for  a  homogeneous  solid  solution.  A  similar  relationship  were  also  observed  from  the 
co-sputtered  films  annealed  at  300  T  where  an  HCP  phase  is  the  prevailing  crystalline  state  for 
the  entire  range  of  mole  fraction. 

Optical  constants  of  the  as-deposited  films  as  well  as  the  annealed  films  have  been  determined, 
from  which  optical  band  gap  energies  were  derived.  The  results  are  summarized  in  figure  3, 
depicting  the  dependence  of  optical  band  gap  energy  on  Sn|Bi2Te4  content  in  the  co-sputtered 
alloys  of  various  structural  states.  As  for  both  annealed  films,  optical  band  gap  energy  has  a  very 
weak  compositional  dependence  with  increasing  SniBi2Te4  content.  As  for  as-deposited  films, 
the  trend  runs  similar  up  to  around  x=0.15  where  band  gap  energy  undergoes  a  steep  decrease  in 
conjunction  with  the  appearance  of  the  crystalline  as-deposited  state. 

In  order  to  find  out  whether  the  present  approach  can  be  applied  to  high  speed  phase  change 
optical  storage,  dynamic  tests  of  the  disks  were  carried  out  using  disk  samples  of  4  layer  stacks 
consisting  of  AlCr(100  nm)  /  ZnS-SiO2C20  nm)  /  Active  layer(20  nm)  /  ZnS-Si02  (270  nm)  on 
1.2  mm  polycarbonate  substrate.  As  for  active  layers,  (GeiSb2Te4)o.K5  (Sn|Bi2Te4)o. is  alloy  was 
selected  along  with  Ge|Sb2Te4  alloy  for  comparison  (for  brevity,  a  disk  with  the 
(Ge,Sb2Te4)o.K5(Sn,Bi2Tc4)().is recording  layer  is  denoted  hereafter  as  disk  A  and  the  one  with  the 
GeiSb2Te4  as  disk  B).  Reflectivity  values  of  the  as-deposited  amorphous  (Ra)  and  initialized 
crystalline  (Rx)  states,  as  measured  with  7.=650  nm  and  N.A.=0.6  optics  of  the  disk  tester,  were 
respectively  3  %  and  1 1  %  for  disk  A  and  3.5  %  and  10  %  for  disk  B. 
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Mole  Fraction  of  Sn^Bi^Te^ 


Fig  3.  Dependence  of  optical  band  gap  energy  on  the  mole  fraction  of  SniBi2Te4,  as 
measured  from  co-sputtcred  (GeiSb2Te4)i-x(SniBi2Te4)x  films  of  various  structural  states. 
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Fig  4.  Comparison  of  writing  power 
dependence  of  CNR  between  disks  of  the  two 
different  recording  layer  materials 


Fig  5.  Comparison  of  the  dependence  of 
maximum  DC  erasibility  on  the  disk  linear 
velocity,  between  disks  of  the  two  different 
recording  layer  materials 


Writing  of  amorphous  marks  was  performed  at  the  linear  velocity  of  9  m/s  by  use  of  a  writing 
pulse  consisting  of  a  writing  power  level  of  37^  (Tw=23.3  nsec)  duration  followed  by  a  readout 
power  level  (1  mW)  of  7Tw  duration.  In  figure  4,  CNR  values  are  shown  as  a  function  of  writing 
power,  measured  at  the  readout  frequency  of  4,29  MHz.  Between  the  two  disks,  CNR  values 
appear  remarkably  similar  with  only  1  to  2  dB  difference  regardless  of  a  writing  power.  Since 
contrast  ratio  (Rx-Ra)/(Rx+R;i)  difference  between  the  two  disks  (0.48  for  disk  A  and  0.57  for 
disk  B)  accounts  for  1.5  dB  CNR  difference,  it  follows  that  sizes  of  amorphous  marks  may  be 
comparable  between  the  two  disks  and  thermal  constants  of  the  recording  layers  as  well. 

In  contrast  to  writing,  a  striking  difference  was  observed  between  the  two  disks  during  erasing. 
For  this  experiment,  amorphous  marks  were  formed  with  15mW  writing  power  under  the  same 
writing  conditions  specified  above  and  subsequently  DC-erased  while  varying  disk  linear 
velocity.  In  figure  5,  maximum  DC  erasibility  due  to  a  respective  optimum  erasing  power  is 
shown  as  a  function  of  linear  velocity.  As  for  disk  A,  erasibility  decreases  very  rapidly  with  disk 
linear  velocity,  reaching  below  20  dB  near  9  m/s.  On  the  contrary,  disk  B  displays  no  appreciable 
decrease  with  increasing  disk  linear  velocity  but  maintains  a  high  erasibility  around  25  dB  even 
at  the  velocity  of  1 5  m/s. 


Vl.7.5 


CONCLUSION 

An  approach  is  proposed  to  obtain  fast  crystallizing  materials  for  rewritable  phase  change 
optical  storage.  The  approach  makes  a  purposeful  use  of  a  homogeneous  mixing  of  a 
conventional  stoichiometric  GeSbTe  alloy  with  an  isomorphous  alloy  of  the  same  stoichiometry 
but  with  a  stronger  tendency  for  crystallization.  By  means  of  co-Sputtering,  GeiSb2Te4  alloy  was 
mixed  with  SniBi2Te4  alloy  and  preliminary  analyses  of  the  co-sputtered  films  were  carried  out, 
Evidences  of  a  homogeneous  mixing  as  well  as  of  a  promoted  crystallization  were  attained.  We 
suppose  that  faster  crystallization  of  the  co-sputtered  alloys  may  result  from  the  reduced  pairwise 
bond  energies  particularly  of  Sn-Te  and  Bi-Te  relative  to  Ge-Te  and  Sb-Te  by  way  of  promotion 
of  nucleation  kinetics. 
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ABSTRACT 

Vital  requirements  for  the  future  success  of  phase  change  media  are  high  data  transfer  rates, 
i.e.  fast  processes  to  read,  write  and  erase  bits  of  information.  The  understanding  and 
optimization  of  fast  transformations  is  a  considerable  challenge  since  the  processes  only  occur  on 
a  submicrometer  length  scale  in  actual  bits.  Hence  both  high  temporal  and  spatial  resolution  is 
needed  to  unravel  the  essential  details  of  the  phase  transformation.  We  employ  a  combination  of 
fast  optical  measurements  with  microscopic  analyses  using  atomic  force  microscopy  (AFM)  and 
transmission  electron  microscopy  (TEM).  The  AFM  measurements  exploit  the  fact  that  the  phase 
transformation  from  amorphous  to  crystalline  is  accompanied  by  a  6%  volume  reduction.  This 
enables  a  measurement  of  the  vertical  and  lateral  speed  of  the  phase  transformation.  Several 
examples  will  be  presented  showing  the  information  gained  by  this  combination  of  techniques. 


INTRODUCTION 

Rewritable  optical  data  storage  plays  a  key  role  for  multimedia  applications  and  could  also  be 
an  interesting  alternative  for  the  mass  storage  of  data.  Phase  change  recording  is  a  promising 
technique  for  the  field  of  optical  data  storage  since  it  is  conceptionally  compatible  with  present 
CD  technologies.  The  principle  behind  phase  change  recording  is  the  reversible  transformation  of 
small  bits  of  the  active  layer  between  the  .stable  crystalline  and  the  metastable  amorphous  phase. 
Writing  of  bits  corresponds  to  the  formation  of  small  amorphous  marks  in  a  crystalline  matrix 
whereas  the  recrystallization  of  the  amorphous  areas  leads  to  the  erasure  of  the  bit. 

Amorphization  is  achieved  by  locally  melting  the  film  using  a  focu.sed  laser  beam.  With  rates 
between  lO'^  and  lO'^  K/s  the  melt  cools  down  and  is  trapped  in  the  amorphous  phase  (called 
“quenching”).  Heating  the  bits  to  a  temperature  between  the  glass  transition  and  the  melting 
temperature  leads  to  its  fast  recrystallization.  The  amorphous  phase  can  be  distinguished  from  the 
crystalline  phase  by  their  optical  properties.  Therefore  data  can  be  read  with  a  low  power  laser 
beam  monitoring  the  local  changes  in  reflectance. 

One  of  the  most  important  factors,  which  limits  the  applications  for  phase  change-media  like 
Ge2Sb2Te5  [1],  is  a  better  understanding  of  the  underlying  microscopic  processes,  which  occur 
during  the  phase  transformation  from  amorphous  to  crystalline  or  vice  versa.  To  unravel  the 
processes  occurring  during  the  phase  transformation,  a  high  lateral  and  depth  resolution  is 
needed.  We  have  established  a  combination  of  two  techniques,  atomic  force  microscopy  and 
experiments  with  a  static  tester,  which  were  used  to  investigate  the  amorphous  and  crystalline 
phases  of  written  bits. 
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EXPERIMENTAL  PROCEDURES 

GeSbTe-alloys  were  deposited  on  glass  or  silicon  substrates  at  room  temperature  by  dc 
magnetron  sputtering.  The  background  pressure  of  the  sputter  system  is  2x10  mbar.  An  argon 
pressure  of  7.5x1 0'^mbar  and  a  power  of  100  W  was  used  to  deposit  the  films.  The  resulting 
gi'owth  rate  was  determined  to  0.5  nm/s. 

X-ray  refleclometry  (XRR)  measurements  were  performed  to  determine  the  thickness, 
roughness  and  the  density  while  X-ray  diffraction  (XRD)  measurements  were  used  to  determine 
the  structure  of  the  films.  These  measurements  were  carried  out  using  a  Philips  X’pert  MRD 
system.  All  measurements  were  performed  at  room  temperature. 

The  bits  were  written  with  a  static  tester.  A  GaAlAs-laser  diode  with  a  wavelength  of  830  nm 
driven  by  a  pulse  generator  serves  as  a  light  source.  The  light  is  coupled  into  an  objective  with  a 
numerical  aperture  of  0.9  and  is  focused  onto  the  pha.se  change  material  deposited  onto  glass. 
After  the  laser-induced  modification  of  a  certain  region  the  sample  can  be  moved  with  a  piezo 
scan  stage  with  nanometer  precision.  This  allows  us  to  write  bit  arrays  in  a  region  of  60x60  pm  . 
The  light  reflected  from  the  phase  change  material  is  monitored  by  a  photo  detector. 

AFM  measurements  were  performed  with  a  Dimension  3100,  which  reveals  the  surface 
topography  of  the  bits.  The  lateral  resolution  is  limited  by  the  curvature  of  the  tip,  which  is 
around  10  nm. 


RESULTS 


AMORPHIZATION 

XRR  measurements  were  carried  out  to  determine  the  change  in  density  with  annealing 
temperature.  The  density  of  the  analysed  sample  was  derived  from  the  position  of  the  total 
reflection  edge  0c  according  to  the  formula 


ak 
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,  where  Na  is  Avogadro’s  constant,  ro  is  the  Bohr  radius,  X  is  the  wavelength  of  x-rays,  A  is  the 
atomic  mass  and  (fi+f)  are  the  atomic  form  factors  [21. 


VI. 8.2 


20  (Degrees) 

Figure  1:  XRR  spectra  of  an  80  nm  thick  Ge2Sb2Te5  layer  before  (solid  squares)  and  after  (open  circles) 
crystallization.  The  inset  shows  the  shift  of  the  total  reflectivity  edge,  which  was  used  to  determine  the  density. 


Figure  2:  Density  of  Ge^SbiTes  as  a  function  of  annealing  temperature.  The  samples  were  annealed  in  an  oven 
for  10  minutes.  Above  130°  C  the  rock  salt  structure  (cubic  phase)  appears,  at  even  higher  temperature  of 
275°  C  the  hexagonal  phase  is  found. 

The  thickness  of  the  as  deposited  amorphous  and  the  crystalline  sample  was  determined  from 
simulations  of  the  experimental  spectra  [3].  Typical  spectra  are  shown  in  figure  1,  where  two 
measurements  for  the  as  deposited  and  crystalline  cubic  phase  are  compared.  The  calculated 
density  is  plotted  in  figure  2,  which  shows  clearly  three  regimes  of  increasing  density.  The 
density  of  the  amorphous  phase  is  constant  up  to  130°  C.  Above  this  temperature,  the  rock  salt 
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structure  is  formed.  This  phase  transformation  is  accompanied  by  a  density  change  of  6.8  %.  The 
transformation  to  the  hexagonal  phase  occurs  if  the  temperature  rises  to  values  above  275°  C, 
where  a  density  change  of  8.9  %  with  respect  to  the  amorphous  phase  is  found. 

XRR  measurements  are,  as  mentioned  above,  performed  on  macroscopic  samples  annealed 
for  10  minutes  in  an  oven.  Nevertheless  we  can  make  use  of  the  information  displayed  in  figure  2 
to  understand  the  change  in  local  topography  created  by  a  focussed  laser  pulse  (figure  3). 
Amorphization  in  a  crystalline  matrix  with  cubic  structure  should  lead  to  6.8  %  increase  in 
thickness.  For  a  film  with  a  thickness  of  80  nm  this  corresponds  to  a  height  change  of  about  5  nm. 
This  is  indeed  what  is  observed  by  AFM.  This  height  change  enables  us  to  track  the  lateral  and 
depth  growth.  The  density-difference  between  both  phases  and  the  measured  height  change 
(denoted  as  Az  in  figure  4)  was  used  to  calculate  the  amorphous  fraction  of  the  bit.  For  this 
analysis  we  have  subtracted  the  height  change  caused  by  delamination  which  is  clearly  visible  in 
the  outer  halo.  The  remaining  height  change  is  attributed  to  the  density  change  upon 
amorphization.  Using  a  linear  interpolation  between  a  completely  crystalline  (thickness  d)  and  an 
amorphous  one  (thickness  dx  pj )  results  in  a  relationship  for  the  amorphous  fraction 


Figure  3:  An  AFM  image  of  an  amorphous  bit  in  a  crystalline  environment.  Only  the  inner  white  region 
consists  of  amorphous  material,  whereas  the  outer  halo  contains  crystalline  material.  The  halo  is  caused  by  a 
local  stress  relief  which  leads  to  a  film  delamination. 
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Figure  4:  Schematic  drawing  of  an  amorphous  bit.  The  total  reflected  power  constitutes  of  an  amorphous 
inner  part  and  a  crystalline  surrounding  area.  Due  to  the  gaussian  form  of  the  beam,  both  parts  have  to  be 
weighted  accordingly.  The  inner  part  is  weighted  with  the  factor  f,  which  leads  to  an  effective  reflectivity  f-R^. 
The  surrounding  surface  has  an  effective  reflectivity  of  (1-f)  Re  due  to  the  crystalline  phase.  This  method  is 
used  to  calculate  the  optical  reflectivity  from  AFM  data.  See  text  for  details. 


The  simplest  model,  which  can  be  used,  describes  the  relation  between  reflectance  and 
amorphous  fraction  is  a  linear  relationship.  More  sophisticated  models,  including  a  depth 
dependent  degree  of  amorphisation,  will  not  lead  to  a  better  fit  to  the  data.  Defining  the 
reflectivity  as  a  linear  function  of  the  amorphous  fraction,  the  reflectivity  of  the  amorphized 
surface  can  be  calculated: 

(3) 

Until  now,  only  the  reflection  of  the  amorphous  bit  has  been  taken  into  account.  The 
crystalline  suiTounding  also  contributes  to  the  total  reflected  intensity.  Furthermore,  the  gaussian 
form  of  the  beam  is  taken  into  account  by  weighting  both  contributions.  The  fraction  of  the  laser 
beam,  which  illuminates  the  inner  region,  is  denoted  as/. 

/  =  l-exp(-2(r//-J-)  (4) 

where  r  is  the  bit  radius  and  ro  is  the  gaussian  radius.  Compiling  all  informations  gives  the 
total  reflectivity: 

R  =  f-R,+{\-f)R,  (5) 
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These  ihcorelical  reflectivities  are  compared  with  experimental  data  measured  by  the  static 
tester  in  figure  5  [4].  A  general  agreement  between  the  calculated  values  using  AFM  data  and  the 
reflectivity  measured  by  the  static  tester  has  been  found,  which  shows  that  from  the  AFM  data  we 
can  determine  the  essentials  of  the  process.  Nevertheless  the  experimental  data  points  still  show  a 
deviation  from  the  theoretical  values,  which  has  two  reasons.  The  curvature  radius  of  the  AFM 
tip  is  about  10  nm.  In  the  worst  case,  this  leads  to  an  error  of  about  6%  in  the  determination  of  the 
lateral  si/x  of  the  bit.  The  second  source  for  deviations  is  the  error  in  density,  which  was  used  to 
calculate  the  amorphous  fraction  %■  A  third  possible  source  for  deviations,  that  can  not  be 
quantified,  is  the  optical  difference  between  the  as  deposited  and  the  quenced  amorphous  phase.. 
The  optical  constants  and  the  density  used  for  the  calculations  were  measured  using  as  deposited 
samples.  Since  we  have  not  observed  any  density  change  upon  annealing  up  to  the  crystallization 
temperature,  we  believe  that  the  density  of  the  amorphous  phase  is  almost  identical  for  the  as 
deposited  and  the  laser  quenched  phase.  The  agreement  shown  in  figure  5  proves,  however,  that 
AFM  and  static  tester  experiments  give  consistent  results,  despite  the  shortcomings  mentioned 
above. 

To  identify  the  processes,  which  limit  the  speed  of  amorphization,  the  growth  of  amorphous 
bits  has  been  decomposed  into  the  lateral  and  vertical  dimensions.  Assuming  a  sharp  boundary 
between  the  crystalline  and  amorphous  phase,  the  vertical  growth  is  given  by  the  depth  of  the 
boundary: 


(6) 
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Figure  5:  Comparison  of  experimental  and  theoretical  reHectivity.  For  pulses  shorter  than  100  ns 
amorphi/.ation  takes  place.  When  the  pulse  length  increases  above  this  limit,  melt-crystallization  occurs. 
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Figure  6a  shows  the  evolution  of  reflectivity  measured  by  the  static  tester.  The  lateral  size  and 
the  depth  of  the  boundary  in  vertical  direction  are  depicted  in  6b  and  6c  as  a  function  of  pulse 
duration.  The  derivatives  with  respect  to  time  show  a  strong  correlation  between  the  optical 
signal  and  the  vertical  growth  speed.  The  process  of  amorphization  is  therefore  mainly  limited  by 
the  vertical  growth  speed,  which  reaches  values  up  to  1  m/s.  This  can  be  explained  by  the 
gaussian  beam  profile,  because  the  inner  amorphous  mark  contributes  the  main  fraction  to  the 
optical  signal.  The  lateral  growth  of  the  bit  has  only  a  small  impact  on  the  readout  signal,  since 
the  outer  regions  are  only  illuminated  by  a  small  fraction  of  the  total  laser  intensity  [5], 

From  the  discussion  presented  above  we  can  conclude  that  amorphization  should  be  faster  for 
thinner  films.  Therefore  films  with  a  thickness  of  5  and  80  nm  were  compared.  To  determine  the 
shortest  time  for  successful  amorphization,  the  power  necessary  to  write  an  amorphous  bit  was 
varied  and  is  visualized  in  figure  7.  The  reflectivity  change  as  a  function  of  pulse  length  (x-axis) 
and  pulse  power  (y-axis)  is  color  coded.  If  the  laser  power  is  low  and  the  pulse  duration  too  short, 
no  phase  change  will  be  induced  and  the  corresponding  reflectivity  change  is  close  to  zero 
(region  I),  With  a  laser  power  of  about  5  mW,  amorphization  starts.  In  this  region  II,  the 
illuminated  area  is  molten  and  afterwards  quenches  into  the  amorphous  phase.  For  a  successful 
amorphization,  a  high  temperature  gradient  is  required  to  cool  down  the  molten  phase  (10*^  -  lO’*’ 
K/s).  When  the  volume  around  the  molten  bit  gets  warmer  due  to  longer  pulses  (region  III),  the 
temperature  gradient  is  too  small  and  melt-crystallization  takes  place.  For  longer  pulses  and 
higher  laser  powers,  ablation  and  loss  of  material  occurs  (region  IV).  The  result  of  this 
experiment  proves  a  faster  amorphization  for  a  5  nm  thin  film.  For  example,  when  the  5  nm  thick 
film  needs  10  ns  to  amorphize  at  20  mW,  the  80  nm  film  needs  30  ns. 


Figure  6:  The  upper  row  shows  the  evolution  of  the  reflectivity  change  and  the  bit  topography  upon  pulse 
length.  The  time  derivatives  of  these  data  were  calculated  and  presented  in  the  bottom  row.  The  change  of 
reflectivity  measured  with  the  static  tester  is  shown  in  the  left  column,  while  the  lateral  bit  growth  and  the 
height  change  can  be  found  on  the  right  hand  side.  The  change  in  reflectivity  (6d)  is  dominated  by  the  vertical 
growth  (6f),  The  vertical  growth  speed  (right  bottom  diagram)  of  about  1  m/s  limits  the  maximum  speed  of 
amorphization. 
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CRYSTALLIZATION 

To  erase  the  written  bits,  they  must  be  crystallized.  Figure  8  shows  the  influence  of  the  phase 
of  the  material  surrounding  the  crystallized  bit  upon  the  pulse  duration  and  pulse  power  necessary 
to  crystallize. 

In  the  left  diagram  of  figure  8,  an  amorphous  environment  for  the  crystallization  was  chosen. 
The  corresponding  power-time-effect  diagram  shows  a  minimum  time  for  crystallization  of 
around  100  ns,  which  limits  the  crystallization  process  under  these  circumstances.  This  time  of 
100  ns  is  identified  as  the  incubation  time  [6,7],  which  is  needed  to  reach  an  equilibrium 
distribution  of  subcritical  nuclei. 

The  minimum  time  to  crystallize  can  be  reduced  by  one  order  of  magnitude  if  a  crystalline 
environment  is  chosen,  which  is  demonstrated  in  figure  8,  right  diagram.  In  contrast  to  prior 
shown  PTE-diagrams,  two  pulses  were  used  for  every  data  point:  First  a  pulse  with  fixed 
parameters  to  write  a  bit  (amoiphize  the  illuminated  region),  followed  by  a  pulse  with  varying 
pulse  power  and  duration.  The  respective  change  in  reflectivity  from  the  state  before  the  first 
pulse  and  after  the  second  one  was  measured.  Region  II  marks  the  parameters  for  successful 
recrystallization,  which  starts  at  10  ns.  A  second  amorphization  is  also  possible,  as  seen  in  region 
111.  The  physics  related  to  a  further  increase  in  time  is  similar  to  amorphization,  where  melt- 
crystallization  is  observed. 

This  fast  recrystallization  is  attributed  to  one  of  the  two  different  mechanisms  of 
recrystallization:  Either  small  crystalline  nuclei  which  are  incorporated  inside  the  amorphous 
material  can  start  the  recrystallization  or  it  is  started  from  the  surrounding  rim  [10].  A 
differentiation  can  be  made  by  measuring  the  recrystallized  fraction  e  after  the  second  pulse  as  a 
function  of  the  diameter  of  the  initial,  amorphous  bit  where  £  is  defined  as 

,  =  (7) 

R.  -R^ 

Rj  is  the  initial  reflectivity,  Ra  the  reflectivity  after  the  amorphization  pulse  and  Rrec  the 
reflectivity  after  recrystallization  pulse.  Rrec  is  the  weighted  sum  of  the  reflectivity  of  the 
recrystallized  area  and  the  remaining  amorphous  part.  In  the  presence  of  small  nuclei  the 
recrystallization  starts  homogenously  distributed  throughout  the  amorphous  part.  Hence  there  is 
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no  correlation  between  e  and  the  bit  diameter.  On  the  contrary,  if  the  recrystallization  starts  from 
the  rim,  the  recrystallization  efficiency  depends  on  the  bit  diameter.  Regarding  equation  (7)  we 
then  expect  a  decrease  in  e  with  bit  diameter.  This  experiment  was  carried  out  with  two  different 
materials,  Ge2Sb2Te5  and  Ge4Sb|Te5  (figure  9).  In  the  case  of  Ge2Sb2Te5  there  is  no  dependency 
between  e  and  bit  diameter  and  thus  small  crystalline  nuclei  have  to  be  present  in  the  amorphous 
phase.  However,  in  the  case  of  Ge4Sb]Te5  £  decreases  with  bit  diameter  and  thus  recrystallization 
has  to  start  from  the  crystalline  rim. 


Figure  8:  The  influence  of  the  environment  surrounding  the  bits  can  be  seen  from  these  two  power-time-effect 
diagrams.  The  diagram  on  the  left  hand  side  shows  the  effect  of  crystallization  in  an  amorphous  environment. 
Important  is  the  minimum  time  for  crystallization  of  100  ns  (region  II).  Using  a  crystalline  environment 
considerably  reduces  this  time  limit,  a  successful  crystallization  (region  11)  is  possible  for  pulse  lengths  of 
about  10  ns.  Here  two  pulses  were  used:  first  one  for  amorphization  (writing  the  bit)  with  constant 
parameters.  The  second  pulse  was  varied  in  power  and  duration.  If  the  second  laser  pulse  is  short  and  intense, 
amorphization  can  take  place  (region  III).  Like  in  figure  7,  melt-crystallization  can  be  observed  for  longer 
pulses,  denoted  as  region  IV. 
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Figure  9:  Recrystalli/.ed  fraction  of  recrystallized  bits  as  function  of  bit  diameter.  The  left  diagram 
corresponds  to  the  material  GcaSbiTcs ,  which  starts  to  recrystallize  from  small  nuclei  inside  the  amorphous 
material.  The  material  Ge4Sb,fe5is  shown  on  the  right  hand  side.  A  shrinking  remaining  fraction  indicates  a 
crystallization,  that  starts  from  the  rim. 


1.0 

■  ■ 

1.0 

0.8 

■ 

0,8 

■ 

0.6 

0.6 

.  .  ■ 

“  0.4 

■ 

e 

o 

0.2 

■ 

0.2 

0.0 

0.0 

-  ■  ■ 

\- , - 1 - . - 1 - . - 1 - ' - 1 - ' - 1 - 

20  40  60  80  100 

time  [ns] 

6  20  40  60  80  100  120 

time  [ns] 

Figure  10:  Krasure  of  amorphous  bits  in  different  crystallographic  environments.  Left:  a  cubic  structure  of 
the  rim  leads  to  a  perfect  erasure,  which  is  identified  by  an  epsilon  of  one.  This  state  of  the  bit  is  reached  after 
50  ns.  If  a  hexagonal  structure  is  present,  epsilon  will  not  reach  one,  even  after  120  ns.  This  is  due  to  the  phase 
transformation  of  the  amorphous  bit  into  the  rock  salt  structure,  which  has  a  different  reHectivity  than  the 
surrounding  hexagonal  phase. 

Wc  conclude,  that  the  recrystallization  starts  for  Ge2Sb2Te5  at  small  crystallites.  Until  now  it 
is  not  clear,  what  the  structure  of  these  nuclei  is.  To  determine  this  microstructure,  experiments 
with  different  macroscopically  crystallized  samples  were  carried  out:  a)  cubic  rock  salt  structure 
and  b)  hexagonal  phase.  The  crystallized  fraction  e  as  function  of  pulse  duration  of  the 
recrystallization  pulse  is  shown  in  figure  10.  The  erased  bits,  grown  in  an  environment  with  cubic 
phase,  were  completely  erased.  This  is  indicated  by  the  saturation  level  of  epsilon  =  1  for  times 
longer  than  50  ns.  If  the  cnvironinent  consists  of  the  hexagonal  crystal  structure,  also  a  saturation 
is  reached,  but  now  at  a  level  of  0.6.  This  can  be  explained  by  the  different  optical  properties  of 
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both  crystalline  phases:  The  recrystallized  volume  will  always  consist  of  the  cubic  phase,  so  no 
difference  between  the  initial  and  the  final  phase  occurs  (e=l).  In  case  b),  the  initial  phase  and 
final  phase  are  different  in  respect  to  their  crystal  structure  and  also  their  optical  properties 
(£=0.6).  The  formation  of  the  cubic  phase  for  these  nuclei  can  be  explained  by  the  shorter 
diffusion  path  needed  to  create  the  cubic  in  contrary  to  the  more  complex  hexagonal  phase.  This 
is  in  good  agreement  to  macroscopic  experiments  [11]. 

INFLUENCE  OF  A  DIELECTRIC  LAYER  UPON  AMORPHIZATION 

In  data  storage  applications,  the  active  layer  is  sandwiched  by  dielectric  layers.  Hence,  phase 
change  materials  on  glass  were  covered  with  a  30  nm  thick  protective  layer  of  ZnS:Si02to  study 
the  effect  of  capping  layers  on  the  power-time-effect  diagrams.  For  long  pulses  and  high  powers 
the  formation  of  large  bubbles  of  considerable  height  was  observed,  which  were  detected  by 
AFM  (figure  1 1)  [9].  Such  125  nm  high  bubbles  could  be  a  major  problem  for  near-field 
recording  techniques.  Argon  which  is  incorporated  during  magnetron  sputtering  process  is  the 
most  probable  candidate  responsible  for  these  bubble  formations.  With  Rutherford  Backscattering 
it  was  shown  that  up  to  0.8  atomic  %  argon  is  incorporated  into  the  film  during  deposition.  While 
the  amorphization  takes  place,  the  temperature  is  larger  than  the  melting  temperature  of  the  phase 
change  material.  In  this  liquid  phase  the  argon  gas  will  thermally  expand  and  thus  exert  a 
pressure  on  the  dielectric  layer  causing  dome  formation.  Applying  the  equation  of  ideal  gases  at 
the  melting  temperature  of  the  phase  change  material  should  give  rise  to  a  pressure  of  5-7  MPa 
inside  the  bubbles.  However,  from  surface  curvature  and  surface  energy  we  obtained  a  pressure 


FIGURE  1 1 :  Amorphisation  of  Ge2Sb2Te5  covered  with  30  nm  thin  ZnS:Si02  with  high  laser  powers  leads  to 
the  formation  of  bubbles.  These  bubbles  can  grow  up  to  300  nm.  The  origin  is  the  thermal  expansion  of  the 
incorporated  argon,  deposited  by  the  magnetron  sputtering  process. 


of  12  MPa,  which  is  from  the  same  order  as  the  value  mentioned  before.  Combining  these  values 
with  geometry  a  Young’s  Modulus  of  35  -  50  MPa  for  the  dielectric  cover  layer  is  calculated. 
This  value  is  in  good  agreement  to  literature  data  [8],  and  hence  proves  that  the  incorporated 
argon  is  acting  as  the  origin  for  the  bubbles.  Other  sources  for  the  volume  change  such  as  the 
expansion  of  the  phase  change  material  can  be  neglected.  While  Ar  leads  to  a  40%  volume 
expansion,  the  changes  in  volume  due  to  the  phase  transformation  is  at  most  9%  (assuming  a 
hexagonal  reference  phase). 

CONCLUSIONS 

We  have  examined  the  process  of  amorphization  and  crystallization  in  Ge2Sb2Te5  to  unravel 
the  microscopic  transformation  mechanisms.  The  result  of  a  maximum  growth  speed  of  1  m/s 
leads  to  a  thickness  dependent  minimum  amorphization  time.  No  kinetic  superheating  for  times 
longer  than  10  ns  was  observed.  Fast  erasure  of  amorphized  bits  within  10  ns  is  only  possible  in  a 
crystalline  environment,  where  two  types  of  rccrystallization,  i.e.  starting  from  small  subcritical 
nuclei  or  from  the  rim,  were  identified  for  different  stoichiometries  of  the  alloys.  The 
recrystallized  bits  always  have  the  cubic  structure,  independent  of  the  surrounding  environment. 

A  capping  layer  on  top  of  the  phase  change  material  was  lifted  by  thermal  expansion  of 
incoiporatcd  argon. 
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ABSTRACT 

Super-resolution  near-field  structure  (Super-RENS)  was  prepared  by  a  heliconwave-plasma 
sputtering  method  to  improve  the  disk  property  that  is  combined  with  a  magneto-optical  (MO) 
recording  disk.  Antimony  and  silver-oxide  mask  layers  were  prepared  by  the  method  and 
refractive  indices  were  measured.  Recording  and  retrieving  of  signals  beyond  the  resolution  limit 
(<370  nm)  were  achieved  for  both  mask  cases.  Attempts  to  optimize  the  disk  structure  were  also 
made  using  a  conventional  sputtering  method.  The  smallest  mark  size  was  around  200  nm  and 
the  highest  carrier-to-noise  ratio  (CNR)  was  30  dB  for  300-mn  mark  and  22  dB  for  250-nm, 
when  using  a  laser  wavelength  of  780  nm  and  a  numerical  aperture  of  0.53.  We  have  found  that 
there  is  a  competing  super-resolutional  mechanism  besides  Super-RENS  that  appears  when  high 
readout  laser  power  is  applied.  This  mechanism  played  rather  an  important  role  at  least  in  the 
mark-size  range  of  200-370  nm. 

INTRODUCTION 

Tominaga  et  al.  have  proposed  a  technique  called  Super-RENS  (super-resolutional  near-field 
structure)  and  described  that  it  is  one  of  the  promising  for  high-density  optical  recording  and 
readout  [1].  Super-RENS  consists  of  a  mask  layer  sandwiched  by  dielectric  layers.  Antimony 
(Sb)  [1]  and  silver  oxide  (AgOx)  [2]  have  been  used  for  the  mask  layer  and  are  expected  to  work 
as  an  optically  transparent  aperture  (TA)  and  a  light  scattering  center  (LSC),  respectively,  by 
focusing  the  laser  beam.  When  Super-RENS  and  a  phase-change  (PC)  disk  is  combined  and  the 
distance  between  the  mask  and  recording  layer  is  controlled  in  shorter  than  ~50  nm,  small  marks 
beyond  the  optical  resolution  limit  can  be  successfully  recorded  and  retrieved.  Kim  et  al.  have 
recently  combined  the  technique  with  magneto-optical  (MO)  recording  layer  and  obtained  super- 
resolutional  readout  with  LSC-type  [3].  However,  the  smallest  mark  size  was  around  200  nm  and 
it  is  still  much  larger  than  60  nm  in  PC  case  [4].  Further  attempts  to  achieve  smaller  mark 
readout  and  also  to  improve  carrier-to-noise  ratio  (CNR)  are  necessary  in  MO  case  for  the 
moment. 

Two  approaches  are  made  to  improve  the  disk  property  of  MO  that  combines  with  Super- 
RENS.  One  is  to  make  high-quality  Super-RENS  by  using  heliconwave-plasma  (HWP) 
sputtering  method.  HWP  sputtering  method  has  the  potential  to  make  smooth  and  dense  film,  and 
is  used  to  prepare  multi-layer  X-ray  mirrors  and  optical  devices  [5].  In  this  proceeding, 
preparation  of  Super-RENS  by  the  method  and  an  attempt  to  combine  it  with  MO  are  described. 
Another  is  to  optimize  the  structure  mainly  by  controlling  the  thickness  of  each  layer.  Here  just 
summarizes  the  results  briefly  and  one  should  refer  to  the  recent  work  of  Kim  et  al.  in  detail  [6]. 
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Wc  also  discuss  on  another  competing  mechanism  besides  Super-RENS  that  makes  super- 
resolutional  readout  possible  at  least  near  the  optical  resolution  limit. 

EXPERI  MENTAL 

Both  II WP  and  RF-magnetron  sputtering  methods  were  used  to  prepare  films  for  the  disk 
structure.  For  HWP  sputtering,  background  pressure  of  the  chamber  was  kept  at  the  order  of  10'* 
Pa  and  distances  between  the  substrate  and  targets  were  200  mm.  The  target  RF-power  and 
sputtering  pressure  were  varied  in  the  range  of  30-200  W  and  0.25-0.8  Pa,  respectively.  The 
power  for  RF-induccd  coil  was  fixed  at  20  %  of  the  one  for  the  target.  For  RF-magnetron 
sputtering,  the  background  pressure  of  the  deposition  chamber  was  at  the  order  of  10  “*  Pa  and  the 
distances  were  about  40  mm.  The  sputtering  RF-power  and  pressure  were  fixed  at  200  W  and  0.5 
Pa,  respectively. 

Films  were  deposited  on  glass  substrates  for  the  objectives  of  film-deposition  rate  and 
refractive  indices,  and  on  polycarbonate  disk  substrates  to  evaluate  disk  properties.  All  the  films 
were  prepared  at  room  temperature.  The  film-deposition  rate  was  estimated  from  the  thickness 
measured  by  a  surface  texture  measuring  system  (Sloan  Technology,  Dektak3)  and  the  sputtering 
time.  Refractive  indices  were  measured  by  an  ellipsometer  (Mizojiri  Optical  Co.,  DHA- 
OLX/S4M)  at  a  laser  wavelength  of  632.8  nm.  Raman  scattering  measurements  were  performed 
with  a  Renishaw  Ramanscopc  using  a  wavelength  of  488  nm,  in  back-scattering  geometry.  An  X- 
ray  fluorescence  spectrometer  (Rigaku  Corporation,  RIX2100)  and  a  vibrating  sample 
magnetometer  were  used  to  evaluate  on  composition  ratio  and  coercivity  of  the  MO  layer, 
respectively.  Recording  and  retrieving  of  the  signals  for  the  prepared  disk  were  carried  out  using 
a  MO  disk  drive  tester  (Nakamichi,  OMS-2000)  with  a  wavelength  (A.)  of  780  nm  and  a 
numerical  aperture  (NA)  of  0.53.  Details  on  the  disk-evaluation  can  be  found  elsewhere  [3,  6]. 

RESULTS 

Prior  to  Super-RENS  preparation  by  HWP  sputtering  method,  Sb  and  AgOx  thin  films  were 
directly  deposited  on  glass  substrates  and  their  refractive  index  values  were  measured.  Figure  1 
shows  the  indices  change  of  Sb  film  as  a  function  of  its  thickness.  Hence,  the  target  RF-power 
and  sputtering  pressure  were  50  W  and  0.4  Pa,  respectively.  As  the  thickness  increased  from  5  to 
15  nm,  there  was  a  large  change  on  the  extinction  coefficient  k  from  3.0  to  5.4.  In  Raman 
scattering  spectra,  a  broad  peak  (-144  cm  ')  was  observed  for  5-nm  film  and  two  sharp  peaks 
(114  and  150  cm  ')  for  15-nm  film,  and  they  correspond  to  amorphous  [7]  and  crystalline  Sb  [8], 
respectively.  Thus  the  increase  of  k  value  observed  in  Fig.  1  derives  from  an  amorphous-to- 
crystalline  transfomiation  [9].  As  the  thickness  further  increased  above  15  mn,  coefficient  k 
decreased  when  high  sputtering  pressure  (>0.2  Pa)  was  used  [9].  In  Raman  scattering  spectra, 
two  crystalline  peaks  were  observed  and  there  were  no  evidences  of  the  film  being  amorphous. 
Similar  decrease  of  k  value  can  also  be  recognized  when  Sb  film  was  prepared  by  RF  magnetron 
sputtering  method,  but  at  much  higher  sputtering  pressure  (>1.0  Pa).  We  believe  that  the  effect  of 
sputtering  pressure  is  more  evident  in  HWP  sputtering  since  the  distances  between  the  substrate 
and  targets  are  long  (200  mm)  compared  to  a  conventional  sputtering  method.  Furthermore, 
index  of  refraction  n  decreased  monotonically  from  about  4. 1  to  2.8  as  the  thickness  is  increased 
and  was  less  dependent  on  the  sputtering  pressure.  For  TA-type  Super-RENS,  it  is  necessary  to 
prepare  an  opaque  crystalline  Sb  film  in  as-deposited  condition  [1].  Therefore,  the  film-thickness 
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Figure  1.  Refractive  index  of  Sb  films  prepared  by  the  HWP  sputtering  method  as  a 
function  of  film  thickness.  Closed  circles:  index  of  refraction  (n)  and  open  circles: 
extinction  coefficient  fk). 

should  be  15-nm  or  thick.  Also  it  is  preferred  to  use  lower  sputtering  pressure  to  avoid  any 
deterioration  of  the  film  quality,  especially  for  thick  Sb  film  [9]. 

Figure  2  shows  the  indices  change  of  AgOx  film  as  a  function  of  oxygen-gas  flow  ratio.  The 
target  RF-power  and  sputtering  pressure  were  100  W  and  0.4-0.5  Pa,  respectively.  As  oxygen- 
ratio  is  increased,  k-value  rapidly  decreased  and  became  nearly  transparent  at  the  ratio  higher 
than  0.25.  The  result  is  almost  similar  to  the  one  made  by  RF  magnetron  sputtering  [2]  and  this 
confinns  that  AgOx  film  is  successfully  made  by  the  HWP  sputtering  method.  Refractive  indices 


Figure  2.  Refractive  index  of  AgOx  films  prepared  by  the  HWP  sputtering  method  as  a 
function  of  oxygen  gas  flow  ratio.  Closed  circles:  index  of  refraction  (n)  and  open  circles: 
extinction  coefficient  (k). 
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Dielectric  layer  (SiN,  130  nm) 


Polycarbonate  substrate 


Figure  3.  The  disk  structure  with  Super-RENS  and  MO  recording  layer. 

for  AgOx  were  less  dependent  on  the  film  thickness,  as  far  as  we  examined.  Previous  work  on 
LSC-type  Super-RENS  showed  that  AgOx  film  work  as  a  ESC  when  the  oxygen  ratio  is  higher 
than  0.4  [2].  This  may  suggest  that  LSC-type  is  not  restricted  to  the  sputtering  condition  and  can 
easily  be  prepared. 

Taking  above  results  into  consideration,  TA-  and  LSC-type  Super-RENS  were  tentatively 
made  by  the  HWP  sputtering  method.  A  schematic  of  the  disk  structure  is  shown  in  Figure  3.  On 
polycarbonate  disk  substrate,  Super-RENS  (SiN/Sb/SiN  or  SiN/AgOx/SiN)  was  first  deposited 
by  the  HWP  sputtering  method.  Refractive  indices  of  Sb  mask  was  n=3.3  and  k=5.2,  and  of 
AgOx  mask  was  n=2.4  and  k=l  .0.  MO  recording  layer  (Tb-Fe-Co)  and  the  rest  were  then 
deposited  by  a  conventional  RF-magnetron  sputtering  method.  Some  attempts  were  made  to 
deposit  Tb-Fe-Co  layer  by  the  HWP  sputtering  method,  however  the  effect  of  sputtering  pressure 
was  quite  obvious.  Composition  ratio,  refractive  index  and  magnetic  property  of  the  film  were 
difficult  to  be  controlled.  We  here  concentrated  on  preparing  Super-RENS  by  the  HWP 


Figure  4.  Relationship  between  mark  size  and  the  CNR  with  different  mask  layers 
prepared  by  the  HWP  sputtering  method.  Circles:  AgOx  and  squares:  Sb. 
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sputtering  method  and  MO  layer  by  a  well-understood  method.  Composition  ratio  of  the  MO 
film  was  Tb  20  at%,  Fe  71  at%  and  Co  9  at%,  and  the  coercivity  was  about  10  kOe. 

Figure  4  shows  the  relationship  between  mark  size  and  the  CNR  of  Super-RENS  MO  disks 
prepared  by  HWP  and  RF  magnetron  sputtering  methods.  Resolution  limit  can  be  calculated  as 
?^(4xNA),  and  it  is  about  370  nm.  It  is  clear  in  the  figure  that  recording  and  retrieving  of  the 
signals  are  achieved  beyond  the  limit  for  both  Sb  and  AgOx  cases.  For  Sb,  it  was  for  the  first 
time  to  observe  super-resolutional  property  when  Super-RENS  is  combined  with  MO  recording 
layer.  For  AgOx,  the  result  was  similar  to  the  one  prepared  simply  by  RF-magnetron  sputtering 
[3]  and  advantages  of  using  HWP  method  cannot  be  well  recognized  at  this  moment. 

Besides,  some  attempts  to  retrieve  smaller  marks  and  to  obtain  high  CNR  were  made  by 
optimizing  the  disk  structure  using  RF  magnetron  sputtering  method  alone.  Mark-size  limit  and 
CNR  were  dependent  on  the  preparation  condition,  however  the  smallest  mark  size  was  always 
at  around  200  nm.  One  of  the  highest  CNR  was  30  dB  for  300-nm  mark  and  22  dB  for  250-nm, 
when  AgOx  thickness  was  optimized  to  60  nm  [6]. 

DISCUSSION 

Super-resolutional  property  itself  was  highly  reproducible  in  the  experiments  we  carried  out. 
However,  attempts  to  make  high  quality  Super-RENS  or  to  optimize  the  structure  did  not  bring  a 
drastic  improvement  on  the  super-resolutional  properties.  We  therefore  performed  additional 
experiments  to  understand  what  is  going  on  in  our  Super-RENS  MO  disks.  First,  Fuji  et  al.  have 
recently  observed  recorded  marks  by  magnetic  force  microscope  (MFM)  and  showed  that  marks 
smaller  than  180  nm  can  no  longer  be  identified  each  other  [10].  Thus  a  CNR  drop  at  around 
200-nm  mark  in  Fig.  4  can  be  explained  by  the  limit  on  recording  of  small  marks.  Second,  we 
have  prepared  a  conventional  MO  disk  and  found  that  super-resolutional  property  can  still  be 
observed  by  optimizing  the  laser  power  for  readout.  Figure  5  shows  the  relationship  between 


Figure  5.  Relationship  between  mark  size  and  the  CNR  for  a  conventional  MO  disk  with 
different  readout  power  (Pr).  Closed  circles:  1.6  mW  and  open  circles:  5.8  mW. 
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Figure  6.  Relationship  between  readout  power  (Pr)  and  the  CNR  for  different  mark  size. 
Triangles:  250  nm,  squares;  300  nm  and  closed  circles;  430  nm. 


mark  size  and  the  CNR  with  a  low  ( 1 .6  mW)  and  a  high  (5.8  mW)  readout  power.  Disk  structure 
is  almost  similar  to  the  one  shown  in  Fig.  3,  but  no  mask  layer  was  prepared  between  two 
dielectric  layers.  When  the  readout  power  is  low,  CNR  became  zero  at  the  resolution  limit  and  no 
super-resolutional  property  can  be  found.  When  the  power  is  raised  high,  super-resolutional 
readout  can  be  clearly  observed  in  the  mark-size  range  of  200-370  nm.  Figure  6  shows  the 
relationship  between  readout  power  and  the  CNR  for  different  mark  sizes  of  250,  300  and  430 
nm.  It  was  evident  that  smaller  marks  appear  at  higher  readout  power.  The  mechanism  for  this 
high-power  super-resolutional  (HP-SR)  readout  is  under  investigation  [11].  Above  6.0  mW,  a 
recording  process  started  to  take  place  and  the  CNR  rapidly  dropped  to  zero. 

Super-RENS  also  requires  a  high  readout  power  to  create  silver  LSCs  in  the  mask  layer.  It  is 
thus  difficult  to  distinguish  Super-RENS  and  HP-SR  at  this  moment  when  evaluating  Super- 
RENS  MO  disks.  If  one  assumes  that  HP-SR  mechanism  was  rather  dominant,  then  it  is 
reasonable  that  the  improvement  on  the  disk  property  was  not  well  achieved  by  the  modification 
of  Super-RENS.  Since  CNR  property  can  only  be  obtained  down  to  200-nm  mark  size,  our 
discussions  here  concentrated  on  a  short  range  between  it  and  the  resolution  limit,  i.e.,  200-370 
nm.  Silva  et  al.  have  shown  that  silver  cluster  (~30  nm)  works  as  a  probe  to  image  the  contrast 
provided  by  the  MO  Kerr  effect  with  high-resolution  [12].  This  suggests  that  a  combination  of 
LSC-type  Super-RENS  and  MO  recording  layer  is  a  promising  for  high-density  recording  and 
readout.  When  Super-RENS  mechanism  became  a  dominant  one  at  a  certain  small  mark-size, 
optimization  based  on  attempts  examined  here  should  play  more  important  role.  HP-SR 
mechanism  just  contributes  to  improve  the  CNR  at  least  in  the  range  of  200-370  nm  and  there  is 
no  need  to  distinguish  or  to  remove  for  the  practical  use.  As  MFM  result  indicated,  it  is  first 
necessary  to  record  small  marks  of -lOO  nm  in  MO  layer,  and  this  is  probably  a  key  to  evaluate 
the  potential  of  combining  Super-RENS  and  MO  recording  layer. 
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CONCLUSIONS 


Super-RENS  was  prepared  by  HWP  sputtering  method  and  combined  with  MO  recording 
layer.  Super-resolutional  property  can  be  obtained  for  both  AgOx  and  Sb  mask  cases. 
Improvement  on  the  disk  property  was  not  sufficiently  achieved  here  by  the  use  of  HWP 
sputtering  and  by  the  attempts  to  optimize  the  structure.  Smallest  mark  size  stayed  at  around  200 
nm  and  CNR  was  30  dB  for  300-nm  mark.  This  was  partly  explained  by  the  coexistence  of 
different  super-resolutional  mechanism  that  appears  when  high  readout  laser  power  is  applied,  at 
least  in  the  mark-size  range  of  200-370  nm.  For  smaller  mark  (<200  nm)  recording  and  readout, 
we  found  from  MFM  mark  observation  that  recording  property  of  MO  should  be  first  improved 
and  combination  with  Super-RENS  is  then  expected  to  play  more  active  part  in  readout. 
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ABSTRACT 

We  have  carried  out  a  combined  experimental  and  computer  simulation  study  to  specify 
and  identify  candidate  films  to  support  high  areal  density,  thermally-assisted  magnetic  recording. 
The  motivation  of  this  work  is  to  utilize  the  enhanced  writability  of  very  high  coercivity 
materials  that  thermal  assistance  can  provide.  Media  with  high  coercivity  (and  anisotropy  Ky) 
are  known  to  be  essential  to  achieve  a  sufficiently  high  ratio  of  KyY/kfiT  necessary  to  maintain 
magnetic  stability  at  temperature  T  in  media  switching  units  (grains;  single  domains)  of  volume 
V.  Nominally,  we  expect  V  oc  where  D  is  the  medium  bit  density  per  unit  area  in 
recording.  A  micromagnetic  recording  simulation  tool  with  a  capability  of  representing  realistic 
grain  size  distributions,  temperature-dependent  magnetic  properties,  and  spatially-varying 
imposed  temperature  distributions  was  employed  to  study  the  interplay  of  thermal  and  magnetic 
field  gradients  in  the  recording  process.  In  addition,  a  simple  LLG-based  thermomagnetic 
switching  model  supplemented  the  micro  magnetics  model.  We  fabricated  improved  Co/X 
multilayer  media  for  recording  evaluation,  and  performed  standard  materials  characterization. 


RATIONALE  FOR  HYBRID  RECORDING 


Data  storage  technology  has  been  advancing  rapidly  for  several  decades,  with  magnetic 
recording  in  particular  having  accelerated  its  rate  of  advancement  several  times  in  the  past  dozen 
years.  With  annual  compound  growth  rates  of  areal  density  (count  of  “bits”  per  unit  area  on  the 
recording  medium’s  surface)  rising  above  100%  in  the  last  few  years,  magnetic  recording 
technology  in  rigid  disk  drives  (RDD’s)  appears  to  be  approaching  fundamental  physical  limits 
for  the  first  time  in  its  one  hundred  year  history  [1].  This  situation  has  prompted  accelerated 
research  and  development  to  modify  the  course  of  the  technology’s  evolution,  spurring  renewed 
interest  in  perpendicular  recording,  and  more  recently  drawing  attention  to  novel  approaches  of 
patterned  media  and  hybrid  recording  [1]. 

This  paper  deals  with  storage  media  materials  development  for  hybrid  recording.  We  define 
“hybrid  recording”  as  an  alternative  approach  to  conventional  magnetic  recording  in  which 
thermal-assistance  of  the  record  and/or  playback  processes  is  invoked  to  improve  system 
performance.  Sometimes  optical  irradiation  of  media  has  been  used  to  impart  heating,  but  other 
means  of  introducing  thermal  energy  can  be  envisioned.  Nevertheless,  the  term  hybrid  recording 
has  most  often  been  understood  to  mean  a  merging  of  aspects  of  magnetic  and  optical  recording. 

The  writing  process  in  hybrid  recording  is  essentially  thermomagnetic  recording  very  similar 
to  that  employed  in  magneto-optic  recording  [5].  One  uses  the  temperature-dependence  of  the 
recording  medium’s  magnetic  properties  to  advantage  for  enabling  high  quality  magnetic 
recording  in  a  situation  where  the  magnetic  writing  head  is  incapable  of  supplying  a  sufficient 
magnetic  field  to  the  medium  to  switch  its  magnetization  at  the  ambient  temperature  of  the 
storage  device.  Specifically,  elevating  the  medium’s  temperature  generally  lowers  its  coercivity 
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so  that  the  magnetization  can  be  switched  with  a  more  modest  head  field.  A  second,  equally 
important  benefit  accrues  when  the  medium  immediately  cools  back  to  the  ambient  temperature, 
since  the  coercivity  rises  markedly  and  thereby  stabilizes  the  recorded  magnetization  against 
unwanted  reversal.  Such  reversal  can  occur  due  to  either  the  influence  from  sufficiently  strong 
internal  or  external  magnetic  fields,  or  from  spontaneous  decay  under  the  influence  of  ambient 
temperature  (or  both)  over  long  periods  of  time  [2]. 

Magnetic  recording  engineers  have  become  interested  in  hybrid  recording  for  both  of  these 
reasons,  although  initially  it  was  concern  over  media  thermal  decay  in  conventional  longitudinal 
recording  that  prompted  serious  consideration  of  thermally-assisted  recording.  The  specter  of 
media  thermal  decay  in  RDD’s  arose  as  the  areal  density  of  recorded  information  continued  its 
relentless  exponential  rise.  Most  magnetic  recording  media  (particulate  or  thin  film)  is 
composed  of  assemblies  of  (ideally)  independent  magnetic  particles,  and  a  zone  of  such 
“particles”  representing  a  recorded  bit  of  binary  data  should  contain  of  the  order  of  seveial 
hundred  of  them.  The  medium  signal-to-noise  (power)  ratio  (SNR)  performance  scales 
proportionally  to  this  number  [3].  A  rising  areal  bit  density  implied  that  the  bit  sizes  were 
shrinking,  and  to  hold  SNR  constant  required  shrinking  the  particle  sizes  proportionally  with  the 
bits.  The  theory  of  superparamagnetism  establishes  a  minimum  magnetic  particle  volume  for 
stability  of  the  particle’s  magnetization  at  temperature  T  -  specifically,  the  ratio  KuY/keT 
representing  the  particle’s  magnetic  anisotropy  energy  relative  to  its  characteristic  thermal 
energy  should  exceed  ~25.  When  this  ratio  falls  below  25,  the  particle’s  magnetization  can 
spontaneously  reorient  under  thermal  agitation,  and  the  particle  ceases  to  be  a  stable  ferromagnet 
-  it  is  “supcrparamagnetic”  with  zero  time-averaged  magnetic  moment  in  any  particular  direction 
due  to  thermal  fluctuation.  Superparamagnetism  is  thus  a  mechanism  for  spontaneous  decay  of 
recorded  information  if  individual  magnetic  particles  comprising  the  bit  undergo  magnetic 
reorientation  under  the  influence  of  ambient  thermal  energy. 

A  natural  means  of  suppressing  superparamagnetism  is  to  maintain  the  energy  ratio 
KuY/koT  at  sufficiently  high  levels,  in  spite  of  the  technological  pressure  to  drive  Y  downward. 
Since  the  operating  temperature  of  data  storage  devices  is  unlikely  to  be  a  parameter  that  the 
design  engineer  has  much  leverage  in  changing  significantly,  one  is  left  with  only  the  option  of 
elevating  the  media’s  magnetocrystalline  anisotropy  Ku.  This  intrinsic  material  parameter  is 
intimately  connected  with  the  extrinsic  media  design  parameter  coercivity,  the  mean  switching 
magnetic  field  of  the  material.  Raising  Ku  has  therefore  become  a  primary  materials  strategy  to 
preserve  thermal  stability  of  media  [4].  But  since  coercivity  He  rises  more  or  less  in  proportion 
to  Ku,  eventually  a  concern  develops  as  to  whether  the  recording  medium  can  be  switched  with 
available  recording  heads  at  ambient  temperature.  The  output  fringe  field  of  writing  heads  for 
switching  magnetic  media  is  proportional  to  the  saturation  magnetization  Ms  of  the  head’s  pole 
tip  material  at  the  gap.  There  is  a  strict  upper  limit  on  values  of  Ms  for  head  materials  (47cMs  ~ 

25  kilogauss),  largely  imposed  by  the  ferromagnetic  elements  found  in  the  periodic  table  -  Fe, 
Co,  Ni.  Engineers  today  cannot  envision  writing  fields  ever  exceeding  this  limit.  And  yet,  one 
can  envision  medium  coercivity  rising  toward  100  kilo-oersted  using  known  materials  [4].  Thus, 
a  writability  crisis  in  magnetic  recording  has  arisen  from  the  effort  to  preserve  the  essential 
performance  requirements  of  SNR  and  media  stability,  and  hybrid  recording  is  thus  logically 
established  as  a  candidate  method  to  address  this  issue. 

It  has  been  established  in  prior  work  that  heating  a  magnetic  medium  during  readout, 
particularly  using  light,  can  offer  some  benefits  to  this  phase  of  the  recording  process  [5]. 

Optical  readout  of  MO  media  is  a  well-developed  technology  in  optical  storage,  and  use  of  an 


V2.3.2 


MO  process  to  read  in  RDD’s  is  a  possible  future  benefit  of  hybrid  reeording.  This  is 
particularly  true  in  view  of  challenging  technologieal  issues  surrounding  continued  extendibility 
of  magnetoresistive  readout  that  has  been  so  prevalent  in  the  past  decade.  For  optical  readout  to 
be  viable  at  tomorrow’s  areal  densities  necessarily  implies  that  we  work  beyond  the  diffraction 
limit  that  governs  the  localization  (focusing)  of  electromagnetic  energy  in  the  far-field  of  the 
radiation  pattern,  since  bit  lateral  dimensions  will  lie  in  the  range  of  tens  of  nanometers  at  areal 
densities  approach  1  Tb/in^.  This  means  that  only  near-field  optics  will  be  a  useful  ingredient  in 
hybrid  recording. 

Previous  work  in  Japan  [5]  considered  another  potentially  important  aspect  of  future  hybrid 
readout  in  RDD’s,  namely  manipulation  of  data  track  widths  using  a  combination  of  localized 
heating  imparted  to  the  medium  with  multilayer  interaction  between  magnet  films.  More 
broadly,  this  could  introduce  to  RDD’s  a  potential  strategy  of  using  multiple  film  layers  to 
attempt  to  jointly  optimize  media  design  for  both  writing  and  reading,  a  technique  common  in 
MO  recording. 


MEDIUM  MATERIALS  DEVELOPMENT 


In  this  work,  we  consider  means  of  improving  the  materials  engineering  of  Co/X  multilayer 
films  previously  considered  for  perpendicular  recording  [6],  If  the  technology  of  hybrid 
recording  emerges  into  products,  it  is  fairly  certain  that  the  magnetic  medium  will  exhibit 
perpendicular  anisotropy,  since  the  advantages  of  vertical  recording  are  reasonably  well 
established  for  future  high  areal  density  recording  [7].  Media  for  hybrid  recording  presents 
additional  challenges  and  opportunities  beyond  conventional  perpendicular  media.  Thermal 
design  of  the  film  and  substrate  structure  will  clearly  be  necessary  to  set  thermal  response  times 
and  possibly  heat  flow  control  (axial  and  lateral)  [8].  If  optical  means  are  used  to  impart  heating, 
then  optical  reflectance  and  absorbance  of  the  medium  surface  must  be  designed  to  insure 
efficient  energy  transfer  from  the  heating  transducer  to  the  disk.  On  the  other  hand,  hybrid 
recording  may  allow  the  media  designer  to  avoid  use  of  the  often  onerous  “soft  underlayer’’  that 
appears  essential  for  perpendieular  media  [7],  or  if  necessary,  have  it  also  function  as  a  heat  sink. 
In  hybrid  recording,  most  of  the  writability  assistance  is  provided  by  heat,  and  a  conventional 
inductive  ring  writer  may  provide  vertical  fields  of  adequate  quality  with  heated  media. 

The  ideal  recording  material  for  our  hybrid  recording  experiments  must  satisfy  not  only 
certain  magnetic  performance  requirements  but  also  demanding  technical  requirements  for 
application  in  high  areal  density  hard  disk  drives.  Key  magnetic  property  requirements  are  high 
perpendicular  anisotropy,  high  coercivity,  high  magnetization,  and  appropriate  temperature 
dependence  of  these  properties  for  thermally  assisted  magnetic  recording.  Key  technical 
requirements  are  small  and  uniform  physical  grain  size,  controllable  exchange  coupling  between 
grains,  and  environmental  stability  adequate  for  drive  applications  with  vanishingly  thin  (<  50  A) 
protective  overcoats. 

We  consider  Co/Pt  and  Co/Pd  multilayer  media  as  promising  material  candidates  for 
thermally  assisted  recording.  In  prior  hybrid  recording  experiments  [9],  we  utilized 
perpendicular  Co/Pt  multilayer  media  that  was  fabricated  without  special  attempts  to  control 
intergranular  magnetic  exchange  coupling,  or  to  minimize  irreversible  physical  changes  upon 
thermal  cycling  of  the  film  structure.  Not  surprisingly,  the  playback  of  recorded  patterns 
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hard  carbon  overcoat 
CoX/Pd  multilayer 

_ Pd  seed  layer _ 

dielectric  antireflection  layer 
glass-ceramic  substrate 
light  incident  side 


Figure  1.  Typical  structure  of  the  hybrid 
media  fabricated  in  this  study. 


exhibited  considerable  media  noise,  and  recording  performance  could  depend  on  the  thermal 
history  of  the  media.  In  the  engineering  of  granular,  thin  film,  longitudinal  magnetic  media  for 
hard  disk  drives,  materials  strategies  for  producing  decoupled  grains  along  with  the  full  suite  of 
other  desired  (room  temperature)  properties  are  well-developed.  We  adopted  similar  approaches, 
by  choosing  Cr  and  other  Co  dopants  in  the  multilayer  system  CoX/Pd,  and  by  employing 
substrate  temperature  during  and/or  after  deposition  of  the  multilayer  to  induce  dopant  diffusion 
to  grain  boundaries. 

Single-sided  disk  media  samples  were  fabricated  in  a  multiple  cathode  dc-magnetron 
sputtering  system  with  3  x  10’*^  torr  base  pressure,  rotating  disk  holder,  and  radiant  infrared 
heating  of  the  disk  substrate  during  deposition.  Disk  temperature  was  monitored  using  an 
infrared  pyrometer  imaging  the  uncoated  side  and  calibrated  using  an  identical  disk  substrate 
instrumented  with  a  chromel-alumel  thermocouple.  Film  structures  as  shown  in  Figure  1  were 
deposited  with  no  vacuum  break  on  84  mm  diameter  glass  ceramic  disk  substrates  which  had 
been  previously  etched  in  selected  regions.  An  antireflection  underlayer  (e.g.  reactively 
sputtered  Si3N4)  was  utilized  to  reduce  the  through-substrate  reflectance  from  about  60%  to  the 
10  -  30%  range.  A  Pd  seed  layer  was  used  to  enhance  the  coercivity  and  minimize  initial  layer 
disorder  in  the  multilayer.  Substrate  heating  could  be  applied  before,  during,  and/or  after  the 
multilayer  deposition.  The  multilayer  was  co-deposited  from  5.1  cm.  diameter  Co-alloy  and  Pd 
targets  at  a  target-substrate  separation  of  6.4  cm  in  Ar  or  Kr  gas.  The  individual  layer 
thicknesses  were  controlled  by  the  deposition  rate  and  rotation  speed  (20  rpm  typical)  of  the 
substrate.  The  final  vacuum  deposited  layer  was  a  hard  amorphous  carbon  overcoat,  to  which 
conventional  liquid  lubricant  was  applied  for  flying  head  testing  at  glide  heights  as  low  as  12.5 
nm. 


Media  Film  Characterization 

The  magnetic  properties  of  the  multilayers  were  controlled  over  a  considerable  range  by 
adjusting  the  thickness  and  processing  parameters  of  the  seed  layer  and  the  temperature 
treatment  of  the  multilayer.  Coercivity  H,  varied  up  to  1 1.1  kOe,  squareness  S  =  MMs  ranged 
between  0.8  and  1.0,  coercive  squareness  S*  varied  from  0.3  to  0.9,  with  a  remanent  moment- 
thickness  product  M,t  of  typically  0.5  memu/cml  For  perpendicular  media  another  parameter 
gaining  favor  is  a  =  47c(dM/dH„pp,)|Hc,  i.e.  the  slope  of  the  hpteresis  loop  evaluated  at  the 
coercive  point,  which  provides  an  indirect  but  useful  indication  of  the  degree  of  exchange 
coupling  in  the  media  (S*  also  gives  a  measure  of  slope,  but,  unlike  tt,  is  a  function  of  He).  High 
a  (>5)  indicates  strong  exchange,  an  extreme  example  of  which  would  be  the  rectangular 
hysteresis  loops  observed  for  continuou.sly  exchange  coupled  TbFeCo-based  magneto-optic  films 
[14].  At  the  other  extreme,  a  completely  exchange  decoupled  media  would  exhibit  a  sheared 
loop  with  slope  determined  by  the  sheet  demagnetizing  field,  47tMs,  for  which  the  limiting  value 
of  a  =  1 .  Multilayer  properties  can  easily  be  adjusted  over  a  large  range  of  a,  examples  of  which 
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Figure  2.  Perpendicular  VSM  hysteresis 
loop  for  a  (CoX/Pd:2.6A/8A)  x  17 
multilayer  sputtered  at  ambient 
temperature,  then  exposed  to  room  air  and 
annealed  in  vacuum  at  250-300°C  for  15 
minutes.  Slope  parameter  a  =  1.5. 


Figure  3.  Perpendicular  VSM  hysteresis  loops 
measured  at  temperatures  from  25°C  to  250°C  for  a 
(CoX/Pd:2,6A/8A)  x  17  multilayer  sputtered  at 
300°C  substrate  temperature.  The  25°C  loop  was 
the  last  loop  measured  in  this  series.  A  25°C  loop 
was  also  measured  at  the  beginning  of  the  series,  but 
for  clarity  is  not  plotted. 


are  shown  in  Figures  2  and  3,  for  which  a  ranges  from  1 .5  to  over  20.  Strong  decoupling  (low 
a)  can  be  achieved  using  processing  conditions  which  likely  result  in  physical  separation  of 
grains  to  break  exchange,  e.g.  ambient  temperature  deposition  and  high  sputter  pressure  to 
reduce  surface  mobility,  and  rough  seed  layers  to  create  incoherent  nucleation  sites.  TEM 
images  of  films  grown  under  such  conditions  typically  exhibit  a  network  of  voids  and  rough 
surface  morphology,  supporting  a  picture  of  physically  isolated  grains.  The  multilayer  in  Figure 
2,  although  sputtered  at  ambient  temperature,  was  subsequently  exposed  to  room  air  and  then 
annealed  in  vacuum  at  250-300®C  for  15  minutes.  Although  unconfirmed,  it  is  likely  that  oxide 
formation,  e.g.  at  grain  boundaries,  is  also  playing  a  role  in  the  decoupling  mechanism  for  this 
sample.  In  contrast,  an  example  of  strong  coupling  is  shown  in  Figure  3  for  a  multilayer  grown 
at  300°C  substrate  temperature.  The  higher  M,  for  this  sample  compared  with  that  in  Figure  2 
can  be  explained  by  an  increase  in  film  density,  consistent  with  enhanced  temperature  induced 
surface  mobility  of  depositing  species.  A  possible  explanation  for  the  resultant  strong  coupling 
is  that  film  densification  dominates  over  any  dopant  segregation  effects. 

A  requirement  unique  to  hybrid  recording  is  that  the  media  must  also  be  stable  against 
thermal  cycling  under  the  action  of  the  thermal  assist  heat  source.  Porous  sub-dense  films 
typically  suffer  irreversible  physical  change  upon  heat  cycling.  It  is  not  unusual  to  observe  a 
50%  reduction  in  VSM  coercivity  upon  annealing  at  300°C  and  re-measuring  at  room 
temperature.  Both  films  corresponding  to  Figures  2  and  3  show  marked  improvement  in  thermal 
stability  compared  to  films  proces.sed  entirely  at  room  temperature.  The  film  in  Figure  3  is 
remarkably  stable  against  annealing  at  300®C  for  15  minutes  in  flowing  N2.  He  and  Ms  are 
virtually  unchanged,  and  a  remains  high,  as  shown  in  Figure  4.  We  note  that  ct  is  extremely 
sensitive  to  small  changes  in  coupling  for  the.se  highly  rectangular  loops.  Similarly,  the  film  of 
Figure  2  has  been  re-annealed  in  vacuum  at  300°C  with  virtually  no  change  in  room  temperature 
hysteresis  properties,  within  the  precision  of  the  measurement.  Thus,  films  with  much  improved 
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Figure  4.  Temperature  dependence  of 
He,  Ms,  and  a  =  47r(dM/dHappi)|Hc, 
corresponding  to  the  temperature  dependent 
hysteresis  loops  of  Figure  3.  After  the 
sequence  of  measurements  up  to  300°C 
(solid  lines,  right  hand  arrows),  the  film  was 
returned  to  room  temperature  and  a  final 
measurement  made  (dashed  lines,  left  hand 
arrows). 


I  M  easurement  temperatun 


thermal  stability  have  been  achieved,  with  resultant  a  in  the  range  1 .5  -  5,  through  substrate 
heating  either  during  or  after  deposition,  and,  in  the  case  of  Figure  2,  an  intermediate  air 


exposure. 

Recording  measurements  and  simulation  (see  below)  indicate  that  noise  is  correlated  with  a, 
i.e.  noise  decreases  (transition  sharpness  increase.s)  with  decreasing  a.  The  challenge  alluded  to 
in  Figures  2  and  3  is  to  engineer  a  film  which  at  the  same  time  is  not  only  properly  decoupled 
and  thermally  stable,  but  also  smooth  to  minimize  head-to-media  spacing  and  chemically 
receptive  to  the  protective  overcoat  (which  argues  against  surface  oxide  formation).  We 
continue  to  explore  methods  combining  physical  (with  minimal  void  space  and  reduced 
roughness)  and  chemical  (e.g.  dopants,  oxygen)  grain  separation  for  media  optimization. 


MODELING  OF  HYBRID  RECORDING 


Two  types  of  recording  simulations  were  used  to  explore  hybrid  media  materials  design  and 
recording  performance.  The  first  was  a  micromagnetics  model  structured  for  recording  medium 
design  and  recording  process  assessment  [10].  The  second  was  an  extension  of  a  much  simpler 
model  reported  by  Ruigrok  [11]  which  considers  the  magnetization  reversal  of  a  single  particle 
on  short  time  scales  as  described  by  a  modified  Landau-Lifshitz-Gilbert  (LLG)  equation.  One  of 
us  (tm)  added  to  the  Ruigrok  model  time-dependent  heating  and  incorporation  of  temperature- 
dependent  magnetic  properties  to  more  fully  investigate  the  predictive  power  of  this  model  for 
hybrid  recording. 
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Table  I.  Micromagnetics  modeling  parameters 


Parameter 

Units 

Mean  Value 

a 

Saturation  maqnetization  Ms 

emu/cm^ 

437 

10  to  40 

Anisotropy  field  Hk 

Oe 

10500 

200  to  1 050 

Anisotropy  axis  perpendicular 
aliqnment 

degrees 

0 

0  to  5 

Intra-granular  exchange 
coefficient  A^ 

erg/cm 

10'^ 

0 

Inter-granular  exchange 
coefficient  A^ 

erg/cm 

10’’'' to  10'^ 

lO'^'  to  10  ® 

Gilbert  damping  constant 

0.1 

0.1 

Curie  temperature 

K 

663 

Media  grain  size 

nm 

10  to  28 

2  to  8 

Ring  head  pole  width 

nm 

1200 

Ring  head  gap  length 

nm 

300 

Pole  head  length,  width 

nm 

200,  200 

Head  -  medium  spacing 

nm 

30 

Table  II.  M(H)  hysteresis  parameters  for  modeled  loops  sueh  as  those  shown  in  Figure  6. 


Jinter/vJjntra 

He  fkOe] 

Mr  femu/cc] 

s* 

a 

0.001 

8.83 

434.00 

0.583 

1.48 

0.01 

8.63 

434.00 

0.651 

1.81 

0.05 

8.81 

434.01 

0.667 

1.86 

0.25 

8.22 

434.05 

0.789 

3.14 

0.5 

7.04 

434.08 

0.855 

5.34 

1 

4.35 

435.50 

0.92 

15.73 

In  the  first  use  of  the  micromagnetic  model,  we  set  up  a  hypothetical  medium  with  film 
properties  approximating  those  of  our  film  samples.  This  model  can  construct  a  granular 
medium  with  Voronoi  grains  that  match  log  normal  size  distributions  such  as  those  measured 
experimentally  using  transmission  electron  microscopy  (TEM).  Table  I  shows  a  set  of  film 
properties  incorporated  in  the  modeled  medium  in  the  micromagnetic  model.  Figure  5  depicts  a 
typical  grain  size  distribution  in  the  model,  while  Figure  6  presents  modeled  M-H  hysteresis 
loops  (with  demagnetization  shearing  present)  for  the  perpendicular  medium  represented  in 
Table  I.  The  shape  of  the  loop  gives  information  concerning  the  degree  of  grain  decoupling  [12], 
which  is  a  controllable  parameter  in  this  model.  Inter-granular  exchange  was  varied  as  a 
percentage  of  the  intra-granular  value,  and  the  resultant  effect  on  loop  shape  is  evident  in  Figures 
6(a)-6(d).  Table  II  summarizes  the  hysteresis  loop  characterization. 

The  micromagnetic  model  provides  for  simulation  of  a  thermomagnetic  recording  process 
by  incorporating  steady-state  medium  thermal  profiles  transcribed  from  a  separate  medium 
thermal  model  (see  Ref.  [14]),  and  by  imposing  writing  fields  from  a  specified  recording  head. 
The  relative  positioning  of  the  two  fields  in  the  medium  can  be  set  to  explore  potential  design 
issues  for  an  integrated  hybrid  recording  transducer.  For  the  recording  simulations  that  follow,  a 
steady-state  thermal  profile  in  the  medium  is  created  by  a  10  milliwatt  laser  beam  focused  to  a 
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spot  of  700  nm  FWHM.  The  peak  temperature  at  the  thermal  field’s  center  was  658K.  The 
coercivity  of  the  magnetic  recording  layer  was  simulated  with  a  linear  decrease  versus 
temperature  to  match  curves  measured  experimentally  with  a  VSM.  The  aim  of  the  recording 
simulations  was  to  explore  the  apparent  quality  of  the  recorded  domains  and  transitions,  given  a 
range  of  modifications  in  the  magnetic  design  of  the  media  films. 

Recording  system  parameters  incorporated  in  the  model  are  listed  in  Table  1.  Given  the 
perpendicular  anisotropy  and  its  dispersion  built  into  the  recording  medium,  we  expect  that  the 
vertical  magnetic  field  of  the  head,  along  with  the  thermal  profile  in  the  medium,  are  the  most 
significant  determinants  of  the  global  recorded  domain  shapes.  Additionally,  the  detailed 
structure  of  magnetization  transitions  in  the  medium  should  be  governed  by  the  medium  grain 
structure,  intergranular  exchange,  and  medium  demagnetization  effects. 

Figure  7  shows  simulated,  statically  recorded  patterns  using  a  single  pole  head  on  heated 
media  with  an  SUL.  For  this  combination  of  head  field  and  medium  heating  chosen,  the  writing 
quality  was  excellent  on  this  exchange-decoupled  medium.  Notice  that  the  transition  on  the 
trailing  (left)  edge  of  the  pole  head  (footprint  shown  in  outline)  is  smooth  and  sharp, 
corresponding  to  low  noise,  high  signal  contrast  recording. 

Figure  8  illustrates  a  short  sequence  of  simulated,  recorded  patterns  using  a  Lindholm 
inductive  ring  head  writing  on  moving  perpendicular  media  without  an  SUL.  For  the  chosen 
combination  of  head  deep  gap  field  and  medium  heating,  the  writing  quality  was  poor  on  this 
highly  exchange-coupled  medium.  The  transitions  are  very  ragged,  with  magnetic  percolation 
from  grain  to  grain  being  evident.  We  see  curvature  of  reversed  domain  as  observed  in  our 
spinstand  experiments. 


1%  Exch.,  -6kOe,  SUL,  -75nm 


^37.00  My  (HMU/cc)  437.00 


50%  Exch.,  -3k Oe,  SUL 


=0.000  0.111  0.222  0.332  0.443 


(b)  Dovoi-Track  Position  (imi) 

Mill  |liM  -"HI 

-437.00  Jj^'CEMU/cc)  437.00 


Figure  7.  Simulated  thermomagnetically  written  marks  on  perpendicular  media  with  10  nm 
mean  grain  size  on  an  SUL,  using  a  square  footprint  pole  head  of  edge  length  200  nm.  Center  of 
700  nm  FWHM  heating  spot  is  75  nm  to  right  of  pole  head  center,  and  medium  velocity  is  zero, 
(a)  Medium  with  inter-granular  exchange  of  1%  of  the  intra-granular  value.  Notice  that  the  left 
edge  of  the  reversed  domain  is  written  sharply  and  smoothly  due  to  high  field  and  temperature 
gradients,  (b)  Same  situation,  except  with  medium  having  50%  inter-granular  exchange.  Note 
the  uncontrollable  writing  as  the  grain  switching  percolates  beyond  the  edge  of  the  pole  head, 
and  into  the  hotter  zones  toward  the  right.  The  transition  zone  on  the  left  edge  is  ragged  (noisy). 
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Figure  8.  Simulated  thermomagnetically  written 
marks  on  perpendicular  media  with  a  rather  large 
28  nm  mean  grain  size,  using  the  Lindholm  ring 
head  in  Table  I.  Center  of  700  nm  FWHM 
heating  spot  is  in  the  gap  center,  and  medium 
velocity  is  10  m/s  from  right  to  left.  The 
medium  had  inter-granular  exchange  of  50%  of 
the  intra-granular  value.  The  writing  quality  is 
fairly  poor  since  the  head  field  strength  was  set 
very  low  (4kOe).  Granular  percolation  is 
evident,  and  transition  zone  is  ragged  (noisy). 


A  single  particle  thermomagnetic  model  [11]  was  constructed  to  further  investigate  the 
interplay  of  temperature  and  head  magnetic  field,  along  with  magnetization  reversal  dynamics. 

A  modified  form  of  the  Landau-Lifshitz-Gilbert  (LLG)  with  an  added  term  to  reflect  finite 
temperature  effects  of  the  medium  thermal  bath  was  employed  [15].  Magnetic  parameters  of  the 
switching  particle  were  allowed  to  be  temperature-dependent,  and  the  history  of  the  thermal  and 
writing  (magnetic)  fields  at  the  site  of  the  particle  moving  under  a  hybrid  recording  head  were 
tracked.  We  simulated  an  assumed  future  high-density  recording  configuration  in  which  a 
heating,  near-field,  Gaussian  optical  beam  of  50  nm  FWHM  was  used  in  conjunction  with  a 
magnetic  head  capable  of  producing  field  gradients  on  a  similar  length  scale. 

Figure  9(a)  shows  the  thermal  history  of  the  particle  as  the  heating  beam  moves  over  it, 
along  with  some  assumed  temperature-dependent  magnetic  parameters  of  the  particle.  We  found 
in  thermal  modeling  that  the  depicted  temperature  rise  was  achievable  with  an  integrated  optical 


Figure  9.  (a)  Thermal  history  of  a  magnetic  particle  moving  at  10  m/s  below  a  50  nm  Gaussian 
heating  beam  on  a  well  heat  sunk  medium.  Ambient  temperature  is  320K.  (b),  (c)  Assumed 
temperature  dependence  of  the  particle’s  magnetic  anisotropy  Ku  and  saturation  magnetization  Ms. 
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Figure  10.  (a)  Temperature  dependence  of  magnetic  particle’s  thermal  stability  parameter 
KuY/kfiT.  (b)  An  example  of  the  head  field  experienced  by  the  particle  in  the  moving  medium, 
(c)  An  example  of  the  sensitivity  of  the  particle’s  magnetization  reversal  to  applied  head  field 
according  to  the  LLG  equation  for  a  peak  temperature  of  465K  during  the  switching  sequence. 

power  of  1-2  mW  in  the  50  nm  beam.  Figures  9(b)  and  9(c)  show  the  assumed  temperature 
dependence  of  the  particle’s  magnetic  anisotropy  and  magnetization. 

Figure  10(a)  gives  the  particle’s  thermal  stability  energy  ratio  KuY/keT  versus  time  for  the 
thermal  history  of  Figure  9(a),  using  Ku(T)  of  Figure  9(b).  An  example  vertical  head  field 
history  in  Figure  10(b)  will  induce  particle  switch  when  combined  with  a  suitable  magnetic 
“softening”  due  to  particle  heating.  Finally,  in  Figure  10(c)  we  see  an  example  of  the  onset  of 
particle  magnetization  reversal  as  the  applied  head  field  becomes  sufficiently  strong  at  apeak 
medium  temperature  of  465K.  With  this  model,  one  can  study  the  tradeoffs  of  head  field 
strength  versus  medium  temperature  for  fast  particle  switch.  Additionally,  with  the  thermal 
decay  term  in  the  modified  LLG  equation,  the  impact  of  excess  or  prolonged  heating  on  particle 
thermal  stability  during  and  immediately  after  writing  is  accessible. 


SPINSTAND  RECORDING  TESTING 


Previous  hybrid  recording  experiments  in  a  spinstand  environment  were  reported  [9,13]. 
Successful  thermomagnet ic  recording  on  both  longitudinal  and  perpendicular  media  was  shown. 
The  Co-alloy  longitudinal  media  tested  was  well-engineered  for  product  application,  and  showed 
excellent  SNR  performance  due  to  its  refined  crystalline  structure  with  low  inter-granular 
exchange  coupling.  The  Co/Pt  multilayer  perpendicular  media  evaluated  consisted  of  laboratory 
samples  which  were  fabricated  to  have  relatively  high  coercivity,  but  which  had  not  undergone 
extensive  materials  engineering  to  establish  exchange  decoupling  among  the  crystalline  grains. 
Consequently,  this  media  was  useful  for  demonstrating  the  principle  of  thermally-assisted 
writing,  but  it  did  not  exhibit  remarkable  SNR  performance  due  to  the  relatively  large  inter¬ 
granular  exchange. 

We  anticipate  future  recording  testing  work  on  the  materials  reported  in  this  paper,  which  is 
expected  to  yield  improved  SNR  performance  in  hybrid  recording.  This  prediction  is  supported 
by  the  recording  simulations  reported  above. 
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SUMMARY  AND  CONCLUSIONS 

Wc  have  undertaken  experimental  materials  development  of  Co/Pd  multiplayer  samples  for 
use  in  hybrid  magnetic  recording.  We  prepared  coupon  samples  that  met  design  targets  for 
reduction  of  inter-granular  coupling  and  improvement  of  magnetic  stability  in  thermal  cycling. 
Di.sk  samples  with  these  coatings  were  prepared  to  have  mechanical  and  magnetic  properties 
suitable  for  spinstand  testing.  Computer  simulations  of  the  Co/Pd  material’s  magnetic  hysteresis 
and  thermomagnetic  recording  performance  helped  guide  our  materials  development  work.  The 
recording  simulations  showed  that  reduction  of  inter-granular  exchange  coupling  should  result  in 
excellent  media  SNR  performance,  since  recorded  transitions  will  be  smooth  and  free  of  large, 
irregular  magnetic  clusters  due  to  unwanted  coupling.  Modeling  was  helpful  in  illustrating  the 
recording  performance  improvement  enabled  by  reducing  the  breadth  of  the  distributions  of  key 
media  material  magnetic  and  structural  parameters,  such  as  magnetic  anisotropy  strength, 
anisotropy  axis  alignment,  and  grain  size.  The  simulations  also  clarified  the  importance  of 
proper  setting  and  co-location  of  the  thermal  and  magnetic  field  gradients  in  the  hybrid  recording 
process. 
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ABSTRACT 

Current  optical  data  storage  is  challenging  to  increase  its  memory  capacity  and  data  transfer 
rate  for  realizing  high-quality  image  and  rapid  service  in  the  coming  digital,  multimedia  and 
network  era.  To  actualize  more  effective  and  simple  data  storage,  a  novel  parallel  near-field 
optical  system  has  been  proposed  using  vertical  cavity  surface  emitting  laser  (VCSEL) 
microprobe  arrays.  The  new  parallel  optical  system  is  based  a  multibeam  recording  head 
consisting  of  a  VCSEL  array  with  apertures  of  nanometer  size  as  a  near-field  wave  exit.  We  have 
developed  some  candidates  for  the  parallel  recording  head,  including  the  direct  aperture 
formation  on  the  VCSEL  emitting  surface  and  the  preparation  of  microprobe  arrays  with  flat-tip 
structure.  The  new  flat-tip  microprobe  array  has  advantages  for  improving  the  optical  efficiency 
and  stabilizing  the  contact  head  system  with  optical  media  since  it  is  prepared  from 
semiconductor  materials  of  high  refractive  index.  Silicon  nano-aperture  probe  array  has  been 
prepared  successfully  with  the  aperture  size  of  150  to  500nm  using  micro-fabrication  techniques. 
We  have  also  investigated  the  integrated  microprobe  array  by  the  direct  fabrication  of  flat-tip 
probes  on  the  substrate  of  bottom  emitting  VCSEL  arrays.  Finally  the  reading  mechanism  has 
been  studied  theoretically  using  a  finite  difference  time  domain  (FDTD)  simulation  and  an 
optical  feedback  effect  of  semiconductor  lasers  for  the  integrated  microprobe  VCSEL  array.  We 
believe  this  nano-aperture  VCSEL  probe  array  is  sufficiently  effective  to  be  applied  to  the 
parallel  recording  head  for  the  near-field  optical  data  storage  of  a  high  data  capacity  and  fast 
transfer  rate. 


INTRODUCTION 

Both  a  high  data  capacity  and  fast  transfer  rate  are  required  in  the  fields  of  magnetic  and 
optical  data  storage.  In  the  last  ten  years,  several  near-field  optical  data  storages  have  been 
developed  to  increase  a  data  capacity  using  evanescent  waves.  However,  these  still  have  a 
limitation  to  speed  up  a  data  transfer  rate  to  follow  the  ability  of  magnetic  hard  disk  system.  In 
order  to  overcome  this  speed  barrier  of  optical  data  technology,  some  approaches  such  as  2-D 
parallel  near-field  recording  and  3-D  holographic  system  have  been  proposed  and  studied  [1]. 
Since  two  dimensional  array  system  which  was  proposed  by  our  research  group  is  based  on  a 
multibeam  recording  with  the  small  spot  size  using  the  microprobe  and  VCSEL  array,  it  has 
advantages  for  realizing  both  a  fast  data  transfer  rate  and  high  memory  capacity  [2,3].  As  shown 
in  figure  1 ,  the  VCSEL  array  will  be  inclined  at  a  specific  angle  (for  example,  0.57°  for  100x100 
aiTay  head)  to  the  track  direction  to  align  all  light  sources  on  separate  data  tracks.  In  this  array 
head,  all  lasers  will  be  manipulated  simultaneously  to  record  the  data  on  and  read  them  from 
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mulli-  tracks,  resulting  in  a  huge  increase  of  the  data  transfer  rate.  The  realization  of  small  laser 
beam  with  sufficient  power  is  another  requirement  for  increasing  the  memory  capacity  in  this 
parallel  optical  system.  Thus,  the  fabrication  of  nano-aperture  microprobes  having  high  optical 
efficiency  will  be  a  key  process  to  expose  a  strong  near-field  wave  on  the  optical  media.  In  order 
to  realize  this  two-dimensional  optical  data  storage,  we  have  developed  some  array  head  systems, 
including  the  direct  aperture  formation  on  the  VCSEL  emitting  surface  and  the  preparation  of 
microprobc  arrays  with  the  flat-tip  structure.  New  microprobes  of  flat-tip  structure  are  prepared 
from  semiconductor  materials  having  high  refractive  index  so  they  have  advantages  for 
improving  the  optical  efficiency  and  stabilizing  the  contact  head  system  with  the  optical  media. 
The  concept  and  fabrication  process  for  new  array  heads  are  discussed  with  their  optical 
properties  and  microstructures  in  this  paper.  In  order  to  apply  theses  new  types  of  array  heads  to 
the  actual  near-field  optical  head,  we  have  also  been  developing  the  integrated  microprobe  array 
by  preparing  flat-tip  microprobes  directly  on  the  substrate  of  bottom  emitting  VCSEL  arrays.  The 
structural  design  of  the  integrated  VCSEL  microprobe  array  will  be  discussed  with  simulation 
results  for  the  reading  mechanism  from  the  phase  change  media  using  a  finite  difference  time 
domain  (FDTD)  analysis  and  an  optical  feedback  effect  on  the  semiconductor  laser. 
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Figure  1.  Schematic  diagram  of  the  two-dimensional  array  system  to  realize  a  high  data  transfer 
rate.  VCSEL  array  is  inclined  at  a  specific  angle  (for  example,  0.57°  for  100x100  array  head)  to 
the  track  direction  to  align  all  light  sources  on  separate  data  tracks. 
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NANO- APERTURE  VCSEL  ARRAY 


Since  our  parallel  recording  system  must  include  a  VCSEL  array  as  light  sources,  it  is  a  good 
idea  to  use  a  VCSEL  array  for  the  exit  of  near-field  waves  without  any  other  components.  Thus, 
we  have  studied  the  fabrication  of  simple  head  structure  using  a  nano-aperture  VCSEL  array, 
where  a  tiny  aperture  is  formed  directly  on  the  emitting  surface  of  VCSEL  using  the  focus  ion 
beam  (FIB)  method  as  shown  in  figure  2(a).  In  order  to  realize  the  best  optical  efficiency,  a  phase 
matching  layer  of  Si3N4  film  was  first  deposited  on  the  VCSEL  surface  with  a  specific  thickness 
of  107.3  nm,  and  the  metal  deposition  of  thin  Cr  adhesion  layer  (5  nm)  and  Au  reflective  layer 
(50-200  nm)  was  followed.  Then,  a  small  nano-aperture  was  formed  on  the  VCSEL  emitting 
surface  through  metal  layers  using  the  FIB  equipment.  We  could  control  the  FEB  etching 
conditions  and  thus,  fabricate  very  small  apertures  of  around  50  nm  size  successfully.  AFM 
image  of  the  VCSEL  emitting  surface  after  the  aperture  formation  is  shown  in  figure  2(b).  An 
aperture  of  around  100-nm-diameter  is  formed  on  the  surface  through  metal  layers  where  the 
metal  surface  also  shows  a  good  property  with  the  surface  roughness  below  10  nm  (p-v). 


(a)  (b) 


Figure  2.  (a)  The  preparation  procedure  for  the  nano-aperture  VCSEL  array  with  a  dielectric 
layer  of  Si3N4  and  metal  reflective  layers  of  Cr  and  Au.  (b)  AFM  image  of  the  100-nm-diameter 
aperture  prepared  on  the  emitting  surface  of  VCSEL. 


The  optical  output  of  nano-aperture  VCSEL  was  measured  with  a  photodetector  in  the 
far-field  range  using  a  collecting  lens  before  and  after  the  aperture  formation,  and  the  result  is 
summarized  in  figure  3.  The  VCSEL  used  in  this  measurement  has  the  optical  output  of  4.1mW 
at  the  16mA  current  before  the  deposition  of  dielectric  and  metal  layers  (see  figure  3(a)).  With 
the  deposition  of  dielectric  and  50-nm-thick  metal  layers,  the  output  power  of  VCSEL  drops  to 
0.054mW  at  the  same  current  as  shown  in  figure  3(b).  This  small  power  comes  from  the  leakage 
light  through  the  reflective  metal  layer  since  it  is  not  sufficiently  thick  to  block  the  laser  light 
entirely.  If  we  increase  the  thickness  of  the  metal  reflective  layer,  the  leakage  light  will  disappear, 
however,  it  is  also  difficult  to  penetrate  the  near- field  light  through  a  long  hole  after  the 
nano-aperture  formation.  Thus,  we  have  fixed  the  thickness  of  the  reflective  metal  layer  as  50  nm 
in  this  research. 
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Figure  3. 1-V  characteristics  of  VCSEL;  (a)  before  the  metal  deposition  and  (b)  after  the  metal 
deposition  and  the  aperture  formation.  A  tiny  aperture  of  100-nm-diameter  was  formed  on  the 
VCSEL  emitting  surface,  which  results  in  a  little  increment  of  the  output  with  around  7  pW. 


The  VCSEL  output  power  shows  a  little  increment  of  around  7  pW  after  the  formation  of 
100-nm-sizc  aperture  (see  figure  4(b)).  Even  though  we  need  more  data  for  the  beam  size  and 
power  distribution  in  the  ncar-ficld  range,  this  result  indicates  the  possibility  to  apply  the 
nano-aperture  VCSEL  head  to  the  recording  application.  However,  this  output  increment  is  not 
sufficient  for  the  actual  optical  recording  system  since  the  optical  media  usually  requires  more 
power  to  be  recorded.  Therefore  it  is  strongly  required  to  increase  the  optical  output  while 
keeping  the  small  aperture  size  for  the  light  exit.  There  are  some  possible  approaches  to  increase 
the  optical  power  with  a  tiny  aperture,  including  the  surface  plasmon  enhancement  [4]  and  the 
introduction  of  microprobc  arrays.  Thus,  we  have  developed  new  type  of  flat-tip  microprobe 
arrays  to  realize  higher  optical  throughput  and  better  .structure  design  for  the  contact  head 
required  in  our  parallel  optical  system  [5].  This  flat-tip  microprobe  array  will  be  combined  with  a 
VCSEL  array  to  realize  the  parallel  near-field  recording  head. 


FLAT-TIP  MICROPROBE  ARRAY 

The  optical  power  and  efficiency  of  new  flat-tip  probe  aiTays  strongly  depend  on  the  shape 
and  aperture  size  of  microprobes.  Since  the  fundamental  propagation  wave  in  metal-coated 
microprobes  decays  rapidly  below  the  cutoff  diameter  that  is  defined  theoretically  as  Vln,  it  is 
possible  to  obtain  small  spot  size  without  a  huge  power  loss  if  semiconductor  materials  having 
high  refractive  index  are  used  for  the  microprobe  array.  Thus,  we  have  developed  better 
recording  array  structure  using  the  flat-tip  microprobe,  as  shown  in  figure  4.  This  microprobe 
structure  has  another  advantage  in  its  unifonnity  of  probe  height,  which  is  very  important  for  our 
contact  head  system.  Since  contact  pads  are  in  touch  with  the  disk  via  a  very  thin  lubricant  layer, 
the  recording  gap  can  be  controlled  by  the  small  height  difference  between  the  contact  pads  and 
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probe  tips.  In  our  probes,  both  surfaces  of  the  flat-tips  and  contact  pads  have  the  same  height 
after  the  etching  process  because  both  are  prepared  from  the  same  wafer  plane.  After  depositing  a 
very  thin  protective  layer  of  10  nm  thickness  only  on  the  contact  pads,  we  can  keep  the  distance 
between  the  probe  tips  and  disk  surface  at  around  10  nm. 


VCSEL  Array 

Microprobe  Array 


Figure  4.  Schematic  diagram  of  the  parallel  near-field  optical  memory  including  a  VCSEL  array 
and  flat-tip  microprobe  array.  The  gap  between  the  flat-tip  surface  and  media  surface  is 
controlled  by  the  thickness  of  the  protective  layer  deposited  only  on  the  contact  pads. 

Semiconductor  single  crystals  are  the  best  candidate  material  for  the  flat-tip  microprobe 
array  since  they  have  a  high  refractive  index  and  are  manipulated  easily  with  a  stable 
micro-fabrication  process.  We  have  selected  three  different  wafers  for  the  flat-tip  probe  array, 
gallium  phosphide  for  the  650  nm,  silicon  for  850  nm  and  gallium  arsenide  for  980  nm 
wavelength  applications.  They  have  a  high  refractive  index  and  negligible  extinction  coefficient 
at  their  specific  wavelengths  except  silicon.  Silicon  has  an  extinction  coefficient  of  0.004  at  an 
850  nm  wavelength  so  it  may  not  be  suitable  for  the  optical  application.  However,  if  we  use  very 
thin  silicon  wafer,  the  light  can  penetrate  through  it  at  that  wavelength.  For  example,  a  laser 
beam  of  850  nm  wavelength  can  penetrate  with  43.7%  transmittance  theoretically  through  the 
14-|Lim-thick  silicon  wafer,  as  calculated  using  Lambert’s  law  defined  as  T=I/Io=exp(-47tktA)  [7]. 
Figure  5  shows  the  experimental  data  of  transmittance  for  the  thin  silicon  substrate  of  14  pm 
thickness.  With  an  anti-reflection  (AR)  coating  of  Si3N4  layer,  the  thin  Si  substrate  results  in  the 
transmittance  of  40%  at  850  nm  that  shows  a  good  agreement  with  the  theoretical  calculation. 
Although  we  lose  around  half  of  optical  power  with  the  14-pm-thick  wafer,  silicon  is  still 
attractive  for  the  microprobe  array  due  to  its  high  refractive  index  and  well -developed 
microfabrication  process. 

We  used  the  microfabrication  technique  to  prepare  flat-tip  microprobe  arrays  with  nanometer 
size  apertures  using  the  silicon-on-insulator  (SOI)  wafer,  consisting  of  the  14-pm-thick  silicon 
layer,  0.5-pm-thick  silicon  oxide  layer  and  400-pm-thick  silicon  substrate.  Figure  6  shows  SEM 
photomicrographs  for  the  flat-tip  microprobe  array  and  the  nano-aperture  prepared  on  the 
microprobe  tip.  The  array  consists  of  625  microprobes  and  three  contact  pads  even  though  SEM 
photomicrograph  includes  only  some  part  of  microprobes,  where  each  microprobe  has  17  pm 
edge  and  12  pm  height  with  the  20  pm  pitch  (see  figure  6(a)).  The  microprobe  has  a  70  deg 
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angle  between  two  side  planes;  however,  it  shows  the  flat  area  on  the  probe  tip  as  a  result  of 
careful  control  for  the  silicon  etching  process.  Top  surface  of  microprobes  has  a  square  shape 
with  the  edge  length  of  150  to  500  nm  even  though  some  probes  of  rectangular  surface  are 
included  in  the  array.  Though  they  have  a  little  variation  in  size,  all  microprobes  in  the  array  have 
the  same  height  because  top  plane  was  prepared  from  the  same  surface  of  Si  wafer.  The  smooth 
surface  of  microprobes  also  enables  the  optical  wave  to  propagate  into  the  microprobe  without 
any  scattering  loss  and,  thus,  it  will  be  another  important  advantage  of  the  flat-tip  microprobe.  In 
order  to  apply  the  microprobe  array  to  an  actual  recording  head,  the  outside  of  microprobe  must 
be  coated  with  the  reflective  metal  layer  and  followed  by  the  formation  of  tiny  aperture  on  the 
probe  tip  for  the  exit  of  laser  beam.  In  this  research,  we  have  developed  new  mask  process  for 
making  an  aperture  on  the  flat-tip  microprobc  that  is  suitable  for  the  array  system  and  mass 
production.  In  this  method,  the  Si02  mask  layer  on  the  tip  (it  is  used  originally  for  the  probe 
fabrication)  was  re-sized  from  12  pm  to  1 .3  pm  with  the  careful  control  of  isotropic  etching  rate. 
After  depositing  metal  layers  from  both  the  top  and  side  directions,  we  etched  out  the  remaining 
Si02  mask,  resulting  in  the  tiny  aperture  on  the  microprobc  tip,  as  shown  in  figure  6(b).  More 
detailed  process  and  microstructural  evaluation  for  this  flat-tip  microprobe  array  has  been 
discussed  in  the  previous  paper  [5]. 


Figure  5.  Experimental  data  for  the  optical  transmittance  of  the  14-pm-thick  silicon  having  an 
anti-rcllcction  (AR)  coating.  It  shows  around  40%  transmittance  at  an  850  nm  wavelength. 


Figure  6.  SEM  photomicrographs  of  (a)  the  flat-tip  microprobe  array  and  (b)  the  nano-aperture 
prepared  on  the  probe  tip.  The  microprobe  array  consists  of  625  probes  and  three  contact  pads. 
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INTEGRATED  VCSEL  MICROPROBE  ARRAY  AND  READING  SIMULATION 


Integrated  VCSEL  microprobe  array 

Although  we  have  proposed  new  concept  of  flat-tip  microprobes  for  the  high  optical 
throughput  and  realized  the  microprobe  array  with  silicon  and  GaP  [5,6],  it  still  requires  further 
improvement  to  complete  the  near-field  optical  system,  including  the  alignment  and  bonding  of 
the  microprobe  array  to  VCSEL  array.  Thus,  we  have  studied  the  integrated  VCSEL  array  head 
using  a  bottom  emitting  VCSEL  array.  As  shown  in  figure  7,  the  light  travels  downwards  through 
the  substrate  in  this  type  of  VCSEL,  thus  it  is  more  suitable  for  the  integration  because  there  is 
no  electrode  at  the  bottom  side.  Since  650  nm  and  850  nm  lasers  cannot  penetrate  through  GaAs 
substrate,  the  original  substrate  must  be  removed  and  replaced  with  other  transparent  substrate 
such  as  gallium  phosphide  or  thin  silicon  wafers  for  the  light  traveling  to  the  bottom  side.  Then, 
we  can  fabricate  a  flat-tip  microprobe  array  directly  on  the  new  substrate.  After  attaching  a 
VCSEL  array  to  the  glass  holder,  the  GaAs  substrate  of  VCSEL  was  grinded  mechanically  to 
around  40  pm  thickness  and  followed  by  the  chemical  etching  with  NH4OH/H2O2  to  remove  the 
remaining  substrate.  It  is  possible  to  etch  out  just  the  remaining  GaAs  substrate  by  the  chemical 
etching  process  since  the  VCSEL  array  includes  an  etch  stop  layer.  After  attaching  a  SOI  wafer 
to  this  VCSEL  array,  we  pressed  them  under  constant  stress  and  loaded  them  in  the  furnace  at 
250°C  for  2  h  for  the  direct  bonding.  The  integrated  VCSEL  microprobe  array  can  be  realized  by 
fabricating  the  microprobe  array  having  small  apertures  on  the  SOI  wafer  using  the  techniques 
explained  above.  We  believe  this  integrated  nano-aperture  VCSEL  microprobe  airay  is 
sufficiently  effective  to  be  fabricated  and  applied  to  the  parallel  recording  head,  though  further 
research  is  still  required  to  confirm  the  optical  usefulness  of  this  new  VCSEL  microprobe  array. 
Currently  we  are  attempting  to  evaluate  the  optical  properties  of  flat-tip  microprobe  arrays  and 
improve  the  head  structure  to  complete  the  parallel  near-field  optical  recording  system  using  the 
integrated  VCSEL  microprobe  array. 
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Figure  7.  Schematic  diagram  of  the  layer  structure  of  near-field  phase  change  media  and  the 
integrated  VCSEL  microprobe  array  prepared  using  a  bottom  emitting  VCSEL.  (Contact  pads  of 
this  array  are  not  shown  in  this  figure.) 
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Simulation  results  for  the  reading  mechanism  using  optical  feedback  in  VCSEL 

Both  types  of  conventional  optical  media,  the  magneto-optical  (MO)  and  phase  change  (PC) 
disks,  are  considered  to  be  applied  to  our  two-dimensional  optical  system.  In  case  of  the  MO 
media,  the  system  requires  extra  reading  array  head  of  giant  magnetic  resistance  (GMR)  element 
to  get  magnetic  signals  from  the  media.  However,  we  can  use  the  same  recording  array  head  to 
detect  the  reflective  difference  from  the  crystall ine  and  amorphous  phase  for  the  PC  media 
without  any  other  reading  head  or  optical  elements.  The  basic  concept  of  this  reading  mechanism 
was  developed  using  a  stripe  laser  diode  before,  including  our  research  work  for  the  lensless 
optical  floppy  disk  [8,9].  The  change  of  output  power  in  the  semiconductor  laser  is  induced  by 
the  optical  feedback  from  the  external  surface  of  different  reflectivity  using  an  external 
oscillation,  which  can  be  detected  by  measuring  the  voltage  change  between  two  electrodes  of 
laser  diode  [9,10].  In  this  study,  the  VCSEL  characteristic  of  voltage  change  in  the  integrated 
VCSEL  microprobc  system  was  analyzed  theoretically  as  a  function  of  the  amount  of  returning 
light  from  the  media  that  depends  on  the  reflectivity  of  media.  A  FDTD  simulation  was  applied 
to  analyze  the  amount  of  returning  light  in  this  system,  including  the  VCSEL,  microprobe  and 
phase  change  media,  as  explained  in  figure  8(a).  In  the  calculation,  we  assume  that  the  inside 
material  and  outside  area  consist  of  GaP  and  vacuum,  respectively.  The  microprobe  has  a 
pyramidal  shape  with  a  55  deg  angle  between  the  two  side  planes  because  it  is  supposed  to  be 
prepared  from  (100)  GaP  wafer  by  the  chemical  etching.  The  optical  beam  of  an  850  nm 
wavelength  VCSEL  propagates  from  the  base  plane  to  the  microprobe,  where  the  oscillation 
modes  of  electric  and  magnetic  fields  are  parallel  to  the  x  and  y  axis,  respectively.  The  PC  media 
consists  of  20-nm-thick  dielectric  layer  (ZnS-Si02),  20-nm-thick  Ge2Sb2Te3  layer,  20-nm-thick 
dielectric  layer  (ZnS-Si02),  and  100-nm-thick  reflective  A1  layer.  The  observation  plane  for  the 
reflectivity  difference  is  assumed  at  the  location  0,1pm  below  the  VCSEL  emitting  surface. 


Figure  8.  (a)  Analysis  model  for  an  optical  feedback  effect  in  the  integrated  VCSEL  microprobe 
array  and  (b)  the  electric  field  distribution  for  the  crystalline  phase  of  the  PC  media.  The 
observation  plane  is  assumed  at  the  location  0.1pm  below  the  VCSEL  emitting  surface. 
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Figure  8(b)  shows  the  electric  field  distribution  of  the  integrated  VCSELmicroprobe  for  the 
crystalline  phase  of  the  PC  media.  As  expected,  the  light  is  reflected  both  by  the  Au  metal  layer 
of  the  microprobe  surface  and  the  crystalline  phase  of  the  media.  From  the  field  distribution  for 
the  crystalline  and  amorphous  phase,  we  can  calculate  the  relative  reflectivity  of  two  different 
phases  by  dividing  them  to  the  initial  VCSEL  field  separately.  The  difference  of  relative 
reflectivity  is  shown  in  figure  9(a)  as  a  function  of  the  location  in  the  x  direction  at  the 
observation  plane.  It  shows  roughly  3%  reflectivity  difference  even  though  there  is  a  little 
variation  with  the  location.  From  this  reflectivity  difference,  we  can  calculate  the  carrier  density 
in  VCSEL  using  the  continuity  equation  [11]  and  finally  get  the  theoretical  value  for  the  voltage 
change  using  the  equation; 


where  N  is  the  intrinsic  carrier  density,  k  is  Boltzmann’s  constant,  q  is  the  electron  charge  and  T 
is  the  temperature.  The  voltage  change  across  two  electrodes  in  the  VCSEL  is  summarized  as  a 
function  of  the  reflectivity  difference  in  figure  9(b).  The  voltage  change  due  to  the  optical 
feedback  increases  linearly  with  the  reflectivity  difference  and  shows  higher  value  for  the 
VCSEL  having  smaller  emitting  surface.  For  the  3%  difference  in  the  integrated  VCSEL 
microprobe,  the  voltage  change  results  in  around  0.8mV  for  the  8  pm  diameter  emitting  VCSEL. 
Though  this  value  is  a  little  low  to  be  applied  to  the  actual  reading  head,  it  still  has  a  possibility 
to  detect  the  signals  from  the  phase  change  media.  From  the  simulation  results,  we  can  conclude 
that  the  voltage  change  will  increase  with  the  shorter  distance  fi'om  the  VCSEL  to  media  (for 
example,  smaller  size  of  microprobe),  smaller  diameter  of  the  VCSEL  emitting  surface  and 
higher  reflectivity  difference  in  the  phase  change  media  through  the  improvement  of  disk 
structure. 


Figure  9.  (a)  The  difference  of  relative  reflectivity  as  a  function  of  the  location  in  the  x  direction 
at  the  observation  plane  (Pin=initial  electric  field,  Prc  and  PRc=reflected  field  from  the  crystalline 
and  amorphous  phase)  and  (b)  the  voltage  change  across  two  electrodes  in  VCSEL.  The  voltage 
change  results  in  0.8mV  for  the  8pm  diameter  emitting  VCSEL  with  a  3%  reflectivity  difference. 
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SUMMARY 


To  actualize  more  effective  and  simple  data  storage  of  a  high  data  capacity  and  fast  data 
transfer  rate,  two-dimensional  near-field  optical  system  has  been  studied  using  a  vertical  cavity 
surface  emitting  laser  (VCSEL)  microprobe  array.  We  have  developed  some  candidates  for  the 
parallel  recording  head,  including  the  direct  aperture  formation  on  the  VCSEL  emitting  surface 
and  the  preparation  of  microprobe  arrays  with  the  flat-tip  structure.  Apertures  with  a  minimum 
size  of  around  50  nm  have  been  prepared  using  a  FIB  method  after  depositing  the  phase 
matching  layer  of  Si3N4  and  reflective  layers  of  Cr  and  Au  on  the  emitting  surface.  For  the 
VCSEL  having  a  50-nm-thick  metal  layer,  the  optical  output  increases  7  pW  after  the  aperture 
formation  of  100-nm-diameter.  In  order  to  increase  the  optical  output  through  a  tiny  aperture,  we 
also  developed  new  flat-tip  microprobe  array  that  has  advantages  for  improving  the  optical 
efficiency  and  stabilizing  the  contact  head  system  with  the  optical  media.  Silicon  and  GaP 
nano-aperture  microprobe  arrays  have  been  prepared  successfully  with  the  aperture  size  below 
200  nm  using  micro-fabrication  techniques.  We  have  also  studied  the  integrated  VCSEL 
microprobe  array  by  the  direct  fabrication  of  flat-tip  microprobes  on  the  substrate  of  bottom 
emitting  VCSEL,  The  reading  mechanism  has  been  investigated  theoretically  using  a  FDTD 
simulation  and  an  optical  feedback  effect  from  the  phase  change  media  for  the  integrated 
microprobc  VCSEL  array.  The  voltage  change  due  to  an  external  reflection  can  increase  with  the 
smaller  emitting  surface  in  VCSEL  and  shorter  distance  from  the  VCSEL  to  media,  which  leads  a 
guideline  for  the  signal  detection  in  the  external  reflection  mode.  We  believe  this  nano-aperture 
VCSEL  microprobe  array  is  sufficiently  effective  to  be  applied  to  the  parallel  recording  head  for 
the  ncar-field  optical  data  storage  with  a  high  data  capacity  and  fast  transfer  rate. 
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ABSTRACT 

The  metastable  state  SI  in  single  crystals  of  orthorhombic  Na2[Fe(CN)5NO] -21120 
(sodiumnitroprusside,  SNP)  was  investigated  by  absorption  spectroscopy.  The  development  of 
the  spectra  with  increasing  population  of  SI  was  monitored  and  a  new  band  in  the  red  spectral 
range  was  assigned  to  SI.  By  comparing  with  density  functional  theory  (DFT)  calculations  we 
were  able  to  assign  the  band  to  the  electronic  transition  2b2-^7e.  In  addition  we  found  that  very 
strong  holographic  light  scattering  influences  the  absorption  spectra  measured  with  light 
polarization  along  the  a-  or  b-axis  of  the  crystals. 


INTRODUCTION 

The  metastable  electronic  states  in  single  crystals  of  nitrosyl-compounds  like 
Na2[Fe(CN)5NO] -21120  (sodiumnitroprussside,  SNP)  are  of  fundamental  interest  because  of  their 
extremely  long  lifetime  of  T>10’’s  below  characteristic  decay  temperatures  and  the  reversibility 
of  the  excitation  process  [1].  They  can  be  used  for  optical  information  storage  with  extremely 
high  capacity  by  volume  holography.  The  modulation  of  the  refractive  index  is  An>4-10  ^  which 
exceeds  those  of  the  well  known  photorefractive  materials  like  doped  LiNbOs,  BaTi03,  LiTa03, 
SrxBai.xNb206,  etc.  by  at  least  two  orders  of  magnitude. 

In  SNP  two  metastable  states  SI  and  SII  can  be  excited  by  irradiation  with  light  below 
characteristic  decay  temperatures  of  198K  and  147K,  respectively.  About  50%  of  the 
[Fe(CN)5NO]^'  anions  can  be  transferred  into  SI  with  a  light  polarization  perpendicular  to  the 
quasi  four-fold  axis  N-C-Fe-N-0  using  a  wavelength  of  440-470nm.  De-excitation  into  the 
ground  state  (GS)  takes  place  by  irradiation  with  light  in  the  spectral  range  of  600-1200nm  or  by 
thermal  heating  over  the  decay  temperatures,  whereby  illumination  with  light  in  the  region  of 
900-1 200nm  transfers  about  32%  of  the  anions  in  SII  and  the  rest  into  the  ground  state.  In  this 
article  we  will  concentrate  on  the  metastable  state  SI  which  we  investigated  systematically  by 
absorption  spectroscopy. 

EXPERIMENT 

Single  crystals  of  orthorhombic  sodiumnitroprusside,  space  group  Pnnm  [2]  with  four 
molecules  per  unit  cell  were  grown  from  aqueous  solution  and  cut  perpendicular  to  the 
crystallographic  axes.  Specimens  of  dimension  20x1  Omm^  were  ground  to  thickness  between  0.3 
and  0.05mm  using  a  mixture  of  AI2O3  and  propanol  and  finally  etched  with  a  mixture  of  water 
and  propanol.  They  were  mounted  on  a  sample  holder  diving  into  a  nitrogen-filled  quartz-dewar. 
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The  temperature  was  kept  constant  at  95K.  The  expanded  beam  of  an  Ar+  Laser  (?\.=476.5nm) 
strikes  the  sample  perpendicular  to  the  entrance  face  with  an  intensity  of  lL=80mW/cm^,  In  order 
to  obtain  the  maximum  population  of  50%  of  SI  a  total  exposure  of  Q=lLt=2500Ws/cm^  has  to  be 
reached,  the  laser  beam  being  polarized  parallel  to  the  crystallographic  c-axis.  The  absorption 
spectra  were  measured  with  a  two-beam  spectrophotometer  (Perkin-Elmer)  equipped  with  a 
Glan-Thompson  polarizer  and  a  quartz-dewar.  The  wavelength  resolution  was  about  4nm  over 
the  whole  spectral  range  of  300-1200nm.  Deconvolution  of  the  spectra  was  done  by  fitting  a  sum 
of  Gaussian  curves  to  the  corresponding  electronic  transitions  together  with  a  horizontal  baseline 
because  we  have  not  made  any  corrections  of  the  transmission  by  the  reflection  given  through 
the  refractive  indices.  Irradiation  with  a  wavelength  of  A,=476.5nm  produces  simultaneously 
about  2%  of  Sll  and  45%  of  SI.  By  heating  the  cry.stal  to  T=1 50K  the  metastable  state  SII  can  be 
completely  depopulated  so  that  only  absorption  caused  by  the  ground  state  and  SI  is  measured. 


RESULTS 


Figure  1  shows  the  absorption  spectra  of  the  ground  state  in  a  b-cut  of  SNP  at  room 
temperature  and  at  95K  for  two  different  polarization  directions  of  the  probing  light;  E||c-axis, 
E||a-axis.  Also  indicated  in  Figure  1  is  the  deconvolution  of  the  spectra  with  four  Gaussian 
curves  and  a  horizontal  baseline.  The  fit  parameters;  position  v^ax,  area  A  and  FWHM  T  of  the 
Gaussian  bands  arc  summarized  in  Table  I.  Parallel  to  the  crystallographic  c-axis  we  can  clearly 
sec  three  transitions  whereas  along  the  a-axis  the  third  band  is  visible  only  as  a  shoulder  in  the 
steep  slope  of  the  very  strong  fourth  absorption  band,  over  which  we  could  not  measure.  We 
know  from  absorption  spectra  of  solutions  of  SNP  in  H2O  at  room  temperature  that  there  is  a 
fourth  band  lying  around  37000cm  '.  This  transition  was  therefore  constrained  to  values  v,„;tx 
around  37000cm’'  in  the  fit  varying  only  the  width  F  and  the  area  of  the  Gaussian.  The  width  E 
stays  within  reasonable  values  around  4000cm  '  and  therefore  we  can  estimate  its  influence  on 
the  third  transition  with  good  accuracy.  The  third  transition  is  considerably  narrower  than  the 
others  and  shows  .strong  temperature  dependence  in  position  and  size.  There  exist  .several 
theoretical  approaches  to  calculate  the  orbitals  of  the  [Fe(CN)5NO]^'  anion;  calculations  based  on 
an  idealized  ligand-field  model  [3],  the  MSXa-method  [4]  and  density  functional  theory  (DFT) 
[5],  all  of  them  using  4m  (€4,,)  symmetry.  According  to  these  calculations  we  made  an 
assignment  (notation  after  [3,5])  for  the  observed  transitions  as  indicated  in  Figure  I  and  Table  I. 
The  two  transitions  around  20000citi  '  and  25800cm  '  arc  allowed  whereas  the  third  transition 


Table  I.  Electronic  transitions  of  the  ground  state  in  SNP.  Values  Vmax  [cm  ']  from  theory  for 
comparison.*  2b2->5ai  from  [5]  as  in  DFT  calculations  the  5ai  and  3bi  appear  in  inversed  order 


E||c 

Vmax  [cm  '] 

A  [cm’^] 

r  [cm  '] 

Vmax  [3] 

Vmax  [4] 

Vmax  [5] 

2b2->7e 

20190 

0.32x10^ 

3750 

20540 

21170 

18490 

6c~^7c 

25770 

1.12x10'’ 

5420 

25110 

23360 

22840 

2b2-i3b, 

31630 

1.56x10'’ 

3330 

33570 

33230 

36250* 

E||a 

Vm:.x  [cm  '] 

A  [cm''^] 

r[cm'] 

2b2->7e 

19790 

0.16x10'’ 

3750 

6c— >7e 

25960 

1.30x10" 

5060 

2b2-^3b, 

31720 

1. 13x10" 

3360 
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Figure  1.  Polarized  absorption  spectra  of  SNP  in  the  ground  state  at  room  temperature  (dotted 
line)  and  at  T=95K  (full  line)  for  polarization  of  the  measuring  light  along  c-axis  (left)  and  a-axis 
(right)  of  the  crystal.  The  fit  to  the  95K  data  (dashed  line)  consists  of  four  Gaussians  and  a 
baseline  (dash-dotted  line).  Results  are  given  in  Table  I. 

around  31700cm  '  is  forbidden  in  4m-symmetry.  The  selection  rules  for  electronic  transitions  in 
the  solid  state  can  be  overcome  by  coupling  to  phonons.  The  observed  temperature  dependence 
of  the  third  transition  can  therefore  be  explained  by  the  freezing  of  the  phonons  with  decreasing 
temperature. 

By  irradiating  the  single  crystals  with  laser  light  anions  are  transferred  from  the  ground  state 
into  the  metastable  states,  i.e.  the  absorption  caused  by  the  ground  state  decreases  whereas  new 
absorption  bands  from  the  new  states  appear.  Figure  2  shows  this  process  during  the  population 
of  SI.  We  measured  the  absorption  spectrum  for  several  different  total  exposures  Q.  For  the 
measurement  with  Ejjc  we  find  two  isosbestic  points  at  17800  cm''  and  26700  cm'',  i.e.  at  these 
wavenumbers  the  absorption  coefficient  a  is  independent  of  Q.  Inside  this  interval  only  the 
ground  state  decreases  whereas  at  lower  and  higher  wavenumbers  the  new  bands  of  SI  appear.  If 
only  two  states  (the  ground  state  and  SI)  are  present  this  gives  us  the  possibility  to  determine  the 
population  Psi  of  the  metastable  state  SI  as  a  function  of  exposure  Q  because  the  decrease  of  the 
ground  state  must  be  transferred  into  the  new  state  SI: 


/\v(0  =  ' 


UnAQ  =  0)  -  nr,,  (0  _  (XrAQ  =  0)  "  (^cAQ) 
nasiQ  =  ^)  = 


where  nsi  and  nos  denote  the  number  density  of  anions  in  the  state  SI  and  the  ground  state, 
respectively,  and  the  relation  tXGs=nGs  CJ(^)  was  used  with  o(X)  being  the  wavelength-dependent 
cross-section  in  the  ground  state.  For  the  polarization  of  the  probing  light  along  the  a-axis  of  the 
crystal  we  cannot  detect  any  isosbestic  points.  Instead  we  observe  an  increase  of  the  baseline 
over  the  whole  spectral  range  and  a  very  narrow  band  around  20000  cm  which  increases  in 
size  and  changes  its  position  with  increasing  exposure.  Therefore  from  the  absorption  spectrum 
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measured  along  ihe  a-axis  we  cannot  determine  the  population  of  SI,  which  we  have  to  know  to 
perform  the  deconvolution  of  the  spectrum  with  Gaussian  curves.  This  problem  can  be  solved  by 
first  measuring  along  the  c-axis  and  then  after  turning  the  polarizer  by  90°  measuring  along  the 
a-axis  at  the  same  population.  Figure  3  shows  the  two  spectra  and  their  deconvolution  for  a 
population  Psi  of  SI  of  about  41  %.  We  observed  one  new  band  in  the  red  spectral  range  around 
13200  cm  '.  The  fitted  parameters  of  this  transition  of  SI  are  given  in  Table  II. 


Figure  2.  Absoiption  spectra  for  different  populations  of  SI  showing  the  two  characteristic 
isosbcstic  points  at  17800  cm''  and  26700  cm'*  for  E||c  (a)  and  the  increase  of  the  baseline  and 
the  very  narrow  band  at  20000cm''  for  E||a  (b). 


Figure  3.  Spectra  of  a  crystal  populated  to  saturation  showing  the  new  band  of  SI  in  the  red 
spectral  range  with  E||c-axis  (a)  and  E||  a-axis  (b).  The  population  of  SI  was  determined  from 
equation  ( 1 )  to  about  41%. 
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Table  IT  Electronic  transitions  of  the  metastable  state  SI  in  SNP  for  41  %  population. 


E||c 

Vmax  [cm  ] 

A  [cm''^] 

r  [cm  '] 

Vmax  [8] 

2b2^7e 

13430 

0.11x10^ 

4200 

10160 

Ella 

Vmax  [cm  ‘] 

A  [cm'^] 

r  [cm-'] 

2b2->7e 

13180 

0.28x10^ 

4790 

In  the  literature  the  metastable  state  SI  is  explained  by  an  elongation  of  the  N-O-bond  distances 
[6]  or  an  inversion  of  the  N-O-bond  [7],  In  the  inversion  model  the  ground  state  configuration 
Fe-N-O  is  inverted  by  180°  to  Fe-O-N  in  SI.  This  model  is  also  supported  by  DFT  calculations 
[5],  whereby  the  4m-symmetry  of  the  [Fe(CN)5NO]^'  anion  is  conserved.  Since  the  symmetry  of 
SI  is  the  same  as  in  the  ground  state  we  can  use  the  same  assignments  for  the  transitions.  We 
tentatively  assign  the  absorption  band  to  the  2b2  — >  7e  transition,  assuming  that  the  transition  is 
shifted  to  the  red  compared  to  the  ground  state,  i.e.  the  7e  orbital  is  lowered  in  energy  as 
proposed  by  DFT  [8]. 

We  consider  now  the  origin  of  the  increasing  baseline  and  the  narrow  extinction  band  in  the 
spectra  measured  along  the  a-axis  of  the  crystals.  By  illuminating  single  crystals  of  SNP  with 
laser  light,  one  writes  parasitic  holographic  gratings  into  the  crystals  [10].  The  probing  light  is 
diffracted  at  these  gratings.  Due  to  the  distance  between  sample  and  detector  the  cone  of  the 
diffracted  light  is  wider  than  the  area  of  the  detector.  Therefore  parts  of  the  diffracted  light  miss 
the  detector,  which  appears  in  the  spectra  as  a  further  extinction.  This  leads  to  the  increase  of  the 
baseline  over  the  whole  spectral  range  with  increasing  population  of  SI.  The  narrow  band  even 
shows  dynamic  behavior.  It  changes  its  position  as  a  function  of  exposure  until  a  saturation  value 
is  reached  (see  Figure  4).  We  can  fit  this  behavior  with  the  following  function,  which  is  typical 
for  the  population  dynamics  of  the  metastable  states: 

v(0  =  v„  +  i?(l-e°")  (2) 


Figure  4.  Position  of  the  narrow  band  in  the  absorption  spectra  measured  parallel  to  a-axis  of 
crystal  as  a  function  of  the  exposure.  The  full  line  is  the  fit  using  equation  (2)  and  yielding  the 
indicated  parameters. 
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The  fit  yields  Vo=20278cnT',  B=-370cm'',  Q()=560Ws/cm^  and  with  lL=80niW/cm^  we  get 
x=7000s.  These  values  are  in  reasonable  agreement  with  measurements  of  Qo  by  differential 
scanning  calorimetry  [10]. 

CONCLUSION 

We  found  four  electronic  transitions  in  the  ground  state  and  one  transition  of  the  metastable 
stale  SI  using  polarized  absoiption  spectroscopy  on  single  crystals  of  SNP.  We  assigned  them  to 
the  corresponding  orbitals  by  using  group  theoretical  arguments  and  by  comparing  them  with 
DFT  calculations.  During  population  of  the  metastable  state  SI  we  observed  two  isosbestic 
points.  They  appear  only  for  the  measurement  along  the  c-axis  of  the  crystals  and  allow  us  to 
determine  the  population  of  SI  directly  from  the  absorption  measurement.  These  isosbestic  points 
indicate  also  the  spectral  range  where  the  population  of  the  metastable  states  is  possible  as  no 
absoiption  bands  of  SI  appear  between  them.  Therefore  the  absorption  measurements  allow 
finding  the  optimal  wavelength  for  populating  the  metastable  states.  The  measurements  with  the 
electric  field  vector  of  the  probing  light  along  the  a-axis  revealed  an  increase  of  the  baseline  over 
the  whole  spectral  range  and  a  narrow  extinction  band  connected  with  the  population  of  SI.  The 
same  band  has  first  been  observed  by  Morioka  [1 1]  in  a  crystallographic  c-cut,  and  is  explained 
by  optical  activity  of  SNP  in  the  metastable  state  SI.  Contrary  to  this  explanation  we  attribute 
this  extinction  to  the  diffraction  of  the  probing  light  on  written  parasitic  holographic  gratings 
(optical  damage).  As  the  refractive  index  changes  with  increasing  population  of  SI,  the 
wavelength  fulfilling  the  Bragg-condition  for  readout  of  these  gratings  changes  correspondingly, 
leading  to  the  observed  shift  of  the  narrow  extinction  band.  A  detailed  description  of  this 
phenomenon  will  be  given  in  a  forthcoming  paper  [12]. 
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ABSTRACT 

In  this  paper  a  method  is  proposed  to  investigate  how  the  scattering  noise  of 
photorefractive  crystals  influences  the  quality  of  an  input  data  page  in  holographic  storage.  By 
illuminating  the  crystal  under  investigation  with  an  intense  coherent  light  beam,  and  measuring 
the  signal-tomoise  ratio  (SNR)  of  an  image  formed  through  the  crystal  before  and  after  the 
exposure,  the  loss  of  SNR  provides  a  good  assessment  for  the  suitability  of  the  crystal  for  data 
storage.  A  variety  of  doped  lithium  niobate  crystals  were  investigated.  The  results  show  that  the 
intensity  of  fanning  light  increases  with  increase  of  the  doping  concentration,  but  there  is  no 
strict  correlation  between  the  fanning  strength  and  the  fidelity  degradation.  Owing  to  the  low 
noise  and  high  data  fidelity,  iron-and-  zinc  co-doped  lithium  niobate  crystal  is  a  potential 
material  for  high-density  holographic  data  storage. 


INTRODUCTION 

Holographic  data  storage  is  a  topic  of  widespread  research  interest  The  ability  to  store 
multiple  holograms  within  a  small  volume  of  thick  materials,  such  as  photorefractive  crystals, 
and  to  retrieve  data  pages  with  thousands  of  bits  in  parallel  provides  an  attractive  combination 
of  density  and  speed.  However,  the  various  noises,  such  as  the  constant  noise  floor,  cross  talk 
between  multiplexed  holograms  and  the  scattering  noise,  existing  in  the  holographic  systems 
reduce  the  capacity  far  from  the  ideal  value  determined  by  the  diffraction  limitation.  So  this  is  a 
major  obstmction  to  the  practice  of  volume  holographic  storage.  In  order  to  achieve  the  high 
capacity  of  holographic  storage,  data  retrieved  from  holograms  with  high  signal-to-noise  ratio 
(SNR),  and  hence,  low  bit-error-rate  is  essential.  It  is  demonstrated  that  the  noise  arising  from 
holographic  multiplexing  can  be  far  less  significant  than  the  system  noise  including  the 
scattering  noise  arising  from  the  recording  medium.  In  this  paper,  we  investigate  the 
influence  of  scattering  noise  on  image  fidelity,  with  special  attention  paid  to  the  influence  of 
the  scattering  noise  in  photorefractive  lithium  niobate  crystals  on  the  quality  of  input  data 
pages  before  the  hologram  formation. 

THEORY 

Photorefractive  light-induced  scattering  noise  is  usually  called  “beam  fanning”,  in  which  a 
collimated  beam  of  light  is  scattered  into  a  broad  fan  as  it  propagates  through  a  high-gain 
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crystal.  It  is  proposed  that  the  fan  originates  from  the  scattering  of  defects  in  the  crystal, 
which  then  become  amplified  by  the  two-beam  coupling  process.  In  doped  or  co-doped 
LiNbO^  crystals,  the  source  of  the  fanning  noise  comes  from  the  scattering  on  imperfections  in 
the  crystal,  and  the  scattered  light  interferes  with  the  initial  beam,  creating  a  phase  grating  in 
the  crystal.  Both  the  initial  beam  and  the  scattered  beam  are  automatically  Bragg  matched  to 
this  grating,  and  self-diffraction  occurs.  Beam  fanning  can  be  a  strong  effect,  removing  almost 
all  of  the  light  from  the  incident  beam  in  the  worst  case. 

The  mechanism  of  fanning  effect  has  been  widely  studied  (see,  for  example.  Ref.  [7]).  The 
phenomenon  is  somewhat  complicated,  and  the  strength  of  the  effect  depends  on  various 
factors  such  as  the  crystal  orientation,  size  and  intensity  of  the  incident  light,  and  material 
parameters,  etc.  The  following  quantities  can  be  used  for  measuring  the  fanning  effect:  (1)  the 
power  of  scattered  light,  Pj,  which  forms  a  pattern  in  the  ob.servation  screen  separated  from  the 
initial  light  spot;  (2)  the  scattering  ratio  R  of  the  total  fanning  noise  intensity  to  the  total 
incident  light  intensity,  given  as 

R='-^  (I) 

'n 

where  /(>  is  the  initial  intensity  of  the  incident  light,  and  If  is  the  final  intensity  of  the  incident 
light  after  the  scattering  being  saturated.  The  larger  fy  and/or  R  are,  the  more  serious  the 
scattering  is. 

The  noise  grating  formed  in  the  crystal  through  beam  fanning  can  be  read  out  by  any  beam 
that  is  partially  Bragg-matched  to  this  noise  grating,  resulting  in  some  noise  in  the  output  beam. 
In  the  case  of  hologram  multiplexing,  a  large  number  of  holographic  recordings  causes  the 
fanning  process  to  a  given  hologram,  that  is,  the  scattering  noise  deteriorates  the  input  signal 
(image),  and  hence,  the  quality  of  the  retrieved  image. 

The  fidelity  of  a  holographic  data  page  (image)  is  normally  specified  by  the  signal-to-noi.se 
ratio  (SNR)  that  is  defined  as 

(2) 

cr,  -<J(, 


where  l\  and  /o  is  the  average  value  of  bright  and  dark  pixels,  respectively,  <y\  and  (To  is  the 
corresponding  standard  variation.  In  this  paper  we  use  the  loss  of  signal-to-noise  ratio  (LSNR) 
for  characterizing  the  degradation  of  image  fidelity  due  to  the  scattering  noise. 


L5/V/?  =  10xlog 


SNR^, 

SNR,^ 


(3) 


where  SNRo  is  the  SNR  of  the  original  image  that  was  obtained  through  a  “clean”  crystal  (all 
gratings  previously  recorded  in  the  crystal  are  thermally  erased)  inserted  in  a  noisy  optical 
imaging  system,  whereas  SNRfia  the  SNR  of  the  same  image  obtained  through  the  same  system 
after  the  scattering  in  the  crystal  reaches  saturation.  The  lower  the  LSNR  of  a  material,  the 
better  the  image  fidelity  it  may  provide. 
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EXPERIMENT 


We  conducted  experiments  to  investigate  the  effect  of  scattering  noise  on  the  data  fidelity 
of  holograms  recorded  in  photo  refractive  crystals  using  a  traditional  Fourier  transform 
holography  system.  An  intense  coherent  beam  with  a  diameter  of  3  mm  (total  power  38mW for 
transmission  geometry  and  80mW  otherwise),  which  acts  as  the  reference  beam  in  holographic 
recording,  illuminated  the  crystal  until  the  scattering  reached  saturation.  The  illumination  time 
7)  depends  on  the  crystal  samples.  The  power  of  the  scattered  light  P/ and/or  the  scattering  ratio 
R  was  measured.  For  measuring  F/the  full  aperture  of  the  detector  (with  an  area  of  about  1  cm^) 
was  used,  while  for  measuring  R  the  detector  was  3-mm  apertured.  The  SNRo  and  SNRf  of  an 
image,  formed  directly  through  the  crystal  inserted  near  the  spectrum  plane,  were  also 
measured  before  and  after  the  illumination  of  the  crystal  by  the  reference  beam.  A  relation 
between  LSNR  and  Pf  (or  R)  was  expected  to  reveal  the  influence  of  scattering  noise  on  the 
image  fidelity.  By  using  this  method,  we  tested  a  variety  of  lithium  niobate  crystals  doped  or 
co-doped  with  different  dopants  and  doping  concentrations,  and  with  different  treatment  after 
crystal  growth.  The  recording  configurations  under  investigation  included  transmission, 
reflection,  and  90-degree  geometry. 

RESULTS 

The  influence  of  scattering  on  the  image  fidelity  is  highly  dependent  on  the  crystal 
orientation.  For  a  given  sample  and  configuration,  we  made  measurements  for  two  crystal 
orientations  anti-parallel  to  each  other.  Shown  in  Table  1-3  are  results  for  the  worse  case.  The 
values  of  scattered  power  were  measured  only  for  reflection  geometry. 


Table  I:  Influence  of  fanning  noise  on  the  image  fidelity  for  Fe:  LiNb03  crystals  with  different  doping 
concentration  and  treatment.  Recording  geometry:  reflection 


Doping  Concentration  and  Treatment 

Crystal  ID 

7/(min) 

P/(^lW) 

R 

LSNR  (dB) 

Fe:  0.10%,  As  grown 

A2 

20 

560 

0.76 

0.09 

Fe:  0.01%,  As  grown 

A 

14 

116 

0.94 

0.60 

Fe:  0.004%,  As  grown 

D 

12 

0 

NA 

0.04 

Fe:  0.06%,  Oxidized  for  4  hours 

6# 

14 

322 

0.9 

0.18 

Fe:  0.06%,  Oxidized  for  24  hours 

7# 

20 

180 

0.9 

1.43 

Table  II:  Influence  of  fanning  noise  on  the  image  fidelity  for  different  recording  geometry 


Recording  Geometry 

Crystal  ID 

Dopant 

7y(min) 

R 

LSNR  (dB) 

Reflection 

8# 

Fe:  0.08% 

16 

220 

0.93 

0.13 

Transmission 

0.6 

NA 

0.94 

3.47 

90-degree 

10 

NA 

0.95 

0.09 

S3 

13 

NA 

0.96 

0.36 
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Table  III:  Influence  of  fanning  noise  on  the  image  fidelity  for  samples  with  different  dopants 


Dopant 

Crystal  ID 

Recording 

Geometry 

r/(min) 

Pf 

(pW) 

R 

LSNR  (dB) 

Fc:  0.08%,  Mn:  0.0.5% 

2B 

Reflection 

29 

199 

NA 

0.81 

Fc:  0.03%,  Ce:  0.0.5% 

Ce2 

28 

1 

0.84 

0.36 

Fc:  0.08% 

8# 

16 

220 

0.93 

0.13 

Fc:  0.03%,  Zn:  6inot%’ 

2# 

Transmission 

50 

NA 

0.67 

0.03 

DISCUSSION 

It  is  obvious  from  Table  1  that  heavy  doping  of  iron  in  LiNbO.,  causes  serious  fanning 
which  degrades  the  image  quality.  This  is  because  the  dopants  act  as  additional  scattering 
centers.  Strong  oxidation  makes  situation  even  worse.  Since  the  oxidization  process  increases 
the  concentration  of  Fc^^,  this  suggests  that  Fe^^  irons  contribute  more  to  the  scattering  than 
Fe'^.  Shown  in  Fig.  1  (a)  is  the  image  formed  through  the  crystal  9#  before  it  was  exposed  to  the 
intense  reference  beam.  The  image  quality  is  fairly  good.  In  contrast,  the  image  formed  through 
the  same  crystal  after  coherent  illumination  for  only  36  seconds  was  entirely  destroyed  as 
shown  in  Fig.  !  (b).  From  Table  2  one  can  see  that  the  90°  geometry  is  least  subject  to  the 
influence  of  scattering  noise,  while  the  transmission  geometry  is  most.  Table  3  shows  clearly 
that  an  additional  dopant  of  Mn  or  Ce  co-doped  with  Fc  in  LiNb03  crystals  causes  normally 
more  serious  scattering.  However,  when  the  additional  dopant  is  Zn,  the  situation  reversed. 
Doping  of  a  certain  amount  of  Zn  as  an  anti-photorefraction  dopand  in  LiNb03  effectively 
reduced  the  scattering  noise  effect. 


(a)  (b) 

Fig.  1  linage  formed  through  crystal  9#  (a)  before  and  (b)  after  the  crystal  being  exposed  to  an  intense  coherent 
beam  for  36  seconds  {LSNR~3A7). 
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(a) 


(b) 


Fig.2  Image  retrieved  from  a  hologram  stored  in  (a)  crystal  9#  with  7  minutes  of  coherent  illumination  before 
storage,  and  (b)  crystal  2#  with  50  minutes  of  coherent  illumination  before  storage. 


Comparing  the  far-right  3  columns  in  Table  1  through  Table  3,  we  can  see  that  there  is  no 
strict  correlation  between  the  decrease  of  SNR  of  an  image  and  the  fanning  effect  measured  as 
Pfor  R.  Thus,  we  cannot  determine  if  a  crystal  is  suitable  for  holographic  storage  according 
only  to  the  amount  of  measured  scattering.  On  the  other  hand,  the  decrease  of  SNR,  LSNR,  does 
de.scribe  the  image  fidelity  of  a  hologram.  Figure  2  illustrates  that  holograms  of  data  pages 
stored  in  crystal  sample  2#,  chosen  by  using  the  above  method,  reached  satisfactory  data 
fidelity. 


CONCLUSIONS 

This  research  investigated  how  the  scattering  noise  influences  the  quality  of  an  input  data 
page  in  holographic  storage.  The  experimental  results  show  that  among  the  three  recording 
configurations,  90°  geometry  is  least  subjected  to  light-induced  image-fidelity  degradation. 
The  intensity  of  fanning  light  increases  with  increase  of  the  doping  concentration,  but  there  is 
no  strict  correlation  between  the  fanning  strength  and  the  fidelity  degradation.  Therefore,  one 
should  not  determine  whether  or  not  a  crystal  is  suitable  for  high-fidelity  holographic  storage 
only  according  to  its  fanning  power.  The  loss  of  SNR  introduced  in  our  work  provides  a  better 
assessment  for  the  suitability  of  the  crystal  for  data  storage.  Owing  to  the  low  noise  and  high 
data  fidelity,  iron-and-  zinc  co-doped  lithium  niobate  crystals  are  potential  materials  for 
high-density  holographic  storage. 
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ABSTRACT 

Magnetic  Amplifying  Magneto-Optical  System  (MAMMOS)  shows  human  brain  like 
memory  behavior.  Magnetic  field  and  laser  power  have  threshold  to  recover  the  stored 
memory  like  the  human  response  of  remembering.  MAMMOS  also  has  a  feature  to  amplify 
very  small  recorded  signals  like  our  recovery  of  memory,  e.g.  fifty  years  ago  episode. 

By  adding  the  meaningful  information  on  the  magnetic  field  pattern,  we  can  get  some 
correlation  between  our  memory  and  external  stimulation.  Such  scheme  is  named  as  ’’the 
Active  readout  MAMMOS”  which  is  analogues  to  the  human  process  of  remembering  the 
memory. 

If  the  applied  field  pattern  and  timing  phase  just  coincide  with  stored  information,  there 
occurs  the  coherent  amplification  of  MAMMOS  signal.  We  can  utilize  such  phenomena  as 
the  trigger  of  “Memory  Association”. 


INTRODUCTION 

Human  brain  long  term  memory  is  so  mysterious  comparing  the  current  man  made 
disk  storage  like  magnetic  disks  and  optical  disks.  During  our  life,  we  may  store  so  huge 
memory  contents  inside  our  brain.  In  our  usual  daily  life,  we  never  aware  of  such  terribly 
giant  memories^  almost  seems  that  we  had  forgotten  almost  99.9%  or  more.  However,  once 
we  are  stimulated  by  specific  .scenes  or  sounds,  we  can  clearly  remember  the  old  episode. 

Recent  study  on  brain’s  long  term  memory  [1]  shows  very  interesting  hypothesis,  that 
is,  memory  perception  (writing)  and  memory  retrieval  (readout)  are  bi-directional  signaling 
between  temporal  cortex  (TE)  and  peripheral  cortex  (PRh).  By  the  visual  pair-association 
task  te.sted  in  monkey  brain,  long  term  memory  stored  in  PRh  are  retrieved  TE  neurons. 

Magnetic  amplifying  magneto-optical  system  (MAMMOS)  gives  very  huge  capacity 
rewritable  disk  by  using  a  domain  expansion  phenomenon  in  a  readout  layer  overlayered  on 
a  recording  layer  [2,3].  In  the  area  of  Magneto-Optical  disk  storage,  the  analogy  of  PRh  to 
the  recording  layer  and  TE  to  the  readout  layer  is  useful  to  create  the  new  type  of  human 
made  memories.  In  the  very  high  density  area  overcoming  the  optical  resolution  limit, 
MAMMOS  shows  very  high  signal  to  noise  ratio  [3],  For  readout,  we  used  mono  tone- 
single  frequency  external  magnetic  field  to  expand  and  collapse  the  magnetic  domain.  In 
this  scheme,  external  magnetic  field  only  plays  giving  the  excitation  energy  to  readout  very 
faithfully  a  series  of  chained  stored  information. 
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However,  once  we  changed  such  scheme,  that  is,  if  we  intentionally  give  the  some 
meaningful  information  on  the  external  magnetic  field  on  behalf  of  mono-tone  field 
repetition,  we  can  expect  human  brain  like  memory  behavior  in  MAMMOS  as  a  new  type 
of  association  memory,  which  retrieves  long  term  memory  stored  in  the  recording  layer.^ 
Here,  we  firstly  show  such  experiments  under  the  name  of  “Active  readout  MAMMOS”. 


PRINCIPLE  OF  BASIC  MAMMOS  AND  EXPERIMENTS 

MAMMOS  disk  has  two  magnetic  layers  as  shown  in  figure  1 ,  one  is  a  recording  layer 
which  stores  very  high  density  magnetic  domains  recorded  by  magnetic  field  modulation 
method  [4].  Material  is  TbFeCo  amorphous  film  with  40nm  thickness.  Another  one  is  20nm 
thick  readout  layer  (expansion  layer  in  the  figure)  made  by  GdFeCo  with  a  low  Coersive 
force  He.  This  readout  layer  is  magneto-statically  coupled  with  TbFeCo  recording  layer. 

By  applying  a  focused  laser  beam  on  such  coupled  films  to  elevate  the  temperature  to 
about  120  C,  one  recorded  domain  is  easily  copied  to  a  readout  layer.  Just  at  the  same 
timing,  the  external  magnetic  field  of  about  200  Oe  is  applied  upwards.  This  field  causes 
the  expansion  of  the  copied  domain  in  the  readout  layer,  which  brings  a  very  large  signal 
enhancement. 

Recent  results  show  very  remarkable  results  [5],  that  is,  only  20nm  length  recorded 
mark  is  expanded  to  1200nm  wide  size  giving  full  amplitude  saturation  level  signals. 
Amplification  ratio  is  60  (6000%). 
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Figure  1.  Principle  of  Magnetic  AMplifying  Magneto-Optical  System  (MAMMOS). 

A  recording  layer  stores  very  tiny  high  density  magnetic  domains.  By  elevating 
a  temperature  by  a  focused  laser  beam,  a  domain  is  copied  to  a  readout  layer, 
and  expanded  by  an  upward  direction  external  field. 


V3.1.2 


Figure  2  shows  a  typical  basic  MAMMOS  experiment.  Wavelength  of  the  laser  is 
680nm  while  lens  numerical  aperture  is  0.55.  For  writing,  laser  power  is  lOmW  at  a  linear 
velocity  of  2.5m/s,  applied  magnetic  field  is  200  Oe.  While  for  MAMMOS  readout 
experiment,  laser  power  is  2.8mW.  Applied  field  has  mono-tone  single  frequency 
(6.25 MHz)  with  amplitude  of  +/-  200  Oe. 

The  shortest  mark/space  is  400nm  with  1 60  nsec  time  period.  Figure  2,C  is  an  example 

of  recorded  magnetic  field  pattern  equal  to  stored  bit  pattern  like  /1 001 10100010 . /. 

Figure  2,  B  shows  a  serial  mono-tone  external  field  excitation  which  causes  a  MAMMOS 
readout  signal  resulting  in  figure2,  A.  Full  swing  large  signals  are  recognized  showing  very 
precise  recorded  pattern. 

On  the  analogy  of  human  brain  memory,  such  basic  MAMMOS  has  two  distinct 
features  as  like, 

1)  There  is  a  certain  threshold  in  laser  power  and  magnetic  field  to  remember  the 
memorized  contents  deeply  stored  inside  of  the  disk  (recording  layer).  Laser  power  and 
magnetic  field  are  regarded  as  the  external  stimulation  like  light  beams  and/or  sounds 
surrounding  us  (human  beings).  Less  laser  power,  less  magnetic  field  brings  nothing 
memory  recovery  as  like  our  mind  are  almost  calm  against  so  many  past  memories. 

It  is  likely  that  our  inside  storage  capacity  looks  so  small  in  usual. 

2)  The  amplification  of  memory  elements  is  remarkable  phenomena  in  MAMMOS.  Our  old 
memory  (sometimes  50  years  ago  episode)  may  be  stored  in  our  brain  as  .some  elements 
with  very  small  signal.  However,  once  we  are  stimulated  by  an  exceptional  happenings, 
for  example  when  we  accidentally  met  a  lost  lover  on  the  street,  we  can  clearly 
remember  the  fifty  years  ago  scene,  sounds,  details  of  conversation  and  so  on. 
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Figure  2.  Basic  MAMMOS  experiments.  Mono-tone  single  frequency  modulated 

magnetic  field  amplifies  recorded  signals  stored  in  a  recording  layer  by  a  domain 
expansion  mechanism  in  readout  layer. 
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ACTIVE  READOUT  MAMMOS 

Resemblance  between  Human  brain  memory  and  basic  MAMMOS,  we  can  consider 
new  schemes  of  memory  recovery,  named  the  Active  readout  MAMMOS,  in  which  we 
apply  magnetic  field  pattern  having  meaningful  digital  information.  One  example  is  shown 
in  figure  3.  Applied  external  field  pattern  is  illustrated  in  B,  which  has  a  scries  of  digits 
/1 001 10100010.../.  Originally  stored  domains  in  a  recording  layer  are  in  C.  Only  the 
positions  coincided  both  applied  field  and  recorded  domains  are  amplified  as  big  signals  as 
shown  in  A. 

Applied  field  pattern  is  a  model  of  .specific  external  stimulation  like  a  beautiful  scenery, 
comfortable  sounds.  If  this  new  experience  is  not  matched  with  old  memorized  one,  we 
cannot  remember  it  as  a  similar  experience.  Coincidence  between  B  and  A  is  not  so  good. 


Figure  3.  Active  readout  MAMMOS,  applied  field  has  a  meaningful  digital  information 
(B).  Only  the  matching  portions  with  original  recorded  patterns  (C)  are 
amplified  as  MAMMOS  readout  patterns  illu.strated  in  A. 

IN-PHASE  ACTIVE  READOUT  MAMMOS 

If  the  phase  and  digital  patterns  of  external  field  just  coincide  with  original  recorded 
patterns  as  shown  in  figure  4,B  and  C,  we  can  recognize  the  amplified  read  out  pattern  in  A 
as  like  just  exactly  the  same  pattern  with  B.  Comparing  with  in-put  magnetic  field  pattern  B 
and  out  put  signal  pattern  A,  we  can  notice  that  the  original  recorded  pattern  is  also  the 
same  which  means  wc  already  experienced  the  similar  thing  in  the  past. 

This  means  some  kind  of  Memory  As.sociation,  or  the  starting  trigger  of  the  memory 
association.  When  wc  notice  such  nice  coincidence  between  A  and  B,  we  may  have 
psychological  satisfaction  or  pleasure  in  brain.  This  satisfaction  brings  a  trigger  of  reading 
out  the  succeeding  memory  contents  stored  in  the  next  paragraph  or  sometimes  linking  to 
other  disks  having  the  similar  coincide  facts.  In  our  daily  expression,  it  is  so  called 
“Memory  Association”. 
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Figure  4.  Memory  recognition  scheme  by  In-phase  Active  readout  MAMMOS. 

When  the  magnetic  field  pattern  and  timing  phase  (B)  just  coincide  with 
memorized  contents  (C),  recognized  pattern  (A)  shows  the  best  matching  with 
in  put  pattern.  This  may  suggest  the  scheme  of  Memory  Association  device. 

OUT-  OF-  PHASE  ACTIVE  READOUT  MAMMOS 

In  active  readout  MAMMOS,  if  the  timing  phase  of  magnetic  field  had  some  shi  ft  as 
shown  in  figure  5,B  and  C,  there  occurs  a  failure  of  memory  recovery  (see  figure  5,A).  This 
suggest  that  we  may  see  in  our  eyes,  hear  by  ears  physically  what  we  already  experienced, 
but  never  notice  the  fact  until  we  get  some  phase  matching.  In  Japan,  there  is  a  very  famous 
proverb,  “Looking  but  not  seeing”. 


Figure  5.  Failure  of  memory  recovery  by  a  out-of-phase  external  field  excitation 
in  Active  readout  MAMMOS 
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CONCLUSIONS 


Using  the  phenomena  of  Magnetic  AMplifying  Magneto-Optical  system  (MAMMOS), 
we  proposed  a  new  memory  scheme  showing  human  brain  like  memory  behavior,  named 
Active  readout  MAMMOS. 

1 )  Basic  MAMMOS  has  two  features  analogues  to  human  memory  behavior,  one  is 
threshold  strength  of  magnetic  field  and  laser  power(external  stimulation)  to  recovery  the 
old  memory  .  Another  is  an  amplification  of  very  small  recorded  signal  like  man 
remembering  the  50  years  ago  episode. 

2)  By  applying  the  magnetic  field  corresponding  to  the  previously  determined  information, 
the  MAMMOS  readout  signal  shows  logical  “AND”  states  between  the  stored  memory 
and  field  patterns.  This  active  readout  MAMMOS  is  similar  to  the  psychological 
interaction  between  our  memory  and  external  stimulation. 

3)  If  magnetic  field  pattern  and  timing  phase  just  coincide  with  memory  contents,  there 
occurs  coherent  excitation  of  MAMMOS  signal.  We  can  utilize  such  status  as  the  trigger 
of  Memory  Association. 
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ABSTRACT 

Thin  silver  oxide  films  used  as  mask  layers  in  super-Resolution  Nearfield  Structure 
(super-RENS)  disks  for  high  density  optical  data  storage  were  reactively  sputter-deposited 
and  their  composition  was  determined  by  spectroscopic  means.  We  found  that  the 
stoichiometry  of  the  films  changed  with  the  oxygen  cont(nit  in  the  sputtering  gas 
atmosphere.  With  a  stepwise  increase  in  the  percentage  of  O2  from  0  -  100%,  the 
corresponding  layers  consist  of  Ag,  mixtures  of  Ag  and  Ag20,  Ag^O,  mixtures  of  Ag20  and 
AgO  and  AgO.  Laser  activation  of  such  oxidic  phase  containing  deposits  results  in  the 
decomposition  of  the  material  and  excitation  of  strong  local  plasmons  in  the  remaining 
silver  clusters.  This  was  confirmed  by  acquiring  surface  enhanced  Raman  spectra  (SERS) 
of  benzoic  acid  (BA),  copper  phthalocyanine  (CP)  and  internal  carbon  impurities  on  silver 
oxide  substrates.  From  this  data,  we  conclude  that  the  sub- wavelength  resolution  obtained 
in  super-RENS  disks  is  mediated  by  local  surface  plasmons  on  small  silver  particles  forming 
in  the  mask  layer. 

INTRODUCTION 

Super-RENS  is  a  promising  technique  to  achieve  high  density  optical  data  storage. 

The  light  scattering  center- (Isc-) super-RENS  disk  (1),  developed  in  1999  uses  a  silver  oxide 
mask  layer  in  close  proximity  to  a  phase  change  storage  layer  to  overcome  the  diffraction 
limit  in  conventional  optical  data  storage  applications.  Kim  et  al.  (2)  recently  showed  that 
the  application  of  a  silver  oxide  mask  layer  in  combination  with  a  magneto-optical  storage 
layer  also  enables  the  generation  of  marks  with  dimensions  well  below  the  diffraction  limit. 
Figure  1  displays  the  general  super-RENS  layer  structure  together  with  a  comparison  of 
CNR  against  mark  size  for  th('  respective  structure  and  a  conventional  phase-changes  disk. 
The  applied  readout  j)owcr  as  well  as  the  required  recording  power  is  gemcrally  higher  in 
the  super-RENS  case  to  obtain  the  maximum  signal  rersolution.  However,  the  mechanism  of 
LSC  super  RENS  is  still  under  discussion.  Recent  studies  (3)  supported  the  suggestion 
that  the  super  resolution  effect  is  mediated  by  strongly  scattering  local  surface  plasmons 
which  are  stimulated  on  Ag  particles  in  the  mask  layer.  These  Ag  clusters  are 
photothermally  generated  through  the  decomposition  of  silver  oxide  to  silver  and  oxygen. 
During  the  read  out  process,  the  impinging  laser  beam  excites  the  Ag  particles  and 
simultaneously  produces  optical  near  fields  on  the  marks  in  the  recording  layer.  The 
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a)  Selieniatie  structure  of  a  Isc-super-RENS  disk,  b)  Mark  size  and  correlated 
lsc-su])ei--R.ENS  disk  (readout  power  3.5  inW)  and  a  conventional  optical  disk 
).  Las(T  wavelength  was  635  nm,  NA  0.6  and  constant  liiK'ar  velocity 


su])(’rj)ositioii  of  these  laterally  confined  fields  with  the  local  plasnions  on  the  adjacent  Ag 
particles  is  then  thought  to  give  rise  to  the  observed  sub-wavelength  resolution. 

The  intention  of  this  work  is  to  gather  chemical  and  optical  characteristics  of  sputtered 
silv('r  oxid('  laycns  for  a  b('tter  understanding  of  the  de(‘omposition  pathway  and  the 
ev('iitual  ('xcitation  of  local  plasmons  in  enu'rging  silver  clusters.  It  was  suggested  (3)  that 
local  surface  plasmons  contribut  e  to  the  enhanced  CNR  in  super-RENS  experiments,  hence 
the  interaction  of  such  layers  with  suit  able  molecules  should  give  rise  to  surface  enhanced 
Raman  scat  tering  (SERS)  (4;  5).  To  prove  this,  silver  oxide  layers  are  produced  by  reactive 
sjnittering  with  parameters  resembling  those  of  the  super-RENS  disk  fabrication,  however, 
the  oxygen  concentration  in  the  s])uttering  gas  mixture  was  varied  from  0  to  100%  to 
obtain  layens  coin]:)Osed  of  different  phases.  These  layers  were  probed  by  Raman 
s])ectrosco]:)y  and  the  complex  refractive  indices  were  measured. 


EXPERIMENTAL 

Silv('r  oxid('  films  were  dei)osited  by  reactiw'  r.f.  magnetron  s])uttering  of  a  3-in{4i  Ag 
t.arget.  (99.090%)  purity)  on  either  glass  slide  or  polished  silicon  wafers.  Layers  of  different 
composition  were  obtained  by  changing  the  gas  ratio  of  O2  and  Ar.  Details  are  given  in 
reference  (6).  The  flow  of  individual  gases  was  adjusted  by  mass  flow  controllers  such  that 
a  total  flow  of  20  seem  was  maintained.  Since  the  deposition  rate  changed  with  varying 
oxygen  content,  the  sputtering  time  was  always  adjusted  to  obtain  films  of  either  300  nm 
thickness  for  the  subsequent  layer  charactei’ization,  or  of  15  nm  tliickne.ss  to  imitate 
super-RENS  conditions  during  the  SERS  experiments.  The  Ag  target  was  pre-sputtered  in 
the  respective  atmosphere  for  one  minute.  The  sputteriiig  pressure  and  applied  r.f.  power 
W(’r('  fixed  at  0.5  Pa  and  200  W  (4.4  W/ciiE)  throughout  each  deposition. 
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Figure  2.  a)  Raman  spectra  of  AgOs  lawyers  obtained  by  sputtering  at  different  f ratio-  b) 
Complex  refractive  indices  of  AgO^  layers  as  a.  function  of  oxygen  concentration  in  the 
sputtering  gas  mixture. 

Micro  Raman  measurements  of  the  sputtered  layers  on  silicon  were  carricxi  out  with  a 
Renishaw  Ramanscope  equipped  with  an  argon- ion-laser  (A  =  488  nm)  in  backscattering 
geometry.  The  laser  spot  size  at  the  sample  surface  was  diffraction  limited  and  estimated 
to  be  w  2  pm.  The  laser  power  was  adjusted  to  300  /iW  and  the  samples  were  ice  cooled 
and  measured  under  nitrogen  atmosphere  to  avoid  light  induced  changes  in  the  layers. 
Detection  times  of  10  s  together  with  100  accumulations  i^er  run  compensated  for  poor 
signal  to  noise  ratios.  Powder  samples  of  commercially  available  silver  oxides  AgO  (Fluka, 
Aldrich)  and  Ag20  (Kanto  Chemicals),  benzoic  acid  (Kanto  Chemicals),  copper 
phthalocyanine  (Aldrich)  as  well  as  high  purity  carbon  pressings  (Kojundo  Chemical 
Laboratory)  and  2-proj)anol  (Fluka)  were  used  to  confirm  reference  Raman  spectra  of  tlu^ 
resp('ct  i ve  compounds . 

SER  spectra,  of  benzoic  acid  wore  acquired  by  immersing  a  AgO  sample  into  10  mL  of 
a  10^''  M  benzoic  acid/2-propanol  solution.  In  the  case  of  copper  phthalocyanine,  a  film 
several  monolayers  thick  was  evaporated  directly  onto  AgO.  The  resulting  intense  SER 
spectra  where  recorded  with  an  excitation  power  of  400  //.W  and  5  s  integration  time. 

Refractive  indices  of  the  films  were  measured  with  a  DHA-OLX/S4M  MIZOJIRI 
ellipsonieter  at  a  wavelength  of  632.8  nm. 

RESULTS 

In  the  following  discussion,  we  dc’senibe  characteristics  of  the  deposited  AgOa.-fiinis 
obtained  at  a  particular  f ratio,  whereby  /ratio  expressed  as  ratio  of  the  oxygen  flow  and 
the  total  flow  of  oxygen  and  argon  in  the  sputtering  gas  mixture  according  to  the  equation 
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f ratio  =  foj  if Ar  +  fo2)- 

Raiiican  spectroscopy  was  carried  out  to  determine  the  layer  composition.  Spectra  of 
layers  with  selected  fraiio  were  obtained  in  nitrogen  flow  under  intensive  cooling  of  the 
samples  and  are  shown  in  figure  2  a.  It  waa  necessary  to  apply  those  precautions,  since 
without  them  the  silver  oxide  films  readily  underwent  decomposition  as  a  result  of 
interaction  with  the  laser  beam.  The  laser  intensity  had  to  be  adjusted  carefully  to 
compromise  between  the  very  low  Raman  scattering  cross  section  of  the  silver  oxides  and 
their  tendency  to  decompose.  Layers  obtained  at  f ratio  =  0  showed  in  agreement  to  bulk 
Ag  no  Raman  peaks  in  the  region  between  110  cm“^  and  2000  cm“b  For  fmtio  =  0.25  no 
specific  Raman  peaks  can  be  found  but  the  characteristic  band  of  the  silicon  substrate 
material  at  520  cm“^  is  clearly  visible  due  to  the  high  transparency  of  such  films  (discussed 
below).  Hamiltcni  et  al.  (7)  verified  that  electrochemically  generated  Ag20  is  not  Raman 
active  due  to  the  symmetry  of  the  crystal  lattice  but  assigned  bands  at  about  220  cm~S 
430  cnr\  470  cnr\  490  enr^  to  AgO.  Our  layers  deposited  in  the  range  between 
fratio  =  0.5  and  fratio  =  0.75  showed  the  same  characteristic  bands  with  increasing 
intc'iisitic's  for  increasing  oxygen  c'onc^cntration. 

The  assignment  of  specific  oxidic  phases  to  distinct  values  was  substantiated  by 
measurements  of  complex  refractive  indices  of  the  layers.  Figure  2  b  shows  values  obtained 
for  n  and  k  as  a  function  of  the  oxygen  concentration  during  the  deposition.  The  graphs 
show  a  characteristic  run  for  rising  oxygen  content  in  the  AgO^-  layers.  For  pure  silver,  the 
refractive  index  was  measured  to  be  n  =  0.08  +  3.98/.  For  increasing  oxygen  concentrations 
up  to  fratio  «  0.25,  the  real  part  increases  to  2.79  whereas  the  imaginary  parts  drops  to 
abc3ut  0.31/,  indicating  the  presence  of  a  highly  transparent  silver  (I)  oxide  (Ag20) 
film  (10)  in  accordance  to  the  previously  described  Raman  measurements.  Further  oxygen 
addition  Ic'ads  to  an  immediate  rise  of  the’  imaginary  part  to  1.7/  wlic’re  it  stabilized,  while 
the’  value's  for  the'  rc^al  part  c-liaiiged  only  slightly.  The  results  are  summarized  in  table’  I. 

Howc’vc’r,  wlic'ii  samples  wc're  not  c;oolc’d  while  Raman  spec4,ra  acxiuisition  procx’eded, 
they  underwent  visible  changes  at  the  laser  position  in  form  of  specular  spots. 
Simultaneously,  two  additional  broad  and  intense  peaks  at  about  1380  cm“’  and  1580  cm“^ 
developed  and  soon  dominated  the  spectrum.  These  huge  peaks  have  often  been  observed 
wliile  performing  SERS  on  suitable  silver  samples  and  have  been  assigned  to  amorphous 
carbon  (8)  or  nanocrystalline  carbon  residues  (9)  on  their  surfaces.  In  our  case,  carbon 
traces  were  incorporated  during  the  deposition  process.  Figure  3  a  shows  typical  examples 
of  such  spectra  obtained  on  different  silver  oxide  substrates.  The  time  dependent 
development  of  the  SERS  intensities  in  each  individual  spectrum  was  different.  In  case  of 
Ag20  {fratio  =  0.25),  the  surface  enhainx’d  pc’aks  were'  immediately  formed  where’as  layers 
with  higher  oxyge'ii  conte’iit  neede’d  a  longer  activation  time.  Above  a  certain  threshold 

Table  1.  Layer  composition  as  a  function  of  oxygen  flow  ratio 

fratio  0  0.175  0.25  0.5  0.75 

Laye'i’  Composition  Ag  Ag  +  Ag20  Ag^O  AgiO  +  AgO  AgO 
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Wavenumber  (cm"') 


Figure  3.  a)  SERS  of  layer-internal  Q-carbon  impurities  and  benzoic  acid  (b)/copper  ph- 
tlialocyanine  (c)  on  silver  oxide  films.  The  dotted  curves  are  conventional  Raman  spectra  of 
powder  standards  shown  for  comparison. 

power,  all  layers  showed  (iornparable  activity.  Obviously,  layers  with  a  smaller  oxygen 
content  decompose  faster  than  oxygen  rich  phases,  probably  due  to  silver  nucleation  sites 
which  arc  already  present  in  the  film.  To  check  for  the  potential  feasibility  of  the  sputtered 
films  to  SER  spectroscopy,  we  applied  several  external  chemicals  to  the  layers  and  recorded 
the  resultant  spectra.  It  turned  out  that  the  activated  surface  is  suitable  to  amplify  Raman 
bands  of  a  variety  of  low  concentrated  compounds.  Figure  3  b  and  c  shows  examples  of 
SER  spectra  (solid  lines)  of  evaporated  copper  phthalocyanine  and  of  a  10~'^  M  benzoic 
acid  solution.  For  comparison,  conventional  Raman  spectra  of  corresponding  powder 
samples  (dotted  lines)  are  also  shown.  BA  and  CP  were  applied  to  the  silver  oxide  layers  in 
concentrations  that  are  not  detectable  by  conventional  Raman  spechnoscopy  but  produced 
a  clc'ar  and  intense  SER  signal.  The  observed  shifts  in  specific  SER.S  peak  positions  and 
intensities  depend  on  the  interaction  of  the  molecules  and  the  silver  oxide  surface;.  The 
bonding  of  functional  groups  to  the  substrate  influences  the  symmetry  of  the  molecule  as 
well  as  the  intermolecular  distances  and  leads  to  characteristic  shifts  and/or  the 
appearance  of  previously  forbidden  bands  in  the  spectra.  A  detailed  discussion  can  be 
found  in  the  SERS  review  of  Moskowits  (11). 

There  is  general  agreement  that  a  major  contribution  to  SERS  effects  is  achieved  by 
strongly  scattering  local  surface  plasmons  on  specific  substrate  materials.  Our  results 
support  the  hypothesis  that  activated  silver  oxide  layers,  as  applied  in  super-RENS  disks, 
could  provide  a  mark  signal  amplification  by  electromagnetic  field  enhancement. 

Conclusions 

Roactivoly  sputtered  silver  oxide  layers  wore  probed  by  Raman  spectroscopy  and  the 
complex  refractive  indices  were  measured.  The  results  indicated  that  the  main  constituents 
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grfuiually  cliaiigo  from  Ag  ov(a'  Ag^O  to  AgO  with  increasing  oxygen  content  in  the 
sputt{'ring  gas  at,nios])liere.  Raman  spectra  of  cooled  thin  films  provided  a  characteristic 
band  at  432  enr^  as  proof  of  the  ynesencc’  for  AgO.  Layers  deposited  at  low  oxygen 
concentration  with  a  refractive  index  of  n  =  2.79  +  0.31/  were  determined  to  be  composed 
ol‘  Ag20.  Snper-RENS  mask  layers,  deposited  at  a  medium  oxygen  concentration  could  bo 
identified  as  a  mixture  of  Ag^O  and  AgO.  Furthermore,  we  found  that  thin  oxide  layers 
readily  decompose  to  silver  particles  and  oxygen  upon  pliotothermal  activation.  The  silver 
clusters  sustain  strong  local  surface  plasmons  and  change  the  substrates  to  effective  surface 
('nhanc('d  Raman  spectros(X)py  substrat<’s.  This  was  proofi'd  by  the  dewlopment  of 
charactc'ristic'  SER,S  jx’aks  of  layer- intc'rnal  a-carbon  trace  im])urities,  diluted  benzoi('. 
a(‘id/2-])ropanol  solutions  and  eva])orated  copper  phthalocyanine. 
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ABSTRACT 

We  have  investigated  the  batch  method  of  thermal  fixing  for  multiplexed  holograms.  The 
batch  fixing  process  is  pictured  and  analyzed,  for  the  first  time  to  our  knowledge.  The  batch 
procedure  of  thermal  fixing  includes  optical  erasure  of  electronic  gratings  by  subsequent 
recordings  both  in  the  same  batch  and  in  different  batches,  ionic  compensation  during  thermal 
fixing  in  one  batch,  smoothing  of  ionic  gratings  during  thermal  fixing  of  subsequent  batches,  and 
revealing  of  ionic  gratings.  The  inter-batch  optical  erasure  time  constants  of  LiNb03:Fe:Ce 
crystals  are  measured  in  experiment. 

INTRODUCTION 

Photorefractive  crystals  are  commonly  used  as  a  recording  medium  in  volume  holographic 
storage.  According  to  the  charge  excitation  and  transport  mechanism,  the  electronic  charges 
constitute  holograms  in  photorefractive  crystals  to  store  some  desired  optical  information. 
However,  the  above  mentioned  mechanism  similarly  causes  optical  erasure  of  holograms  in 
further  illumination  process.  Therefore,  the  recorded  holographic  gratings,  i.e.,  the  electronic 
gratings,  are  not  permanently  maintained  in  photorefractive  crystals.  In  order  to  overcome  such 
optical  erasure  to  holograms  on  readout,  thermal-fixing  technique  has  been  developed  [1-4]. 
Photorefractive  holograms  can  be  stabilized  against  readout  by  the  thermal  fixing  process  of 
heating  the  crystal  during  or  after  the  writing  stage  to  higher  temperature.  Most  investigations  on 
thermal  fixing  consist  of  a  single  process  of  heating.  Since  holographic  storage  in  photorefractive 
crystals  is  aimed  at  achieving  high-capacity  storage,  it  is  more  important  to  investigate  the 
thermal  fixing  of  multiplex  holograms.  An  et  al.  recently  have  performed  the  thermal  fixing  of 
10000  holograms  in  Fe:LiNb03  [5].  However,  the  procedure  of  such  thermal  fixing  has  not  been 
described  well,  and  the  method  of  thermal  fixing  for  multiplex  holograms  is  still  to  be  further 
improved  for  getting  higher  after-fixing  diffraction  efficiency. 

In  this  paper,  the  batch  fixing  procedure  is  described  in  detail  by  analyzing  respective 
behaviors  of  both  electronic  and  ionic  gratings  at  every  stage.  The  mechanism  of  slow  optical 
erasure  of  electronic  gratings  by  subsequent  recordings  in  different  batches  and  smoothing  of 
ionic  gratings  during  thermal  fixing  of  subsequent  batches  for  batch  fixing  multiplex  holograms 
is,  for  the  first  time  to  our  knowledge,  further  presented.  Moreover,  according  to  the  diffraction 
efficiency  measured  in  every  stage  of  all  the  batches,  the  inter-batch  optical  erasure  time  constant 
and  the  dark  decay  time  constant  of  electronic  gratings  at  elevated  temperature  for  co-doped 
lithium  niobate  crystals  have  been  fitted  out. 

THEORY 

Schemes  of  single  thermal  fixing 

The  procedure  of  thermal  fixing  consists  of  three  .steps:  recording,  fixing  and  revealing. 
Firstly,  electronic  gratings,  which  replicate  the  exposing  light  patterns,  are  recorded  in  a  crystal 
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via  illumination  by  spatially  varying  intensity  patterns.  In  a  fixing  process  when  ionic 
conductivity  dominates  electronic  conductivity  at  elevated  temperature,  the  ions  in  the  crystal 
move  to  compensate  the  light-induced  space-charge  distribution  and  form  an  ionic  grating 
replicating  the  electronic  grating.  At  room  temperature  the  ionic  conductivity  is  much  smaller 
than  the  photoconductivity  of  the  electrons.  Therefore,  in  a  revealing  process  at  room 
tempcratui'c,  the  electronic  gratings  are  partially  erased  by  noncoherent  uniform  light,  and  then  a 
net  space-charge  field  dominated  by  the  ionic  gratings  is  left.  Since  the  ionic  gratings  are  much 
more  stable  against  further  optical  erasure  at  room  temperature  than  the  relevant  electronic 
gratings,  the  fixed  holograms  can  be  preserved  for  longer  time. 

At  present,  there  are  commonly  two  kinds  of  schemes  available  for  thermal  fixing  of 
photorcfractive  holograms,  called  post-compensation  and  simultaneous  storage  and  fixing  at 
elevated  temperature,  respectively.  For  multiple  holograms,  the  optical  erasure  time  constant  of 
light-induced  gratings  is  a  finite  value.  The  diffraction  efficiency  of  each  hologram  in  a  large 
scale  of  multiplexing  holographic  storage  is  commonly  very  small,  since  subsequent  writing 
processes  can  partially  erase  the  existing  holograms  stored  in  a  photorefractive  crystal.  The 
diffraction  efficiency  of  the  hologram  after  fixing  is  usually  much  smaller  than  that  of  the 
original  hologram.  Therefore,  if  multiple  holograms  are  fixed  by  using  a  post-compensation 
scheme,  that  is,  the  cry.stal  is  heated  only  after  recording  all  the  desired  holograms,  their 
diffraction  efficiency  will  become  rather  small.  If  fixed  by  using  a  simultaneous-compensation 
scheme,  electronic  gratings  recorded  are  almost  compensated  by  ions  thermally  activated 
simultaneously,  and  the  effect  of  ionic  pattern’s  shielding  against  electronic  gratings  weakens  the 
optical  erasure.  Thus,  in  comparison  with  a  po.st-compensation  scheme,  a 
simultaneous-compensation  scheme  is  of  benefit  to  higher  diffraction  efficiency  after  fixing. 
However,  since  the  recording  and  revealing  processes  are  carried  out  at  different  temperatures 
respectively,  the  fixed  holograms  suffer  from  distortion  caused  by  thermal  contraction  and 
change  of  the  refraction  index  of  the  material.  Consequently,  the  variation  in  the  Bragg  angles  of 
the  fixed  holograms,  resulting  from  the  above  reasons,  will  bring  the  difficulty  in  recon.strucfing 
data  pages  completely  for  a  practical  multiplexing  storage  system.  In  multiplexed  holographic 
storage,  recording  and  reconstruction  of  fixed  holograms  should  be  performed  at  the  same 
temperature,  commonly  at  room  temperature.  Therefore,  a  batch-scheme  of  thermal  fixing, 
combining  the  advantages  of  both  above  schemes,  will  be  a  good  choice. 

All  the  subsequent  holograms  are  broken  into  several  batches.  Each  batch  is  recorded  at 
room  temperature  and  then  fixed  at  higher  temperature,  and  finally  all  the  batches  are  revealed  in 
whole  at  room  temperature.  The  batch  scheme  can  avoid  incomplete  Bragg  matching  caused  by 
thermal  effect,  because  recording  and  readout  both  occur  at  room  temperature.  With  many  times 
heating,  the  diffraction  efficiency  of  multiple  holograms  fixed  in  the  batch  scheme  is  able  to 
incrca.se  effectively. 

Batch  scheme  of  thermal  fixing 

In  the  batch  scheme  of  thermal  fixing  for  multiplexed  holograms,  the  multiplexing 
holograms  to  be  recorded  and  fixed  are  divided  into  several  sets,  every  set  of  holograms  is 
subsequently  recorded  at  room  temperature  and  fixed  at  elevated  temperature  in  order, 
respectively,  up  to  having  fixed  all  the  sets  of  holograms.  And  then,  after  cooling  down  to  room 
temperature,  all  the  holograms  of  ionic  gratings  arc  revealed  at  the  same  time  by  illuminating 
them  with  noncoherent  or  uniform  light. 

All  the  N  holograms  arc  divided  into  S  sets,  each  set  including  an  equal  number  of 
holograms,  N],=NfS.  Firstly,  the  Nu  holograms  in  the  first  set  are  subsequently  recorded  in  a 
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crystal,  and  then  the  crystal  is  heated  in  an  oven  so  that  all  the  Nh  holograms  are  thermally  fixed 
at  the  same  time.  In  this  process,  the  ions  rapidly  migrate  at  elevated  temperature  and  form  ionic 
gratings  of  compensating  the  first  set  of  electronic  gratings  completely,  which  makes  the  net 
space-charge  field  become  zero.  After  cooling  down  to  the  room  temperature,  the  second  set  of 
Nh  holograms  are  recorded  in  turn,  which  slowly  erases  the  previous  set  of  electronic  gratings 
and  thus  partially  reveals  the  respective  ionic  gratings.  Since  the  migration  rate  of  electrons  is 
larger  than  that  of  ions  (jUc»jUi},  the  optical  erasure  of  ionic  gratings  is  negligible  in  this  process. 
Next,  after  heating  the  crystal  again  for  the  same  amount  of  time,  we  find  that  the  revealed 
portion  of  the  first  set  of  ionic  gratings  has  been  smoothed  out  and  the  second  set  of  electronic 
gratings  compensated  with  migration  of  thermal  activation  ions.  The  procedure  above-mentioned 
is  repeated  until  all  N  holograms  are  recorded  and  fixed.  Thus,  in  the  recording  process,  each  set 
of  electronic  gratings  except  the  first  set  suffer  optical  erasure  by  subsequent  recordings  both  in 
the  same  batch  and  in  different  batches,  and  then  in  the  fixing  process,  ionic  compensation  to  the 
same  batch  of  electronic  gratings  and  smoothing  for  previous  different  batches  of  ionic  gratings 
revealed  partially  during  thermal  fixing  in  every  batch  are  achieved.  The  electronic  grating 

strength  of  set  w  (w=l,2 . S)  can  be  expressed  by  its  index  modulation  An"’ as 


S-  m 

Zk.,. 

=  An^e  (1) 

where  /„,+i  is  the  total  writing  time  of  holograms  in  the  batch  m+i,  Tf  is  the  optical  erasure  time 
constant  of  electronic  gratings  by  recordings  in  subsequent  batches,  and  Ano  is  the  index 
modulation  of  electronic  gratings  in  the  first  batch  before  thermal  fixing.  A«o  can  be  taken  the 
equal  value  for  all  the  gratings  in  the  first  batch  by  using  proper  exposure  procedure.  In  the 
respective  process  of  optical  erasure  after  ionic  compensating,  with  partially  revealing  effect  of 
writing  beams  in  subsequent  batches  on  ionic  gratings,  movable  electrons  light-excited  can  drift 
and  diffuse  under  effect  of  ionic  charge  field,  and  then  screen  the  ionic  patterns.  The  screening 
effect  of  trapped  electrons  on  ionic  gratings  can  reduce  optical  erasing,  in  that  Tf  is  larger  than 
the  optical  erasure  time  constant  Te  of  holograms  without  fixing.  The  screening  depth 
considerably  depends  on  the  concentration  A^a  of  electrons  trapped  deeply,  space-frequency  K  of 
holographic  gratings  and  the  strength  of  photovoltaic  effect. 

In  every  process  of  heating  a  crystal  for  fixing  holograms  of  different  batches,  electrons  and 
ions  are  thermally  activated  at  elevated  temperature,  respectively.  Electronic  diffusion  and 
drifting  both  occur  to  decline  the  grating  strength.  Meanwhile,  since  the  ionic  migration  rate  is 
bigger  than  the  electronic  one,  ions  rapidly  move  to  compen.sate  electronic  gratings  once  again. 
As  a  result,  the  strengths  of  ionic  gratings  in  previous  batches  further  decrease  with  their 
respective  electronic  gratings.  Electronic  gratings  will  decay  exponentially  in  dark  case.  The 
index  modulation  An'"/  of  the  set  m  of  electronic  gratings,  which  experience  the  procedure  of 
optical  erasure  and  dark  decay  effect  during  (S-m)  times,  can  be  written  as 


(S-m)T 

An"‘i=An’^e 


(2) 
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where  T  is  the  time  for  heating  a  crystal  to  achieve  thermal  fixing  in  one  batch,  Tt  is  the  dark 
decay  time  constant  of  electronic  gratings  at  elevated  temperature,  relative  to  decay  of  grating 
strength  in  the  dark  case.  The  ionic  grating  strength  is  equal  to  that  of  electrons. 

After  recording  and  fixing  according  to  the  batch  procedure,  all  the  fixed  holograms  are 
revealed  sufficiently.  Finally,  ionic  holograms  are  obtained  in  batch  fixing.  Obviously,  the  last  set 
of  holograms  experiences  only  one  thermal  fixing  procedure  of  recording  -  compensation  - 
revealing,  but  other  sets  also  suffer  the  procedures  of  optical  erasure  and  smoothing  with 
different  times.  The  time  of  optical  erasure  and  smoothing  for  one  batch  of  holograms  depends 
on  the  number  of  batches  recorded  after  it.  Therefore,  having  accomplished  the  thermal  fixing  for 
S  batches  of  holograms,  the  batch  m  experiences  (S-m)  procedures  of  optical  erasure  and 
smoothing  and  one  procedure  of  thermal  fixing  with  post-compensation. 

We  refer  to  a  single  thermal  fixing  as  the  procedure  of  only  including  recording, 
compensation  and  revealing  steps,  no  matter  how  many  multiplexed  holograms  to  be  recorded. 

In  the  revealing  process  of  a  single  thermal  fixing,  ionic  gratings  screened  in  part  by  trapped 
electrons  are  unable  to  be  fully  revealed,  even  though  they  completely  replicate  electronic 
holograms  in  the  fixing  process.  Therefore,  the  ionic  holograms  are  partially  readout  after  a 
sufficient  revealing  process.  For  a  single  thermal  fixing,  the  thermal  fixing  efficiency  rjt^  for 
multiplexed  holograms  is  defined  as 


where  is  the  diffraction  efficiency  of  revealed  ionic  gratings,  rji  diffraction  efficiency  of 
electronic  gratings  before  fixing.  Although  //h  is  a  complicated  function  of  both  the  storage 

material  and  optical  system  [5],  it  can  also  be  measured  experimentally. 

Since  the  index  modulation  is  proportional  to  the  square  root  of  the  diffraction  efficiency  in 
the  small  modulation  case,  according  to  equations  (1)~  (3),  we  can  derive  the  index  modulation 

A/7y"  of  revealed  ionic  holograms  in  the  batch  m  as  follow 


An,"' 


(S-m)T 


(4) 


The  time  constants  Tv  and  Ty  are  the  complex  functions  of  parameters  of  photorefractive 
material.  Although  time  constants  Tj  can  be  calculated  according  to  electronic  decay  in  the  dark 
phase  theoreticafly  [3],  but  it  is  not  practical  to  calculate  Tf  for  the  respective  crystal  in  theory. 
On  other  hands,  the  time  constant  Tv  is  an  important  parameter  in  calculating  exposure  schedule 
of  multiplexed  holograms  to  equalize  their  diffraction  efficiencies.  Therefore,  it  is  necessary  to 
measure  time  constants  Tv  for  different  crystal  samples  experimentally. 
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EXPERIMENT 


The  holograms  were  recorded  with  two  ordinarily  polarized  beams  with  equal-intensity  in 
reflection  geometry.  In  the  experiment,  all  25  holographic  gratings  are  divided  into  5  batches, 
each  batch  including  5  gratings.  Fii  stly,  one  batch  of  gratings  was  recorded  at  room  temperature 
by  use  of  angular  multiplexing.  After  recording,  the  writing  beams  were  blocked  and  the  sample 
with  one  batch  of  gratings  was  heated  in  the  dark  to  ~150°C  to  cause  fast  ionic  transport,  and 
soaked  for  about  20  min.  to  ensure  that  these  electronic  gratings  were  compensated  by  ions 
completely.  Next,  the  sample  was  cooled  to  room  temperature  and  the  second  batch  of  5 
holographic  gratings  was  recorded  in  it.  Then,  the  sample  stored  two  batches  of  holographic 
gratings  are  heated  to  accomplish  ionic  compensation.  Such  procedure  of  recording  and  heating 
was  repeated  for  all  5  batches  of  holographic  gratings.  Finally,  ionic  holograms  were  revealed 
with  a  non-coherent  erasing  beam. 

In  each  recording  stage,  besides  optical  erasure  inside  one  batch,  recording  of  the 
subsequent  batch  of  gratings  slowly  erased  the  previous  gratings  fixed,  which  results  in  a  little 
revealing  of  ionic  gratings.  The  smaller  diffraction  efficiency  generated  by  the  revealed  portion 
of  ionic  gratings  was  observed  in  the  experiment.  We  refer  to  this  kind  of  optical  erasure  in 
different  batches  as  inter-batch  optical  erasure,  which  have  a  longer  erasure  constant  time  than 
one  in  multiplexed  recording  without  thermal  fixing.  During  each  heating  process,  in  addition  to 
compen.sating  the  present  batch  of  electronic  gratings,  fast  ionic  transport  also  effaces  the 
revealed  portion  of  ionic  gratings  in  previous  batches.  Therefore,  there  was  no  diffraction  to  be 
observed  at  the  end  of  each  heating  stage  of  the  experiment.  As  taken  dark  decay  time  constant 
Tr  =10''^s,  the  inter-batch  optical  erasure  time  constant  Tf  of  electronic  gratings  was  fitted  out 
according  to  the  diffraction  efficiency  measured  in  every  stage  of  all  the  batches  (see  figure  1). 
The  inter-batch  erasure  time  constants  Tf  of  batch  thermal  fixing  for  co-doped  crystal  samples, 
with  different  concentrations  and  treatments,  were  listed  in  Table  I. 


Figure  1.  A  fitted  curve  of  the  inter-batch  optical  erasure  time  constant  Ty  for  a  Fe:Ce:LiNb0.i  crystal. 


Table  I.  Comparison  of  ordinary  erasure  time  constant  and  inter-batch  erasure  time  constant  (the 
wavelength  ^=0.633//m,  the  total  intensity /o=37  mw/cm^  dark  decay  time  constant  Tj  =10'^s). 


No. 

Concen-lration 

(%) 

O/R  state 

ordinary  erasure  time 
con.stant  Te  (s) 

Inter-batch  erasure  time 
con.stant  Tf  (s) 

FCl 

Fe:0.03 

Ce:0.05 

1050°C  oxidation, 
20  hours 

3000 

14000 

D2B 

Fc:0.03 

Ce:0.05 

As  grown 

1900 

4300 

FC2 

Fe;0.07 

Ce:0.20 

1050°C  oxidation, 
20  hours 

1500 

4500 

D3B 

Fe:0.07 

Ce:0.20 

As  grown 

455 

2000 

The  experimental  results  indicate  that  the  inter-batch  optical  erasure  time  constant  Tf  is 
indeed  much  longer  than  the  ordinary  erasure  time  constant  Xe-  The  result  demonstrates  that, 
since  the  migration  of  light-induced  electrons  is  hampered  by  corresponding  ionic  gratings 
during  inter-batch  erasure,  the  optical  erasure  becomes  much  slower  in  the  case  of  screening 
effect  of  ionic  gratings  on  electronic  ones. 

CONCLUSIONS 

The  work  investigated  the  batch  method  of  thermal  fixing  for  multiplexed  holograms,  in 
which  the  behavior  of  both  electronic  and  ionic  gratings  is  discussed  in  detail.  There  is  a  good 
agreement  between  the  experimental  result  on  inter-batch  optical  erasure  time  constant  and  the 
theoretical  prediction.  The  result  shows  that  the  hampering  effect  of  ionic  gratings  on  trapped 
electrons  reduces  optical  erasing  in  batch  procedures,  and  hence,  enhances  the  diffraction 
efficiency  of  fixed  multiplexed  holograms.  This  optical  erasure  time  constant  is  required  for 
designing  the  exposure  schedule  for  large  scale  multiplexed  storage  to  achieve  equal  diffraction 
efficiency  holograms. 
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ABSTRACT 

Dynamic  behavior  of  thin  photoaddressable  polyester  films  was  studied.  The  saturation 
process  due  to  Fourier  holographic  recording  was  investigated.  Model  experiments  show  an 
optimal  intensity  ratio  of  the  object  and  reference  beams,  where  the  highest  efficiency  occurs. 
This  ratio  is  inversely  proportional  to  the  reference  intensity.  The  material  has  a  significantly 
higher  sensitivity  at  407  nm  than  at  532  nm.  For  1  pm  thick  sample  an  M#  of  0.25  was 
measurable. 

INTRODUCTION 

Photoaddressable  polymers  [1]  are  candidate  materials  for  holographic  data  storage.  Such 
polymers  are  being  developed  at  Ris0  National  Laboratory  in  Denmark  [2,3].  High  storage 
density  can  be  achieved  by  recording  Fourier  hologram  of  the  binary  object.  Similar  method  is 
used  in  many  applications  [4,5].  The  presence  of  high  intensity  peak  at  the  Fourier  plane 
saturates  the  recording  material  therefore  a  phase  mask  or  shifting  from  the  Fourier  plane  has  to 
be  used  [5].  The  second  solution  causes  a  significant  decrease  in  the  storage  density.  The 
recording  system  can  be  optimized  by  determining  dynamic  behavior  of  the  recording  material. 
Experiments  with  high  intensity  ratio  plane  waves  were  carried  out  for  recording  and 
demonstrating  the  saturation  effect  due  to  recording  the  Fourier  transformed  data  page.  The  first 
section  of  the  paper  deals  with  these  experiments. 

The  storage  capacity  can  be  further  enhanced  by  reducing  the  writing  wavelength  and  by 
multiplexing.  The  sensitivity  factor  of  the  material  has  been  determined  at  two  different 
wavelengths  (532  and  407  nm).  Multiplexing  feature  of  the  storage  material  is  usually 
represented  by  the  M#  [6],  a  property  dependent  on  both  writing  and  erasure  dynamics.  We 
carried  out  several  experiments  in  order  to  determine  it.  In  the  second  and  third  section,  we 
describe  the  investigation  of  the  wavelength  dependent  sensitivity  and  multiplexing  ability  of  the 
applied  material. 

SATURATION  OF  THE  POLYMER 

In  our  holographic  memory  system  polarization  holography  is  used  [7]  and  the  Fourier 
transformed  data  page  is  recorded  by  using  orthogonal  circularly  polarized  object  and  reference 
beams  in  an  appropriate  8f  arrangement  [4].  A  suitable  model  setup  (see  figure  1)  was  built  to 
study  the  behavior  of  the  material  under  extreme  dynamic  circumstances  like  recording  Fourier 
holograms.  Anisotropy  gratings  were  recorded  in  the  storage  material  using  beams  with 
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orthogonal  circular  polarizations  and  high  intensity  ratios.  An  intensity  ratio  of  500  has  been 
achieved,  which  easily  occurs  when  Fourier  holograms  are  recorded. 

There  were  two  limiting  factors  in  adjusting  proper  intensity  ratio  beams  in  the  experiment. 
The  maximum  laser  power  (frequency  doubled  Nd:YAG,  =  532  nm,  Poutput  =  50  mW)  and  the 
detectability  of  the  recorded  holograms  determined  the  upper  and  lower  limits,  respectively. 
These  requirements  provided  the  maximum  and  minimum  applied  intensities  of  the  recording. 
We  decreased  the  hologram  size  by  using  a  lens  (f  =  140mm)  to  reach  the  maximum  intensity. 
Since  the  hologram  radius  was  small  (<  0,27  mm)  compared  to  the  focal  length  of  the  lens, 
instead  of  plane  waves,  beams  with  nearly  planar  wavefronts  and  with  negligible  radius  of 
curvature  were  used. 


Figure  I.  Experimental  setup  for  recording  polarization  holograms  with  high  intensity  ratio 
beams,  i.e.  I„hj/Iie)  ^500. 

For  the  compensation  of  low  coherence  length  laser  (~l-2  mm)  two  retroprisms  were  used. 
The  reference  and  object  arms  were  set  for  optimum  interference  condition  when  maximum 
modulation  of  the  interference  fringes  occurs,  i.e.  when  the  diffracted  intensity  has  its  maximum 
value. 

It  is  well  known  that  the  process  of  writing  polarization  holograms  in  azobenzene  polymers 
is  often  followed  by  creating  surface  grating  [3,8]  besides  anisotropy  grating  in  the  bulk  material. 
Since  the  creation  of  surface  grating  is  slow  [3]  at  the  applied  intensities,  a  suitable  short 
exposure  time  (tex,,  =  0.5  sec)  was  used.  This  exposure  time  satisfied  also  the  requirement  of 
detectability  providing  measurable  diffracted  power.  Every  hologram  was  made  on  the  same 
place  of  the  sample  in  order  to  get  rid  of  sample  inhomogeneity. 

For  readout  we  used  the  arm  equipped  with  the  attenuator  in  order  to  maximize  the 
diffracted  power.  The  power  of  the  readout  beam  was  the  same  for  every  experiment.  Since  the 
readout  causes  erasure  of  the  hologram,  the  maximum  value  of  the  diffraction  efficiency  was 
measured  by  a  detector  connected  to  the  computer  by  means  of  a  fast  digitizing  card. 

The  recording  material  was  an  amorphous  side-chain  azobenzene  polyester  (ElaP) 
spincoated  onto  a  glass  sample.  ElaP  is  prepared  through  melt  transesterification  of  3-[4-((4- 
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cyanophenyl)azo)-phenoxy]-l  ,2-propanediol  and  diphenyl  phthalate.  The  thickness  of  the  layer 
was  2  pm  covered  with  a  hard  protective  Si02  layer. 

Two  sets  of  measurement  were  carried  out  using  two  different  hologram  sizes  (applied 
Gaussian  beam  radii  were  w  =  0.27  mm  and  0.1 1  mm).  Figure  2  shows  measured  diffraction 
efficiency  as  a  function  of  the  intensity  ratio  of  the  object  and  reference  beams  for  the  larger 
hologram  size  (parameter:  reference  intensity).  There  is  an  optimum  intensity  ratio  for  a  given 
reference  intensity  where  the  highest  diffraction  efficiency  occurs.  This  optimum  intensity  ratio 
is  inversely  proportional  to  the  reference  intensity. 


0.1  1  10  100 


Figure  2.  Measured  diffracted  power  as  a  function  of  the  intensity  ratio  of  the  object  and 
reference  beams  at  different  reference  intensities,  radius  of  beams  is  0.27  mm. 


Figure  3.  Diffracted  power  as  a  function  of  the  intensity  ratio  of  object  and  reference  beams  with 
beam  radius  of  0.1 1  mm. 
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Figure  3  shows  results  for  the  smaller  hologram  size  (w  =  0.1 1  mm),  here  the  decreasing  part 
of  the  diffracted  power  can  is  also  be  seen.  The  strong  decay  in  the  diffracted  power  for  high 
intensity  ratios  is  due  to  the  saturation  of  the  material. 

BLUE  SENSITIVITY 

There  is  a  strong  demand  in  the  optical  data  storage  technology  to  apply  the  shortest 
available  wavelength  for  recording  in  order  to  enhance  the  storage  density.  In  our  holographic 
memory  system  a  frequency  doubled  Nd:YAG  laser  was  used  so  far.  The  appearance  of  violet 
laser  diode  on  the  photonics  market  has  opened  the  opportunity  of  using  compact  blue  laser 
source  for  recording.  Before  the  modification  of  the  whole  system,  determination  of  the  blue 
response  of  our  polymer  has  particular  importance. 

Appropriate  polarization  holographic  setups  (similar  to  the  setup  in  figure  1)  were  built  for 
comparing  blue  and  green  responses  of  two  different  polymers  (ElaP  and  ElaP/12)  when  using 
transmissive  and  reflective  samples.  ElaP]2  is  a  three  component  polyester  that  contains  both 
aromatic  and  aliphatic  residues  in  the  main  chain. 

A  Kr'^  laser  operating  at  407  nm  and  a  frequency  doubled  Nd:YAG  laser  at  532  nm  were 
used  for  writing  and  we  used  a  He-Ne  laser  at  633  nm  for  the  readout  in  order  to  measure  the 
diffraction  efficiency  in  real  time.  The  polymer  has  no  absorption  at  this  wavelength,  so  the 
readout  in  this  region  does  not  cause  any  erasure. 

Time  dependent  exposures  were  performed  at  different  intensities  in  order  to  compare  the 
sensitivity  of  the  material  at  different  wavelength.  Our  goal  was  to  determine  the  thickness 
independent  sensitivity  value  S  defined  as  usual 


S  =  ^  [cm^/J]  (1) 

where  r\  is  the  measured  diffraction  efficiency  at  the  writing  intensity  of  I  when  using  an 
exposure  time  of  t.  This  value  is  often  used  in  [9]  in  order  to  compare  different  holographic 
materials.  Table  I  shows  calculated  sensitivity  values  of  the  azobenzene  polymer  samples  when 
q  =  0.5%  was  taken  for  comparison. 

Table  I.  Sensitivity  values  of  different  transmissive  and  reflective  polymer  samples  at  the  two 
wavelengths  (d  is  the  layer  thickness). 


Sample  type  and  thickness  /  wavelength  [em'^/J] 

407  nm 

532  nm 

Transmissive 

ElaP, 

d  =  0.9  pm 

0.182 

0.016 

ElaP/12, 

d  =  1.4  pm 

0.245 

0.034 

Reflective 

ElaP, 

d  =  1  pm 

0.142 

0.047 

ElaP/12, 

d  =  1  pm 

0.230 

0.050 

Table  I  shows  increased  sensitivity  of  the  azobenzene  polymers  at  407  nm.  The  ratio  of  the 
sensitivity  values  at  the  two  wavelengths  is  between  3  and  1 1  depending  on  the  polymer  type  and 
thickness.  The  increased  sensitivity  has  a  beneficial  consequence  to  the  writing  speed  at  407  nm. 
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MULTIPLEXING  ABILITY:  M# 


A  relevant  feature  of  the  holographic  recording  material  is  its  multiplexing  ability 
represented  by  the  M#.  This  number  characterizes  the  material  and  the  applied  experimental 
arrangement.  There  are  two  ways  to  determine  it  [6].  The  first  method  is  to  make  a  large  number 
of  multiplexing  (M)  with  a  proper  exposure  schedule  that  results  in  equal  hologram  efficiencies. 
In  this  case 

ti=(M#/M)^  (2) 

The  other  method  is  based  on  the  assumption  that  each  hologram  evolves  during  recording 
as  Ao[l-exp(-t/Trec)]-  This  can  be  approximated  at  the  initial  time  with  AoH/Xtcc  and  the  hologram 
decays  during  erasure  as  exp(-t/Terase).  Ao  is  the  grating  strength  of  the  hologram,  Tree  and  Temse  are 
the  time  constants  of  recording  and  erasing,  respectively.  The  ratio  (Ao/Xnre)  and  the  time  constant 
(Terase)  Can  bc  determined  by  fitting  appropriate  parts  of  the  experimentally  measured  during 
recording  and  erasing,  respectively.  It  is  important  that  the  writing  and  erasing  intensity  must  be 
the  same  considering  the  intensity  circumstances  of  multiplexing.  The  exact  expression  of  the 
M#  number  is  as  follows: 

M#=(Ao/Trec)  Terase  (3) 

We  used  the  second  method  for  the  determination  of  the  M#.  Several  exposures  were  made 
and  each  of  them  was  followed  by  erasure.  The  intensity  was  equally  divided  between  the 
writing  beams,  so  the  erasing  intensity  was  the  half  of  the  writing  intensity.  In  order  to  be 
compatible  with  the  theory,  we  made  two  holograms  on  each  sample  with  1  W/cm^  and  2  W/cm^ 
intensity.  When  calculating  the  M#,  the  evolving  (Ao/Xrec)  factor  was  calculated  from  the 
measurement  at  I  =  1  W/cm^  writing  intensity  and  the  decay  (Xerase)  factor  calculated  from  the 
measurement  at  2  W/cm^  writing  intensity.  TTie  experiments  were  carried  out  at  both  532  nm  and 
407  nm  either.  Table  II  shows  these  values  and  the  calculated  M#  factors. 

Table  II.  M#  for  different  polymer  samples. 


Transmissive  samples 

407  nm 

532  nm 

Ay/Xrec 

Xerase 

M# 

Ao/Xrec 

T-erase 

M# 

ElaP 

d  =  0.9  |lm 

I  =  1  W/cm" 

0.22 

1.6 

0.202 

0.025 

8.04 

0.126 

I  =  2  W/cm" 

0.42 

0.92 

0.032 

5.04 

ElaP/12 

d  =  1 .4  urn 

I  =  1  W/cm^ 

0.22 

2.25 

0.279 

0.038 

10.68 

0.319 

I  =  2  W/cm" 

0.43 

1.27 

0.049 

8.4 

Reflective  samples 

407  nm 

532  nm 

Ao/Xrcc 

"terase 

M# 

Ao/Xiec 

T'crasc 

M# 

ElaP 

d  =  1  pm 

I  =  1  W/cm^ 

0.12 

4.22 

0.214 

0.068 

3.78 

0.205 

I  =  2  W/cm" 

0.28 

1.78 

0.090 

3.02 

ElaP/12 

d  =  1  pm 

I  =  1  W/cm^ 

0.22 

2.56 

0.264 

0.055 

10.04 

0.265 

I  =  2  W/cm" 

0.35 

1.2 

0.095 

4.82 

M  numbers  in  table  II  are  in  the  range  of  0.25  and  there  is  no  difference  for  the  two  different 
wavelengths.  However,  these  values  are  not  small  considering  the  thickness  of  the  layer.  Similar 
values  were  reported  for  photoaddressablc  and  photorefractive  polymers  by  [10],  but  they  are 
still  low  compared  to  the  M#  of  thick  photorefractive  materials  [9]. 

CONCLUSIONS 

High  storage  density  can  be  achieved  by  recording  a  Fourier  hologram  of  a  binary  object. 
However,  the  high  intensity  peak  in  the  Fourier  plane  saturates  the  recording  material.  Model 
experiments  were  performed  to  study  saturation  behavior  of  azobenzene  polyester  material. 
Results  show  that  the  material  provides  maximum  diffraction  efficiency  when  optimum  intensity 
ratio  is  used  for  the  reference  and  object  beams.  The  diffraction  efficiency  strongly  decreases 
when  high  intensity  ratio  beams  are  applied. 

Sensitivity  factor  and  multiplexing  ability  of  the  materials  were  studied  at  two  different 
wavelengths.  Results  show  an  increased  sensitivity  of  the  materials  at  407  nm.  For  the  1  pm 
thick  samples,  the  calculated  M#  values  are  about  0.25  for  the  two  wavelengths. 
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ABSTRACT 

For  chirooptic  molecular  memory  system,  induced  chirality  on  an  azobenzene-containing 
amorphous  polymer  film  was  investigated  using  circularly  polarized  At+  laser  with  various 
ellipticity.  High  intense  CD  spectrum  proved  that  optical-induced  chirality  on  the  amorphous 
film.  Additionally,  elliptically  polarized  light  induced  much  higher  chirality  than  circularly 
polarized  light. 


INTRODUCTION 

Molecular  optical  switches,  which  can  interchange  between  two  distinct  states  by  exposing  it 
to  light  with  different  wavelengths  or  polarization,  are  expected  to  play  an  important  role  in 
various  novel  organic  optical  devices.  Many  researchers  have  investigated  photochemical 
compounds,  which  can  interchange  between  two  conformational  isomers  by  selective 
isomerization  reaction  upon  irradiation  at  two  different  wavelengths.  Azobenzenes,  diarylethenes, 
flugides,  spiropyrans  are  a  few  examples  [1].  However,  most  of  these  photochromic  compounds 
suffer  from  poor  temporal  stability  and  fatigue  resistance  due  to  different  energy  states  of  two 
isomers.  Another  advantage  of  chirooptical  switching  is  possible  non-destructive  readout 
capability  by  reading  the  signal  outside  of  absorption  band. 

Chiral  materials  are  good  candidates  for  these  purposes  due  to  two  distinct  bistable 
structures  with  the  same  energy  and  non-centrosymmertic  properties  in  both  molecular  and 
macro.scopic  levels.  Only  difference  of  stereoisomers  is  optical  rotation  in  opposite  direction.  In 
order  to  realizing  reversible  optical  data  storage  systems,  proper  chiral  structures  must  be 
designed  to  exhibit  switchahle  chirality,  which  means  two  enatiomers  are  reversibly 
interchangeable  by  optical  means.  Recently,  helical  shaped  molecules  were  focused  for 
chirooptic  molecular  memory  systems  because  their  two  enatiomers  with  opposite  direction 
helicity  can  be  interchanged  by  exposing  it  to  circularly  polarized  light  [1]. 

Azobenzene  containing  polymers  are  widely  known  photochromic  materials  due  to 
alignment  tendency  to  perpendicular  direction  of  incident  light  polarization  through  trans-cis- 
trans  photoisomerization  cycles.  Photo-induced  chirality  using  circularly  polarized  light  has  been 
reported  in  azobenzene  liquid  crystalline  polymers  [2,  3].  However,  for  azobenzene-containing 
amorphous  polymers,  chirality  induction  and  switching  capability  using  circularly  polarized  light 
is  not  clear  at  present.  The  object  of  this  research  is  to  investigate  chirooptical  induction  and 
memory  of  azobenzene-containing  amorphous  polymers  without  chiral  carbon  center  when  its 
solid  film  is  exposed  to  various  states  of  circularly  polarized  light. 
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EXPERIMENTAL 


Epoxy  based  azobcnzcnc  amorphous  polymer  without  chiral  carbon  center  (PD03)  was 
synthesized  as  previously  reported  [4]  and  the  chemical  structure  is  shown  in  Figure  1.  Glass 
transition  temperature  (Tg)  and  thermal  stability  of  PD03  were  measured  using  differential 
scanning  calorimeter  and  thermogravimetric  analysis  (TA  Instrument).  Substrate  for  the  solid 
film  was  glass  slide,  which  was  cleaned  by  sonication  in  surfactant  solution,  acetone  and  water. 
Optically  transparent  films  were  prepared  by  spin  casting  process  using  10wt%  cyclohexanone 
solution  and  were  baked  at  160"C  during  overnight.  The  film  thickness  was  0.48  pm  measured 
by  a-step  instrument. 


Figure  1.  The  chemical  structure  of  epoxy  based  azobenzene  amorphous  polymer  PD03. 

An  Ar”^  ion  laser  beam  (Coherent  INNOVA  skylight  305C)  at  a  wavelength  of  488  nm  was 
used  as  a  light  source  for  chirality  induction.  The  intensity  of  the  expanded  beam  was  160 
mW/cm^.  Ellipticity  and  handedness  of  circular  polarization  were  controlled  using  a  V4 
waveplatc  and  the  beam  profiles  were  measured  using  a  linear  polarizer  before  and  after 
irradiation  on  the  azobenzene  polymer  film.  All  exposure  time  was  fixed  to  10  min.  Circular 
dichroism  (CD)  spectra  of  irradiated  films  as  a  function  of  ellipticity  of  incident  light  were 
measured  using  JASCO  720  instrument. 


Figure  2.  Optical  set-up  for  chirality  induction  on  the  polymer  film 
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RESULTS  AND  DISCUSSION 


In  order  to  investigate  photo-induction  of  chirality  on  azobenzene  containing  amorphous 
polymer  solid  film,  we  synthesized  PD03  as  shown  in  Figure  1.  PD03  polymer  exhibited  glass 
transition  at  1 10"C  and  were  thermally  stable  up  to  266*^0  with  5%  weight  loss.  The  solid  film 
obtained  by  spin  coating  was  highly  transparent  due  to  amorphous  properties  of  the  material.  The 
absorption  maximum  was  at  456  nm  measured  by  UV  spectroscopy.  The  polymer  films  did  not 
show  any  circular  dichroism  before  irradiation.  This  was  expected  from  the  fact  that  the  polymer 
structure  is  achiral. 

Figure  3  shows  CD  spectra  results  of  PD03  polymer  films  after  irradiation.  When  the  PD03 
films  were  exposed  to  circularly  polarized  light  (R-CLP  or  L-CPL),  induced  circular  dichroism 
was  negligible.  However,  in  the  case  of  elliptically  polarized  light,  much  larger  CD  on  the  film 
was  induced.  The  CD  spectra  of  the  PD03  films  exposed  to  right  and  left-handed  elliptically 
polarized  light  showed  almost  symmetric  mirror  images,  which  means  that  two  different 
enatiomeric  structures  were  produced  by  irradiation  with  opposite  handedness. 


Figure  3.  CD  spectra  of  PD03  films  after  exposed  to  circularly  right  and  left  polarized  light  (R- 
CLP  and  L-CPL),  and  elliptically  polarized  light  (Cjn  =  0.27)  during  10  min.  Ci,,  designate  the 
ellipticity  of  incident  radiation. 

Figure  4  shows  that  the  induced  CD  signal  is  strongly  dependant  on  the  ellipticity  of  the 
incident  light,  which  is  varying  from  linear  polarization  to  circular  polarization.  Irradiation  of  the 
laser  beam  with  linear  polarization  (Cin  =  0)  was  not  efficient  to  induce  chirality  on  the 
azobenzene  amorphous  polymer  PD03  film.  In  the  ease  of  polarized  light  with  small  ellipticity 
(Cin  =  0.05),  the  intensity  of  induced  CD  was  -190  mdeg/pm  at  415  nm.  As  the  ellipticity  of  the 
beam  increased  further,  the  induced  CD  became  smaller,  and  when  the  beam  profile  approached 
to  circularly  polarization  state,  the  CD  signal  became  negligible  again.  Even  though  dependence 
of  ellipticity  on  optical  rotation  was  reported  [5],  this  kind  of  strong  dependence  of  ellipticity  on 
induced  circular  dichroism  has  never  been  reported  before.  We  are  currently  investigating  the 
detailed  mechanism  of  this  process  and  the  nature  of  the  induced  CD. 
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Induced  CD  signal  remained  after  several  days  with  slightly  reduction  of  the  intensity. 
Therefore,  the  photo-induced  chirality  on  the  amorphous  solid  film  of  azobenzene  polymer  was 
believed  to  be  due  to  permanent  change  of  molecular  conformation  not  due  to  temporary  cis 
isomer  population. 


Wavelength  (nm) 

Figure  4.  CD  spectra  of  PD03  films  after  exposed  to  left-handed  circularly  polarized  light  with 
different  ellipticity  during  10  min.  The  numbers  represent  the  ellipticity  of  incident  radiation  in 
each  case. 


CONCLUSIONS 

In  this  report,  we  have  clearly  shown  that  chirality  can  be  optically  induced  in  amorphous 
azobenzcne-containing  polymer  film  from  measurement  of  CD  spectrum.  Elliptically  polarized 
light  induced  higher  circular  dichroism  on  the  film  than  circularly  polarized  light.  It  has  been 
argued  that  highly  organized  structures  such  as  LC  phases  may  be  responsible  for  this  process. 
However,  we  have  shown,  from  our  experiments,  liquid  crystalline  phase  is  not  necessary  to 
observe  optically  induced  circular  dichroism  in  azo-polymers.  Further  exploration  of  this  process 
may  open  up  a  novel  approach  for  the  bistable  chirooptical  data  storage  applications. 
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